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ABSTRACT 

A  solution-based  synthesis  route  was  developed  to  produce  large  quantities  of  MgO 
nanorods.  Hydrated  basic  magnesium  chloride,  which  has  needle-like  crystal  structure,  was  used 
as  a  precursor.  A  subsequent  two-step  transformation  process  with  magnesium  hydroxide  as  an 
intermediate  product  was  used  to  preserve  the  morphology  of  the  precursor  to  yield  magnesium 
oxide  nanorods.  Scanning  electron  microscopy,  powder  X-ray  diffraction  and  energy  dispersive 
X-ray  spectroscopy  show  that  the  products  are  very  pure  (>95%)  crystalline  MgO  nanorods  with 
diameters  from  40  nm  to  200  nm  and  lengths  10  microns  or  longer.  High-resolution  transmission 
electron  microscopy  and  electron  diffraction  further  reveal  that  these  MgO  nanorods  are  single 
crystals  and  that  the  rod  axis  is  along  the  <110>  crystal  direction.  A  model  for  the  structural 
transformation  from  hydrated  basic  magnesium  chloride  to  magnesium  oxide  has  been  developed 
and  compared  to  our  experimental  results.  This  solution-based  process  can  be  easily  scaled-up, 
and  is  a  low-cost  source  of  pure  magnesium  oxide  nanorods  needed  in  many  industrial 
applications,  for  example,  as  reinforcing  agents  in  matrix  composites  and  as  flux-pinning  centers 
in  high-Tc  superconductors. 

INTRODUCTION 

Magnesium  oxide  is  an  inorganic  compound  having  very  good  heat  resistance,  thermal 
conductivity  and  alkali  resistance  [1].  Magnesium  oxide  whiskers  have  been  produced  and 
utilized  as  filling  agents  in  composite  materials  to  achieve  better  mechanical  strength,  thermal 
shock  resistance  and  thermal  conductivity  [2].  For  example,  MgO  whiskers  were  shown  to  be 
effective  reinforcing  agents  for  improved  thermomechanical  properties  of  BSCCO  high-Tc 
superconductors  [3,4].  More  interestingly,  MgO  whiskers  with  diameters  in  the  nanometer  range, 
that  is,  MgO  nanorods,  can  act  as  effective  flux-pinning  centers  when  incorporated  into  high-Tc 
superconductors  and  lead  to  enhanced  critical  current  densities  [5-7],  which  are  crucial  to  most 
large-scale  applications  of  the  high-Tc  superconductors.  It  is  also  expected  that  MgO  nanorods 
are  better  reinforcing  agents  compared  to  their  micron-sized  cousins  because  the  toughness  and 
strength  of  single-crystalline  whiskers  increase  with  decreasing  whisker  diameters  [8]. 

Currently  most  magnesium  oxide  nanorods  are  synthesized  via  vapor  phase  process.  For 
example,  carbothermal  reduction  of  MgO  at  at  least  1200  °C  and  subsequent  re-oxidization  of 
Mg  vapor  and  condensation  of  MgO  nanorods  has  been  reported  [5-7].  However,  it  is  difficult  to 
scale  up  this  process  without  the  formation  of  thick  whiskers  and  round  particles.  In  addition, 
this  method  is  not  cost-effective  because  of  the  high  processing  temperatures.  In  this  paper,  we 
report  a  simple  solution-based  procedure  capable  of  producing  large  quantities  of  very  pure 
(>95%)  magnesium  oxide  nanorods. 

EXPERIMENTAL  METHODS 

Basic  magnesium  chloride  was  chosen  as  a  precursor  because  of  its  needle-like  crystal 
morphology  [9,10].  Precursor  nanorods  were  prepared  by  the  reaction  between  magnesium 
chloride  solution  and  magnesium  oxide  supersaturated  in  the  solution.  After  48  hours  of  reaction 
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at  room  temperature  the  precipitate  was  collected  and  washed  with  isopropanol.  Basic 
magnesium  chloride  nanorods  were  then  transformed  into  magnesium  hydroxide  nanorods  by 
base  (NaOH)  treatment  at  60  °C  in  a  mixed  solvent  of  ethanol  and  water  (3:1).  Lastly  the  dried 
magnesium  hydroxide  nanorods  were  heated  in  flowing  oxygen  slowly  to  900  °C  and  calcined  at 
900  °C  for  one  hour  to  finish  the  conversion  to  crystalline  magnesium  oxide  nanorods. 

The  morphology  and  structure  of  the  products  were  examined  by  field-emission  scanning 
electron  microscopy  (SEM)  (LEO  982)  and  transmisson  electron  microscopy  (TEM)  (Philips 
EM420  and  JEOL  2010)  equipped  with  energy  dispersive  X-ray  (EDX)  spectroscopy  to  evaluate 
the  chemical  composition.  The  phase  analysis  was  performed  using  powder  X-ray  diffraction 
(XRD)  (Scintag  XDS2000). 

RESULTS  AND  DISCUSSION 


Figure  1 .  (a)  -  (c)  SEM  images  of  the  precursor,  the  intermediate  product  after  base 
treatment,  and  the  final  product  after  calcination,  respectively,  (d)  -  (f)  Corresponding 
powder  XRD  patterns  of  products  from  each  of  the  step  in  (a)  -  (c). 
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Figure  1  shows  typical  SEM  images  of  the  products  from  each  step  and  their  corresponding 
powder  XRD  patterns.  The  SEM  data  show  clearly  that  they  all  have  similar  rod-like 
morphology  with  aspect  ratios  of  at  least  50  and  relatively  good  uniformity.  XRD  patterns  show 
that  they  are  Mg2(OH)3Cl 41120,  Mg(0H)2  and  MgO,  respectively,  and  that  no  second  phase  is 
present.  This  demonstrates  a  successful  transformation  from  hydrated  basic  magnesium  chloride 
nanorods  to  magnesium  oxide  nanorods  via  intermediate  magnesium  hydroxide  nanorods.  In 
general,  the  diameters  of  MgO  nanorods  range  from  40  nm  to  200  nm  with  an  average  of  120  nm 
and  the  lengths  usually  are  10  pm  or  longer.  The  nanorods  have  rectangular  cross  section  and  are 
straight  and  uniform  in  diameter  along  the  axis.  EDX  spectroscopy  measurements  of  these  rods 
show  no  other  heavy  elements,  such  as  Cl,  other  than  Mg.  Powder  XRD  pattern  (figure  1(f))  can 
be  indexed  as  cubic  MgO  structure.  Together  with  the  EDX  measurement,  it  shows  very  high 
phase  purity  of  these  nanorods.  In  addition,  from  the  SEM  images  it  can  be  seen  that  particulate 
impurities  are  rarely  found.  Therefore  the  products  are  very  pure  (>95%)  crystalline  MgO 
nanorods. 

Figure  2  shows  a  TEM  image  of  a  single  MgO  nanorod.  The  rod  surface  looks  rough  at  this 
magnification.  To  determine  whether  the  rods  are  single-crystalline  or  polycrystalline,  electron 
diffraction  patterns  were  recorded  on  a  number  of  nanorods.  Figure  3  shows  three  most 
commonly  seen  electron  diffraction  patterns.  The  arrows  in  the  patterns  indicate  the  direction  of 
the  rod  axes.  Clearly  they  are  single  crystalline  patterns  and  can  be  indexed  to  the  FCC  MgO 

lattice  with  electron  beam  directions  along  [Tl  1],  [001]  and  [1 12]  zone  axes,  respectively.  It  can 
be  seen  that  in  all  three  cases  the  rod  axis  goes  along  the  <1 10>  crystal  direction.  The  fact  that 
diffraction  patterns  of  different  zone  axes  can  be  found  in  the  nanorods  is  a  supplemental 
evidence  of  their  rod-like  morphology.  When  a  rod  is  rotated  around  its  axis  which  is  the  <110> 
direction  of  an  FCC  lattice,  it  is  expected  that  electron  beam  will  be  coincident  with  [T  11],  [001] 


Figure  2,  TEM  micrograph  of  a 
MgO  nanorod. 


Figure  3.  Electron  diffraction 
patterns  of  MgO  nanorods  taken 
along  three  different  zone  axes. 
The  arrows  in  the  graphs 
indicate  the  axis  direction  of 
each  nanorod.  It  can  be  seen  that 
in  all  three  cases  the  nanorod 
axis  is  perpendicular  to  (220) 
crystal  planes. 
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and  [Tl2]  zone  axes.  The  single  crystal  nature  of  these  nanorods  was  further  confirmed  by  high- 
resolution  TEM  (HRTEM)  studies.  Figure  4  shows  a  HRTEM  micrograph  of  the  nanorod.  The 
HRTEM  image  agrees  well  with  the  electron  diffraction  patterns.  The  lattice  fringe  shown  is 
from  (220)  planes  with  an  inter-plane  distance  of  1.50 A.  These  data  confirm  that  the  rod  axis  is 
along  the  <1 10>  direction,  and  that  the  lattice  is  nearly  perfect  across  the  rod. 

The  <110>  axis  direction  is  also  expected  in  the  structural  transformation  from 
Mg2(0H)3C14H20  to  MgO.  Mg2(0H)3C14H20  has  a  triclinic  structure  [11].  The  backbone  of 
the  structure  is  formed  by  puckered  layers  parallel  to  (100),  consisting  of  infinite  double  chains 
of  MgOe  octahedra  extending  in  the  b  direction.  Figure  5(a)  is  the  schematic  plan  and  elevation 
view  of  the  backbone  structure.  The  Cl  anions,  alternating  with  an  equal  number  of  water 
molecules  so  as  to  form  rows  parallel  to  b,  are  situated  between  the  layers.  The  forces  between 
double  chains  within  one  layer  or  from  neighboring  layers  are  relatively  weak  hydrogen  bonds 
formed  by  adjacent  water  molecules,  hydroxyl  and  chloride  anions.  This  explains  the  needle-like 
crystal  habit  of  Mg2(0H)3C14H20.  In  the  transformation  to  hexagonal  Mg(OH)2,  which  has  a 
layered  Cdl2  structure,  double  chains  within  one  layer  move  to  each  other  to  form  a  continuous 
layer  by  removing  one  half  of  the  oxygen  atoms  (in  the  form  of  water)  situated  at  the  MgOe 


Figure  4.  High-resolution  TEM 
micrograph  of  the  MgO  nanorod.  The 
edge  of  the  nanorod  is  along  the  right 
edge  of  the  micrograph.  The  lattice 
fringes  shown  are  (220)  planes  with  an 
inter-plane  distance  of  1.50 A. 


Figure  5.  Schematic  view  of  the  backbone 
structures  of 

(a)  Mg2(0H)3C14H20  from  a  directbn  in  the 
((X)l)  plane  perpendicular  to  the  b  axis 
(left),  and  from  parallel  to  the  b  axis  (right), 

(b)  Mg(OH)2  from  parallel  to  the  c  axis  (left), 
and  perpendicular  to  the  c  axis  (right), 

(c)  MgO  from  parallel  to  the  <1 1 1>  direction 
(left),  and  perpendicular  to  the  <1 1 1> 
direction  (right). 

Mg2(OH)3Cl  4H2O  has  a  triclinic  needle- like 
structure.  Mg(OH)2  has  a  hexagonal  layered 
structure.  MgO  has  a  face-center  cubic  (FCC) 
structure. 

Octahedra  in  the  graph  stand  for  MgOe 
octahedra. 
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octahedron  corners  between  two  neighboring  double  chains.  Upon  release  of  the  chloride  anions 
and  water  molecules  sitting  between  the  layers,  hexagonal  Mg(OH)2  is  formed  (figure  5(b)).  The 
axis  of  Mg(OH)2  nanorods  formed  in  this  way  will  be  the  a  (or  b)  direction  of  the  hexagonal 
lattice.  Lastly,  in  the  transformation  from  Mg(OH)2  to  MgO,  layers  of  MgOe  octahedra  in 
Mg(OH)2  move  to  each  other  to  form  the  continuous  three  dimensional  FCC  structure  by 
removing  one  half  of  the  oxygen  atoms  (in  the  form  of  water)  between  neighboring  layers  and 
changing  the  stacking  sequence  from  ABABAB...  to  ABC  ABC...  (figure  5(c)).  Therefore  the 
axis  of  the  MgO  nanorods  should  be  the  <1 10>  direction  of  the  FCC  structure,  as  we  find  in  our 
experiments. 

The  analysis  of  the  structural  transformation  also  helps  us  understand  the  importance  of 
using  Mg(OH)2  as  an  intermediate  product  in  the  conversion  from  Mg2(0H)3Cl-4H20  nanorods 
to  MgO  nanorods.  Experiments  show  that  direct  conversion  of  Mg2(0H)3C14H20  to  MgO  by 
heat  invariably  breaks  the  nanorods  into  nanoparticles.  In  removing  all  the  oxygen  atoms 
required  in  one  step,  double  chains  are  cut  into  from  at  least  two  faces.  This  likely  promotes  the 
collapse  of  the  double  chains  and  thus  the  nanorods.  Pressure  built  up  at  elevated  temperature  by 
large  amount  of  side  products  (three  H2O/HCI  molecules  per  one  MgO  unit)  not  released 
promptly  is  likely  to  break  the  nanorods  too.  However,  in  the  two-step  transformation  two  thirds 
of  the  side  products  are  easily  released  through  the  channels  between  the  layers  in  Mg(OH)2  by 
anion  exchange  reaction  operated  at  close  to  room  temperature.  Moreover  the  structural  change 
is  less  drastic  in  the  two-step  transformation,  which  also  helps  to  maintain  the  crystal 
morphology. 

CONCLUSIONS 

In  summary,  a  three-step  solution-based  process  using  hydrated  basic  magnesium  chloride  as 
a  precursor  and  magnesium  hydroxide  as  an  intermediate  product  has  been  employed  to  make 
very  pure  single  crystalline  magnesium  oxide  nanorods  with  diameters  from  40  nm  to  200  nm 
and  an  average  aspect  ratio  of  80.  This  process  can  be  easily  scaled-up,  and  should  provide  a 
low-cost  source  of  pure  magnesium  oxide  nanorods  needed  in  many  industrial  applications. 
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ABSTRACT 

Molecular  beam  deposition  (MB)  of  thin  film  metal  oxide  is  prospective  for  application  in 
gas  sensor  technology  due  to  the  well-controlled  oxide  molecular  fluxes  during  creation  of  multi¬ 
oxide  structures  with  improved  characteristics.  However,  the  MB  process  leads  to  some  oxygen 
deficiency  in  the  oxide.  Further  application  of  the  MB  technology  (and,  in  general,  the  e-beam 
oxide  deposition  in  vacuum)  for  processing  of  sensor  structures  needs  the  control  and  correction 
of  the  oxygen  stoichiometry  by  adding  in-situ  atomic  oxygen  to  the  growing  material  or  via  the 
thin  film  oxidation  after  deposition. 

^  Thin  films  (50  to  500  nm)  of  SnOx  and  TiOx  were  deposited  on  SiO2/(001)Si  substrates  at 
100  C  by  MB  from  Sn02  and  Ti02  sources.  The  film  stoichiometry  in  the  as-deposited  state  and 
after  annealing  in  vacuum  and  in  oxygen  is  characterized  by  XRD,  TEM  and  RBS.  Oxygen 
annealing  transformed  the  strongly  non-stoichiometric  SnO  (Romarchite)  in  the  as-deposited 
state  to  Cassiterite,  Sn02.  Structure  transformations  in  the  Ti02  films  during  annealing  are  also 
discussed. 

INTRODUCTION 

Tin  and  titanium  dioxides,  Sn02  and  Ti02,  are  prospective  materials  for  gas  sensors*  '^. 
Both  oxides  are  polycrystalline  materials,  with  similar  crystallography  (both  are  tetragonal), 
inherently  non-stoichiometric  (with  O-deficit).  Electrical  conductivity  of  Sn02  and  Ti02  strongly 
depends  on  the  environmental  gases. 

Sn02  sensors  are  sensitive  to  reducing  gases  (H2,  CO,  CH4  etc.)  due  to  the  low-temperature 
chemisorption  of  the  environmental  gases  on  the  grain  surface  that  changes  the  surface  electron 
state  level,  governing  the  grain  surface  conductivity.  The  Ti02  sensors  are  sensitive  to  gases- 
oxydants  (O2  ,  NOx  etc.  ).  The  bulk  diffusion  of  oxygen  from  outside  into  the  Ti02, 
compensating  an  original  deficiency  of  oxygen  in  the  Ti02-lattice,  increases  the  Ti02  resistivity 
by  oxygen  atoms  occupation  of  O-vacancies  (the  donor  centers).  Ti02  sensors  are  stable  at  high 
teniperatures  and  used  in  combustion  systems  to  control  CO/O2  ratio.  Both  oxides  have  good 
resistance  to  corrosive  gases,  low  cost  and  are  easy  to  handle.  Main  disadvantage  of  Sn02  sensors 
as  c^ompared  to  Ti02  are  their  poor  selectivity  and  structure  instability  at  temperatures  above 

Similarly  to  other  metal-oxide  sensors,  Sn02  and  Ti02  sensors  are  produced  by  sintering 
and  sol-gel  processes  (in  the  case  of  thick  films)  or  by  reactive  ion  sputtering  (metal  targets)  and 
e-gun  deposition  (oxide  targets)  in  the  case  of  thin  films.  Recently,  molecular  beam  deposition 
(alternative  version  of  the  e-gun  deposition)  demonstrated  some  advantages  for  thin  film 
processing:  clean  substrate  surface  and  simple  controlled  oxide  flux  in  a  high-vacuum  molecular 
beam  chamber  is  useful  in  preparation  the  oxides  that  are  uniform  on  a  large-area  scale,  and 
oxide  mixtures  with  stable  composition.  However,  in  the  case  of  oxides  with  low  oxygen 
pressure  (as  Sn02),  the  film  deposition  complicates  due  to  oxygen  and  oxides  evaporation  in  high 
vacuum  from  the  high-temperature  melt.  Fig.  la  shows  the  calculated  oxygen  pressure 
temperature  dependence  for  the  Sn02  or  Ti02  melts^.  In  this  study  we  have  studied  the  behaviour 
of  Sn02  and  Ti02  films  molecular  beam  deposited  and  annealed  in  vacuum  or  in  oxygen  to 
correct  an  initially  oxygen  non-stoichiometry. 

EXPERIMENTAL 

The  Sn02  and  Ti02  films  were  deposited  by  means  of  electron  gun  molecular  beam  (MB) 
deposition  from  the  appropriate  commercial  targets.  During  deposition  the  substrates, 
SiO2/(001)Si  and  amorphous  carbon  covered  Ni  grids  (for  in-situ  TEM  experiments),  were  kept 
at  a  temperature  of  100°C.  The  film  thickness  ranged  from  50  to  500nm.  Rutherford 
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Fig.l.  Instability  of  Sn02  in  vacuum:  (a)  equilibrium  partial  pressure  of  oxygen  p(02)  vs. 
the  temperature’’  and  (b)  XRD  phase  analysis  of  the  Sn02  molecular  beam  deposited  film,  200 
nm  thick,  in  the  as-deposited  state  and  after  annealing  in  vacuum  10  Pa  for  Ih. 

backscattering  (RBS)  and  electron  probe  microanalysis  (EPMA)  were  used  for  compositional 
analysis.  The  RBS  spectra  were  obtained  with  the  7MeV  accelerator  (3,05  MeV  He  ions  were 
used)  at  the  Institute  of  Nuclear  Physics,  University  Frankfurt.  The  Sn02  films  were 
polycrystalline  in  the  as-deposited  state.  The  Ti02  films  were  amorphous  in  the  as-deposited  state 
and  transformed  to  their  nano/microcrystalline  structure  during  annealing  in  a  hot-wall  furnace  in 
dry  oxygen  between  400  and  800°C  (the  Sn02  films  were  also  annealed  in  oxygen  environment 
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for  stoichiometry  regulation).  The  kinetics  of  the  film  phase  transformation  was  investigated  in- 
situ  in  a  JEM- 1000  microscope  (1  MeV  acceleration  voltage)  at  a  vacuum  of  10'^  Pa  in  the  above 
mentioned  temperature  range.  The  film  morphology  was  studied  by  high-resolution  SEM.  Phase 
analysis  of  the  Sn02  and  Ti02  films  after  different  treatments  was  done  also  by  XRD  using  the 
grazing  beam  geometry. 

RESULTS  AND  DISCUSSION 

a.  TiO?  films  annealing  in  dry  oxygen 

Earlier^’  ,  we  demonstrated  the  structural  transformation  in  TiO?  reactive  sputtered  films, 
initially  amorphous,  during  annealing  in  vacuum  and  in  air  up  to  900®C.  In  both  cases  the  final 
Ti02  structure  modification  was  rutile.  However,  the  same  heat  treatment  of  the  e-gun  deposited 
Ti02  films  produced  the  anatase  phase^.  Fig.2  illustrates  the  MB-TiOa  film  stability:  after 
amorphous-to-crystalline  (anatase)  transformation,  only  anatase  dominated  in  the  film  structure 
during  annealing  in  dry  oxygen  at  the  temperature  up  to  800°C.  Nevertheless,  RBS  data  shows 
that  MB-Ti02  in  the  as  deposited  state  and  after  oxidation  annealing  is  non-stoichiometric  having 
a  large  deficit  of  oxygen  (-20%). 


2  Theta 

Fig.2.  XRD  spectra  of  MB-Ti02  film,  500nm  thick,  annealed  in  dry  oxygen. 

b.  Sn09  films  annealing  in  dry  oxygen 

The  Sn02  film  changed  the  composition  depending  on  the  annealing  conditions.  The  Sn02 
film  in  the  as-deposited  state  (MB  deposition  in  a  high  vacuum  from  a  Sn02  target)  was 
compositionally  closer  to  SnO  than  to  Sn02  (Fig.3).  Large  romarchite  grains  (up  to  tens 
micrometers  in  size)  were  preferently  oriented  by  <00 1>  tetragonal  4-fold  symmetry  basal  axis 
perpendicular  to  amorphous  carbon  substrate.  Annealing  in  oxygen  returns  the  SnOx  film  to  the 
Sn02  stoichiometry  after  800“C,  Ih  treatment.  Fig.4  illustrates  the  SnOx  recovery  process  upon 
oxidation  annealing  by  RBS  spectroscopy. 


11 


TitEnsity 


20  25  30  35  40 

2  ThetB 


Fig.3.  The  MB-SnOx  film  (a)  in  the  as-deposited  state  (layered  romarchite,  TEM)  and  in 
course  of  annealing  in  dry  air  (b)  transforming  to  cassiterite  phase  (XRD). 

c.  Crystallization  of  the  MB  TiO^  film  observed  via  in-situ  TEM 

As  it  can  be  seen  in  Fig.2,  the  TiOz  MB-films  crystallized  during  annealing  in  dry  oxygen 
very  fast  just  at  400”C  forming  polycrystalline  anatase.  This  result  correlates  with  our  in-situ 


CONCLUSIONS 


1.  The  composition  and  structure  of  Sn02  and  Ti02  films  for  gas  sensors  deposited  by 
molecular  beam  in  a  high  vacuum  and  annealed  in  dry  oxygen  have  been  investigated  by  means 
of  x-ray  diffraction,  Rutherford  backsc altering  and  electron  microscopy. 

2.  The  Ti02  films,  deposited  on  Si02/Si  substrate  using  molten  Ti02  precursor  and 
amoiphous  in  the  as-d^osited  state,  crystallized  at  300”C  during  oxidation  in  dry  oxygen 
forming  stable  up  to  800"C  anatase  structure. 

3.  The  Sn02  films,  deposited  under  the  same  conditions  as  Ti02,  presented  polycrystalline 
tin  suboxides  in  the  a.s-deposited  state  (SnO  romarchite  pase  dominated).  Vacuum  annealing 
transformed  SnO  up  to  metallic  tin.  However,  annealing  in  dry  oxygen  was  found  capable  to 
return  tin  oxide  stoichiometry  reaching  (after  800”C  annealing)  a  highly  oxidation  stoichiometric 
form,  cassiterite,  Sn02.  Therefore,  the  reversibility  of  oxidation/reduction  in  Sn02  film  is 
demonstrated.  Further  application  of  post  deposition  oxidation  treatment  apparently  allows  to 
obtain  a  compositionally  controlled  MB  deposited  oxides-mixtures  for  gas  sensor  application. 
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ABSTRACT 

Tungsten  oxide  is  a  material  of  significant  interest  for  applications  in  several  areas.  It 
can,  for  example,  be  used  as  the  electrochromic  film  in  smart  windows.  Tungsten  trioxide 
nanoparticles  were  produced  using  an  advanced  gas  evaporation  unit  in  which  the  tungsten  was 
oxidized  in  low  pressure  ambient  air.  The  tungsten  trioxide  particles  were  formed  via  vapor 
condensation  and  were  deposited  by  gas  deposition  technique  to  avoid  coagulation  effects.  The 
average  size  of  the  primary  particles  was  around  5  nm,  depending  on  the  heating  power  and  the 
pressure.  The  particles  exhibited  a  body  centred  cubic  structure.  The  impedance  spectrum  of 
particle  deposits  showed  resonance  and  negative  capacitance  effects.  The  correlation  between 
fabrication  conditions,  structure  and  impedance  spectrum  is  discussed. 

INTRODUCTION 

Tungsten  trioxide  (WO3)  is  a  very  versatile  material.  It  is  widely  used  in  different  thin 
film  technologies,  for  example  as  the  absorber  in  solar  collectors,  as  the  electrochromic  film  in 
smart  windows  [1]  and  as  the  active  layer  in  chemical  sensors[2].  A  large  variety  of  processes 
have  been  used  for  the  fabrication  of  WO3  films.  A  technique  that  has  attracted  increased 
interest  during  the  last  decades  for  deposition  of  all  types  of  materials  is  advanced  gas 
deposition  (AGD).  Nanocrystalline  films  can  be  deposited  with  AGD,  and  the  formed  particles 
have  a  narrow  size  distribution[3].  Such  AGD  deposited  films  exhibit  several  different  extreme 
properties  such  as  outstanding  hardness,  thermal  stability,  chemical  resistance  and  interesting 
electrical  properties.  This  paper,  reports  on  dielectric  properties,  in  particular  the  phenomenon 
of  negative  capacitance  (NC).  NC  was  first  reported  by  Jonscher  in  1977  [4],  The  mechanism 
behind  the  NC  is  yet  poorly  understood. 

EXPERIMENTS 

WO3  samples  were  fabricated  using  an  AGD  unit  (ULVAC/VMC,  Japan).  The  technique 
of  gas  evaporation  was  introduced  in  1976  [5]  and  has  become  a  leading  method  for  the 
production  of  high-quality  nanoparticles  [6-8].  In  the  classical  case,  the  evaporation  of  the 
material  takes  place  in  the  presence  of  an  inert  gas.  The  vapor  is  then  cooled  so  that 
nucleation  and  growth  of  ultrafme  particles  take  place  in  the  gas.  The  primary  particles  can 
have  a  narrow  size  distribution  [9].  The  gas  evaporated  particles  are  normally  single 
crystals. 

Figure  1  illustrates  the  experimental  equipment  for  particle  fabrication.  In  this 
particular  case,  a  pellet  of  99.99%  pure  tungsten  is  placed  on  a  pedestal  in  the  lower 
chamber  and  is  surrounded  by  synthetic  air  that  works  as  reactive  gas  and  as  cooling  gas. 

The  pellet  is  inductively  heated  by  a  surrounding  copper  coil.  The  synthetic  air  is 
introduced  below  the  pedestal.  The  surface  of  the  pellet  is  oxidized  and  the  tungsten  oxide 
is  sublimated.  The  transfer  pipe  is  positioned  centrally  in  the  vapor  zone  where  particles 
are  formed.  Particles  in  the  outer  part  of  the  zone  are  removed  by  an  exhaust  pipe 
connected  to  a  pump.  The  particles  are  thereby  collected  from  a  small  part  of  the  super 
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saturated  vapor  zone  and  the  size  distribution  is  kept  narrow.  A  stream  of  gas  transports 
the  particles  through  the  transfer  pipe  into  the  evacuated  upper  chamber  where  the 
particles  are  collected.  Strong  precautions  were  taken  to  avoid  turbulence  and  eddy 
formation. 


X,  y,  z  -  table 


Nozzle  for  the 
particle  stream 

Transfer  pipe 


Pedestal  with  source 
material  and  heating 
device 


Synthetic  air  inlet 


Fig.  1:  Schematic  picture  of  the  gas-evaporation  equipment 

Particles  were  deposited  onto  an  indium  tin  oxide  (ITO)  coated  glass  substrate  in 
the  deposition  chamber.  The  substrate  was  mounted  on  a  computer  controlled  x,y,z-  table 
which  allowed  various  patterns  to  be  made.  Two  samples,  referred  to  as  I  and  II  below, 
were  fabricated  at  a  heating  power  of  1.1  kW.  The  substrate  was  kept  at  room  temperature 
during  deposition.  The  difference  in  the  production  between  the  two  samples  was  the 
linear  speed  of  the  x,y,z-  table.  Sample  I  was  deposited  with  a  speed  of  0.38  mm/s  and 
sample  II  with  a  speed  of  0.19  mm/s.  This  resulted  in  a  factor  of  two  more  particles  per 
unit  length  in  the  latter  case. 

Particle  size  distributions  were  determined  by  transmission  electron  microscopy 
(TEM),  using  a  Jeol  2000  FX  II  instrument,  and  by  scanning  electron  microscopy  (SEM), 
using  a  LEO  1550  Field  Emission  Gun  with  a  Gemini  column.  The  film  thickness  was 
determined  using  a  FEI  XL  30  Environmental  SEM  with  a  field  emission  gun. 

Dielectric  measurements  were  carried  out  with  a  Solartron  Instruments  SI- 1260 
impedance/gain-phase  analyzer,  a  Novocontrol  broadband  converter  and  an  additional 
probe  station.  In  order  to  characterize  the  dielectric  properties  of  the  samples,  contacts  of 
aluminium  were  evaporated  onto  the  surface  of  the  WO3-  The  diameter  of  the  evaporated 
contacts  were  1mm.  One  probe  was  contacted  to  the  ITO  layer  and  the  second  to  the  A1 
contact. 


16 


RESULTS 


Structural  characterization  of  the  samples 


Figure  2a  shows  a  SEM  image  of  the  surface  of  sample  I  and  Fig  2b  depicts  a 
representative  TEM  micrograph  of  a  cross  section.  The  corresponding  size  distributions 
are  shown  in  Fig  2c,  together  with  a  size  distribution  of  the  primary  particles  [9],  The  data 
are  presented  in  a  log-probability  plot  adequate  for  samples  expected  to  have  a  size 
distribution  resembling  the  log  normal  distribution. 


Fig  2:  a)  A  SEM  micrograph  showing  the 
particles  on  the  surface  of  sample  I.  b)  A 
TEM  image  of  the  corresponding  cross 
section.  The  darker  band  corresponds  to  the 
ITO  layer,  c)  The  size  distribution  from  each 
set  of  images  together  with  the  size 
distribution  of  the  primary  particles.  In  the 
plot  every  fifth  data  point  is  shown. 


The  difference  in  size  distribution  of  the  sets  of  particles  determined  from  images 
taken  by  SEM  and  TEM  is  only  partly  due  to  uncertainties  in  the  measurements.  One 
reason  for  the  difference  can  be  that  the  sintering  of  the  particles  is  different  within  the 
film  and  at  its  surface.  The  TEM  data  indicate  smaller  particles  than  the  SEM  data.  In  fact 
the  sizes  determined  by  TEM  are  intermediate  between  those  of  the  primary  particles 
(mean  diameter  of  3.1  nm  according  to  Fig  2c)  and  the  sizes  determined  by  SEM  (being 
'-lOnm).  The  thickness  of  sample  I  is  found  to  be  1  lOnm,  whilst  the  thickness  of  sample  11 
is  140  nm,  so  that  the  thickness  ratio  is  1.3.  Since  sample  II  contains  twice  as  many 
particles  as  sample  I  it  follows  that  sample  II  has  a  higher  density  by  a  factor  of  1.6. 
Sample  II  thus  is  more  sintered. 
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Dielectric  characterization  of  the  samples 


An  AC  voltage  of  50  mV  was  applied  to  the  sample  under  study  and  the  frequency  was 
varied  from  10  Hz  down  to  a  frequency  corresponding  to  the  limit  of  accurate  measurement  of 
the  capacitance  (1*10'^  F).  When  we  applied  a  DC  voltage  ofiUoc,  with  20<Udc<40  mV,  the 
dielectric  data  displayed  negative  values  of  the  real  part  of  the  capacitance,  C’.  This  is  clearly 
seen  in  Figs.  3a  and  b,  pertaining  to  samples  I  and  II,  respectively.  There  is  no  significant 
difference  between  the  responses  at  +40  mV  and  at  -  40m V,  which  indicates  that  there  are  no 
contact  effects.  At  a  specific  frequency,  a  resonance  appeared  and  C’  went  to  zero.  When  the 
frequency  decreased  the  capacitance  became  negative.  At  even  lower  frequency,  the  real  part  of 
the  capacitance  decreased  ftirther  and  large  negative  values  of  C’  were  obtained.  The  graphs 
show  the  absolute  values  of  the  negative  capacitances.  The  pronounced  difference  in  resonance 
frequency  should  be  noted;  it  appeared  at  100  Hz  for  sample  I  and  at  3  Hz  for  sample  II. 
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Fig  3:  The  dielectric  response  of  sample  I  (a)  and  sample  II  (b)  at  a  DC  -  voltage  of  ±40 
mV.  C'  and  C  ’  ’  denote  real  and  imaginary  parts  of  the  capacitance  respectively.Note  the 
difference  in  resonance  frequency.  The  negative  capacitance,  plotted  as  an  absolute  value, 
is  found  to  the  left  of  the  resonance  frequency. 


A  RC-model 


The  phenomenon  of  negative  capacitance  was  discovered  by  Jonscher  [4].  There  are 
several  approaches  to  interpret  it;  for  example  there  are  speculations  whether  hopping  or 
trapping-detrapping  effects  are  responsible.  A  multiple-trapping  model  described  by  Rybicki 
and  Chybicki  [10]  is  a  possible  explanation.  It  embraces  a  time-dependent  relation  for  multiple¬ 
trapping  transient  currents  within  thin  insulating  layers  with  a  non-homogenous  trap 
distribution.  This  may  be  a  possible  approach  for  our  present  nano  crystalline  films. 

In  1960  Miller  and  Abrahams  [11]  studied  a  random-resistor  network  which  was 
subsequently  modified  by  Bottger  and  Bryksin  in  order  to  explain  AC  hopping  in  disordered 
materials[12].  The  network  consisted  of  random  resistances  connected  at  points  corresponding 
to  sites  in  the  material.  Each  of  these  points  is  connected  to  earth  via  a  capacitor  and  an  AC  - 
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voltage  supply.  If  the  frequency  approaches  zero,  the  network  turns  in  to  the  network  of  Miller 
and  Abrahams. 

In  fig  4a  we  present  a  simplified  model  of  the  network  of  Bottger  and  Bryskin.  This 
new  RC  circuit,  is  the  simplest  possible  model  for  NC  [13].  The  model  consists  of  two 
capacitors  and  two  resistors.  The  impedance  is  represented  by  the  transfer  admittance  of  the 
circuit.  The  NC  is  the  result  of  two  parallel  current  channels,  with  positive  and  negative  phase 
shifts,  respectively.  At  a  certain  frequency  the  phases  are  equal  and  a  resonance  appears. 
Calculated  responses  for  three  different  parameter  settings  are  shown  in  Fig  4b.  Magnitudes  of 
C’  are  presented  as  the  absolute  values  below  the  resonance  frequency.  The  resonance 
frequency  can  be  changed  by  an  adjustment  of  the  values  of  the  components.  In  order  to  obtain 
a  negative  capacitance,  the  value  of  C2  must  be  less  than  the  value  of  Ci.  A  basic  similarity 
between  the  computed  and  the  experimental  data  gives  credence  to  our  theoretical  model. 


Fig.  4  a)  A  phenomenological  network  for  the  dielectric  response  of  our  samples, 
b)  The  corresponding  dielectric  response  of  the  network.  The  negative 
capacitance,  plotted  as  an  absolute  value,  is  found  to  the  left  of  the  resonance 
frequency. 


CONCLUSION 

We  have  produced  nanocrystalline  films  of  WO3  in  a  new  way  using  an  advanced  gas 
evaporation  unit.  The  film  thickness  and  size  distribution  of  the  particles  of  two  typical  samples 
were  characterized  by  electron  microscopy.  The  film  thicknesses  were  1 10  nm  and  140  nm. 

The  average  particle  size  lay  between  3  and  10  nm.  The  dielectric  responses  of  the  two  films 
were  measured,  and  the  films  were  found  to  exhibit  a  negative  capacitance.  We  present  a 
phenomenological  model  describing  the  negative  capacitance.  It  is  possible  to  tune  a  resonance 
frequency  by  changing  the  values  of  the  components  in  the  RC  network  to  match  the  response 
of  the  WO3  films. 
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ABSTRACT 

Various  properties  of  partieles  ean  be  altered  by  eoating  them  with  a  layer  of 
different  ehemieal  eomposition.  Yttrium  iron  garnet  (YIG)  partieles  has  been  coated  with 
silica  for  control  of  their  sintering,  corrosion  resistance,  and  stabilization  of  magnetic 
properties.  This  silica  cover  was  obtained  by  hydrolysis  of  tetraethylorthosilicate  (TEOS)  in 
2-propanol.  This  material  was  characterized  by  transmission  (TEM)  electron  microscopy, 
(XEDS)  X-ray  energy-dispersive  spectrometry,  (XPS)  X-ray  photoemission  spectroscopy 
and  (VSM)  vibrating  sample  magnetometry.  YIG  was  heterocoagulated  by  silica  as 
indicated  by  TEM  micrographies.  XPS  measurements  indicated  that  only  binding  energy 
for  silicon  and  oxygen  was  found  on  the  silica  shell,  which  confirms  diat  the  YIG  was 
covered.  The  values  of  the  saturation  magnetization  differ  from  the  heterocoagulated 
system  to  well-crystallized  YIG. 

INTRODUCTION 

There  are  several  reasons  to  make  it  useful  to  cover  core  materials  with  shells  of 
different  chemical  composition  by  heterocoagulation  process  One  is  to  change  physical 
(optical,  magnetic,  conductive,  etc.)  or  chemical  properties  of  dispersions  by  choising 
coating  material.  Furthermore,  when  a  required  particle  shape  is  impossible  to  achieve  by 
direct  synthesis,  desired  core  can  be  coated  with  another  compoimd  necessary  for  the  given 
application.  Thus,  the  coating  process  can  be  influenced  by  several  properties  of  the 
particle.  After  the  covering  process,  the  external  surface  of  the  particle  can  show  special 
properties,  such  as  a  catalytic  property  becoming  a  more  efficient  catalytic  material,  being 
the  internal  material  protected  against  environmental  aggressiveness^  The 
heterocoagulation  process  is  similar  to  those  used  for  obtaining  the  uniform  particles,  as 
described  by  Matijevic  and  others  However,  the  heterocoagulation  process  requires 
rigorous  controls  of  the  nucleation  conditions  and  growth  of  the  involved  phases.  It  is 
known  that  magnetic  properties  depend  strongly  on  the  size,  as  well  as  on  the  dispersion 
medium  where  the  particles  are  formed.  Specifically,  the  preparation  of  magnetic  powders 
with  defined  properties  and  a  protecting  layer  by  heterocoagulation  is,  therefore,  of  great 
interest  for  the  increase  of  magnetic  material  performance  which  is  drastically  affected  by 
environment^’*®.  An  alternative  way  to  eliminate  or  to  minimize  these  problems  is  the 
heterocoagulation  of  these  particles  with  protecting  layer,  for  instance,  with  silica.  In  this 
study,  a  procedure  is  described  for  building  up  of  silica  layers  on  yttrium  iron  garnet  (YIG) 
particles.  YIG,  especially  that  of  interest  as  magnetic  pigment,  microwave  absorption  and 
magnetic  fluids  have  been  coated  with  silica  in  order  to  protect  its  magnetic  property  from 
environment  enlarging  its  technological  applications. 
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EXPERIMENTAL 


YIG  Cores 

Yttrium  chloride,  iron  chloride,  yttrium  nitrate,  iron  nitrate,  urea,  ammonium 
hydroxide,  and  poly  (vinylpyrrolidone)  were  all  reagents  used  without  further  purification. 
YIG  amorphous  particles  were  obtained  by  hydrolysis  of  metal  chloride  or  nitrate 
solutions^'’  The  starting  solution  was  a  mkture  of  iron  chloride  (1.10'^  mol  L'*)  and 
yttrium  chloride  in  chloridic  acid  1.10’^  mol  L*’  or  iron  nitrate  (1.10'^  mol  L*’)  and  yttrium 
nitrate  in  nitric  acid  1.10'^  mol  L’^  These  solutions  were  mixed,  keeping  the  ratio  of  Fe  to 
Y  at  5:3.  Urea  was  added  in  different  concentrations  in  order  to  increase  the  pH  and 
improve  the  hydrolysis  process.  In  some  cases,  poly(vinylpyrrolidone)  and  ammonium  iron 
(III)  sulfate  [NH4Fe(S04)2  12  H2O  in  (w/w  %)  were  added  to  avoid  aggregation’^.  After 
keeping  the  solution  at  the  temperature  of  90®C  for  3  hours,  the  powder  was  then  dried  in  a 
desiccator  under  vacuum.  Precipitates  were  calcinated  at  1100®C  for  one  hour,  yielding 
cubic  YIG  particles.  Table  1  describes  the  precipitation  conditions  of  yttrium  iron  garnet. 


Table  I:  Identification  and  precipitation  conditions  of  the  yttrium  iron  garnet  obtained  from 
different  anions  by  using  urea  as  the  precipitation  agent  in  presence  of  PVP  and/or  iron 
ammonium  sulfate.  Different  concentrations  of  urea  was  used  as  precipitation  agent. _ 


Samples 

Urea  agent 

Concentration  of  iron 

Addition  of 

Addition  of 

(mo!.L'‘) 

chloride  or  nitrate  (mol.L*') 

PVP  (%  w/w) 

NH4Fe(S04)2  (%  w/w) 

P16 

umBHiii 

imBQiiiiiiiiinil 

P24 

0.5 

1.10*' 

1 

50% 

N3 

0.5 

TiF 

- 

50% 

N4 

0.5 

—5 

1 

50% 

N5 

0.5 

uF 

- 

- 

N6 

1.0 

I.IO'" 

Coated  Particles 

Yttrium  iron  garnet  was  coated  with  silica  by  using  the  tetraethylorthosilicate  (TEOS) 
hydrolysis  process’"*  adapted  from  Stober’^.  YIG  particles  dispersed  in  2-propanol  were 
heterocoagulated  with  silica  through  the  nucleation  of  TEOS  solution  forming  the  silica 
layer  on  YIG.  The  dispersion  of  the  particles  was  then  heated  up  to  50T  for  30  minutes 
under  ultrasonic  agitation.  Solution  of  TEOS  and  NH4OH  in  appropriated  concentration 
was  added  to  the  suspension  of  YIG  and  then  placed  into  a  constant-temperature  water  bath 
at  50°C  and  kept  in  it  for  different  periods  of  time  (from  0.5  to  3  h)  in  order  to  produce 
different  coating  layer  thickness.  The  resulting  solids  were  dried  in  a  vacuum.  The 
identification  of  the  heterocoagulated  samples  and  the  conditions  of  precipitation  in  system 
are  described  in  table  2. 

Dried  products  were  investigated  by  transmission  electron  microscopy  (Hitachi  H- 
800-MT),  X-ray  energy-dispersive  spectra  (Kevex  8000  analytical  system,  model 
Quantum),  X-ray  photoemission  spectra  (Physical  Electronics  5500)  and  vibrating  sample 
magnetometry  (VSM4500  Princeton  Applied  Research). 
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Table  2.  Conditions  of  heterocoagulation  systems  YIG-Si02.  The  system  was  kept  in  water  bath  at 
50”C.  The  concentration  of  yttrium  iron  garnet  is  1.10"^  mol.L'^  TEOS  1.10'^  mol.L  *,  NH3  0.45 
mol.L'^  in  2-propanol  medium  in  a  reactor  with  volume  of  10  ml. _ 


Samples  YIG  core  / 
SiOi  cover 

Heterocoagulation  time 

Samples  YIG  core  / 
Si02  cover 

Heterocoagulation  time 

Hl-P24/Si02 

0.5  hours 

H7-P24/Si02 

1  hour 

H2-P24/Si02 

0.75  hour 

1  hour 

H3-P24/Si02 

3  hours 

H9-N3/Si02 

1  hour 

H4-P16/Si02 

0.5  hour 

H10-N4/SiO2 

1  hour 

H5-P16/Si02 

0.75  hour 

Hll-N5/Si02 

1  hour 

H6-P16/Si02 

3  hours 

H12-N6/Si02 

1  hour 

RESULTS 

All  experiments  were  designed  to  investigate  the  heterocoagulation  of  the  YIG 
particles  and  to  find  out  the  effect  of  this  layer  in  the  magnetic  properties  in  the  samples. 
The  transmission  electron  microscopy  in  figure  1  shows  that  the  samples  were  covered  and 
also  shows  the  thickness  of  the  coated  layer.  There  should  also  be  pointed  out  that  the 
heterocoagulated  samples  are  related  to  in  situ  the  growth  layer  on  YIG.  A  black  arrow 
indicates  the  identification  of  the  nucleus  of  YIG  and  an  empty  black  shows  the  shell. 


Figure  3.  TEM  micrograph  of  Si02-cover  YIG, 
sample  H8. 


Figure  4.  TEM  micrograph  of  Si02-cover  YIG, 
sample  HI  1 . 
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Binding  Energy 

Figure  5.  XPS  spectra  of  samples  P24,  P16,  N3,  N4,  N5  and  N6.  The  samples  were  bombardment  with  Ar^ 
by  0.3  minutes. 

The  spectra  presented  in  figure  5  show  that  all  the  surfaces  of  the  samples  have  the 
characteristic  energy  of  the  yttrium  iron  garnet  and  this  confirms  the  values  of  the 
connection  energy  described  in  literature  ^  Analyzed  samples  presented  an  atomic 
percentage  of  Fe  2p3/2  =  23,6  %,  Y3d  =  14,6  %  and  01s  =  61,8  %,  in  agreement  with  the 
stoichiometry  relationships  of  the  YIG,  What  can  be  observed  in  these  samples  is  the 
presence  of  intense  peaks  of  carbon  of  284.5  eV  that  were  ascribed  to  the  urea 
decomposition  product. 


Figure  6.  XPS  spectra  of  samples  P24,  PI 6,  N3,  N4,  N5  and  N6  covered  by  silica.  The  samples  were 
bombardment  with  Ar'*'  by  0.3  minutes. 

Although  all  measured  binding  energy  was  detected,  the  emphasis  of  the  discussion 
will  be  on  the  binding  energy  of  silica,  since  the  aim  of  the  investigation  is  to  identify  the 
elements  on  the  surface  of  the  particle.  The  binding  energy  value  284.8  eV  to  Si  2p  and 
531.0  eV  to  O  Is  measured  for  silica  coincides  fairly  well  with  most  values  reported  in  the 
literature  Through  XPS  spectra,  figure  6,  it  is  seen  that  the  silica  cover  of  the  samples 
does  not  present  the  elements  iron  and  yttrium  on  the  surface  such  as  in  figure  5.  Thus,  as 
the  binding  energies  were  only  detected  for  oxygen  and  silicon,  we  can  conclude  that  the 
ferrite  surface  was  totally  covered  by  silica.  Theoretical  and  experimental  energies 
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comparison  obtained  from  these  samples  confirms  that  the  analyzed  surface  is  constituted 
of  silica,  with  its  stoichiometric  proportions. 

Figure  7  shows  the  hysteresis  loops  for  pure  YIG  sample  and  covered  YIG  sample. 
It  must  be  emphasized  that  the  crystalline  samples  show  their  magnetization,  Ms  next  to  the 
buik23,24  26  emu.g'’  while  the  magnetization  of  heterocoagulated  samples  show 

lower  values. 


H/Oe 


Figure  7.  Hysteresis  loops  of  samples  N3  (Crystalline  YIG)  and  H9  (silica  cover  on  N3)  recorded  at  room 
temperature. 


Table  3  shows  the  values  of  coercive  field  He  and  magnetization  of  crystalline  and 
heterocoagulated  samples. 


Samples 

Ms  (emu/g) 

Hc(Oe) 

Samples 

Ms  (emu/g) 

He  (Oe) 

P16 

27.01 

72.05 

H7-P24/Si02 

14.6 

86.7 

P24 

25.12 

72.05 

H8-P16/Si02 

14.6 

120.0 

N3 

25.48 

98.25 

H9-N3/Si02 

11.0 

136,2 

N5 

17.13 

98.25 

H10-N4/SiO2 

9.2 

119.7 

N6 

24.24 

98.25 

Hll-N5/Si02 

17.9 

177.5 

N4 

25.22 

98.25 

H12-N6/Si02 

17.3 

152.7 

Table  3  lists  the  initial  magnetic  properties  (coercive  force,  i/c,  and  the  specific 
magnetization,  Ms)  of  cover  samples  measured  by  VSM.  The  value  of  Ms  decreased  with 
silica  on  the  YIG  surface  due  to  the  presence  of  the  nonmagnetic  silica  coating  and  it  was 
lower  than  that  of  pure  yttrium  iron  garnet  in  all  cases.  Another  property  that  can  be 
evaluated  by  figure  7  is  the  variation  in  the  hysteresis  curve  where  the  field  applied  to 
saturate  the  heterocoagulated  sample  is  five  times  larger  than  that  for  crystalline  yttrium 
iron  garnet.  The  variation  of  coercive  field  and  saturation  magnetization  was  observed  by 
Matijevic  et  al  in  their  work  on  silica  covered  hematite  which  shows  the  variation  of 
magnetic  properties  regarding  the  silica  shell  thickness.  This  behavior  can  be  explained 
through  surface  and  or  shape  anisotropy. 

CONCLUSION 

The  method  of  covering  YIG  with  silica  shell  by  growing  in  situ  showed 
satisfactory  results.  All  samples  showed  silica  cover;  however,  some  surfaces  were  not 
totally  covered.  Particle  shape  seems  not  to  be  the  decisive  factor  in  the  cover  because  there 
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were  agglomerate  covered  particles.  By  XPS  it  can  be  compared  the  surface  of  pure  YIG 
and  silica  on  YIG.  Analyzing  the  surfaces  of  covered  samples  it  could  be  observed  that  the 
relative  peaks  of  Fe  and  Y  were  absent,  which  conjfirms  the  heterocoagulation.  Comparing 
the  magnetic  measures  of  the  YIG  and  silica  on  YIG  samples  was  observed  that  the 
magnetic  properties  Ms  and  He  were  reduced;  however,  these  samples  present  good 
characteristics  to  be  used  as  magnetic  inks. 
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ABSTRACT 

Nanocrystalline  ITO  powders  have  been  prepared  by  a  hydroxide  coprecipitation  method. 
Through  the  variation  of  aging  time  after  precipitation,  we  have  characterized  the  size, 
morphology  and  the  structure  of  the  precipitates.  It  was  found  that  the  precipitates  are  in  the 
state  of  InOOH  at  first.  Further  aging  up  to  48  h  changed  it  to  In(OH)5  structure.  After 
calcinations  of  the  precipitates,  rhombohedral  nanocrystalline  ITO  powder  with  spherical  shape 
was  produced  from  InOOH  structured  precipitates,  while  cubic  nanocrystalline  ITO  powder  was 
produced  from  In(OH)3.  Fraction  of  the  rhombohedral  ITO  powder  decreased  as  the  aging  time 
increased.  The  particle  size  of  the  cubic  ITO  increased  with  aging  time  but  that  of  rhombohedral 
ITO  (~15  nm)  was  almost  invariant. 

INTRODUCTION 

Tin  doped  indium  oxide  (ITO)  film,  which  is  used  for  transparent  electrodes  for  display 
devices,  transparent  coating  for  solar  energy  heat  mirrors  and  windows  films  in  n-p 
heterojunction  solar  cells,  is  manufactured  by  evaporation,  sputtering,  chemical  vapor  deposition 
and  painting  process[l~3].  For  the  good  quality  ITO  films,  processing  with  good  controlled  ITO 
powders  is  necessary [4]. 

Several  chemical  processing  techniques,  such  as  hydrothennal,  so-gel,  and  coprecipitation 
have  been  investigated  to  prepare  active  nanocrystalline  ITO  powders  for  dense  target  and 
precursors[5~7].  Among  these  powder  processing  techniques,  coprecipitation  has  been 
suggested  as  a  simple  and  economic  way  to  obtain  nanocrystalline  ITO  powders  with  good 
controlled  particle  size  and  morphology.  In  the  coprecipitation  method,  the  morphology,  particle 
size,  and  composition  of  precipitates  depend  on  several  parameters  such  as  aging,  concentration, 
temperature,  pH,  and  the  kinds  of  anions  present[8-10].  In  the  present  work,  the  morphology 
and  the  structure  of  the  precipitate  were  controlled  by  varying  aging  time.  As  a  result,  cubic  and 
rhombohedral  nanocrystalline  ITO  powders  were  produced,  and  the  fraction  of  the  phases  was 
dependent  on  the  aging  time.  Therefore,  selective  production  of  nanocrystalline  ITO  powders 
with  cubic  or  rhombohedral  structure  was  available. 

EXPERIMENT 

Indium  nitrate  hydrate  [In(N03)3  xHzO]  and  tin  chloride  hydrateCSnCfi  xHzO)  were  used  as 
starting  materials.  Mixed  solutions  of  indium  and  tin  were  prepared  by  dissolving  indium  nitrate 
hydrate  and  tin  chloride  hydrate  in  doubly  deionized  water,  respectively.  Concentration  and 
In/Sn  atomic  ratio  in  mixed  solution  were  fixed  to  1  N  and  92/8,  respectively.  NH4OH  was 
added  directly  to  a  continuously  stirred  mixed  solution  until  the  pH  reaches  to  8.5.  Then 
precipitate  in  Pyrex  glass  was  sealed  with  silicon  cover  and  aged  for  0,  12,  24,  and  48h.  After 
the  aging  process,  precipitates  were  washed  several  times  with  deionized  water  using  ultrasonic 
equipment  and  dried  at  85®C.  The  dried  precipitates  were  calcined  at  bOO^C  for  1  h  in  air  and 
nanocrystalline  ITO  powders  were  produced.  In/Sn  atomic  ratios  in  the  nanocrytalline  ITO 
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powders  were  confirmed  as  92/8  by  a 
X-ray  fluorescence  spectrometer 
(XRF;  Model  PW  2400,  Philips).  12 

Phase  identification  and  particle 
size  measurement  were  performed  by  a 
X-ray  diffractometer  of  the  powders  g 

(XRD;  Mac  Science)  using  CuKa 
radiation.  Fractions  of  cubic  and  x  6 

rhombohedral  phases  in  calcined 
nanocrystalline  ITO  powders  were  * 

obtained  by  calculating  integrated  2 

intensities  of  the  (110)  peak  of 
rhombohedral  ITO  (JCPDS  No.  21-  0 

0406)  and  the  (222)  peak  of  cubic  ITO 
(JCPDS  No.  44-1087)  after  being 
subtracted  K„2  and  split  multi-peak  by 
using  a  software.  The  particle  size  of  pig  I ,  NH4OH  titration  of  [Sn+ln]  solution  at 
the  powder  was  calculated  from  X-ray  ,  5»c  and  concentration  of  1  N. 

peak  broadening  using  the  Scherrer 
equation[n].  Si  standard  powders 

were  used  as  a  reference.  The  morphology  and  size  of  precipitates  and  ITO  powders  were 
examined  by  a  transmission  electron  microscopy  (TEM;  Model  H-7100,  Hitachi).  In  addition, 
the  dried  precipitates  were  characterized  by  Fourier  transform  infrared  (FT-IR)  spectroscopy 
(Model  IFS120HR,  Bruker). 


Fig.2.  TEM  images  of  the  precipitates  with  aging  time  of  (a)  0,  (b)  12,  (c)  24,  and  (d)  48  h. 
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RESULTS  and  DISCUSSION 


Figure  1  shows  the  change  of  pH  value  of  the  mixed  solution  with  the  addition  of  NH4OH. 
The  pH  value  rose  steeply  from  4  to  8.5  at  3.1  of  [OH]/[In+Sn]  ratio,  which  implies  that  the 
formation  of  hydroxide  is  almost  completed  at  this  point.  The  optimum  coprecipitation 
condition  of  pH  was  estimated  based  on  the  solubility  diagrams  of  individual  hydroxides[12]  and 
pH  8.5  was  selected  as  the  optimum  condition  of  pH  where  the  In  and  Sn  hydroxides  can 
precipitate  simultaneously. 

TEM  micrographs  of  the  precipitates  with  various  aging  times  are  shown  in  Figure  2.  When 
the  precipitate  was  not  aged  (Figure  2  (a)),  it  has  spherical  morphology  with  ~5  nm  particle  size 
in  diameter.  However,  the  precipitate  aged  for  48  h  showed  rectangular  morphology  with  80 
nm  60  nm,  as  shown  in  Figure  2(d).  As  the  aging  time  increased,  the  volume  fraction  of 
precipitate  with  rectangular  morphology  increased. 

Figure  3  shows  the  XRD  patterns  of  precipitate  aged  for  (a)  0,  (b)  12,  (c)  24,  and  (d)  48  h. 
The  XRD  pattern  of  precipitate  shown  in  Figure  3(a),  which  has  spherical  morphology  well 
matched  v^th  InOOH  structure[JCPDS  No.  17-0549].  However  the  XRD  pattern  of  precipitate 
aged  for  48  h  in  Figure  3  (d),  which  showed  the  rectangular  morphology  corresponded  to 
In(OH)3  structure[JCPDS  No.  16-0161],  This  result  shows  that  the  precipitate  transforms  from 
spherical  morphology  with  InOOH  structure  to  rectangular  morphology  with  In(OH)3  structure 
as  the  aging  time  increases,  which  signifies  that  InOOH  is  meta-stable  developed  at  first  then 
transforms  to  ln(OH)3  phase  during  the  aging  process. 

Figure  4  shows  the  FT-IR  spectra  of  the  dried  precipitates  aged  for  (a)  0  h  and  (b)  48  h.  The 
absorption  peaks  in  Figure  4  (b)  well  matched  with  In(OH)3  reported[13].  But  in  Figure  4  (a), 
the  stretching  peaks  at  780,  852,  and  1067  cm"'  originated  from  In(OH)3  are  not  observed. 
Several  types  of  phase  transformations  in  many  gels  and  precipitates  of  hydrous  oxides  can  occur 
during  aging  because  the  aging  of  the  solution  allows  reorganization  of  the  structure  by 
dissolution  and  reprecipitation[14].  Therefore,  it  is  believed  that  the  structural  change  of  the 
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Fig.3.X-ray  diffraction  of  the  dried  Fig.  4.  FT-IR  spectra  of  the  dried  precipitates 
precipitates  with  aging  time  of  (a)  0,  (b)  12,  with  aging  time  of  (a)  0  and  (b)  48  h. 

(c)  24,  and  (d)  48  h. 


29 


precipitates  as  a  function  of  aging  time  seems  to  be  caused  by  the  reorganization  of  the  structure 

during  the  aging  process.  The  absorption 
peak  near  1380  cm'^,  which  corresponds  to 
NH.^  was  observed  in  both  Figure  4  (a)  and 
4  (b)  indicating  NH;?  species  still  exist 
after  washing.  Meanwhile  the  NH3 
stretching  is  higher  in  Figure  4  (a)  than  4 
(b).  Since  small  particles  have  large 
surface  area,  more  NH3  might  be  adsorbed 
in  the  InOOH  structured  precipitate,  which 
has  smaller  than  with  small  particle  size 
than  In(OH)3. 

Figure  5  shows  the  TG  curve  of  the 
dried  precipitates  aged  for  (a)  0  h  and  (b) 
48  h  (b).  The  weight  loss  of  InOOH 
structured  precipitate  containing  small 
amount  of -(OH)  ligand  was  12%  and  that  In(OH)3  structured  precipitate  was  18%.  Further 
weight  loss  was  not  observed  above  450‘'C. 

TEM  photographs  of  ITO  powders  produced  by  a  calcination  of  precipitates  aged  for  various 
times  are  presented  in  Figure  6.  The  ITO  powders  in  Figure  6  (a)  produced  from  InOOH 
structure  showed  spherical  morphology  with  ~15nm  in  diameter,  while  the  ITO  powders  in 
Figure  6  (d)  showed  mostly  rectangular  morphology  with  a  particle  size  of -“(80  60)  nm  .  This 
result  signifies  that  the  morphology  of  the  precipitate  was  still  maintained  after  calcination. 


100  150  200  250  300  350  400  450  500  550  600 
Temperature  ("C) 

Fig.  5.  TG  curves  for  the  dried  precipitates  with 
aging  time  of  (a)  0  and  (b)  48h. 
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Figure  7  shows  the  XRD  patterns  of  the  ITO  powders  calcined  with  precipitates  aged  for 

various  times.  The  XRD  result  indicates  that 
cubic  and  rhombohedral  ITO  coexist  in  all  of 
the  powders.  However  the  volume  fraction  of 
each  phase  was  changed  as  the  aging  time  of  the 
precipitates  varied.  Consequently,  the  longer 
aging  time  produced  the  more  cubic  phase,  and 
InOOH  and  In(OH):?  structured  precipitates 
finally  produce  rhombohedral  and  cubic  ITO 
powders,  respectively.  We  also  confirmed  that 
the  rhombohedral  phase  disappears  and  only 
cubic  single  phase  exists  above  SOOT. 

The  volume  fraction  of  cubic  and 
rhombohedral  phase  of  ITO  powders  was 
calculated  from  the  integrated  intensities  of  its 
Fig.  7.  XRD  patterns  of  the  nanocrystalline  main  diffraction  peak  and  the  results  are  shown 

ITO  powders  calcined  at  600T  with  in  Figure  8.  The  volume  fraction  of 

precipitates  with  aging  time  of  (a)  0,  (b)  12,  rhombohedral  phase  of  the  nanociystalline  ITO 
(c)  24,  and  (d)  48  h.  powders  decreased  greatly  from  75%  to  6%  as 

the  aging  time  increased. 

The  particle  sizes  of  powders  calculated  from  X-ray  peak  broadening  are  summarized  and 
presented  in  Figure  9.  The  particle  size  of  cubic  ITO  powder  increased  greatly  from  20  to  95nm 
with  aging  time  but  the  size  of  rhombohedral  powder  was  invariant.  Over  12  h  of  aging  time,  we 
could  not  measure  the  particle  size  of  rhombohedral  ITO  powder  due  to  its  weak  diffraction  of 
XRD. 

There  is  a  pressure  difference  given  by  between  large  and  small  particle  due  to  its  particle 
size,  which  is  AP  =2  y  /r,  where  AP  is  pressure  difference,  y  is  surface  energy  and  r  is  the  radius 
of  particle.  In  the  case  of  15  nm  particle  size,  for  example,  AP  is  approximately  1300  atm 
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Fig.8.  Variation  of  fraction  of  rhombohedral  Fig.9.Cubic  and  rhombohedral  particle  sizes  in 

phase  in  the  nanocrystalline  ITO  powders  as  the  ITO  powders  as  a  fimction  of  aging  time, 
a  function  of  aging  time. 
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(y=~1000  erg  in  conventional  ceramic).  Concerning  the  crystallographic  structure  of  ITO, 
rhombohedral  structure  is  more  stable  at  high  pressure  than  cubic  structure[  15-16].  The  particle 
size  dependence  on  crystallographic  structure  is  well  known  in  BaTi03  ceramics  that  the 
tetragonal  ity  of  BaTi03  powder  starts  to  decrease  near  0.3  pm  and  more  cubic  structure 
developed  as  the  particle  size  decreased[17].  From  this  respect  of  view,  small  particle  with  high 
bkP  may  form  its  structure  stable  at  high  pressure.  Also,  the  crystallographic  similarity  between 
precipitate  and  calcined  powder  seem  to  have  close  correlation.  However,  further  detail  studies 
are  required  to  clarify  the  results. 

SUMMARY 

Nanocrystalline  ITO  powders  were  prepared  by  the  coprecipitation  method.  After 
precipitation  aging  was  followed  up  to  48  h,  and  it  greatly  influenced  on  the  morphology  and 
size  of  the  precipitates.  It  was  found  that  the  aging  process  brought  phase  transformation  of  the 
precipitate  from  InOOH  to  ln(OH)3  structure.  After  calcinations  at  600"C  for  1  h,  InOOH  and 
in(OH)3  structured  precipitates  produced  rhombohedral  and  cubic  structured  ITO  powders, 
respectively.  Therefore,  the  crystallographic  structure  of  ITO  powder  and  its  volume  fraction 
could  be  controlled  by  aging  time.  The  structural  change  of  the  precipitates  was  explained  by  the 
reorganization  of  the  structure  during  aging  process.  The  stability  and  similarity  of  structure 
between  precipitates  and  final  product  of  ITO  powders  seem  to  have  close  correlations,  however, 
further  studies  are  needed  for  more  evidence. 
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ABSTRACT 

Mono-dispersed  TiOj  ultrafine  particles  with  diameters  40-400nm  were  obtained  from 
aqueous  TiOCl2  solution  with  0.67M  concentration  prepared  diluting  TiCl4  by  homogeneous 
precipitation  process  in  the  ranges  of  1 7-230 °C.  With  the  spontaneous  hydrolysis  of  TiOClj, 
which  means  the  natural  decrease  of  pH  value  in  the  aqueous  solution,  all  mono-dispersed 
precipitates  were  crystallized  with  the  anatase  or  rutile  Ti02  ^hase.  Ti02  precipitate  with  the  pure 
rutile  phase  was  frilly  formed  at  the  temperatures  below  65  C ,  not  involving  the  evaporation  of 
HjO,  and  above  155  C,  which  were  available  by  suppressing  it.  Ti02  precipitate  with  rutile  phase 
including  a  small  amount  of  the  anatase  phase  started  to  be  formed  in  the  intermediate 
temperatures  above  70  °C  showing  the  full  formation  of  the  anatase  above  9510  under  the  free 
evaporation  of  HjO.  However,  in  the  case  of  completely  suppressing  H2O  evaporation  at  the 
temperatures  above  70  “C,  TiOj  precipitate  with  anatase  phase  was  folly  transformed  into  the 
precipitate  with  the  rutile  phase  %  the  vapor  pressure  of  HjO.  Therefore,  the  formation  of  Ti02 
precipitates  with  the  rutile  phase  around  room  temperature  would  be  caused  due  to  the  existence 
of  the  capillary  pressure  between  the  agglomerated  needle-shaped  particles  or  the  ultrafine 
clusters,  together  with  the  slow  reaction  rate. 

INTRODUCTION 

Ti02  with  rutile  phase  has  been  widely  used  as  a  white  pigment  material  due  to  an  excellent 
light  scattering  effect  as  well  as  a  coating  material  for  optical  or  electronic  devices  due  to  its  high 
dielectric  constant,  high  refractive  index  and  chemical  stability  even  in  strongly  acidic  or  basic 
environments[l-4].  TiO^  with  rutile  phase  for  applications  in  optical  or  electronic  devices  has 
been  generally  adopted  in  the  form  of  a  thin  film  using  various  fabrication  methods  such  as  RF- 
sputtering,  E-beam  evaporation,  chemical  vapor  deposition,  sol-gel  and  so  on.  However,  these 
methods  resulted  in  a  thin  film  of  Ti02  with  the  substoichiometry  or  amorphous  phase.  Thus,  it  is 
necessary  to  dope  other  elements  during  the  deposition  of  the  film  for  the  stability  of  the  anatase 
phase  or  to  anneal  it  for  the  conversion  of  anatase  to  rutile  phase  at  temperatures  above  400  *C 
for  a  long  times.  On  the  other  hand,  the  screen  printing  or  casting  method  with  the  nano-sized 
rutile  Ti02  powders  has  recently  received  the  attention  to  the  direct  application  for  the  dielectric 
layer  of  an  AC  powder  electroluminescent  device  in  place  of  the  heat-treatment  of  the  thin  film 
prepared  using  various  vacuum  techniques[5]. 

Up  to  now,  the  various  processes  such  as  the  sulfate,  the  chloride,  the  hydrothermal,  and  the 
sol-gel  processes  for  the  fabrication  of  TiOj  powder  with  the  rutile  phase  have  been  developed[6- 
10].  To  prepared  the  rutile  TiOj  ultrafine  powder  using  one  of  above  processes,  however,  many 
disadvantages,  such  as  high  costs  for  high  temperatures  of  synthesis  and  heat  treatment, 
difficulties  in  continuous  processing,  low  efficiencies  in  production,  and  contamination  of 
impurities  during  the  crushing  or  pulverizing  should  be  overcome.  Park  et  al.  have  recently 
developed  a  very  economical  process  for  ultrafine  Ti02  homogeneous  powder  with  the  rutile 
phase  by  just  heating  an  aqueous  TiOCl2  solution  from  TiCl4,  which  enlmnces  the  spontaneous 
precipitation  of  Ti02  [ll,  12].  Therefore,  there  is  an  ample  interest  in  closely  examining  the 
homogeneous  precipitation  mechanism  of  crystalline  Ti02  ultrafine  powder  in  aqueous  TiOCl2 
solution.  The  object  of  this  paper,  for  the  extension  of  the  development  for  a  new  synthesis 
method  of  the  ultrafine  TiOj  powder,  is  to  investigate  in  detail  the  reaction  of  TiOClj  with  H2O 
for  the  homogeneous  precipitation.  Thus,  the  shapes  and  changes  in  the  crystalline  state  of  the 
Ti02  precipitates  under  various  precipitation  conditions  were  observed  to  fed  the  precipitation 
mechanism  of  ultrafine  Ti02  powder  from  aqueous  TiOCl2  solution. 
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EXPERIMENT 


Transparent  titanium  tetrachloride  (TiCl4,  3N,  Aldrich.  Co.)  was  used  as  a  starting  material 
to  fabricate  the  ultrafine  Ti02  powder  using  the  homogeneous  precipitation  method.  First,  in 
order  to  prepare  aqueous  TiOClj  solution  with  a  high  viscosity  to  use  as  a  stock  solution,  TiCk, 
which  had  been  cooled  below  O^C,  was  put  into  a  constant  temperature(0°C)  reaction  container, 
and  then  distilled  water  ice  pieces  were  slowly  added  to  the  container  for  a  hydrolysis  reaetion. 
During  the  reaction,  yellow  cakes,  such  as  an  unstable  TiO(OH)2  intermediate  product,  were 
formed  at  first  together  with  the  slow  melting  of  ice  pieces,  and  then  dissolved  with  the 
continuously  added  ice  pieces  to  form  a  yellow  aqueous  TiOCl2  solution  with  a  ion 
concentration  of  4.7M.  Finally,  distilled  water  was  added  to  this  stock  solution  to  obtain  a 
transparent  aqueous  TiOCl2  solution  with  a  concentration  of  0.67M  for  the  homogeneous 
precipitation.  For  the  precipitation  of  TiOj  from  aqueous  TiOCl2  solution,  a  cylindrical  reservoir 
(inner  diameter  80mmx  length  lOOmmx  thickness  6mm)  obtained  by  machining  the  Teflon  rod 
was  utilized  to  completely  seal  itself  using  a  cover  with  a  Vitron  O-ring  in  the  water  bath  or  oven 
during  the  reaction  at  1 7-230  °C.  Also,  for  the  safety  of  experiments,  the  mini  autoclave  of  the  SS 
316  with  Teflon  lining  was  used  because  the  precipitation  reactions  above  IbO'C  were 
performed  under  the  pressures  above  5bar  of  water  vapor. 

After  completing  the  precipitation  and  keeping  it  untouched  for  24hrs,  the  precipitates  were 
filtered  using  distilled  water  or  ethyl  alcohol  and  a  PTFE  membrane  filter(Micro-Filtration, 
System  Co.)  with  a  porosity  of  0.1  //m  to  completely  remove  C1‘  ions  from  the  precipitates.  The 
filtered  precipitates  were  dried  at  150°C  for  12hrs  to  obtain  the  final  powder.  All  of  the  chemical 
agents  used  in  this  study  have  analytical  reagent  grades.  The  pFI  values  of  aqueous  TiOCl2 
solution  during  the  precipitation  were  measured  using  a  355-ion  analyzer  (Mettler  Toledo  Co.). 
The  crystallinities  of  the  dried  precipitates  were  analyzed  using  XRD  (Rigaku  D/Max-1  He  : 
3kW/40kV,  45mA)  with  CuK„  radiation  and  TEM  diffraction  and  the  shape  of  the  precipitates 
was  examined  by  SEM  (JEOL  ABT  DX-BOS  :  3kV).  Also,  the  specific  surface  area  of  the 
precipitates  was  measured  by  the  BET  method  after  drying  at  200  “C  for  24hrs.  The  efficiencies 
of  the  precipitates  in  production  were  calculated  by  weighing  the  precipitates  after  the  heat- 
treatment  at  lOOGC  for  60min  or  by  analyzing  the  concentration  of  Tf  ion  remaining  in  the 
aqueous  TiOClj  solution  using  ICP-AES  after  the  filtration. 

RESULTS 

First  of  all,  to  compare  the  precipitation  behavior  in 
aqueous  TiOCl2  solutions  with  various  concentrations  of  Tf  ^ 
the  precipitates  were  prepared  using  the  simple  heating 
method  in  the  closed  reaction  reservoir  made  of  Teflon.  Fig. 

1  shows  SEM  photographs  for  the  powders  obtained  from 
the  precipitation  in  aqueous  TiOCl2  solutions  with  4.7M  and 
0.67M  Tf^  concentrations  by  simple  heating  method  at 
i40°C  for  60min.  All  the  precipitates  were  the  rutile  phase 
of  Ti02.  Largely  elongated  particles  with  sizes  ranging  from 
60  to  100  //m  due  to  the  severe  agglomerations  of  the  small 
precipitates  are  formed  in  the  case  of  a  higher  concentration 
of  Tf  However,  in  the  case  of  a  lower  concentration  of  Tf^ 
by  the  large  addition  of  H2O  to  aqueous  TiOCl2  solution 
with  a  Tf^  concentration  of  4.7M,  the  obtained  precipitates 
are  very  fine  and  mono-dispersed  with  sizes  of  0.2-0.4  /im 
(specific  surface  area  of  about  179mVg).  On  the  other  hand, 
no  precipitates  were  observed  when  the  original  TiCl4 
solution  was  heated  without  the  addition  of  H2O  under  the 
same  conditions.  Therefore,  these  indicate  that  the  addition  of 
H2O  alone  to  make  TiOCl2  dilute  for  the  reaction  can  control 
the  shapes  and  amounts  of  the  precipitates  even  if  none  of  the 
special  additives  containing  important  elements  such  as  O^'  or 
OH*  are  furnished  to  form  the  crystalline  precipitates  of  Ti02. 


Fig.  1  SEM  photographs  for  the 
crystalline  TIOz  powders  prepared 
from  (A)  4.7M  and  (B)  0.67M  Ti"" 
aqueous  solution  at  140  D  for  60  min 


34 


Fig.  2  shows  the  productive  efficiencies  for  the  powders  that  were  precipitated  for  4hrs  with 
the  extra  additions  of  various  amounts  of  ethyl  alcohol  to  the  TiOCl2  solution  including  the  same 
amoimt  of  HjO  during  the  same  reaction  time.  After  the  precipitation,  the  precipitates  were 
filtered  using  the  paper  with  a  porosity  of  0. 1  im,  and  then  were  dried  at  1 50  °C  for  12hrs  in  open 
air.  As  the  amount  of  the  added  ethyl  alcohol  increases  the  productive  efficiency  of  the 
precipitated  powders  decreases  dramatically.  It  was,  however,  confirmed  that,  at  the  reaction 
times  more  than  24hrs,  the  concentration  of  remaining  in  the  aqueous  TiOCl2  solution  after 
filtration  was  almost  the  same,  as  low  as  10wt%,  regardless  of  the  amount  of  added  ethyl  alcohol 

according  to  the  result  of  ICP-AES  analysis. 

It  was  also  confirmed  that  because  the 
precipitates  formed  together  with  the  addition  of  ethyl 
alcohol  were  very  ultrafine  or  not  formed,  compared 
to  the  case  of  no  addition  of  ethyl  alcohol,  they  were 
mostly  passed  through  the  filtering  paper  in  the  case 
of  the  short  time  reaction  condition.  On  the  other 
hand,  it  was  found  fi-om  many  preliminary 
experiments  that  the  ethyl  alcohol  did  not  take  part  in 
the  reaction  and  did  not  provide  OH'  ions  for  the 
hydrolysis  of  TiOCl2.  Thus,  it  can  be  assumed  that  the 
Additional  Amount  of  Ethanol  (vol.%)  number  for  the  nucleation  of  TiOj  in  the  solution 

is  the  same  as  the  amount  of  H2O  supplied,  regardless 
Fig.  2  The  productive  efficiency  for  the  of  the  various  amounts  of  ethyl  alcohol.  Therefore,  it 
crystalline  Ti02  powders  prepared  from  can  be  said  that  the  decrease  of  the  efficiency  in 
0.67M  Ti  ^  aqueous  solution  with  the  production  would  be  due  to  the  slow  growth  rate  of 
various  additional  amounts  of  ethanol  the  precipitates  by  the  screening  effect  of  ethyl 

alcohol  based  on  the  real  decrease  in  the  volume 
fi'action  of  the  amount  of  H2O  surrounding  the  TiOCl2  molecules.  Conclusively,  it  is  suggested 
that  the  precipitation  of  Ti02  ultrafine  particle  in  aqueous  TiOCl2  solution  occurs  easily  and 
rapidly  when  the  sufficient  amounts  of  H2O  are  supplied. 

The  precipitation  of  Ti02  was  carried  out  in  aqueous  TiOCl2  solution  with  0.67M  Ti^^ 
concentration  under  the  reaction  conditions  with  the  same  efficiency  in  production  and  then  the 
shape  of  the  precipitate  was  observed,  as  shovra  in  the  SEM  photographs  of  Fig.  3.  It  was 
confirmed  that  longer  times  were  necessary  to  obtain  the  same  productive  efficiency  at  lower 
temperatures  due  to  thermal  diffiision  in  the  solution. 


. 


20  30  40  50  60  70  80 

2  *  theta  (degree) 

Fig.  4  XRD  patterns  for  the  Ti02 
powders  shown  in  Fig.  3 


Fig.  3  SEM  photographs  for  the  crystalline  TiOj  powders 

precipitated  from  0.67M  Xr  aqueous  solution  under  the  S) 

reaction  conditions  of  (A)  17 1:  for  7  days,  (B)  60  TC  for4hrs,  for2hrsand 

(C)  loot  for  2hrs  and  (D^lSOt  for  Ihr  g)50t  forlhr 

(R  :  rutile,  A  :  anatase) 
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The  mono-dispersed  precipitates  are  formed  having  increasing  spherical  sizes  in  the  range 
of  40nm~400nm  with  the  reaction  temperatures.  As  shown  in  Fig.  4,  with  respect  to  the  Xip 
results,  the  precipitates  consist  of  the  completely  rutile  phase  of  Ti02  at  1 7  C ,  60  C  and  1 50  C , 
and  consist  of  the  rutile  phase  including  a  small  amount  of  the  anatase  phase  of  TiOj  at  100  C 
alone.  On  the  other  hand,  it  was  observed  that  the  crystalline  structure  of  the  dried  precipitates 
was  not  changed  with  the  annealing  temperatures  below  400  °C,  regardless  of  long  annealing  time 
in  air.  Generally  the  anatase  phase  of  TiOj,  formed  thermodynamically  at  low  temperature,  is 
obtained  around  400  °C  by  the  transformation  from  the  amorphous  phase  formed  at  lower 
temperatures.  Therefore,  it  can  be  known  that  all  our  precipitates  were  crystallized  with  the 
stable  structures  at  temperatures  lower  than  1 50  °C ,  even  at  room  temperature. 

In  the  dilute  TiOClj  solution  obtained  from  TiCl4,  crystalline  TiOj  particles  were  directly 
precipitated  and  at  that  time  their  structure  was  also  purely  rutile  at  the  lower  as  well  as  the 
higher  reaction  temperatures,  except  for  the  intermediate  temperatures  at  round  100°C.  Various 
experiments  were  made  to  investigate  these  reasons.  At  first,  to  confirm  how  the  direct 
precipitation  of  Ti02  from  aqueous  TiOCl2  solution  occurred,  pH  value  changes  of  aqueous 
TiOClj  solution  with  the  reaction  time  were  measured  below  80  °C,  as  shown  in  Fig.  5. 


Fig.  5  The  pH  value  changes  of  0.67M  Ti"**  aqueous  solution  with  the  reaction  time 
at  various  temperatures,  where  Fig.  5(B)  is  an  enlarged  part  of  Fig.  5(A) 

Here,  the  pH  value  was  not  measured  above  80 "C  due  to  boiling  of  the  solution.  At  the 
same  concentration  of  TT^  as  the  reaction  temperature  increases,  despite  the  pH  value  beconiing 
relatively  higher  by  the  temperature  effect,  the  pH  values  are  almost  constant  or  show  a  little 
decrease  at  the  early  stage  and  then  greatly  decrease  after  some  time.  This  abrupt  decrease  in  the 
pH  value  with  the  time  agreed  with  the  starting  of  the  large  precipitation  in  the  aqueous  TiOClj 
solution.  This  also  occurs  at  a  faster  time  with  a  greater  increase  in  the  reaction  temperature.  In 
other  words,  a  higher  reaction  temperature  enhances  the  large  precipitation  in  shorter  time.  Thus, 
it  can  be  known  that  the  precipitation  of  TiOj  with  the  reaction  time  resulted  in  the  decrease  of 
OH*  ion  concentration  or  the  increase  of  H^  ion  concentration  in  aqueous  TiOCl2  solution  from 
the  measurement  of  the  decrease  in  the  pH  value.  Therefore,  irrespective  of  the  reaction 
temperatures,  the  entire  precipitation  reaction  occurred  accompanied  by  the  hydrolysis  of  TiOClj 
like  the  reaction  Eq.  (1)  via  the  formation  of  intermediate  hydroxide. 

TiOCl2  +  2H2O  O  TiO(OH)2  +  2HC1  ( 1 ) 

Also,  as  shown  in  Fig.  5(B)  as  an  enlarged  part  of  Fig.  5(A),  it  is  observed  that  a  repeatedly 
small  increase  and  decrease  in  the  pH  value  of  a  shape  such  as  saw  tooth  is  displayed 
continuously  during  the  decrease  in  the  pH  value  over  the  entire  reaction  time.  Because  this  was 
repeatedly  measured  in  all  the  conditions,  the  local  variations  in  the  pH  value  of  the  solution  like 
this  phenomenon  may  indicate  the  release  of  HjO  from  TiO(OH)2  during  the  crystallization  or 
precipitation,  as  shown  in  the  reaction  Eq.  (2). 
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TiO(OH)2  +  2HC1  O  Ti02  XH2O  +  2HC1  (2) 


Therefore,  it  can  be  suggested  that  the  synthesis  of  crystalline  Ti02  by  the  reaction  of  HjO 
with  TiOCl2  is  occurred  by  the  precipitation  with  the  hydrolysis,  together  with  the  crystallization. 

In  Fig.  3,  all  the  Ti02  precipitates  from  the  reaction 
of  H2O  with  TiOCl2  were  crystalline,  not  amorphous. 
They  were  pure  rutile  phase  at  all  the  reaction 
temperature  except  for  the  mixture  of  rutile  and  anatase 
phases  at  lOO’C  alone.  During  the  precipitation  reaction, 
to  investigate  how  the  crystalline  status  of  Ti02  was 
determined,  all  the  TiOj  powders  formed  at  the  range  of 


Fig.  6  The  volume  fraction  of  rutile 
TiO:  phase  formed  with  the  various 
reaction  times 

(closed  data  :  #  300min  under  free 
evaporation  of  HjO,  open  data  : 
300min  at  the  tnnperatuies  below  6510 
and  A  20min,O  30min,  V  40min, 
<C>  60  min  and  □  120min  at  the 
temperatures  above  7010  under  no 
evaporation  of  HjO) 


1 7-230 ‘C  were  characterized  using  XRD  and  SEM. 
Because  the  formed  precipitates  always  consisted  of 
rutile  and/or  anatase  phases  of  Ti02  in  this  experiment, 
the  volume  fraction  of  the  rutile  phase  of  Ti02  prepared 
under  various  conditions  was  calculated  using  K.  N.  P. 
Kumar’s  equation[13]  after  the  measurement  of  XRD, 
and  the  results  are  shown  in  Fig.  6.  Here,  the  rutile  phase 
of  Ti02  alone  is  always  formed  regardless  of  the  various 
reaction  times  in  the  temperatures  of  70-1501C,  the 
anatase  phase  of  Ti02  is  mainly  formed  under  the  free 
evaporation  completely,  the  rutile  phase  of  Ti02 
including  a  small  amount  of  the  anatase  phase,  is  formed. 
In  this  range,  the  amount  of  the  anatase  phase  increases 
with  the  increase  in  the  reaction  temperature  for 
increasingly  shorter  reaction  times  and  the  amount  of  the 
rutile  phase  increases  for  increasingly  longer  reaction 
times.  As  reported  previously[ll,  12],  the  increase  in  the 
amount  of  the  anatase  phase  above  70  °C  may  have  occurred  by  the  easy  formation  of  the  anatase 
phase  due  to  the  rapid  rate  of  the  precipitation  reaction.  However,  it  is  not  explained  by  the 
reaction  rate  that,  at  the  same  temperature,  the  anatase  phase  of  Ti02  was  transformed  into  the 
rutile  phase  with  an  increasing  reaction  time.  Fig.  7  shows  the  SEM  photographs  for  the  powders 
prepared  with  the  reaction  time.  As  the  reaction  time  increases  the  size  of  the  mono-dispersed 

particles  increases  somewhat,  not 
showing  changes  of  the  shape. 
Here,  because  the  precipitates  at 
850  °C  for  120  min  consisted  of  a 
rutile  phase  including  an  anatase 
phase  and  those  at  115lC  for  60 
min  consisted  of  a  pure  rutile 
phase,  for  the  precipitation 
reaction  appropriately. 

On  the  other  hand,  the 
formation  of  the  rutile  phase  of 
about  65-volume  fraction  was 
observed  in  the  reaction  at  1 1 5  "C 
for  40  min  under  the  condition  to 
prevent  the  evaporation  of  H2O 
completely.  However,  the 
formation  of  the  rutile  phase  of 
100- volume  fraction  is  observed 
imder  the  same  conditions  by  the 
extra  addition  of  ethyl  alcohol  to 
the  reaction  reservoir,  as  shown  in 
the  XRD  results  of  Fig.  8. 
However,  when  the  ethyl  alcohol 
was  added  to  the  reaction  solution. 


Fig.  7  SEM  photographs  for  the  crystalline  Ti02  powders 
precipitated  from  0.67M  Ti^^  solution  under  the  reaction 
conditions  of  (A)  85t)  for  120min,  (B)  list:  for  20min, 

(C)  list:  for  60min  and  (D)  list:  for  ISOmin,  respectively 
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the  anatase  phase  still  existed  in  times  shorter  than  40  min.  It  was  also  confirmed  that  the  anatase 
phase  was  almost  transformed  into  the  rutile  phase  if  the  precipitates  were  filtered  after  applying 
a  pressure  of  more  than  4  bar  for  24hrs.  These  mean  that  the  crystalline  structure  of  the  TiOj 
precipitate  during  the  reaction  could  be  affected  by  applying  a  large  internal  pressure  by  the 
vapor  pressures  of  H2O  and  ethyl  alcohol  in  the  reservoir.  Therefore,  it  is  possible  to  make  out 
that  the  rutile  phase  of  Ti02  precipitation  above  70  “C  was  transformed  from  the  anatase  phase, 
which  had  been  formed  first,  because  the  internal  pressure  in  the  reaction  reservoir  applied  or 

— p -  increased  at  higher  temperatures.  In  other  words,  it  can  be 

I  thought  that  the  higher  internal  pressure  by  the  vapor 

1  R  with  ethanol  pressurc  of  HjO  at  the  higher  reaction  temperature  cause 

II  I  R  the  already  formed  anatase  phase  to  transform  into  the 

^  jl  1  R  rutile  phase. 

^  IMF  V,  1  IL  However,  as  shown  in  Fig.  6,  all  the  Ti02  precipitates 

^  ^  J  iPnff  ^  consisted  of  the  rutile  phase  alone,^  regardless  of  the  various 

g  Ilk  A  without  ethanol  ”  reaction  temperatures  below  65  °C,  and  the  precipitates 

iJr  I  1^  1  obtained  in  short  time  were  also  the  rutile  phase  showing  a 

”  llP  IIl  liUil  i  ^  Aj  weak  crystalline  state,  not  the  anatase,  or  amorphous  phase, 

wl  Therefore,  it  is  not  understood  the  fact  that,  although  below 

_ .  ^  ^  ^  65 *C  the  reaction  rate  was  not  only  very  low  but  the 

20  30  40  50  60  internal  pressure  by  the 

2  *  theta  (degree)  reaction  reservoir  were  (A) 


Fig.  8  XRD  patterns  for  the  also  not  almost  applied,  , 

crystalline  TiCb  powders  prepared  the  pure  rutile  phase 
from  0.671VI  Xi  agueous  solution  vvas  more  easily 
with  and  without  the  addition  of  formed  compared  to 
ethanoi  under  the  ruction  conditions  at  the 

condihonsofllSt:  IbrdOunu 

temperature.  In  accordance  with  H.  Zhang  and  J.F. 

Banfield’s  simulated  results[14],  they  showed  that  the 
anatase  phase  of  Ti02  is  more  stable  thermodynamically 
with  the  decrease  in  size  of  a  Ti02  particle.  They  also 
insisted  that  to  form  the  rutile  phase  of  TiOj,  the  size  of  the 
particle  should  be  more  than  about  8nm  not  considering  the  ,  *.  r 

surface  stress,  whereas  more  than  about  14nm  considering  , 
the  surface  stress.  However  with  respect  to  our  XRD  and 
TEM  measurements,  the  size  of  the  primary  particles  for  the 
rutile  phase  of  Ti02  was  in  the  range  of  3-lOnm  by  the 
homogeneous  spontaneous  precipitation  method.  * 

Thus,  their  results  are  not  applied  to  our  conditions 
because  our  value  were  smaller  than  those  of  the  anatase 
phase  for  the  primary  particle.  Fig.  9  shows  the  SEM  and  » 

TEM  photographs  for  the  particles(~l  fm  and  -0.3  jum)  of  K,  . 

the  rutile  phase  precipitated  at  50  °C  using  ultrasonic  stirring  ® 
and  magnetic  stirring  method,  respectively.  It  is  observed 
that  a  particle  consists  of  many  fine  particles,  not  a  primary 

particle(Fig.  9A),  on  the  surface  of  the  particle,  and  the  ^  mmi 

particle  also  consist  of  many  fine  acicular  or  needle-shaped  ^  , 

particles,  as  shown  at  the  edge  of  the  particle  (Fig.  9B).  fo"® 

Thus  t  can  be  cmied  put  together  with  the  agglomeration  of  ^  , P  „  , 

fine  clusters  or  fine  acicular  shaped  particles.  Also,  the  rutile  ^i, hv  iiltr9.«nnirlllv 
phase  of  Ti02  is  of  higher  symmetry  crystallographically  Sng  ’at  SOD  an^ 
than  the  anatase  phase.  It  may  be  thought  from  these  results,  normally  stirring  at  SOT 
therefore,  that  at  lower  reaction  temperatures  the  capillary 

pressure(negative  pressure)  formed  between  the  clusters  or  the  fine  particles  would  easily 
enhance  the  formation  of  the  rutile  phase  of  higher  symmetry  than  the  anatase  phase. 


Fig.  9  SEM  and  TEM  photographs 
for  the  representative  rutile  TiOj 
powder  from  0.67M  aqueous 
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CONCLUSIONS 


The  mono-dispersed  Ti02  ultrafine  particles  with  diameters  of  40-400nm  were  obtained 
from  aqueous  TiOClj  solution  with  0.67M  Ti"^  concentration  prepared  diluting  TiCl4  by  the 
homogeneous  spontaneous  precipitation  process.  The  process  was  carried  out  under  conditions  to 
prevent  H2O  evaporation  completely  in  the  range  of  100-230  C  and  to  make  it  freely  or  to 
prevent  it  thoroughly  in  the  range  of  17- 100 IC .  The  results  are  as  follows: 

The  precipitation  of  the  Ti02  ultrafine  particle  by  the  reaction  of  TiOCl2  with  H2O  occurred 
easily  and  rapidly  when  sufficient  amounts  of  H2O  were  supplied.  With  the  spontaneous 
hydrolysis  of  TiOCi2,  which  means  the  natural  decrease  in  the  pH  value  of  the  aqueous  TiOCl2 
solution,  all  the  mono-dispersed  precipitates  were  crystallized  with  the  anatase  or  rutile  TiOj 
phase  during  the  reaction  regardless  of  various  conditions.  The  TiOj  precipitate  with  a  pure  rutile 
phase  was  frilly  formed  at  temperatures  below  65  °C ,  which  did  not  involved  the  evaporations  of 
H2O,  and  above  155°C,  which  were  available  by  suppressing  it.  The  TiOj  precipitate  with  the 
rutile  phase  including  small  amounts  of  the  anatase  phase,  started  to  be  formed  in  the 
intermediate  temperatures  above  70  °C,  and  showed  the  foil  formation  of  anatase  above  95  °C 
under  the  free  evaporation  of  H2O.  However,  in  the  case  of  completely  suppressing  H2O 
evaporation  at  temperatures  above  70  “C,  the  Ti02  precipitate  with  the  anatase  phase  that  had 
already  been  formed  by  rapid  reaction  was  folly  transformed  with  the  reaction  time  into  the 
precipitate  with  the  rutile  phase  by  the  vapor  pressure  of  H2O.  Therefore,  it  can  be  thought  that 
these  crystallization  behaviors  of  Ti02  precipitates  such  as  the  formation  of  the  rutile  phase 
around  room  temperature  would  be  caused  due  to  the  existence  of  capillary  pressure  between  the 
agglomerated  needle-shaped  particles  or  the  ultrafine  clusters,  together  with  the  slow  reaction 
rate. 
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ABSTRACT 

In  superparamagnetic  materials,  the  change  of  the  direction  of  the  magnetization  is  not  as¬ 
sociated  with  the  movement  of  Bloch  walls,  but  with  thermal  fluctuation  of  the  magnetization 
vector.  Therefore,  the  resonance  frequency  of  the  Bloch  walls  is  no  longer  limiting  the  maxi¬ 
mum  frequency  for  applications.  The  limit  found  in  superparamagnetic  materials  is  given  by 
the  frequency  of  electron  spin  resonance.  This  behavior  was  verified  for  spinelle  type  ferrites 
made  of  ceramic  or  polymer  coated  oxide  nanoparticles  produced  by  the  microwave  plasma 
process.  By  selecting  the  composition  of  the  spinelle  type  ferrites  the  energy  of  magnetic  ani¬ 
sotropy  controlling  the  susceptibility  and  the  maximum  frequency  for  applications  can  be  ad¬ 
justed.  Superparamagnetic  materials  have  their  frequency  limit  beyond  2  GHz.  Coating  of  the 
particles  reduces  dipole  -  dipole  interaction  destroying  superparamagnetism.  Even  when  the 
susceptibility  is  in  the  order  of  magnitude  of  today’s  commercial  ferrites,  the  saturation  mag¬ 
netization  is  found  to  be  smaller  than  the  theoretically  expected  value.  This  phenomenon  is 
partly  clarified  by  soft  X-ray  magnetic  circular  dichroism  (SXMCD)  measurements,  showing  a 
significant  orbital  magnetic  moment  antiparallel  to  the  direction  of  the  spin  moment.  Addition¬ 
ally,  it  was  found  that  the  amount  of  Fe^^  ions  is  possibly  larger  than  expected  by  thermody¬ 
namic  data  of  bulk  materials. 

INTRODUCTION 

Maghemite  (7-Fe203)  with  grain  sizes  in  the  range  of  micrometers  is  ferrimagnetic.  Pro¬ 
vided  that  the  particle  size  is  sufficiently  small,  nanocrystalline  iron  oxides  are  known  to  be 
superparamagnetic.  A  thermally  fluctuating  vector  of  magnetization  characterizes  super¬ 
paramagnetic  materials.  Provided  the  particles  fulfil  the  condition 

Kv<kT  (1) 

{K  ...  constant  of  magnetic  anisotropy,  v  ...  volume  of  the  particle,  Kv  ...  energy  of  mag¬ 
netic  anisotropy,  kT ...  thermal  energy)  the  material  is  superparamagnetic  [1,2].  This  leads  to 
zero  coercivity.  This  condition  may  be  fulfilled  in  two  different  ways  [3,  4]:  Either  the  particles 
are  embedded  in  a  liquid  and  free  to  rotate  or  the  particles  are  bond  together  in  a  solid.  In  the 
first  case.  Brownian  superparamagnetism  with  relatively  large  relaxation  times  is  observed. 
The  second  case  leads  to  the  Ndel  superparamagnetism.  In  this  case  the  orientation  of  the  elec¬ 
tron  spins  is  fluctuating  relative  to  the  particle.  In  this  case  the  relaxation  time  may  be  signifi¬ 
cantly  less  than  one  nanosecond.  The  proof  for  this  type  of  superparamagnetism  is  the 
MoBbauer  effect.  The  Mossbauer  spectra  of  superparamagnetic  materials  show  a  pure  quad- 
rupole  splitting  above  and  a  magnetic  sextet  structure  below  the  blocking  temperature. 

The  transition  temperature  between  the  ferrimagnetic  and  the  superparamagnetic  state  as 
given  in  Eq.  I  is  called  the  "blocking  temperature".  Superparamagnetic  materials  exhibit  a 
magnetisation  curve  free  of  hysteresis  in  the  range  between  the  blocking  temperature  and  the 
Curie  temperature.  Below  the  blocking  temperature  a  non- zero  remanence  is  observed. 
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Supcrparamagnctic  nanocryslallinc  Icrriics  with  relaxation  limes  below  one  nanosecond 
have  a  high  potential  for  applications  in  high  frequency  systems  such  as  cellular  phones.  As  the 
change  of  the  direction  of  magnetization  is  not  associated  with  movements  of  Bloch  walls  ( 1  ], 
but  with  thermal  fluctuations  of  the  magnetization  vector  (3,41,  the  resonance  frequency  of  the 
Bloch  walls,  found  at  frequencies  below  2{)()  MHz,  is  no  longer  limiting  the  maximum  fre¬ 
quency  for  applied  purposes.  This  limit  found  in  supcrparamagnetic  materials  is  given  by  the 
frequency  of  electron  spin  rc,sonancc,  which  is  in  the  gigahertz  range  \5].  This  postulated  be¬ 
havior  was  found  in  spinelle  type  ferrites,  based  on  y-FciO?  (6,7]  embedded  in  nanocomposites. 

Manufacturing  of  macro,scopic  supcrparamagnctic  parts  faces  a  severe  problem.  Super- 
paramagnetism  as  described  above  is  a  property  of  a  single  isolated  particle.  Producing  a  tech¬ 
nical  component  by  pressing  and  sintering  a  supcrparamagnctic  powder  docs  not  lead  to  a  su¬ 
pcrparamagnctic  solid.  There  arc  obstacles:  sintering  a  supcrparamagnctic  powder  leads  to 
grain  growth,  thus  destroying  superparamagnetism.  Additionally,  two  supcrparamagnctic  parti¬ 
cles  touching  each  other  behave  like  a  single  large  one.  This  is  due  to  spin  -  spin  and  dipole  - 
dipole  interactions  between  the  particles.  This  can  be  avoided  by  keeping  the  particles  at  a  cer¬ 
tain  distance.  Theoretical  considerations  conclude  that  the  only  way  to  keep  the  particles  at  a 
distance  and  to  make  sure  that  there  is  no  pair  of  particles  touching  each  other,  is  to  coat  the 
particles  with  a  .second  phase.  This  coating  may  be  a  ceramic  or  polymer  material.  This  leads  to 
nanocomposites  of  the  ceramic  -  ceramic  or  ceramic  -  polymer  type.  For  most  applications  in 
communication  technology,  polymer  coated  nanoparticles  arc  sufficient.  Nanocomposites  -  as 
introduced  in  this  contribution  -  arc  composite  materials  with  at  least  one  phase  exhibiting  the 
specific  properties  of  a  nanomatcrial.  A  random  arrangement  of  these  magnetic  cores  in  the 
composite  is  assumed.  As  the  core  and  coating  materials  arc  homogeneously  distributed  on  a 
nanometer  scale,  the  magnetic  properties  of  a  densified  .solid  can  be  changed  continuously  by 
varying  the  thickness  of  the  coating. 

Gas  pha.se  synthesis  of  coated  nanoparticlcs  is  po.s.siblc  only  by  means  of  the  microwave 
plasma  process.  This  is  bccau.se  the  particles  leave  the  reaction  zone  with  high  electrical 
charges  of  the  .same  sign  thus  avoiding  agglomeration.  Other  gas  phase  procc.s.scs  like  the  inert 
gas  condensation  (8]  or  the  conventional  chemical  vapor  .synthesis  process  [91  arc  not  capable 
to  coat  nanoparticlcs  individually.  Compared  with  chemical  precipitation  procc.s.sc.s.  the  amount 
of  ferrite  in  the  polymer  matrix  obtained  by  the  microwave  plasma  procc.ss  is  significantly 
higher.  Therefore,  both  types  of  nanocomposites  used  to  obtain  superparamagnetism  have  been 
produced  by  the  microwave  plasma  process  [10,  11,  121. 

SYNTHESIS  AND  MORPHOLOGY  OF  THE  NANOCOMPOSITES 

A  microwave  plasma  enhances  the  kinetics  of  chemical  reactions  by  the  interaction  of 
charged  particles  .such  as  electrons,  ions  or  radicals  in  the  plasma  with  the  uncharged  species. 
Therefore,  chemical  reactions  that  arc  thwarted  kinctically  under  normal  conditions  can  be  per¬ 
formed  at  significantly  lower  temperatures.  Additionally,  the  a.s-synthcsi.scd  particles  leave  the 
reaction  zone  with  electrical  charges  of  the  same  sign.  Both  phenomena  arc  c.s.scntial,  bccau.se 
together  they  reduce  the  probability  for  the  formation  of  hard  agglomerates. 

This  low  temperature  level  has  its  origin  in  the  energy  distribution  within  a  microwave 
plasma.  This  energy  distribution  is  cau.scd  by  the  mechanism  of  energy  transfer  to  charged  par¬ 
ticles  in  an  o.scillating  electric  field,  which  is  proportional  to  the  electric  field  strength  and  in- 
ver.sely  proportional  to  the  ma.ss  of  the  charged  particle  and  the  frequency  squared  (131.  This 
rc.sults  in  an  energy  distribution  for  which  the  energy  of  the  ions  is  substantially  lower  than  the 
energy  of  the  electrons.  The  energy  of  uncharged  particles  is  even  lower.  The  total  energy 
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iranslcrrcd  is  limited  by  the  collision  of  electrons  with  neutral  particles.  The  gas  pressure  and 
temperature  determine  the  collision  frequency.  Therefore,  the  gas  pressure  is  a  handle  to  con¬ 
trol  the  temperature  in  the  system.  This  method  has  already  been  applied  for  synthesis  of  many 
oxides  and  nitrides.  Depending  on  the  process  conditions,  the  reaction  product  is  a  powder  with 
mean  particle  sizes  in  the  range  from  4  to  10  nm.  This  process  can  be  used  to  synthesise  pure  y- 
FezO?  or  other  ferrites  with  spinelle  structure. 

Coating  of  the  particles  is  performed  in  a  second  reaction  step.  For  ceramic  coaling,  the 
particles  formed  in  a  first  reaction  step  pass  through  a  second  microwave  plasma  zone,  where 
the  coating  occurs.  Polymer  coating  is  performed  downstream  the  plasma  zone  by  introducing 
a  monomer.  This  monomer  condenses  on  the  particle  surface  and  polymerises  under  the  influ¬ 
ence  of  the  UV  radiation  stemming  from  the  plasma.  Fig.  1  shows  a  typical  morphology  of 
polymer-coated  ferrite  particles. 


Fig.  1:  Electron  micrograph  of  a  PMMA 
coated  particle  of  y-Fe20.v 


MAGNETIC  PROPERTIES 

Two  types  of  magnetic  properties  were  determined.  Static  ones  with  relaxation  times  in 
the  range  of  100  s  and  dynamic  measurements  of  the  susceptibility  from  20  kHz  to  2  GHz. 
Changing  the  composition  of  the  spinelle  changes  the  energy  of  the  magnetic  anisotropy  con¬ 
trolling  the  susceptibility  and  the  maximum  frequency  for  applications.  As  the  superparamag- 
netic  properties  depend  strongly  on  the  energy  of  anisotropy,  it  is  important  to  change  the 
composition  in  order  to  adjust  the  product  Kv  to  the  value  needed.  A  reduction  of  K  is  obtained 
by  adding  Mn  or  Mg,  whereas  Co  increases  K.  By  this  doping,  one  has  handles  to  optimize  the 
material  either  for  maximum  susceptibility  or  frequency.  Fig.  2  depicts  the  magnetization 
curves  for  a  nano-ferrite  consisting  of  polymer  coated  MnFe204  particles.  Two  features  typical 
for  superparamagnetic  materials  are  visible  in  this  figure:  The  magnetization  curve  is  not  linear 
in  the  range  of  low  fields  and  free  of  any  hysteresis. 

The  final  proof  for  superparamagnetism  is  the  quadrupole  split  doublet  in  the  MoBbauer 
spectrum.  This  is  shown  in  Fig.  3.  As  the  MoBbauer  spectrum  does  not  show  any  sign  of  the 
magnetic  sextet,  it  is  proven  that  this  material  is  superparamagnetic  with  a  relaxation  time  in 
the  range  of  nanoseconds.  Starting  with  these  results,  it  makes  sense  to  analyze  the  frequency 
response  of  the  susceptibility.  A  typical  plot  of  this  dependency  is  presented  in  Figure  4. 
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Fig.  2:  Magncli/alion  curve  of  a 
MnFc204  -  PMMA  nanocomposilc. 


Fig.  3:  MoBbaucr  spectrum  of  a 
MnFc204  -  PMMA  nanocomposilc. 


Fig.  4;  Real  and  imaginary  part  of  the 
suszcplibility  of  a  MnFc204  -  Si02 
nanocomposilc  sintered  at  300  X. 
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Based  on  the  Figures  2,  3,  and  4  it  is  obvious  that  the  material  in  question  is  superparamag- 
nctic.  Additionally,  one  can  sec  that  there  arc  no  resonances  in  the  range  from  20  kHz  to 
2  GHz.  Therefore,  the  ultimate  frequency  of  application  for  this  type  of  material  is  beyond 
2  GHz. 

VALENCY  OF  IRON  IONS  IN  NANOCRYSTALLINE  FERRITES 

It  is  well  known  that  nanocrystallinc  ferrites  have  a  smaller  magnetisation  than  coarse¬ 
grained  ones.  There  exists  a  well-proven  dependence  of  the  magnetisation  on  the  particle  size 
[  14].  This  decrease  of  the  magnetisation  is  explained  with  the  canting  of  surface  spins  [14,  151. 
The  actual  site  distribution  of  the  iron  ions  and  their  valency  was  never  shown  in  detail.  Using 
X-ray  absorption  spectroscopy  (XAS)  as  well  as  soft  X-ray  magnetic  circular  dichroism 
(SXMCD),  it  is  possible  to  answer  these  open  questions  [16,  17,  181.  A  detailed  evaluation  ot 
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the  FeL-edge  XAS  and  SXMCD  spectra  gives  additional  information  on  the  ratio  of  the  orbital 
moment  over  the  spin  magnetic  moment  [19].  Experimental  results  obtained  on  bulk-like  epi¬ 
taxially  grown  Fe304  thick  films  and  nanocrystalline  Y-Fe203  are  given  in  Figs.  5  and  6  for 
comparison. 


Photon  energy  [eV]  Photon  energy  [eV] 

Fig.  5:  X-ray  circular  dichroism  spectra  Fig.  6:  X-ray  circular  dichroism  spectra  for 
for  Fe304.  These  results  are  used  as  refer-  nano-Y-Fe203. 
ence  for  the  analysis  of  the  spectra  from 
nano-Y'Fe203 . 

The  dichroic  spectra  have  been  measured  by  the  absorption  of  circular  polarised  soft  X- 
rays  using  the  total  electron  yield  detection  mode  at  the  soft  X-ray  beamline  (ID12B)  of  the 
European  Synchrotron  Radiation  Facility  (ESRF).  These  measurements  have  been  performed 
in  a  magnetic  field  parallel  and  antiparallel  to  the  photon  spin  of  the  incoming  monochromatic 
synchrotron  radiation  yielding  the  dichroic  spectra  I  and  II.  The  difference  between  these  two 
spectra  -  the  dichroic  difference  spectrum  -  contains  information  about  the  valency  and  the 
distribution  of  the  iron  ions  on  the  different  lattice  sites.  In  figure  5  the  labels  next  to  the  di¬ 
chroic  difference  spectrum  denote  the  different  iron  ions  and  lattice  sites:  (a)  Fe^^  ions  on  tet¬ 
rahedral  A- sites,  (b)  Fe^^  ions  on  octahedral  B -sites  and  (c)  Fe^'^  ions  on  B-sites.  These  results 
clearly  reflect  the  well-known  fact  that  Fe304  crystallises  in  the  inverse  spinelle  structure. 
Looking  at  the  results  obtained  from  nano-Y-Fe203  in  Fig.  6  one  realises  from  the  dichroic 
difference  spectrum  that  a  distinct  percentage  of  the  Fe  ions  in  nano-Y-Fe203  is  present  as 
Fe^^.  This  is  astonishing  as  the  oxygen  partial  pressure  during  synthesis  was  in  range  that 
makes  the  existence  of  Fe^'^  not  probable.  Additionally,  an  iron  oxide  with  such  a  high  content 
of  Fe^^  ions  should  be  black.  However,  this  nano-Fe203  exhibits  the  reddish  brown  colour, 
typical  for  Fe203.  A  detailed  analysis  of  the  SXMCD  data  yields  a  considerably  enhanced 
orbital  magnetic  moment  on  the  iron  sites  for  the  Y-FC2O3  nanomaterial  as  compared  to  that  of 
bulkY-Fe203  [19]. 


CONCLUSIONS 


It  has  been  shown  that  it  is  possible  to  produce  technical  ferrite  parts  exhibiting  super¬ 
paramagnetism.  This  is  possible  since  the  ferrite  starting  material  consists  of  nanoscaled  ferrite 
particles  coated  with  a  second  ceramic  or  polymer  phase.  The  thickness  of  this  coating  is  se¬ 
lected  in  order  to  minimise  the  magnetic  interaction  between  the  particles.  Superparamag¬ 
netism  of  this  material  was  proven  by  static  magnetisation  curves  without  hysteresis,  by 
Mdfibauer  spectra  exhibiting  the  quadrupole  split  doublet  instead  of  the  magnetically  split 
sextette.  Additionally,  it  was  shown  that  the  ac-susceptibility  shows  no  resonance  up  to  2  GH/. 

A  detailed  analysis  of  the  cation  distribution  in  the  ferrite  lattice  indicates  that  possibly  a 
larger  amount  of  Fe^""  ions  than  expected  by  thermodynamics  is  present  in  the  lattice  of  the 
nanocrystalline  y-FeaOv  The  magnetisation  is  reduced  significantly  due  to  the  small  size  of  the 
nanocrystals.  In  spite  of  this  reduction,  the  susceptibility  of  the  superparamagnetic  nanocompo- 
sites  is  sufficiently  large  for  technical  applications.  So  far  it  has  not  been  possible  to  decide  if 
the  phenomena  described  in  this  paper  are  bulk  phenomena  or  if  they  are  caused  by  the  large 
surface  of  the  nanoscaled  material. 
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ABSTRACT 

Here  we  report  the  synthesis  of  organically  passivated  nanoparticles  of  gold,  chromium 
and  nickel.  The  routes  involve  the  reduction  of  a  metal  precursor  in  various  Lewis  base  solvents, 
which  appear  to  affect  the  final  nanoparticle  morphology.  The  preparation  of  highly 
monodispersed  samples  can  lead  to  the  potential  for  further  manipulation  of  dots  into  ordered  2D 
and  3D  arrays.  These  colloidal  thin  films  and  crystals  have  potential  application  in  magnetic  data 
storage  devices. 

INTRODUCTION 

Nanoparticles  of  metals  have  been  known  since  1857  when  Faraday  prepared  colloidal 
gold  sols  [1].  There  have  been  many  reported  routes  to  colloidal  inert  metals,  most  of  which  have 
centred  on  the  reduction  of  the  metals  salt  in  aqueous  solution  [2-4].  Brust  et  al.  recently 
described  the  synthesis  of  high  quality  gold  nanoparticles  passivated  with  thiol  compounds  [5], 
These  nanoparticles  could  be  manipulated  into  ordered  arrays  and  potential  device  structures  [6]. 
This  was  one  of  the  first  routes  leading  to  organically  soluble  nanoparticles  of  metals. 

Similar  quality  nanoparticles  of  semiconductors  with  an  organic  capping  agent  have  also 
been  prepared.  Murray  et  al.  first  reported  the  preparation  of  TOPO  (tri-«-octylphosphine  oxide) 
capped  CdE  (E  =  S,  Se  and  Te)  in  1993,  which  has  become  a  popular  method  of  preparing 
robust,  monodispersed  high  quality  semiconductor  quantum  dots  [7].  The  nanoparticles,  capped 
with  a  monolayer  of  the  ligand  could  be  incorporated  into  simple  devices  and  films,  and 
manipulated  into  ordered  colloidal  crystals  [8,9].  This  method  has  been  extended  to  cover  the 
preparation  of  III-V,  IV-VI  and  II3-V2  materials,  and  the  use  of  single  molecule  precursors  [10- 
13]. 

Murray  also  described  the  preparation  of  cobalt  nanoparticles  using  an  alteration  of  the 
original  TOPO  route  [14].  Various  Lewis  base  ligands  were  utilised  as  passivating  agents  and 
reaction  solvents  for  the  reduction  of  CoCE  by  superhydride.  Altering  the  ligand  could  control 
the  size  of  the  nanoparticle.  The  size  distribution  was  small  (ca.  5  %  -  comparable  to  TOPO 
capped  II-VI  materials);  manipulation  into  ordered  structures  was  possible.  Bawendi  also 
prepared  nanoparticulate  cobalt  by  the  thermolysis  of  Co2(CO)8  in  TOPO,  leading  to  a  new  phase 
of  cobalt  designated  e  Co  [15]. 

The  preparation  of  high  quality,  single  domain  particles  can  lead  to  high-density  storage 
devices,  an  area  of  intense  current  research.  Nanoparticles  of  metal  have  other  potential 
applications,  such  as  catalysts.  Recently,  Heath  et  al.  demonstrated  a  metal  -  insulator  transition 
in  films  of  silver  nanoparticles,  which  has  obvious  industrial  applications  [16].  Here  we  report 
the  preparation  of  passivated  nanoparticulate  Cr,  Ni  and  Au.  The  nanoparticles  were  prepared  in 
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a  TOPO  or  modified  TOPO  system  and  investigations  have  been  undertaken  into  the  effects  of 
basicity  and  ligand  chain  length  on  the  particle  morphology.  In  certain  cases,  we  have  been  able 
to  manipulate  the  particles  into  ordered  2D  and  3D  arrays. 

EXPERIMENTAL 

UV/Vis  Absorption  and  IR  Spectroscopy 

The  optical  measurements  of  the  nanoparticles  were  carried  out  on  a  Philips  PU  8710 
spectrophotometer.  The  sample  solutions  were  placed  in  silica  cuvettes  (path  length  =  1  cm). 

The  samples  dispersed  in  toluene.  Infra-red  spectra  were  carried  out  using  a  Matteson  Polaris 
FT-IR  spectrometer  as  Csl  pressed  discs  (1%  sample). 

Nuclear  Magnetic  Resonance  spectroscopy  (NMR) 

The  and  ^*P  solution  NMR  spectra  were  recorded  on  a  Bruker  AM  500  or  a  DRX  400 
in  deuterated  chloroform.  H3PO4  was  used  as  a  phosphorus  standard. 

X-ray  Powder  Diffraction  (XRD) 

X-ray  powder  diffraction  patterns  were  measured  using  a  Siemens  D500  series  automated 
powder  diffractometer  using  Cu-Ka  radiation  at  40kV/40mA  with  a  secondary  graphite  crystal 
monochromator.  Samples  were  supported  on  glass  slides  (5cm^). 

Transmission  Electron  Microscopy  and  Scanning  electron  microscopy  ITEM.  SEMI 

A  JOEL  2000  FX  MKl  electron  microscope  operating  at  200  kV  with  an  Oxford 
Instrument  AN  10000  EDS  analyser  was  used  for  the  conventional  TEM  micrographs.  The 
samples  for  TEM  were  prepared  by  placing  a  drop  of  a  dilute  solution  of  sample  in  toluene  on  a 
copper  grid  (400  mesh,  Agar).  The  excess  solvent  was  wicked  away  with  a  paper  tip  and  the 
sample  allowed  to  dry  completely  at  room  temperature. 

SYNTHESIS 

Preparation  of  TOPO  capped  Au 

In  a  typical  synthesis,  0.07  g  (23  mmol)  AuCU  was  dissolved  in  7  mis  4-t-  butylpyridine. 
This  was  then  injected  into  a  reaction  flask  containing  15  g  TOPO  and  0.0325  g  NaBH4 
stabilised  at  190  °C.  The  reaction  mixture  turned  an  immediate  yellow,  then  changed  through 
orange,  red  and  eventually  blue.  The  temperature  dropped  to  ca.  155  °C  and  the  reaction  vessel 
left  for  30  minutes,  then  removed  from  the  heat  source.  The  nanoparticles  were  isolated  by 
solvent-non  solvent  interactions;  whilst  the  reaction  vessel  was  at  60  °C,  30  mis  of  dry  methanol 
was  added  causing  a  precipitate  which  was  isolated  by  centrifugation.  The  precipitate  was  stable 
in  toluene  for  ca.  10  hours. 

Preparation  of  TOPO/amine  capped  Au 

As  above,  injecting  gold  chloride  dissolved  in  4-t-butylpyridine  into  a  mix  of  10  g 
octadecylamine,  25  g  TOPO  and  0.0325  g  NaBH4  at  190  °C,  with  a  growth  time  of  30  minutes. 
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upon  injection,  the  reactants  turned  deep  red.  The  nanoparticles  were  isolated  using  methanol  as 
described  above,  and  were  found  to  be  indefinitely  stable  in  toluene.  Once  isolated  as  a  powder, 
the  nanoparticles  were  washed  several  times  with  methanol  to  remove  excess  capping  agent 
before  analysis. 

Preparation  of  TOPO  capped  Cr 

In  a  typical  synthesis,  2.5  ml  2  M  LiBH4/THF  solution  was  added  to  20  g  pure  TOPO, 
then  the  solvent  removed  in  vacuo.  The  TOPO  was  then  heated  to  270  °C  and  stabilised.  CrCl2 
(0.1  g,  0.8  mmol)  was  dissolved  in  5  mis  tri-«-octylphosphine,  then  injected  into  the  TOPO.  The 
reaction  mixture  turned  an  immediate  black.  The  temperature  was  raised  to  ca.  290  °C  over  half 
an  hour,  left  for  a  further  30  minutes  then  removed  from  the  heat  source.  The  nanoparticles  were 
isolated  by  addition  of  petroleum  spirits,  acetone  or  ether.  The  nanoparticles  were  then  soluble  in 
toluene  for  a  limited  time.  Dispersing  the  nanoparticles  directly  in  toluene  after  the  reaction 
resulted  in  an  apparently  indefinitely  stable  colloid.  It  is  assumed  the  addition  of  a  non-solvent 
removes  some  of  the  capping  ligand.  Samples  isolated  by  methanol  were  usually  unstable,  unless 
redispersed  in  pyridine,  which  probably  co-ordinated  to  the  surface. 

Preparation  of  TBPO  (tributvlphosphine  oxide)  capped  Ni 

In  a  typical  synthesis,  0.046  g  NaBH4  was  added  to  10  g  TBPO  (tributylphosphine 
oxide).  This  was  heated  to  160  °C  and  stabilised.  [Ni(acac)2]  (0.2  g,  0.7  mmol  )was  then 
dissolved  in  5  ml  tributylphosphine  then  injected  into  the  phosphine  oxide.  The  temperature  was 
stabilised  at  160  °C  and  stabilised  for  30  mins,  then  removed  from  the  heat  source  and  left  to 
cool  to  room  temperature.  The  black  solid  was  then  re-dispersed  directly  in  pyridine  as  no 
effective  non-solvent  was  found.  The  solid  however,  could  be  readily  dispersed  in  a  variety  of 
organic  solvent  but  appeared  stable  in  only  pyridine. 

RESULTS 

The  nanoparticles  were  analysed  by  TEM,  HRTEM,  NMR,  XRD  and  IR  and  UV 
spectroscopy.  Nanoparticles  of  gold  gave  clear  broad  X-ray  diffraction  patterns  associated  with 
FCC  gold  particles  with  a  small  crystalline  domain  (Figure  1).  Chromium  and  nickel 
nanoparticles,  however,  gave  broad  weak  reflections,  which  could  not  be  properly  indexed. 
SAED  (selected  area  electron  diffraction)  gave  broad  diffuse  ring  patterns  associated  with 
nanodispersed  materials  with  no  deffactive  crystalline  phase. 


Figure  1  -  XRD  pattern  of  TOPO/octadecylamine  capped  Q-Au  (190  °C,  30  mins.) 
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Electron  microscopy  revealed  a  broad  and  interesting  set  of  sizes  and  morphologies  for 
the  different  metals.  Gold  nanoparticles  capped  with  TOPO  alone  were  of  various  size  and 
shapes,  ranging  from  small  spherical,  square  and  triangular  particles  (5-10  nm  diameter)  to  large 
faceted  particles  of  ca.  100  nm  (Figure  2).  Gold  nanoparticles  capped  with  a  mix  of  TOPO  and 
the  long  chain  amine  (octadecylamine)  were  highly  monodispersed  spherical  particles  of  ca.  1 
nm  diameter  (Figure  2). 


Figure  2  -  a)  TEM  of  TOPO  capped  Q-Au  (190  °C,  30  mins.),  bar  =  100  nm;  b)  TEM  of 
TOPO/octadecylamine  capped  Q-Au  (190  °C,  30  mins.),  bar  =  20  nm. 


The  monodispersed  gold  particles  could  self-organise  on  a  copper  grid  to  form  2-D 
arrays.  Slow  evaporation  of  the  solvent  from  a  solution  resulted  in  bright  red,  cubic  colloidal 
crystals  (Figure  3).  The  TOPO  passivated  chromium  quantum  dots  were  small  spherical 
particles,  slightly  prolate,  approximately  4  nm  in  diameter.  HRTEM  images  of  the  TBPO  capped 
nickel  particles  revealed  the  presence  of  both  small  metal  particles  between  2  and  4  nm  in 
diameter  and  nano  wires  of  up  to  20  nm  long  (Figure  4). 


Figure  3  -  2D  lattice  of  octadecylamine/TOPO  capped  gold,  bar  =  20  nm.  Inset;  SEM  of  cubic 
colloidal  crystal  prepared  from  octadecylamine/TOPO  capped  gold  nanoparticles  (190  °C),  bar  = 

80  micrometers. 
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Figure  4  -  HRTEM  image  of  TBPO/TBP  capped  nanowire  Ni,  bar  =  10  nm. 


The  effect  of  the  Lewis  basicity  and  the  length  of  the  capping  ligand  upon  nanoparticle 
morphology  are  well  documented.  UV  spectroscopy  of  the  nanoparticles  displayed  a  range  of 
plasmon  resonances.  The  absorption  spectrum  of  colloidal  gold  is  well  documented  and  a  single 
plasmon  peak  was  observed  at  ca.  540  nm  (Figure  5).  Colloidal  chromium  displayed  no 
resonances  when  prepared  as  described  above,  whilst  nickel  displays  three.  Altering  the 
preparation  of  chromium  nanoparticles  by  including  an  amine  into  the  reaction  mixture  resulted 
in  nanoparticles  which  displayed  two  plasmon  resonances.  The  origin  of  such  effects  is  still 
under  investigation.  The  presence  of  multiple  plasmon  resonances  in  metals  has  also  been 
observed  by  Lutz  et  aL\\l]. 


Wavelength/nm 

Figure  5-  Electronic  spectra  for  colloidal  Ni  and  Au. 


Nuclear  magnetic  resonance  (solution  'H  and  NMR)  reveals  the  ligands  are  bound  to 
the  surface.  The  broadening  of  proton  spectra  is  typical  for  an  inhomogeneous  magnetic 
environment  and  is  observed  in  all  nanoparticles  reported  here.  The  NMR  spectra  show  a 
shift  in  the  resonance  from  the  free  ligand,  consistent  with  de-shielding  effects.  TOPO  capped 
Au  and  Cr  have  resonances  at  ca.  45  ppm,  a  shift  from  the  bulk  ligand  {ca.  50  ppm).  TBPO 
capped  Ni  has  a  distinct  resonances  at  ca.  46  ppm,  and  others  at  -18  and  -3 1  ppm. 

Infra  red  spectroscopy  of  TOPO  capped  gold  displayed  a  shift  in  the  u(P=0)  stretch  from 
ca.  1 145  cm"'  to  1130  cm'*  again  suggesting  the  ligand  is  tightly  bound  to  the  surface  of  the 
quantum  dot.  TOPO  capped  Cr  displayed  the  stretch  at  the  same  energy  but  broadened.  TBPO 
capped  Ni  displayed  the  u(P=0)  stretch  at  1 128  cm''. 

CONCLUSION 

Colloidal  routes  to  organically  passivated  metal  nanoparticles  have  been  developed.  The 
quantum  dots  are  passivated  by  various  Lewis  base  ligands,  which  dictate  the  morphology  of  the 
nanoparticles.  Highly  monodispered  nanoparticles  can  self  assemble  under  the  correct  condition 
into  2D  and  3D  arrays. 
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ABSTRACT 

In  an  attempt  to  both  prepare  nanocrystalline  bismuth  and  understand  the  fundamental 
chemistry  behind  the  formation  of  this  potentially  interesting  material,  we  have  examined  the 
reduction  of  BiClj  in  the  presence  of  strongly  coordinating  solvents  and  ligands.  These  studies 
have  resulted  in  the  formation  of  bismuth  powders  with  approximate  average  particle  sizes  of 
between  20  and  40  nm  which  exhibit  large  size  distributions.  The  simultaneous  reduction  of 
both  gold  and  bismuth  precursors,  done  in  an  attempt  to  better  control  the  final  particle  size, 
instead  produces  Au2Bi  of  comparable  dimensions.  There  is  no  evidence  that  the  ligands  utilized 
in  either  of  these  systems  remain  bound  to  the  final  product.  These  nanocrystalline  powders  have 
been  characterized  through  XRD  and  TEM,  and  full  details  of  the  synthesis  are  presented. 

INTRODUCTION 

The  current  interest  in  nanocrystalline  materials  has  been  motivated  primarily  by  the 
immense  potential  such  materials  hold  for  future  applications.  This  potential  stems  from  the 
unusual  properties  such  compounds  exhibit  in  comparison  to  their  bulk  counterparts  as  a  result  of 
quantum  confinement  and  extremely  large  surface-to-volume  ratios.  The  majority  of  the  research 
that  has  developed  in  this  area  has  been  focused  on  the  study  of  transition  metaf  and 
semiconductor  particles'’^,  while  the  study  of  nanocrystalline  main  group  metals  has  been  all  but 
ignored.  This  is  surprising  since  these  materials  have  many  potential  applications  which  have 
not  been  explored,  and  several  recent  publications  have  suggested^-'*  that  quantum  confined 
bismuth  may  exhibit  enhanced  thermoelectric  properties.  In  spite  of  these  results,  we  are  aware 
of  only  one  report  in  the  literature  of  nanocrystalline  bismuth  being  prepared  through  wet 
chemical  methods^  and  the  product  was  prepared  only  at  very  low  reaction  concentrations. 
Recently,  in  an  attempt  to  synthesize  such  materials  and  understand  the  fundamental  chemistry 
behind  their  formation,  we  have  begun  to  examine  the  preparation  of  nanocrystalline  bismuth 
through  straightforward  solution  reductions.  By  reducing  BiCl3  in  the  presence  of  strongly 
coordinating  ligands  and  solvents,  we  have  obtained  nanocrystalline  bismuth  powders.  In 
addition,  carrying  out  these  reductions  in  the  presence  of  HAUCI4  has  led  to  the  isolation  of 
AujBi  of  similar  dimensions.  Herein  we  report  the  details  of  the  synthesis  and  characterization 
of  these  materials  using  XRD  and  TEM. 

EXPERIMENTAL 

General  Considerations:  The  reductions  were  carried  out  using  commercially  available 
reagents  and  standard  Schlenk  techniques,  when  necessary.  The  compounds  BiClj,  NaBH4, 
LiBEtjH  (1  M  in  THF),  HAUCI4,  (C8Hi7)4NBr,  and  CgHi^SH  were  purchased  from  Aldrich  and 
used  as  received.  In  general,  rigorous  drying  of  solvents  was  found  not  to  be  necessary,  and  was 
not  performed  unless  otherwise  indicated.  XRD  measurements  were  obtained  on  a  Phillips  XRG 
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2500  X-ray  instrument  using  Cu  Ka  radiation,  from  powder  samples  attached  to  a  glass  slide 
using  hydrocarbon  grease.  TEM  measurements  were  performed  on  a  Zeiss  EM- IOC  instrument, 
operating  at  60  kV.  The  samples  were  prepared  by  sonicating  the  appropriate  powder  for  1  to  2 
minutes  in  MeOH  and  placing  a  drop  on  a  carbon  coated  copper  grid,  which  was  wicked  off  after 
10  seconds.  ‘H  NMR  measurements  were  obtained  on  a  Bruker  AC-300  spectrometer,  using  5- 
mm  tubes  which  were  septum  sealed  under  argon.  Peaks  were  referenced  to  the  residual  protons 
of  deuterated-benzene  at  5  7.15.  IR  measurements  were  obtained  on  a  Nicolet  Magna  750  FTIR 
using  KBr  pellets. 

Preparation  of  Nanocrystalline  Bi:  A  typical  reaction  was  carried  out  as  follows;  BiClj 
(0.027  g;  0.09  mmol)  was  added  to  a  flask  in  a  He  filled  dry-box,  the  flask  was  removed,  and 
approximately  25  niL  of  ethylenediamine  added  under  an  Ar  purge.  The  resulting  hazy  white 
mixture  was  stirred  for  several  minutes  at  room  temperature  while  the  reducing  agent,  NaBH4 
(0.0102  g;  0.27  mmol)  was  dissolved  in  10  mL  of  warm  ethylenediamine.  Once  the  NaBH4 
solution  had  cooled  to  room  temperature,  it  was  added  to  the  BiCl3  mixture  via  pipet,  once  again 
under  Ar.  This  resulted  in  a  gradual  darkening  in  color  to  black  while  the  mixture  was  stirred 
overnight  at  room  temperature.  The  black  solid  was  isolated  by  centrifuge,  washed  twice  with 
EtOH,  and  dried  yielding  a  black  powder  (0.272  g;  145%  yield).  The  extra  weight  present  in  the 
final  product  can  be  attributed  to  reaction  byproducts  not  removed  by  the  EtOH.  This  black 
powder  was  examined  by  XRD  and  found  to  predominately  contain  elemental  bismuth  (JCPDS 
card  5-519)  with  an  approximate  average  particle  size  of  20  nm  calculated  using  the  Scherrer 
equation. 

Variations  to  this  synthesis  included  using  other  solvents,  changing  the  reaction 
temperature,  the  addition  of  a  coordinating  ligand  prior  to  the  reduction,  or  the  use  of  other 
reducing  agents,  however  the  basic  procedure  described  above  remained  unchanged.  For  the 
reduced  temperature  reductions,  the  reaction  temperature  was  lowered  using  a  solvent  bath 
(toluene/liquid  N2  for  -95  “C;  dry  ice/ethanol  for  -78  "C;  CCyiiquid  N2  for  -23  °C),  and  was 
maintained  for  1  h  following  the  addition  of  the  reducing  agent.  At  this  point  the  mixture  was 
allowed  to  warm  to  room  temperature  and  stirred  for  the  amount  of  time  listed  in  Table  I  before 
workup.  Coordinating  ligands  were  added  neat  under  a  purge  of  Ar,  and  the  contents  of  the  flask 
stirred  for  several  minutes  before  addition  of  the  reducing  agent.  Finally,  a  number  of  the 
reactions  were  reduced  with  1  M  LiBEtjH  in  THF,  which  was  handled  using  Schlenk  techniques 
and  added  to  the  reaction  dropwise  via  syringe. 

Preparation  of  Nanocrystalline  Bi  from  Alkyl-  and  Aryl-Bismuth  Halides:  The 
sodium  salt  of  1-octanesulfonic  acid  (0.108  g;  0.50  mmol)  was  added  to  a  Schlenk  flask,  which 
was  evacuated  and  transferred  to  the  dry-box.  Next,  BiCl3  (0.158  g;  0.50  mmol)  was  added,  the 
flask  was  removed,  and  approximately  25  mL  of  THF  stored  over  Na/benzophenone  was  vacuum 
distilled  into  the  flask.  It  was  then  allowed  to  warm  to  room  temperature  and  the  mixture  stirred 
for  approximately  1  h.  AIM  THF  solution  of  LiBEtjH  (1  mL;  1  mmol)  was  added  under  Ar 
dropwise  via  syringe  with  vigorous  stirring,  and  a  black  color  quickly  developed.  After  2  h, 
black  solid  was  evident  in  the  flask.  The  solid  was  isolated  by  centrifuge,  washed  with  Et20  and 
petroleum  ether,  and  dried.  The  powder  was  examined  by  XRD,  and  contained  elemental 
bismuth  (JCPDS  card  5-519)  and  several  unidentified  peaks  attributed  to  salts  produced  from  the 
reduction.  These  extra  peaks  were  removed  by  washing  with  HjO,  resulting  in  0.0786  g  (75% 
yield)  of  bismuth.  The  particle  size  was  estimated  at  20  nm  using  the  Scherrer  equation.  IR  of 
the  isolated  powder  showed  no  evidence  of  coordinated  alkyl  groups.  An  identical  reaction  was 
performed  using  the  sodium  salt  of  stearic  acid  as  the  ligand,  and  similar  results  were  obtained. 
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A  reduction  reaction  of  phenylbismuth  dichloride  was  also  carried  out,  however  the 
procedure  was  analogous  to  that  described  above  for  reduction  of  BiClj  in  ethylenediamine.  The 
resulting  powder  contained  elemental  bismuth,  and  no  residual  phenyl  groups  were  detected  by 
FTIR. 

Preparation  of  Nanocrystalline  AUjBi:  A  bismuth  precursor  was  first  prepared  by 
dissolving  BiClj  (1.014  g;  3.20  mmol)  in  0.20  mL  of  concentrated  HCl,  forming  a  saturated 
solution  with  an  approximate  composition  equal  to  HBiCl4*3H20^.  This  stock  solution  was  then 
used  as  needed.  In  a  typical  reaction,  (C8H,7)4NBr  (0.109  g;  0.2  mmol)  was  dissolved  in  50  mL 
of  toluene,  and  the  “HBiCV’  stock  solution  added  (2.0  /fL;  0,03  mmol),  forming  a  clear  yellow 
solution.  The  HAUCI4  (0.02  g;  0.05  mmol)  was  dissolved  in  approximately  10  mL  of  HjO  and 
added  to  the  bismuth  solution;  a  dark  orange  color  quickly  developed  in  the  toluene  phase,  along 
with  a  small  amount  of  white  precipitate.  The  CgH^SH  (0.012  g;  0.083  mmol)  dissolved  in  2  mL 
of  toluene  was  added  next,  and  the  biphasic  mixture  purged  with  Ar  for  10  minutes,  at  which 
point  the  flask  was  sealed.  A  solution  of  NaBH4  (0.1  g;  2.6  mmol)  dissolved  in  10  mL  of  HjO 
was  added  dropwise  via  pipet  under  Ar  purge,  and  a  dark  brown  color  developed  which  turned  to 
black  on  continued  addition.  The  mixture  was  stirred  at  room  temperature  for  1  h,  at  which  point 
both  the  layers  were  clear  and  colorless,  and  a  black  solid  was  present.  The  solid  was  isolated  by 
centrifuge  and  dried,  leaving  a  black  powder  (0.0958  g)  which  was  identified  as  Au2Bi  by  XRD 
(JCPDS  card  12-734).  Once  again,  this  additional  weight  can  be  attributed  to  unidentified 
byproducts  not  washed  out  of  the  powder.  An  approximate  average  particle  size  of  20  nm  was 
calculated  using  the  Scherrer  equation. 

Alternatively,  the  reductions  were  carried  out  using  (C8Hj7)4NBiBr4  (1)  as  the  starting 
material.  In  these  reactions,  HAUCI4  dissolved  in  HjO  was  added  to  a  toluene  solution  of 
(C8H,7)4NBr,  and  when  the  gold  had  completely  transferred  to  the  toluene  phase  (indicated  by 
migration  of  the  orange  color)  it  was  removed  and  added  to  a  solution  of  1  in  toluene.  At  this 
point  the  ligand  was  added  and  the  reduction  carried  out  as  described  above  for  preparation  of 
AujBi  from  “HBiCl/’. 

Preparation  of  (C8H,7)4NBiBr4  (1):  Solid  (C8H,7)4NBr  (0.547  g;  1.00  mmol)  was  added 
to  a  flask  which  was  evacuated  and  transferred  into  a  He-filled  dry-box,  where  BiBrj  (0.449  g; 
1.00  mmol)  was  added.  Approximately  25  mL  of  THF  stored  over  Na/benzophenone  was 
vacuum-distilled  into  the  flask,  and  the  contents  allowed  to  warm  to  room  temperature.  The 
clear  yellow  solution  which  resulted  was  stirred  for  18  h  at  room  temperature.  The  THF  was 
removed  in  vacuo,  and  1  was  isolated  as  a  sticky  yellow  solid  in  near  quantitative  yield.  ‘H 
NMR:  5  1.05  (s,  12H,  a7,(CH2)6CH2-),  8  1.46  (s,  48H,  8  3.07  (bs,  8H, 

CH3(CH2)6Ci/2-)-  IR  (cm  ');  2926  (s),  2857  (s),  1481  (s),  1379  (m),  730  (w). 

RESULTS  AND  DISCUSSION 

The  results  of  the  reduction  reactions  of  BiClj  under  various  conditions  are  shown  in 
Table  I,  while  Table  II  shows  the  results  of  the  reduction  of  bismuth  dichlorides  with  covalently 
bound  ligands. 

In  carrying  out  these  reactions,  it  was  hoped  that  the  addition  of  a  Lewis  basic  ligand  or 
solvent  would  help  to  restrict  the  growth  of  the  particles  through  an  interaction  with  the  BiClj, 
which  is  known  to  function  as  a  Lewis  acid.  The  ligand  ideally  would  remain  bound  to  the  BiClj 
throughout  the  reduction,  restricting  growth  of  the  particles,  and  perhaps  allow  the  final  product 
to  be  dispersed  in  organic  solvent.  Examining  the  data  presented  in  Table  I,  it  is  clear  that  the 
majority  of  the  attempted  reactions  have  resulted  in  the  production  of  nanocrystalline  material, 
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Temp 

Stirring 

Table  I: 

Reducing 

Reduction  of  BiCl3 

Solvent/ 

Bi:Ligand 

Avg. 

Particle 

Reaction 

m 

Time 

Agent 

Ligand 

Ratio 

Size  fnm) 

1 

RT 

18h 

NaBH^ 

ED/ED 

n/a 

20 

2 

RT 

Ih 

LiBEt3H 

ED/octanethiol 

1:1 

20 

3 

RT 

18h 

NaBH^ 

ED/dodecylamine 

1:1 

30 

4 

RT 

18  h 

LiBEt3H 

ED/TOPO 

1:10 

20 

5 

RT 

18h 

LiBEt3H 

ED/TETA 

1:10 

20 

6 

-95 

18h 

LiBEt3H 

THF/octanethiol 

1:1 

NR 

7 

-95 

Ih 

LiBEt3H 

THF/octanethiol 

1:1 

30 

8 

-95 

1  h 

LiBEt3H 

THF/THF 

n/a 

30 

9 

-95 

18  h 

LiBEtjH 

THF/THF 

n/a 

40 

10 

-78 

1  h 

LiBEt3H 

toluene/octane- 

1:1 

15 

11 

-78 

Ih 

LiBEtjH 

thiol 

toluene/TETA 

1:10 

20 

12 

-23 

1  h 

LiBEtjH 

pyridine/octane- 

1:1 

30 

13 

RT 

Ih 

NaBH^ 

thiol 

EtOH/TETA 

1:10 

NR 

14 

RT 

18h 

LiBEtjH 

TOP/TOPO 

1:1 

20 

15 

200 

15  min 

LiBEt3H 

TOP/TOPO 

1:1 

NR 

16 

RT 

18h 

LiBEt3H 

THF/HMPT 

1:2 

20 

ED  =  ethylenediamine;  TOPO  =  trioctylphosphine  oxide;  TETA  =  triethylenetetramine;  TOP  = 
trioctylphosphine;  HMPT  =  hexamethylphosphorus  triamide;  NR  =  no  reduction  in  particle  size. 

Table  II:  Reduction  of  alkyl-  and  aryl-bismuth  dichlorides 
Stirring  Reducing  Avg.  Particle 


B-oaotion 

Time 

Compound  Reduced 

Agent 

■SolVOBt 

Size  (nni) 

17 

2h 

CgH,7S03Na  +  BiCl3 

LiBEt3H 

THF 

20 

18 

2h 

Cj7H35C02Na  +  BiCl3 

LiBEt3H 

THF 

20 

19 

18h 

PhBiCl^ 

KBH4 

ED 

20 

however  there  is  no  evidence  that  any  of  the  ligands  remain  bound  to  the  surface  of  the  bismuth 
to  any  appreciable  degree  following  the  reaction.  Of  particular  interest  is  the  fact  that  all  of  the 
room  temperature  reductions  using  ethylenediamine  as  the  solvent  (even  when  no  other 
coordinating  ligand  was  used)  produced  nanocrystalline  material  with  an  average  size  of  20  nm, 
which  is  among  the  smallest  observed  in  these  systems.  Clearly,  the  anticipated  bidentate 
coordination  of  this  compound  with  the  Lewis  acidic  BiClj  effectively  hinders  the  agglomeration 
of  the  bismuth  particles,  resulting  in  smaller  particle  sizes.  Figure  1  shows  a  TEM  image  of  the 
bismuth  powder  obtained  from  Reaction  4.  While  the  broadening  of  the  XRD  peaks  leads  to 
calculation  of  an  average  particle  size  of  20  nm,  it  is  clear  from  the  TEM  that  the  sample  exhibits 
a  wide  size  distribution,  with  particles  as  large  as  80  nm  and  as  small  as  10  nm  found  in  different 
areas  of  the  sample. 

Attempts  to  bind  an  organic  group  covalently  to  the  bismuth  were  also  moderately 
successful.  Average  particle  sizes  were  again  calculated,  and  all  three  reactions  produced 
approximately  20  nm  bismuth.  It  appears  that  the  Bi-0  and  Bi-C  bonds  in  the  starting  materials 
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Figure  1:  TEM  images  of  the  material  obtained  from  Reaction  4. 


were  broken  during  the  reduction,  however,  and  IR  analysis  of  the  final  products  shows  no 
evidence  of  coordinated  organic  groups. 

In  an  attempt  to  produce  material  with  a  narrower  size  distribution,  a  gold  precursor, 
HAuCU,  was  added  to  the  reaction.  This  was  done  in  the  hopes  that  it  would  have  one  of  two 
possible  affects:  first,  that  the  gold  might  provide  a  large  number  of  nucleation  sites  for  the  rapid 
growth  of  the  bismuth  particles,  and  second,  that  the  gold  would  form  a  shell  on  the  bismuth 
particles  as  they  were  growing,  restricting  the  size  and  providing  a  site  for  the  added  thiol  to 
bind.  The  occurrence  of  either  condition  would  ideally  reduce  the  overall  size  of  the  particles 
produced  as  well  as  the  size  distribution.  The  preparation  of  gold  nanoclusters  from  HAuCU  in  a 
two-phase  system’  has  been  intensely  studied,  and  was  chosen  as  the  model  for  this  experiment. 
For  consistency  with  this  reaction,  a  bismuth  precursor  of  the  form  “HBiCU”  was  needed.  A 
species  roughly  corresponding  to  this  formula  was  obtained  from  a  saturated  solution  of  BiCU  in 
HCl^,  and  was  used  as  the  initial  bismuth  source.  The  reduction  reaction  resulted  in  the  isolation 
of  Au2Bi  with  an  approximate  particle  size  of  20  nm  and  noticeable  contamination  from  gold. 
The  ill-defined  character  of  the  starting  material,  and  thus  the  uncertainty  in  the  amount  of 
bismuth  added  to  the  reaction,  was  a  possible  reason  for  this  excess  gold  in  the  final  product,  thus 
an  alternative  bismuth  source  was  sought.  The  1:1  reaction  of  (C8Hi7)4NBr  with  BiBrs  resulted 
in  the  formation  of  (C8Hi7)4NBiBr4  (1),  a  toluene-soluble  compound  which  was  used  in  an 
analogous  reaction.  The  final  product  obtained  from  the  reduction  of  1  and  HAuCU  was  still 
contaminated  with  gold,  however,  and  displayed  approximately  the  same  average  size  of  20  nm. 
A  TEM  image  of  the  material  obtained  from  this  reaction  is  shown  in  Figure  2,  and  a  wide  size 
distribution  is  again  seen.  Several  other  ligands  were  also  evaluated  in  this  reaction  (pyridine, 
dodecylamine,  stearic  acid,  and  TOPO)  with  similar  results.  In  addition,  none  of  the  Au2Bi 
samples  produced  were  dispersible  in  organic  solvents,  a  strong  indication  that  the  ligands  do  not 
remain  bound  to  the  particle  surface  after  the  reduction. 
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Figure  2:  TEM  images  of  the  material  obtained  from  the  reduction  of  1  and  HAuCU. 


CONCLUSIONS 

The  above  results  demonstrate  that  it  is  possible  to  prepare  nanocrystalline  bismuth  from 
the  described  procedure,  which  consists  of  reduction  of  BiCb  in  the  presence  of  strongly 
coordinating  species.  There  appeared  to  be  little  control  over  the  size  of  the  final  product 
obtained,  however,  and  the  reduced  bismuth  surface  did  not  appear  to  bind  readily  to  any  of  the 
any  of  the  species  examined.  The  addition  of  a  gold  precursor  to  the  reaction  resulted  in  the 
formation  of  nanociystalline  Au2Bi  but  failed  to  yield  any  increased  control  over  the  size  of  the 
particles  produced.  Studies  to  address  these  issues  by  further  modification  of  the  reaction 
conditions  are  currently  underway. 
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ABSTRACT 

A  new  strategy  for  stabilizing  inorganic  nanoparticles  in  nonpolar  solutions  is  described. 
Resorcinarenes  1-3  were  synthesized  and  evaluated  as  surfactants  because  of  their  large  concave 
headgroups  with  multiple  contact  sites.  Au  nanoparticles  ranging  from  3-20  nm  in  diameter  were 
generated  in  the  vapor  phase  and  dispersed  into  dilute  hydrocarbon  solutions  of  1-3,  where  they 
were  stabilized  for  up  to  several  months.  Chemisorption  is  most  likely  mediated  by  multiple  Au-0 
interactions,  as  indicated  by  several  control  experiments  and  by  surface-enhanced  Raman 
spectroscopy.  The  resorcinarenes  were  readily  displaced  by  dodecanethiol,  which  resulted  in  the 
precipitation  of  particles  >5  nm  as  determined  by  absorption  spectroscopy  and  transmission 
electron  microscopy.  This  suggests  that  the  mobility  of  the  resorcinarene  taiigroups  are  important 
for  maintaining  the  larger  nanoparticles  in  a  dispersed  state.  Resorcinarene  surfactants  with 
stronger  chemisorptive  properties  are  currently  being  explored. 

INTRODUCTION 

Nanoparticle-based  devices  are  being  envisioned  as  the  next  generation  in  electronics 
miniaturization  because  of  their  quantized  electromagnetic  and  photonic  properties.*  However, 
quantum  devices  can  be  expected  to  be  highly  sensitive  to  charge  defects,  so  an  important 
consideration  during  fabrication  is  the  ability  to  stabilize  and  manipulate  charge-neutral 
nanoparticles  in  a  low-dielectric  medium.  Chemisorptive  surfactants  such  as  the  alkanethiols  have 
been  successful  in  stabilizing  small  (<10  nm)  gold  nanoparticles  against  agglomeration  in 
hydrocarbon  solutions,  but  alkanethiol-passivated  clusters  >10  nm  do  not  e^ibit  long-term 
stability  and  precipitate  at  ambient  temperatures.^  This  behavior  is  due  largely  to  the  rapid  increase 
in  the  attractive  van  der  Waals  force  between  particles  as  a  function  of  their  size,^  but  entropic 
effects  can  also  play  an  important  role.  In  the  case  of  the  alkanethiols  the  small  headgroups 
encourage  a  dense  packing  of  the  hydrocarbon  chains,  which  promotes  flocculation. 

Here  we  address  the  issue  of  size-dependent  agglomeration  by  using  resorcinol-derived 
calixarenes  (resorcinarenes'*)  as  nanoparticle  surfactants  (see  Figure  1).  These  macrocycles  are 
appended  by  several  hydrocarbon  tails  and  are  well  suited  for  nanoparticle  encapsulation.  First,  the 
resorcinarene  headgroup  is  rimmed  with  multiple  oxygen  atoms  for  polydentate  binding  to  the 
nanoparticle  surface.  Second,  the  relatively  high  surface  area  of  the  concave  headgroup  (ca.  1  nm 
diameter)  decreases  the  surfactant/particle  ratio  and  consequently  the  entropic  cost  of  self- 
assembly.^  Finally,  the  taiigroups  are  spaced  such  that  they  are  highly  mobile  and  do  not  form 
tightly  packed  domains,  thereby  increasing  the  solubility  of  the  encapsulated  materials.  These 
surfactant  properties  are  demonstrated  by  stabilizing  neutral  gold  nanoparticles  of  up  to  20  nm  in 
hydrocarbon  solutions. 


1 ;  R=H,  X=CH2 CHa  3-20  nm  Au 

2:  R=CH3,  X=CH2CH3  nanocluster 

3:  R=CH3,  X=CH=CH2 


Figure  1.  Encapsulation  of  Au  nanoparticles  by  resorcinarenes  1-3. 
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EXPERIMENT  AND  RESULTS* 


Neutral  gold  nanoparticles  were  prepared  in  the  gas  phase  by  condensation  of  pure  metal  vapor 
and  were  captured  by  passage  through  surfactant  solutions  in  mesitylene’  Resorcinarenes  1-4 
were  synthesized  according  to  literature  procedures*  and  were  diluted  to  0.1 -1.2  mM.  Aerosols  of 
gold  nanoparticles  of  controlled  size  ranges  were  generated  using  a  distributed  arc  cluster  source 
(DACS)’  and  bubbled  directly  into  the  resorcinarene  solutions,  which  turned  deeply  purple  upon 
capture.  This  procedure  was  noteworthy  in  at  least  two  respects.  First,  we  noted  that  the 
resorcinarenes  were  several  times  more  efficient  at  capturing  nanoparticles  than  dodecanethiol 
(C12SH)  at  equimolar  surfactant  concentrations;  at  520  nm,  the  characteristic  Mie  resonance  for 
isolated  gold  particles,  solutions  of  3.7±1.5  nm  Au  particles  captured  in  1.2  mM  of  1  or  2 
absorbed  5-6  times  more  strongly  than  solutions  of  particles  captured  in  1.2  mM  C12SH.  Second, 
both  large  (>10  nm)  and  small  (<10  nm)  nanoparticles  remained  well  dispersed  in  millimolar 
solutions  of  1  and  2  at  ambient  temperature  over  a  period  of  several  months,  with  minimal  loss  of 
absorption  intensity  or  precipitation.  Transmission  electron  microscopy  (TEM)  of  nanoparticles 
captured  by  1  revealed  a  significant  proportion  of  fused  particles,  suggesting  that  the  kinetics  of 
aggregation  were  competitive  with  surfactant  passivation  (see  Figure  2a).  It  is  likely  that  hydrogen- 
bonded  aggregation  of  1  interferes  with  adsorption  of  the  headgroups  to  the  nanoparticle  surface. 
In  contrast,  minimal  aggregation  was  observed  among  the  nanoparticles  captured  by  octamethyl 
derivative  2  (see  Figure  2b).  The  nanoparticle  size  distributions  did  not  change  over  time  in  either 
case,  indicating  that  the  encapsulated  materials  were  quite  stable  under  these  conditions. 


Figure  2.  Transmission  electron  micrographs  (Jeol  2000  FX,  200  KeV)  of  Au  nanoparticles  generated  in  the  gas 
phase  and  dispersed  into  1.2  mM  solutions  of  resorcinarenes  1  (a,  left)  and  2  (b,  right).  Bar  =  50  nm. 

Stabilization  of  the  Au  nanoparticles  by  the  resorcinarene  headgroup  is  most  likely  mediated  by 
chemisorption  via  multiple  Au-O  interactions.  The  eight  oxygen  atoms  along  the  rim  of  the 
resorcinarene  headgroup  can  adsorb  to  the  Au  surface  in  a  cooperative  fashion,  similar  to  the  ion¬ 
binding  properties  of  the  macrocyclic  polyethers,  the  prototypical  supramolecular  receptor.*®  The 
enthalpy  of  Au-O  chemisorption  is  remarkably  low,''  but  its  role  in  nanoparticle  stabilization  is 
supported  by  the  observation  that  tetra-0, 0-methylene  resorcinarene  derivative  4,**’  whose  oxygen 
lone  pairs  are  prevented  from  chemisorbing  cooperatively  due  to  steric  hindrance,  completely  failed 


Surface  adsorption  was  characterized  by  surface-enhanced  Raman  spectroscopy  (SERS),  a 
powerful  and  highly  sensitive  method  for  characterizing  monolayer  adsorbates  on  noble  metal 
particles.*^  Large  Au  clusters  encapsulated  by  2  were  gently  precipitated  by  addition  of  one  volume 
of  CH3CN  to  remove  excess  surfactant,  then  redissolved  in  mesitylene  and  drop-coated  onto  a 
glass  surface.  This  substrate  was  observed  to  produce  strong  Raman  signals  (see  Figure  3a), 
which  we  presume  to  be  generated  only  by  molecules  adsorbed  onto  the  nanoparticle  surfaces.  In 
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the  absence  of  nanoparticles,  thin  films  of  2  did  not  generate  detectable  amounts  of  Raman 
backscattering.  Although  we  are  presently  unable  to  make  an  unambiguous  assignment  of  all  the 
group  frequencies,  there  are  two  pieces  of  evidence  which  are  strongly  suggestive  of  a  specific 
mode  of  chemisorption.  First,  many  of  the  signals  in  Figure  3a  are  substantially  different  in 
frequency  and/or  intensity  from  those  produced  by  polycrystaJline  samples  of  pure  2  (see  Figure 
3b).  Second,  several  of  Ae  peaks  in  Figure  3a  are  significantly  broadened,  most  notably  those  at 
720  and  856  cm’’  (AVi/2~30  cm'*).  This  broadening  is  commonly  attributed  to  inhomogeneities  due 
to  chemisorption  on  different  surface  lattices  or  a  decrease  in  vibrational  excited-state  lifetimes, 
both  of  which  can  strongly  affect  the  bandwidths  of  the  vibrational  modes  of  surfactants  which  are 
directly  adsorbed  onto  the  metal  surface.’^ 


Figure  3.  Raman  spectra  (500  mW  diode  laser,  X.=785  nm,  integration  time=30  sec)  of  substrates  containing 
resorcinarene  2.  a,  large  Au  nanoparticles  encapsulated  by  2.  b,  2  in  bulk  polycrystalline  phase,  c,  charge-stabilized 
Au  nanoparticles  with  an  overlayer  of  2. 


A  sample  in  which  2  was  physisorbed  to  the  surface  of  charge-stabilized  Au  colloid  was 
prepared  and  examined  by  SERS  for  comparison  (see  Figure  3c).  15-20  nm  Au  particles  generated 
by  citrate  reduction were  precipitated  onto  a  glass  slide  and  coated  with  a  thin  film  of  2.  This 
sample  produced  completely  different  Raman  scattering  frequencies  and  intensity  patterns  than 
those  generated  by  the  encapsulated  nanoparticles.  We  have  recently  ascertained  that  these  Raman 
signals  originate  from  adsorbates  other  than  2,  but  interestingly,  none  of  these  were  observed  prior 
to  addition  of  2,  suggesting  a  surface  dielectric  effect.’^  Nevertheless,  this  result  also  indicates  that 
the  signals  in  Figure  3a  are  the  result  of  direct  chemisorption  of  2  to  the  nanoparticle  surface. 


Figure  4.  a:  UV-vis  absorption  spectra  of  3-15  nm  Au  particles  dispersed  into  a  0.1  mM  solution  of  resorcinarene 
3  (Ref).  Treatment  with  one  equivalent  of  dodecanethiol  resulted  in  a  loss  of  absorbance  over  time  (t=0-72  h).  b,c: 
Transmission  electron  micrographs  of  Au  nanoparticle  dispersion  before  (b)  and  after  (c)  addition  of  dodecanethiol. 


Displacement  of  the  resorcinarenes  by  the  more  strongly  adsorbing  dodecanethiol  (C12SH) 
resulted  in  the  precipitation  of  the  larger  nanoparticles.  A  solution  containing  3-15  nm  Au  particles 
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stabilized  in  a  0.1  mM  solution  of  3  was  treated  with  one  molar  equivalent  of  C12SH  and  was 
observed  to  lighten  over  time,  as  quantified  by  UV-vis  absorption  spectroscopy  (see  Figure  4a). 
TEM  analysis  of  the  dispersions  before  and  one  week  after  C12SH  addition  indicate  that  particles 
>5  nm  in  diameter  were  no  longer  present,  correlating  the  loss  of  color  to  the  agglomeration  and 
precipitation  of  the  larger  particles  (see  Figures  4b,c).  This  demonstrates  the  resorcinarenes' 
exceptional  ability  to  prevent  the  larger  nanoparticles  from  aggregating  in  solution. 

Although  resorcinarenes  1-3  have  shown  potential  for  maintaining  large  Au  nanoparticles  in  a 
dispersed  state,  attempts  to  isolate  the  encapsulated  nanoparticles  from  solution  were  unsuccessful. 
Purification  by  repeated  precipitation  or  by  chromatography  resulted  in  extensive  degradation. 
Excessive  dilution  of  the  surfactant  also  led  to  the  gradual  precipitation  of  the  resorcin arene- 
encapsulated  particles,  suggesting  facile  chemical  exchange.  Appropriate  modification  of  the 
resorcinarene  headgroup  can  increase  the  robustness  of  the  encapsulation  shell,  so  that  charge- 
neutral  nanoparticles  can  be  isolated  and  characterized  as  discrete  chemical  entities. 

To  this  end,  we  have  recently  synthesized  tetrakis(phenylpho.sphinyl)resorcinarene  5*®  and 
have  found  it  to  be  an  excellent  surfactant  for  large  Au  nanoparticles.  The  four  phosphorus(III) 
atoms  on  the  headgroup  of  5  bond  more  strongly  to  the  Au  surface  than  the  ether  oxygens,  and  are 
also  able  to  act  synergetically  for  exceptionally  strong  chemisorption.  A  polydisperse  mixture  of 
Au  nanoparticles  was  generated  as  described  above  and  captured  in  a  0.1  mM  mesitylene  solution 
of  5.  These  encapsulated  particles  could  be  separated  from  excess  surfactant  by  preparative  gel- 
permeation  chromatography  (GPC)  and  concentrated  to  dryness  without  degradation.  Analytical 
GPC  analysis  using  a  Waters  Styragel  HR  4E  column  (CHCI3)  identified  a  high  molecular-weight 
species  with  strong  absorptivities  at  both  254  and  540  nm;  TEM  analysis  of  this  fraction  revealed 
large  Au  nanoparticles  (see  Figure  5). 


Figure  5.  Large  Au  nanoparticles  encapsulated  by  resorcinarene  5  (left)  were  isolated  by  gel  permeation 
chromatography  {middle)  and  visualized  by  transmission  electron  microscopy  (right). 


CONCLUSIONS 

We  have  shown  that  gold  nanoparticles  up  to  20  nm  in  diameter  can  be  successfully  stabilized 
by  resorcinarene-based  surfactants.  The  chemisorption  of  resorcinarenes  1-3  to  the  Au  surface  is 
most  likely  mediated  by  multidentate  Au-0  interactions,  which  were  of  sufficient  strength  to 
prevent  agglomeration  as  demonstrated  by  TEM  and  UV-vis  absorption  spectroscopy.  This 
specific  mode  of  chemisorption  is  supported  by  the  inability  of  methylene-bridged  resorcinarene  4 
to  stabilize  Au  nanoparticles,  as  well  as  by  surface-enhanced  Raman  spectroscopy.  The 
displacement  of  resorcinarenes  by  dodecanethiol  resulted  in  a  marked  precipitation  of  the  larger  Au 
nanoparticles,  indicating  that  tailgroup  mobility  is  an  important  factor  for  maintaining  the 
encapsulated  nanoparticles  in  a  dispersed  state.  The  surface  bonding  of  resorcinarenes  1-3  is  not 
strong  enough  to  enable  isolation  of  the  encapsulated  particles,  but  functionalizing  the  surfactant 
with  highly  chemisorptive  phosphorus  groups  addresses  this  limitation.  With  this  modification,  we 
anticipate  that  encapsulation  of  Au  nanoparticles  by  resorcinarene-based  surfactants  will  provide  a 
significant  advance  in  the  controlled  fabrication  of  nanoparticle-based  devices. 
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ABSTRACT 

Highly  oriented  proteins  with  characteristic  nanometer  dimensions  are  used  as  a  template  for 
the  synthesis  and  support  of  metallic  nanoparticles.  Following  a  bottom-up  approach,  noble 
metal  particles  in  the  nanometer  size  range  were  obtained  by  the  reduction  of  the 
corresponding  metal  salts  in  the  presence  of  the  protein  assemblies.  The  catalytic  activity  of 
the  protein-supported  particles  was  determined  by  hydrogenation  reactions. 

INTRODUCTION 

There  is  an  increasing  interest  in  nano-sized  metal  particles  due  to  their  new  catalytic  and 
electronic  properties.  With  decreasing  particle  size  the  ratio  of  surface  to  volume  increases 
continuously,  so  that  the  particle  properties  are  more  influenced  by  the  surface  atoms  instead 
of  the  lattice  atoms  [1].  Particles  in  the  nanometer  size  range  reveal  a  great  potential  for 
heterogeneous  catalysis  [2].  The  smaller  and  the  more  monodisperse  the  particles  are,  the 
better  should  be  their  catalytic  activity.  One  disadvantage  of  such  particles,  however,  is  a 
tendency  to  aggregate.  Aggregation  can  be  avoided  by  subsequent  particle  nucleation  and 
growth  on  a  supporting  template. 

Highly  oriented  protein  assemblies  with  characteristic  nanometer-sized  patterns  are  used  as  a 
template  for  the  nucleation,  growth  and  support  of  metallic  nanoparticles  (figures  1  and  2). 
These  microtubules  (MT)  are  built  by  protofilaments  consisting  of  longitudinally  connected 
ap  tubulin  heterodimers  of  about  8  nm  length.  Thirteen  protofilaments  are  arranged  in  parallel 
and  form  the  hollow  microtubule  cylinders  with  outer  diameters  of  25  nm  and  lengths  of 
several  micrometers  [3]. 


Figure  1:  Microtubules  are  formed  by  a  self 
assembly  process  at  physiological  pH  and 
temperature. 


Figure  2:  Scanning  electron  micrograph 
of  microtubules,  negatively  stained  with 
1%  uranyl  acetate  solution,  20  kV, 
m=l  00000  X 
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EXPERIMENTS 


Microtubule  assembly 

The  microtubule  (MT)  samples  were  prepared  by  an  in  vitro  self-assembly  process  of  pure 
tubulin  heterodimer  isolated  from  porcine  brain.  The  final  protein  concentration  was  about  1 
mg/ml.  The  MTs  were  assembled  in  a  buffer  solution  of  20  mM  PIPES  (1,4-piperazine 
diethane  sulfonic  acid,  pKa  6.8),  80  mM  NaCl,  0.5  mM  MgCl2,  1  mM  EGTA  (ethylene 
glykole-bis-(2-aminoethyIe)-tetraacetic  acid)  by  adding  of  0.25  M  GTP  (guanosin-5‘- 
triphosphate)  and  10  mM  taxol  (from  taxus  brevifolia)  and  warming  the  sample  up  to  37  °C. 
The  MT  formation  was  accompanied  by  turbidity  measurements  at  340  nm  wavelength.  The 
steady  state  level,  at  which  the  tubublin  mass  in  the  polymerized  state  shows  no  further 
increase,  was  usually  observed  after  20  min.  The  assembled  microtubules  were  chemically 
fixed  by  vigorous  stirring  in  0.05%  and  then  after  5  min  in  3%  glutaric  aldehyde.  The  samples 
were  dialyzed  against  buffer/H20  to  eliminate  excess  glutaric  aldehyde. 

Synthesis  of  nanoparticles 

200  |il  of  an  aqueous  Na2PdCl4  (0,0125  M,  pH  6.8)  solution  were  added  to  100  pi  of  the 
assembled  microtubules  and  280  pi  of  H2O.  The  Pd^"^  ions  were  reduced  with  trisodium  citrate 
(0.25  M  in  H2O)  at  90°C  in  1  h.  The  sample  was  dialyzed  against  buffer/H20  to  eliminate 
excess  Pd^"^. 

15  ml  of  a  commercial  gold  colloid  (5  nm,  10  nm,  20  nm  and  60  nm  in  diameter)  were 
concentrated,  each  added  to  100  pi  of  the  assembled  microtubules  and  immobilized  on  the 
microtubules  within  30  min  at  room  temperature.  2  nm  gold  particles  were  synthesized  on 
microtubules  by  reduction  of  a  HAuCU  solution  (1  g/ml  in  H2O)  with  NaBH4  (0.5  eq  in  H2O) 
at  0°  C.  These  gold  particles  served  as  nucleation  seeds  for  the  following  reduction  of  400  pi 
Na2PdCl4  (0.0125  M  in  buffer/H20  1:10,  pH  6.8)  with  40  pi  trisodium  citrate  (0.25  M  in  H2O) 
at  70°C  within  30  min.  The  sample  was  dialyzed  against  buffer/H20  to  eliminate  excess  Pd^^. 

Catalytic  Activity 

The  catalytic  activity  for  the  hydrogenation  of  crotonic  acid  was  determined  by  measuring  the 
hydrogen  consumption  per  mass  of  noble  metal  and  time  in  a  standard  test  reactor  at  25  °C 
and  atmospheric  pressure.  The  total  metal  content  was  analyzed  by  ICP  measurements. 

RESULTS 

Following  a  bottom-up  approach  noble  metal  particles  in  the  nanometer  size  range  are 
obtained  by  the  reduction  of  the  corresponding  metal  salts  in  the  presence  of  the  protein 
assemblies.  By  reduction  of  an  aqueous  Na2PdCl4  solution,  palladium  particles  (1-5  nm) 
could  be  nucleated  and  immobilized  on  the  tubulin  lattice  of  microtubules  (figure  3). 

The  catalytic  activity  of  these  microtubule-immobilized  palladium  nanoparticles  in  the 
hydrogenation  reaction  of  crotonic  acid  was  examined.  In  H2O  a  high  catalytic  activity  was 
measured  for  the  palladium  protein  material  (figure  4).  Under  these  reaction  conditions  the 
catalytic  activity  is  even  higher  than  for  commercial  Pd-charcoal  catalysts.  One  problem  is, 
however,  the  low  stability  of  the  protein  assemblies  as  support.  Additional  stabilization  of  the 
Pd  protein  material  can  be  performed  by  its  adsorption  on  AI2O3.  Under  reaction  conditions 
the  life-time  of  the  catalyst  is  improved  by  the  AI2O3  support. 
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Figure  3:  Transmission  electron  mi-  Figure  4:  Catalytic  activity  (hydrogenation 

crograph  of  small  palladium  particles  of  crotonic  acid  in  H2O)  for  different  Pd 

immobilized  on  microtubules.  catalysts. 


Layered  bimetallic  Au/Pd  particles  in  the  size  range  of  3  to  60  nm  have  been  synthesized  on 
microtubules  by  a  seed-growth  mechanism:  Au  seeds  of  different  sizes  linked  to  the  proteins 
by  thiol  groups  were  covered  with  a  Pd  layer  by  reduction  of  Na2PdCl4  vvith  sodium  citrate  at 
70°C  in  30  min  (figures  5  and  6).  Figures  7  and  8  show  particle  size  distributions  for  pure 
gold  particles  and  for  the  corresponding  bimetallic  Au/Pd  particles  determined  from  TEM 
images. 


Figure  5:  Transmission  electron  micro-  Figure  6:  Scanning  electron  micrograph 

graph  of  bimetallic  Pd/Au  particles  of  bimetallic  Pd/Au  particles  (20  nm),  3 

(mean  particle  diameter  61.6  nm)  immo-  kV,  m=50000  x. 

bilized  on  a  microtubule. 
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Figure  7:  Particle  size 
distribution  of  Au  par¬ 
ticles  (mean  particle  dia¬ 
meter  5.7  ±  0.7(a)nm). 


particle  size  [nm] 

Figure  8:  Particle  size 
distribution  of  bime¬ 
tallic  Au/Pd  particles 
(mean  particle  dia¬ 
meter  6.7  ±  1.2(a)nm). 


particle  size  [nm] 

Figure  9:  Catalytic  ac¬ 
tivity  for  different 
bimetallic  Au/Pd  parti¬ 
cles  on  microtubules 


3.8  nm  6.7  nm  10.1  nm  ~20nm  61.8  nm 

mean  particle  diameter 

The  catalytic  activity  of  the  microtubule  supported  bimetallic  Pd/Au  particles  was 
investigated  using  the  crotonic  acid  test.  The  resulting  activity  values  of  the  bimetallic 
systems  plotted  versus  the  mean  particle  diameter  are  shown  in  figure  9.  The  highest  values 
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were  observed  for  bimetallic  particles  of  3.8  nm  mean  particle  diameter.  Within  the  range  of 
the  investigation  an  increase  in  catalytic  activity  is  observed  with  decreasing  particle 
diameter.  The  synthesis  of  smaller  particles  is  still  under  investigation. 

SUMMARY 

Pure  Pd  as  well  as  bimetallic  Pd/Au  particles  in  the  nanometer  size  range  have  been  nucleated 
and  immobilized  on  the  protein  matrix  of  microtubules.  These  Pd  and  Pd/Au  protein  materials 
show  a  high  catalytic  activity  for  the  hydrogenation  reaction  of  crotonic  acid  in  H2O. 
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ABSTRACT 

Ion-implantation  and  thermal-processing  methods  have  been  used  to  form  nanophase 
magnetic  precipitates  of  metallic  cobalt  that  are  embedded  in  the  near-surface  region  of  single 
crystals  of  AI2O3.  The  Co  precipitates  are  isolated,  single-crystal  particles  that  are 
crystallographically  oriented  with  respect  to  the  host  AI2O3  lattice.  Embedded  nanophase  Co 
precipitates  were  formed  by  the  implantation  of  Co"^  at  an  energy  of  140  keV  and  a  dose  of  8  x 
10*^  ions/cm^  followed  by  annealing  in  a  reducing  atmosphere.  The  implanted/annealed  Co 
depth  profile,  particle  size  distributions  and  shapes,  and  the  orientational  relationship  between 
the  nanophase  precipitates  and  the  host  crystal  lattice  were  determined  using  RB S/channeling, 
transmission  electron  microscopy,  and  x-ray  diffraction.  Magneto-optical  effects  arising  from 
Co  precipitates  formed  in  the  near-surface  region  of  AI2O3  were  observed  and  characterized 
using  magnetic  circular  dichroism.  Magnetic  properties  of  the  Co-particle/host  nanocomposites 
were  investigated  in  the  temperature  range  of  77  to  295  K  in  applied  fields  of  up  to  10  kG  using 
a  superconducting  quantum  interference  device  (SQUID)  magnetometer.  Implantation  of  the 
Co  particles  by  Pt  or  Xe  ions  produced  a  large  anisotropic  increase  in  their  coercivity. 
Accordingly,  these  magnetic  nanoparticle  systems  may  be  of  interest  for  magnetic  data  storage 
applications.  Details  of  the  magnetic  properties  of  the  C0/AI2O3  nanocomposites  including  their 
retentivity,  coercivity,  saturation  field,  and  magnetic  anisotropy  are  presented. 

INTRODUCTION 

Recent  work  has  shown  that  "smart"  surfaces  can  be  created  on  inactive  host  materials  by 
using  ion  implantation  and  thermal  processing  to  form  embedded  active  nanophase  precipitates 
[1,2].  "Smart"  surfaces  have  intrinsic  properties  that  combine  both  sensing  and  actuating 
functions,  and  the  implantation/thermal-processing  concept  for  the  creation  of  smart  surfaces  was 
first  established  in  the  case  of  VO2  precipitates  that  were  formed  in  single-crystal  AI2O3  [1]. 
Recently,  the  ion-implantation/annealing  approach  to  the  formation  of  active  nanocomposite 
surfaces  has  been  extended  to  include  nanophase  magnetic  precipitates,  and  magnetic 
nanocomposite  surfaces  have  been  formed  in  yttrium  stabilized  (cubic)  zirconia  (Zr02)  by  using 
implantation  and  thermal  processing  to  create  embedded  metallic  a-Fe,  magnetite  (Fe304)  and  Ni 
nanophase  particles  [3,4].  These  precipitates  exhibit  a  unique  combination  of  properties:  e.g., 
each  particle  is  a  single  crystal  that  is  crystallograhically  aligned  with  respect  to  the  host  crystal, 
the  precipitates  are  isolated  from  each  other  by  the  host  so  there  are  effectively  no  interparticle 
grain-boundary  effects,  the  particles  are  often  faceted,  and  they  are  protected  from  the 
environment  by  the  surrounding  host  matrix.  These  surface  nanocomposites  represent  a  new 
class  of  materials  with  potential  data  storage  and  optical  communications  applications. 

The  present  work  extends  our  prior  investigations  of  magnetic  nanocomposite  surfaces  to 
the  formation  and  characterization  of  Co  precipitates  in  a  single-crystal  AI2O3  host.  In  this  case, 
the  magnetic  properties  of  the  crystallographically  oriented  Co  particles  can  be  altered  by  Pt-ion 
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implantation  to  induce  highly  anisotropic  magnetic  properties  and  to  increase  the  Co-particle 
coercivity  up  to  a  value  of  .3  kG. 

EXPERIMENT 

The  implantation  of  Co"^  ions  into  (OOOl)-oriented  a-Al203  single  crystals  was  carried  out 
at  a  temperature  of  -302  K,  an  implant  energy  of  140  keV,  and  a  dose  of  8.0  x  lO'^  ions/cm^.  An 
average  implanted-Co-ion  depth  of  -50  nm  below  the  AI2O3  surface  was  calculated  using  the 
TRIM  code.  In  order  to  form  precipitates  of  the  implanted  species,  subsequent  thermal 
treatments  were  carried  out  for  2  h  in  a  slightly  reducing  atmosphere  of  Ar  +  4%H2  using  a  tube 
furnace  at  T  =  1100  °C.  After  2  h  at  this  temperature,  the  samples  were  quenched  to  room 
temperature.  The  implantation  of  PC  ions  subsequent  to  the  formation  of  metallic  Co 
precipitates  in  AI2O3  was  carried  out  at  a  sample  temperature  of -3 02  K  and  an  implant  energy  of 
230  keV.  PC  implant  doses  ranging  from  10  ^  to  10'^  ions/cm^  were  used  in  order  to  investigate 
the  effect  of  Pt  doping  on  the  magnetic  properties  of  Co  particles  in  AI2O3.  The  Pt-ion 
implantation  depth  was  calculated  using  the  TRIM  code  in  order  to  superimpose  the  Pt-implant 
depth  with  that  of  the  metallic  Co  precipitates. 

The  metallic  Co  precipitates  in  single-crystal  AI2O3  were  characterized  prior  to  and  after 
Pt-ion  implantation  by  using  Rutherford  backscattering  (RBS)/channeling  spectroseopy,  x-ray 
diffraction,  transmission  electron  microscopy  (TEM),  and  magnetic  circular  dichroism  (MCD). 
MCD  is  a  magneto -optical  technique  that  measures  the  difference  in  absorption  between  right- 
and  left-circularly  polarized  light.  MCD  measurements  were  made  using  a  10  kG  electromagnet 
and  utilized  photoelastic-polarization  modulation  to  investigate  the  magneto-optical  effects  as  a 
function  of  wavelength  and  applied  magnetic  field  with  both  the  polarization  of  the  light  and  the 
applied  field  oriented  perpendicular  to  the  specimen  surface  [5].  The  anisotropic  magnetic 
properties  of  the  precipitate  system  were  determined  using  a  superconducting  quantum 
interference  device  (SQUID)  magnetometer.  The  magnetization  and  magnetic  anisotropy  of  the 
Co  precipitates  both  prior  to  and  after  Pt  implantation  were  investigated,  and  magnetization 
curves  were  measured  at  -297  K  and  77  K  with  the  applied  magnetic  field  oriented  parallel  or 
perpendicular  to  the  plane  containing  the  implanted  particles.  Complementary  chemical  analysis 
in  the  precipitate  region  was  carried  out  during  the  TEM  examination  by  using  energy-dispersive 
spectroscopy  (EDS),  and  x-ray  diffraction  measurements  were  performed  using  a  rotating-anode 
Cu  K„i  x-ray  source,  a  vertically  focusing  LiF  monochromator,  and  a  Huber  four-circle 
diffractometer. 

RESULTS  AND  DISCUSSION 

TEM  and  X-ray  Analysis  of  Co  Particles  in  AI2O3 

TEM  micrographs  illustrating  both  plan-view  (a)  and  cross-sectional  (b)  images  of 
metallic  Co  particles  formed  by  ion  implantation  and  thermal  processing  are  shown  in  Fig.  1. 
Moir^  fringes  can  be  seen  in  the  cross-sectional  view  and  provide  an  indication  of  the  degree  of 
crystallographic  alignment  of  the  Co  particles.  The  relatively  strong  faceting  observed 
previously  in  the  case  of  metallic  a-Fe  particles  in  cubic  zirconia  [4]  is  not  evident  in  the  Co 
particles,  and  the  Co-particle  shape,  as  indicated  by  the  two  perpendicular  TEM  images,  is 
essentially  spheroidal. 
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Fig.  1  (a)  plan  view  and  (b)  cross-section  TEM  micrographs  for  metallic  Co  particles  in 

AI2O3  illustrating  the  spheroidal  precipitate  shape. 

The  details  of  the  crystallographic  properties  of  the  C0/AI2O3  nanocomposite  system  are 
presented  in  Fig.  2.  Part  (a)  of  Fig.  2  is  a  0-20  scan  along  the  surface  normal  that  shows  the 
AI2O3  substrate  peak  along  with  a  Co  nanocrystal  peak  which  can  be  indexed  either  as  a  close- 
packed  hexagonal  (hep)  Co  (002)  or  as  a  face-centered  cubic  (fee)  Co  (111)  reflection.  Figure 
2(b)  shows  an  X-ray  scan  along  a  direction  that  was  specifically  chosen  to  distinguish  between 
the  hep  and  fee  Co  structures.  Labeled  in  hep  units,  this  scan  is  along  the  [001]  direction  through 
the  (lOL)  reciprocal-lattice  positions  [6].  Peaks  at  integral  L  values  correspond  to  the  hep 
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Fig.  2  X-ray  diffraction  patterns  for  Co  particles  in  AI2O3,  (a)  0-20  scan  and  (b)  L-scan. 
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structure,  while  peaks  at  n/3  positions  correspond  to  the  fee  structure.  Both  types  of  peaks  are 
present  in  this  scan,  indicating  that  the  Co  precipitates  have  mixed  crystal  structures.  A  mixed 
structural  character  is,  in  fact,  common  in  bulk  Co  crystals  when  a  high  density  of  stacking  faults 
is  present.  An  x-ray  phi  scan  established  that  the  Co  precipitates  are  three-dimensionally  aligned 
with  the  AI2O3  substrate.  The  orientational  relationships  are  given  by:  hep  Co  (001)  j|  AI2O3 
(001)  out  of  plane,  Co  [100]  1|  AI2O3  [1 10]  in  plane,  and  fee  Co  (1 1 1)  |i  AI2O3  (001)  out  of  plane, 
Co  [2lT]  |j  AI2O3  [1 10]  in  plane. 

Magnetic  Properties  of  Co  particles  in  AI2Q3  Before  and  After  Pt  Implantation 

Figure  3  shows  the  magnetization  curve  of  Co  nanoparticles  in  AI2O3  as  determined  by 
SQUID-magnetometer  measurements  at  T  =  -297  K.  As  indicated  in  the  table  accompanying 
Fig.  3,  the  Co-particle  coercivity  and  remanence  are  150  G  and  4%  respectively.  It  is  well 
established  that  the  addition  of  Pt  to  bulk  Co  alloys  can  significantly  increase  the  coercive  field, 
and  alloys  of  this  type  are  routinely  used  in,  for  example,  hard  disk  drives  for  magnetic  data 
storage.  Accordingly,  Pt  implants  into  the  region  occupied  by  the  Co  particles  in  the  AI2O3  host 
were  undertaken  in  order  to  determine  whether  increases  in  the  coercivity  could  be  induced  in 
the  Co  nanoparticle  case.  The  magnetization  curve  observed  after  Pt  implantation  into  the  region 
occupied  by  the  Co  particles  is  also  shown  in  Fig.  3.  The  accompanying  Table  shows  that,  as  a 
result  of  the  Pt-ion  implantation,  the  Co-particle  coercivity  has  increased  from  150  to  1 140  G 
while  the  remanence  increased  from  4  to  46%. 
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Fig.  3  Magnetization  curve  for  metallic  Co  particles  in  AI2O3  and  Pt-implanted  Co 
particles  in  AI2O3. 

Figure  4  shows  the  anisotropy  of  the  magnetization  curves  at  297  K  for  unimplanted  Co 
and  Pt-implanted  Co  nanoparticles  in  AI2O3  as  determined  by  SQUID  magnetometer 
measurements  made  with  the  applied  magnetic  field  perpendicular  or  parallel  to  the  plane 
occupied  by  the  precipitates  [see  the  insets  in  Figs.  4(a)  and  (b).]  Prior  to  Pt-ion  implantation, 
the  magnetization  curves  in  Fig.  4(a)  are  similar  for  the  parallel  and  perpendicular  orientations  of 
the  applied  magnetic  field.  After  Pt  implantation,  however,  the  magnetization  curve  of  the  Co- 
particle/Al203  nanocomposite  [see  Fig.  4(b)]  shows  a  significant  difference  between  the  parallel 
and  perpendicular  applied-field  cases.  Accordingly,  the  Pt-implanted  material  is  characterized 
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Fig.  4  Magnetization  curves  of  metallic  Co  particles  in  AI2O3  (a)  prior  to  and  (b)  after 
implantation  with  Pt,  measured  at  T  =  297  K.  The  magnetic  field  is  applied  parallel 
or  perpendicular  to  the  AI2O3  surface  (i.e.,  parallel  or  perpendicular  to  the  plane 
containing  the  precipitates  as  shown  in  the  inset.) 


by  highly  anisotropic  magnetic  properties  at  room  temperature  that  are  not  observed  for  the 
unimplanted  Co  precipitates.  One  interesting  feature  of  the  magnetic  anisotropy  of  the  Pt- 
implanted  Co  nanocomposite  is  that  the  larger  coercive  field  occurs  when  the  external  magnetic 
field  is  applied  perpendicular  to  the  AI2O3  surface. 

During  the  ion-implantation  process,  the  introduction  of  the  implanted  species  into  a 
given  region  of  a  host  is  also  accompanied  by  the  creation  of  a  significant  amount  of  displacive 
radiation  damage.  Accordingly,  experiments  were  undertaken  in  which  chemically  inactive  Xe 
ions  were  implanted  into  the  Co-precipitate  region  in  order  to  ascertain  whether  the  coercivity 
increase  found  for  the  case  of  Pt  ion  implantation  was  due  to  doping  or  radiation  effects.  The 
MCD-detected  hysteresis  loops  shown  in  Fig.  5(a)  provide  a  comparison  of  the  effect  of  Pt  or  Xe 
ion  implantation  on  the  magnetic  properties  of  Co  nanoparticles  in  AI2O3.  A  Xe  implantation 
dose  of  9.0  X  lO'^  ions/cm^  was  calculated  using  the  TRIM  code  in  order  to  produce 
approximately  the  same  damage  in  dpa  as  Pt  implantation  at  a  dose  of  6.4  x  10*^  ions/cm^.  A 
significantly  larger  effect  on  the  Co-particle  magnetic  properties  was  observed  in  the  case  of  the 
Pt  ion  implantation,  however.  Moreover,  the  coercivities  obtained  from  the  MCD-detected 
hysteresis  loops  are  plotted  in  Fig.  7(b)  as  a  function  of  dose  for  Pt"^  and  Xe^  ion  implantation. 
The  Co-particle  coercivities  for  both  Pt  and  Xe  implantation  initially  increase  with  increasing  ion 
dose  and  eventually  reach  a  saturation  value.  As  shown  in  Fig.  5(b),  the  saturation  value  of  the 
Co-particle  coercivity  for  the  Pt-implantation  case  is  significantly  larger  than  for  the  case  of  Xe- 
ion  implantation.  This  result  suggests  that,  in  addition  to  a  radiation-induced  increase  of  the  Co¬ 
precipitate  coercivity,  a  Pt-doping  effect  may  be  operative  in  the  case  of  the  Pt-implantation- 
induced  increase  in  the  Co-particle  coercivity. 
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Fig.  5  The  effect  of  Pt-  and  Xe-ion  implantation  on  the  magnetic  properties  of  Co 
nanoparticles  in  AI2O3  as  determined  from  MCD  measurements,  (a)  Magnetization 
curves  at  298  K  for  a  Pt  dose  of  6.4  x  lO'^  ions/cm^  and  a  Xe  ion  dose  of  9.0  x  lO'^ 
ions/cm^.  The  Pt  ion  implantation  is  more  effective  in  increasing  the  Co-particle 
coercivity.  (b)  a  plot  of  the  coercivity  increase  versus  implant  dose  for  Pt  and  Xe 
implantation. 

SUMMARY 

Crystallographically  oriented,  single-crystal  Co  nanoparticles  have  been  formed  in  near¬ 
surface  region  of  AI2O3  single-crystal  hosts  by  ion  implantation  and  thermal  treatment. 
Subsequent  implantation  of  the  Co  particles  by  Pt  or  Xe  produced  a  significant  increase  in  the 
Co-particle  coercivity  at  room  temperature  with  the  applied  magnetic  field  oriented 
perpendicular  to  the  plane  occupied  by  the  Co  particles.  The  coercivity  after  Pt  or  Xe 
implantation  was  significantly  lower  when  the  applied  magnetic  field  was  oriented  in  the  plane 
containing  the  precipitates. 

ACKNOWLEDGEMENT 

This  research  was  sponsored  by  the  Division  of  Materials  Sciences,  U.S.  Department  of 
Energy  under  Contract  No.  DE-AC05-96OR22464  with  Lockheed  Martin  Energy  Research 
Corp. 


REFERENCES 

1.  L,  A.  Gea  and  L.  A.  Boatner,  Appl.  Phys.  Lett.  68,  3081  (1996). 

2.  L.  A.  Gea,  J.  D.  Budai,  and  L,  A.  Boatner,  J.  Mater.  Res.  14,  2602-2610  (1999). 

3.  L.  A.  Gea,  S.  Honda,  L.  A.  Boatner,  T.  E.  Haynes,  B.  C.  Sales,  F.  A.  Modine,  A.  Meldrum, 
J.  D.  Budai,  and  L.  Beckers,  Mat.  Res.  Symp.  Proc.  501,  137  (1998). 

4.  S.  Honda,  F.  A.  Modine,  A.  Meldrum,  J.  D.  Budai,  T.  E.  Haynes,  L.  A.  Boatner,  and 
L.  A.  Gea,  Mat.  Res.  Symp.  Proc.  540, 225  (1999). 

5.  R.  Laiho,  Phys.  Stat.  Sol.  (b)  69,  579  (1975). 

6.  T.  Lei,  K.  F.  Ludwig,  Jr.,  and  T.  D.  Moustakas,  J.  Appl.  Phys.  74,  4430  (1993). 


76 


CAN  WE  DETERMINE  THE  BARRIER  RESISTANCE  FOR  ELECTRON 
TRANSPORT  IN  LIGAND  STABILIZED  NANOPARTICLES  FROM  INTEGRAL 
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ABSTRACT 

By  means  of  integral  temperature  dependent  conductance  measurements,  the  effective 
capacitance  of  ligand  stabilized  nanoparticles,  arranged  in  dense  packings  or  networks,  can  be 
deduced  from  the  activation  energy  of  the  charge  transport,  for  which  the  use  of  the  Landauer 
formula  is  proposed.  According  to  this,  the  barrier  resistance  in  ligand  stabilized  nanoparticle 
arrangements  depends  predominantly  on  the  inter  particle  spacing  rather  than  on  the  chemical 
composition  of  the  molecules.  Comparison  with  data  of  the  single  molecule  resistance  determined 
by  local  probe  techniques  or  by  theoretical  methods  shows  remarkable  aggreement. 

INTRODUCTION 

During  the  nineties  chemical  synthesis  of  nanoparticles  or  nanostructured  solids  has 
evolved  to  an  important  field  in  science  and  technology.  The  topic  of  many  developments  is  the 
designed  formation  of  specific  structures  of  matter,  for  example  the  generation  of  single  quantum 
dots  [1]  or  solids  with  quantum  dot  [2]  or  quantum  anti-dot  superstructures  [3].  Inspired  by  the 
unique  properties  of  these  materials  a  lot  of  efforts  have  been  made  to  tailor  one,  two  and  three 
dimensional  nanoparticle  arrangements  utilizing  the  principles  of  supermolecular  chemistry. 
When  such  small  conducting  objects  of  a  few  nanometers  like  metal  or  semiconductor 
nanoparticles  are  arranged  in  a  small  spatial  distance  of  approx.  1  nm  in  one,  two  or  three 
dimensions,  tunnel  junctions  with  electrical  capacitances  of  less  than  10'"^  F  are  generated  [1]. 
This  allows  the  handling  of  individual  charges  by  means  of  single  electron  tunneling  (SET), 
which  has  been  recognized  to  be  the  fundamental  concept  for  ultimate  miniaturization  in 
electronics  [4].  In  order  to  realize  SET  the  following  two  conditions  must  be  fulfilled:  (i)  The 
insulating  barriers  must  be  high  and  thick  enough,  to  provide  an  essential  decay  of  the  electron 
wave  function  outside  the  nanoparticle.  In  spite  of  relatively  complex  and  rigorous  quantum 
mechanical  consideration,  this  condition  can  be  formulated  quantitatively  using  the  tunneling 
resistance  as  a  characteristic  of  the  tunneling  junction,  which  must  exceed  the  resistance 
quantum  =  h/2e~  =  12.9  kQ,  i.e.  R-p  »  R^^.  Then,  the  electrons  can  be  considered  being 
localized  and  their  number  already  behaves  classically,  although  they  are  subjected  to 
thermodynamic  fluctuations  as  well  as  every  statistical  variable,  (ii)  In  order  to  suppress  thermal 
fluctuations  the  energy  required  to  add  an  extra  electron  to  the  nanoparticle  should  be 
significantly  higher  than  kgT,  i.e.  =  eV2C  »  kgT  where  C  is  the  effective  capacitance  of  the 
nanoparticle. 

The  family  of  ligand  stabilized  metal  clusters  like  Au35(PPh3)i2Cl6,  Pt309phen*35O30  or 
Pd36iphen3602oo  (phen*  =  batho-phemnthro\inc,  phen  =  1,10-phenantroline)  are  uniform 
chemically  tailored  metallic  nanoparticles  in  the  size  range  from  1.4  -  2.4  nm  [5],  and  they  fulfill 
these  requirements  for  SET.  They  consist  of  a  metal  core  with  a  well  defined  atom  number,  which 
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is  surrounded  or  "dressed"  by  a  protecting  ligand  shell.  If  these  particles  are  attached  to  each 
other  the  ligand  shell  acts  like  an  insulating  spacer  between  the  metal  cores  (see  Fig.  1).  While  the 
incremental  charging  energy  follows  the  scaling  law  ~  Mr  (r  =  radius),  in  those 
nanoparticles  SET  can  be  observed  up  to  the  range  of  room  temperature  [6].  This  experimental 
evidence  indicates  that,  however,  Rj  of  the  surrounding  stabilizing  ligand  molecules  is  large 
enough  to  overcome 

Although  organic  molecules  display  a  rich  variety  in  their  electrical  properties  when  they 
are  in  the  condensed  state,  about  the  insulation  or  conduction  properties  of  individual  organic 
molecules,  which  determine  the  charge  transport  through  nanoparticle  arrangements  or  molecular 
devices,  just  a  little  is  known. 

In  this  work  an  attempt  has  been  made  to  deduce  the  resistance  of  organic  ligand  and 
spacer  molecules  from  integral  conductance  measurements  according  to  the  approach,  which  is 
described  in  the  following. 

EXPERIMENTAL  BACKGROUND 

Most  recently  the  chemical  tailoring  of  the  activation  energy  by  insertion  of  bifunctional 
dielectric  spacer  molecules  into  a  three  dimensional  arrangement  of  Au5.^(PPh3),2C4  and 
Pd5g,phen3g02oo  clusters  has  been  reported  [7]. 

Figure  1 :  Two  attached  ligand 

stabilized  metallic  particles 
forming  a  tunnel  Junction  via  the 
ligand  shell  of  length  L.  An 
electron  entering  the  barrier  from 
the  left-hand  space  (cluster  1)  has 
the  transmission  probability  T  and 
the  reflection  probability  R,  where 
T=\  -R. 


The  initial  idea  was  to  strech  the  cluster  package  in  comparison  to  a  densiest  sphere  packing  and 
by  this  to  increase  the  inter-particle  spacing,  which  denotes  the  spatial  distance  L  between  the 
surface  of  neighboring  clusters  (see  Fig.  1).  This  should  lead  to  an  increase  of  the  activation 
energy,  i.  e.  a  decrease  of  the  electrical  capacitance  between  the  clusters.  The  activation  energy 
E^,  i.e.  the  energy  barrier  that  has  to  be  overcome  to  transfer  a  single  electron  from  an  initially 
neutral  cluster  to  a  neutral  nearest  neighboring  cluster,  is  dependent  on  the  capacitance  C,  as 
follows  from  E^  =  e'/2C.  It  can  be  determined  directly  from  the  temperature  dependence  of  the 
dc  conductance  G(T)  of  the  cluster  arrangements,  which  have  been  investigated  on  pres.sed  pellets 
or  on  thick  films  deposited  on  microelectrode  structures.  Earlier  investigations  on  the  electrical 
properties  of  this  ligand  stabilized  metal  clusters  have  already  shown  that  particularly  at  high 
temperatures  thermally  activated  electron  hops  between  nearest  neighbors  instead  of  hops  of 
variable  range  dominate  the  charge  transport.  This  is  reflected  by  a  temperature  dependence 
according  to  the  Arrhenius  relation  log  G(T)  ~  E/k^T,  As  an  example  Fig.  2  shows  the 
Arrhenius  plot  of  the  Pd.56|-cluster  in  dense  packing  {E^  =  0.02  eV)  and  with  inserted  spacer 
molecules  (cluster  network,  E^-0.05  eV). 
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Figure  2:  Plot  of  the  conduc¬ 

tance  G  (T)  in  a.u.  versus  1/T  (80K- 
300K)  of  a  dense  packing  of  Pdj^i- 
clusters  as  well  as  of  a  Pdj^i-cluster 
network  (as  shown  in  the  simplifying 
model) 


While  the  cluster  size  is  kept  constant  when  the  cluster  spacing  in  increased  by  the  spacer 
molecules,  it  could  be  shown  that  that  the  increases  linearly  with  the  length  of  the  spacer 
molecules  according  to  the  classical  description  of  a  junction  capacitance  C  =  SgSA/d,  where  A/d 
is  the  geometric  parameter  and  S  is  the  dielectric  constant  of  the  dielectric  in  a  parallel  plate 
capacitor.  These  results  are  summarized  in  Tab.  I. 

THEORETICAL  APPROACH 


Since  the  activation  energy  reflects  the  barrier  an  electron  has  to  overcome  to  hop  from  an 
uncharged  nanoparticle  to  an  uncharged  neighboring  nanoparticle,  the  value  of  is  assumed  to 
be  equivalent  to  the  absolute  barrier  hight  in  the  concept  of  the  Landauer  formalism  [8].  This 
model  decribes  conduction  as  transmission  and  allows  to  estimate  the  electrical  resistance  of 
arbitray  barriers  in  mesoscopic  systems.  The  Landauer  formula 


2e' 

G  =  -  M  T 

h 


(1) 


connects  the  conductance  G  (or  resistance  G  ’,  resp.)  of  a  barrier  with  the  transmission  probability 
T  of  an  electron,  passing  from  one  electrode  through  a  barrier  (insulator  or  conductor)  into  another 
electrode.  M  is  the  number  of  transverse  modes,  i.e.  the  number  of  energy  channels  through  the 
barrier.  As  long  as  the  voltage  between  the  two  electrodes  is  small  enough  (with  much  less  than 
~1V  being  droped  across  the  molecule),  the  conduction  through  the  barrier  will  involve  tunneling 
rather  than  propagation  [8].  The  transmission  probability  is  approximated  by 

r  .  ,  ,21 


where  V  is  the  absolute  height  of  the  barrier  and  V-E  is  the  barrier  height  an  electron  with  energy 
E  and  mass  m  "feels",  when  it  enters  the  barrier.  Thus,  the  resistance  of  the  barrier  is 

G  '  -  12.9  m  _ 


Regarding  the  transport  of  electrons  between  nanoparticles,  M  =  1  is  assumed,  since  the 
charging  of  the  particle  by  one  excess  electron  will  change  the  electrical  potential  essentially  to 
prevent  further  charging.  Assuming  that  the  effective  height  of  the  barrier  is  represented  by  the 
activation  energy,  the  resistance  of  the  barrier  can  be  calculated  via  (3). 
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RESULTS  AND  DISCUSSION 


Since  this  is  a  very  simplicistic  approximation,  the  results  need  to  be  compared  with  results 
determined  by  different  methods  for  consistency.  Actually,  there  are  three  different  methods, 
which  are  predominatly  discussed  in  the  current  literature  to  determine  the  resistance  of  individual 
molecules.  These  are: 

measuring  the  conductance  through  individual  ligand  stabilized  metal  nanoparticles  via 
scanning  tunneling  spectroscopy  (STS)  [9]  or  in  a  SET  transistor  arrangement  with  ligand 
stabilized  nanoparticles  as  central  electrode  [10] 

measuring  G(T)  through  highly  ordered  two  dimensional  or  three  dimensional  nanoparticle 
arrays  (superlattices).  This  method  assumes  that  at  infinitely  high  temperature  (T-'oo),  which  can 
be  approximated  via  the  Arrhenius  relation,  all  linking  spacer  or  ligand  molecules  contribute  to 
the  overall  conductance.  Then  the  resistance  of  the  individual  molecules  can  be  deduced  via 
Kirchhoffs  laws  from  an  idealized  resistor  network  [11,12].  This  approach  can  just  be  applied  to 
highly  ordered  systems,  it  is  not  applicable  to  the  cluster  samples  examined  in  this  work,  which 
exhibit  a  certain  degree  of  disorder 

computation  of  the  transmission  function  and  calculation  of  the  midgap  resistance  of 
individual  molecules,  taking  into  account  the  electronic  and  geometric  structure  of  the  molecules 
obtained  from  the  extended  Hiickel  method  [12,13]. 

The  results  of  the  conductance  measurements  on  the  ligand  stabilized  clusters  and  those  of 
the  three  methods  described  above  are  plotted  in  Fig.  3,  where  each  measuring  point  is  labeled 
according  to  Tab.  1. 


Figure  3:  Plot  of  the  resistance  of 

individual  molecules  with  length  L, 
forming  a  tunneling  barrier  between 
metallic  electrodes.  The  dotted  line 
represents  the  linearized  trend  of  the 
whole  set  of  data. 


The  plot  reflects  remarkable  aggreement  between  the  values,  which  have  been  deduced  from  our 
experiments  according  to  the  approach  described  here,  and  those  values,  which  have  been 
obtained  from  the  three  diffent  methods  described  above.  In  spite  of  its  simplicity  the  approach 
introduced  allows  an  estimation  of  the  ligand/spacer  resistance.  According  to  this  the  resistance 
is,  however,  predominantly  determined  by  the  length  of  the  molecules  rather  than  by  their 
chemical  composition.  This  was  somehow  surprising,  since  from  aliphatic  molecules,  like 
hexanedithiol  or  dodecanethiol,  an  insulating  behavior  was  expected,  while  conjugated  molecules, 
like  BATA  or  ADI,  should  behave  like  molecular  wires  with  significant  conductance.  Thus,  the 
ligands/spacers  act  like  dielectrics  which  are  suffciantly  insulating  to  fulfill  Rj» 
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Table  1;  Summary  of  the  experimental  results  and  refence  data  determined  by  different  methods 


Method 

Length  [nm] 

E,[eV] 

Resistance  [Q] 

Reference 

B 

Pd^fii/phenantroline 

Ea,  R(Landauer) 

0.5 

0.02 

2.66E4 

this  work 

B 

Au„(Ph,QH.SO,H)nCk 

Ea,  R(Landauer) 

0.7 

0.16 

2.ooE5 

this  work 

B 

l.2nin  Au/a,a'-xylenedithiol 

1.02 

8.8±1.2E6 

[9] 

B 

bulk  Au/a,a'-xyIendithiol 

Ext.  Hiickel 

1.02 

. 

4.5±0.5E6 

[13] 

B 

Cu„Se,^(PPhO„/single  cryst. 

1.12 

0.16 

1.2E6 

this  work, [14] 

B 

Ea,  R(Landauer) 

1.12 

0.17 

1.36E6 

this  work,  [14] 

B 

lOnm  Au/hexanedithiol 

SET  transistor 

1.2 

. 

6E6 

[101 

B 

lOnm  Au/hexanedithiol 

SET  transistor 

1.2 

_ 

3E6 

[10] 

B 

Aus^/hexanedi  thiol 

Ea,  R(Landauer) 

1.2 

0.15 

1.51E6 

this  work 

B 

Pd, m/DDE 

Ea,  R(Landauer) 

1.2 

0.05 

2.0 1E5 

this  work 

fl 

bulk  Au/ADT 

Ext.  Huckel 

1.7 

. 

4.3E7 

[131 

B 

3-7  nm  Au/ADT 

1.7 

. 

2.9E7 

[11] 

B 

Au„/DDE 

Ea,  R{Landauer) 

1.9 

0.17 

4.00E7 

this  work 

B 

Au„/BATA 

Ea,  R(Landauer) 

2.1 

0.23 

I.95E8 

this  work 

B 

3.7  nm  Au/ADI 

2.2 

_ 

4.30E10 

[121 

B 

3.7  nm  Au/BPdT 

. 

9.00E10 

[12] 

fl 

3.7  nm  Au/dodecanethiol 

3D  superlattice  G(T-'“) 

2.4 

8.00E11 

[12] 

fl 

Au„/POB 

IIBIBSHEHSIIil 

2.8 

0.20 

1.22E10 

this  work 

DDE  =  4,4'-diamino-l,2-diphenylethane,  ADI  =  l,4-di(4-isocyano-phenylethynyl)-2-bencene, 
ADT  =  dithiol  derivative  of  ADI,  BATA  =  bis{5-[(4-aminophenyl)-ethinyl]-3-methyl-thiene'2- 
yl}  acetylene,  BPDT  =  4,4'-diphenyledithiol,  POB  =  l,4-bis{3-propeneacid[l-(8-N- 
pyridiniumbromide)octyleester)]bencene 

CONCLUSIONS 

A  simple  approach  is  introduced  to  derive  the  resistance  of  ligand  and  spacer  molecules  in 
nanoparticle  arrangements  from  the  activation  energy  of  charge  transport,  obtained  from  integral 
temperature  dependent  conductance  measurements.  This  approaeh  makes  use  of  the  Landauer 
formula  and  it  allows  a  first-order  estimate  of  the  resistance  of  single  molecule,  which  is  found  to 
be  in  remarkable  aggreement  with  the  reference  data,  obtained  by  different  methods.  This  leads  to 
the  conclusion  that  the  charge  transport  through  the  organic  molecules  in  volves  tunneling  rather 
than  propagation.  A  more  precise  determination  of  the  conducting  properties  of  individual 
molecules  requires  more  sophisticated  experimental  techniques,  like  local  probe  measuring 
techniques,  but  the  likewise  simple  experimental  and  theoretical  procedure  described  here  might 
be  useful  for  future  work  on  structure/property-relations  in  nanoparticle  arrangements,  or  in 
general,  in  nanocomposite  materials. 
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ABSTRACT 

This  paper  describes  a  procedure  based  on  the  Tollens’  process  for  preparing  crystalline 
nanoparticles  of  silver  with  well-controlled,  uniform  sizes.  The  starting  reagents  are  similar  to 
those  commonly  used  for  electroless  deposition  of  silver  and  are  commercially  available  from  the 
Peacock  Laboratories  (Philadelphia,  PA).  Only  under  appropriate  conditions,  mixing  of  these 
reagents  was  able  to  generate  stable  dispersions  of  silver  colloids,  rather  than  thin  films  of  silver 
coated  on  surfaces  of  objects  immersed  in  the  solution  (including  the  inner  surface  of  the 
container).  We  have  demonstrated  the  capability  and  feasibility  of  this  method  by  forming  stable 
dispersions  of  highly  monodispersed,  single  crystalline  colloids  of  silver  with  dimensions  in  the 
range  of  20-50  nm. 

INTRODUCTION 

Nanoparticles  have  been  intensively  investigated  because  of  their  unique  electronic  and 
optical  properties  that  are  substantially  different  from  those  of  the  bulk  materials  [1].  A  lot  of 
efforts  have  been,  in  particular,  devoted  to  the  synthesis  and  characterization  of  stable  colloidal 
dispersions  of  silver,  gold,  and  other  noble  metals  [2].  A  rich  variety  of  methods  have  been 
developed  in  the  past  two  decades  for  preparing  these  colloidal  particles;  notable  examples 
include  condensation  from  the  vapor  phase,  chemical  reduction  or  photoreduction  in  solutions  or 
reverse  micelles,  chemical  vapor  deposition  on  solid  substrates,  and  thermal  decomposition  in 
solvents  or  polymer  matrixes  [3].  The  solutions  of  these  colloidal  particles  usually  display  a  very 
intense  color,  which  can  be  attributed  to  the  collective  oscillation  of  conduction  electrons 
induced  by  an  electromagnetic  field.  It  has  been  shown  that  the  size,  morphology,  stability,  and 
properties  (chemical  or  physical)  of  these  colloidal  particles  have  a  strong  dependence  on  the 
specificity  of  the  preparation  method  and  the  experimental  conditions  [4]. 

Here  we  would  like  to  describe  a  simple  and  convenient  method  for  preparing  crystalline 
nanoparticles  of  silver  with  uniform  sizes  and  well-defined  morphologies.  The  fundamental 
reaction  step  of  this  approach  is  the  Tollens’  reaction; 

Ag(NH3)2-"  (aq)  +  ECHO  (aq) - Ag  (s)  +  RCOO"  (aq) 
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The  final  colloidal  dispersions  were  stable  in  air,  for  at  least  4-5  months.  To  demonstrate 
the  versatility  of  this  method,  silver  nanoparticles  were  also  prepared  (using  a  similar  procedure) 
as  coatings  on  mesoscale  silica  beads.  Previous  studies  have  indicated  that  such  hybrid  materials 
may  find  a  broad  range  of  uses  in  developing  nonlinear  optical  devices,  static  electronic  shielding 
coatings,  and  catalysts  [5]. 

EXPERIMENTAL 

A  commercial  kit  (HE-300,  Peacock  Laboratories)  that  is  commonly  used  for  electroless 
deposition  of  silver  films  was  employed  to  produce  silver  nanoparticles  in  the  form  of  a  stable 
aqueous  dispersion.  This  kit  consists  of  three  separated  solutions:  (A)  silver  solution  (silver 
nitrate),  (B)  activator  solution  (sodium  hydroxide),  and  (C)  reducer  solution  (sugar).  Solution  A 
contains  silver  ions  that  have  been  stabilized  by  coordinating  to  ammonia.  The  silver  ions  in 
solution  A  will  become  reducible  by  solution  C  only  after  they  have  been  activated  by  reacting 
with  solution  B.  Silver  colloids  usually  appeared  in  the  solution  after  several  minutes  to  half  an 
hour.  The  length  of  this  period  depends  on  the  reaction  conditions  such  as  the  environment  (air 
versus  nitrogen),  the  concentrations  of  the  reagents,  the  ratio  between  different  components,  and 
the  temperature.  The  reaction  rate  increased  greatly  when  the  concentrations  of  the  reagents 
increased. 

In  our  experiment,  the  reaction  was  performed  under  sonication  (Branson  1210). 

Extreme  high  temperature  and  pressure  are  generated  at  the  center  of  the  collapsed  bubbles  that 
result  from  the  acoustic  cavitation  process.  These  conditions  often  lead  to  enhanced  chemical 
reactivities.  The  reaction  performed  under  magnetic  stirring  was  much  slower  than  that  carried 
out  under  sonication.  Also,  the  yield  of  the  product  under  magnetic  stirring  was  much  lower. 

RESULTS 

For  a  wide  range  of  reaction  conditions,  the  solution  went  from  clear  and  colorless  at  the 
time  of  mixing,  through  light  brown,  brown,  yellow-green,  and  finally  to  bright  yellow.  As  an 
advantage  of  the  present  method,  the  appearance  of  the  first  color  change  did  not  occur  until  all 
the  reagents  had  been  mixed  and  sonicated  for  a  certain  period  of  time  (usually,  several  minutes 
to  half  an  hour).  All  reactants  can,  therefore,  be  mixed  well  before  reacting  to  each  other.  As  a 
result,  the  reaction  will  begin  and  proceed  in  a  homogeneous  and  well-characterized 
environment,  and  the  final  product  of  silver  nanoparticles  will  have  a  narrow  size-distribution. 

We  believe  the  yellow-green  stage  involves  a  mixture  of  both  brown  and  bright  yellow  solutions. 
The  transition  from  brown  to  bright  yellow  was  relatively  fast:  usually  within  two  minutes. 

Hyning  and  co-workers  have  also  reported  a  similar  color  transition  for  their  studies  on  the 
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Fig.  1 .  UV-vis  absorption  spectra 
of  a  solution  after  the  reactants 
have  been  mixed  and  sonicated  at 
27  °C  for  different  periods  of  time. 

200  300  400  500  600  700  800  900 

Wavelength  (nm) 

formation  mechanism  and  aggregation  behavior  of  silver  colloids  prepared  by  reducing  silver 
perchlorate  with  borohydride  [6].  Unfortunately,  the  initial  reaction  of  their  system  was  so  fast 
(less  than  0.  5  s)  that  they  were  unable  to  completely  resolve  the  transition  from  colorless  to 
brown.  Because  the  reactants  were  not  evenly  mixed,  they  also  had  difficulty  in  obtaining 
reproducible  measurements. 

The  homogeneity  in  the  initial  mixture  of  the  reactants  also  makes  it  possible  to  follow 
the  formation  and  evolution  of  silver  nanoparticles  in  situ  using  UV-vis  absorption  spectroscopy 
and  transmission  electron  microscopy  (TEM).  Fig.  1  shows  some  typical  UV-vis  spectra  of  the 
solution  after  the  reactants  have  been  mixed  and  sonicated  for  different  periods  of  time  at  27  °C. 
In  this  case,  the  color  of  the  solution  started  to  change  from  colorless  to  light  brown  after  the 
reaction  has  proceeded  for  ~  15  min.  Fig.  2 A  gives  a  TEM  image  of  the  sample  taken  from  this 
solution.  This  TEM  image  indicates  that  only  a  very  small  amount  of  silver  nanoparticles  had 
formed  up  to  this  point,  and  the  system  was  relatively  unstable  because  the  quasi-spherical 
particles  exhibited  a  heterogeneous  distribution  in  size.  As  the  reaction  proceeded  (15-27  min), 
the  brown  color  increased  greatly  in  intensity,  and  the  absorption  also  increased  slightly  at  all 
wavelengths.  The  appearance  of  a  brown  color  is  largely  due  to  the  absorption  in  the  long 


Fig.  2.  TEM  images  of  silver  nanoparticles  that  were  sampled  from  the  solution  after  the 
reaction  has  proceeded  at  27  °C  for  (A)  15  min,  (B)  27  min,  and  (C)  33  min. 
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wavelength  range  (500  -  800  nm),  A  typical  TEM  image  of  the  silver  particles  during  this  period 
is  shown  in  Fig.  2B.  Compared  with  Fig.  2A,  it  is  clear  that  most  of  the  silver  particles  had 
significantly  increased  in  size  and  the  morphology  had  changed  from  quasi-spherical  to  highly 
irregular  shapes.  At  this  stage,  the  silver  nanoparticles  largely  existed  as  aggregates.  After  the 
reaction  had  proceeded  for  approximately  29  min,  the  intensity  of  the  brown  color  reached  a 
maximum.  Although  a  few  of  the  particles  still  remained  aggregated,  most  of  them  were  discrete 
particles  with  distinctive  crystalline  facets.  As  the  reaction  proceeded  further,  the  intensity  of  the 
surface  plasmon  peak  at  -410  nm  increased  significantly  and  the  absorption  at  wavelengths 
longer  than  400  nm  also  increased  slightly.  As  a  result,  a  green  color  started  to  appear  in  the 
solution,  changing  the  solution  to  a  yellow-green  appearance.  At  -33  min,  the  whole  solution 
showed  a  clear,  bright  yellow  color,  with  no  further  color  changes.  The  intensity  of  the  surface 
plasmon  peak  increased  to  its  maximum  value,  and  this  value  remained  almost  constant  over 
time.  The  sharp  plasmon  peak  indicates  a  very  narrow  distribution  in  the  particle  size.  We  also 
noted  that  the  absorbance  at  wavelengths  longer  than  450  nm  decreased  slightly  between  29-33 
min,  indicating  a  change  of  large  particles  into  smaller  ones  in  the  solution.  Again,  our  TEM 
observation  is  consistent  with  the  UV-vis  spectroscopic  measurements.  As  shown  in  Fig.  2C,  the 
sample  consisted  mainly  of  individual  crystalline  nanoparticles  of  silver.  No  aggregation  was 
observed.  Based  on  Figs.l  and  2,  we  can  conclude  that  the  optical  properties  of  the  solution  was 
dominated  by  the  presence  of  silver  aggregates  that  shrank  by  more  than  one  order  of  magnitude 
in  size  during  the  course  of  the  reaction.  A  similar  observation  for  the  formation  of  silver,  or 
gold  colloids  has  also  been  reported  by  Zukoski  et  al.  [6,7].  According  to  their  proposed 
mechanism,  the  nanoparticles  were  formed  first  in  the  solution  and  subsequently  aggregated  into 


Fig.  3.  UV-vis  absorption  spectra  of 
colloidal  solutions  of  silver  nanoparticles  that 
were  obtained  as  the  final  products  when  the 
reaction  was  carried  out  at  different 
temperatures. 


Fig.4.  UV-vis  absorption  spectra  of  colloidal 
solutions  of  silver  nanoparticles  that  were 
prepared  under  different  reaction 
environments. 
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large  particles  due  to  the  electrostatic  interactions.  At  the  end  of  the  reaction,  a  change  in  the 
electrostatic  condition  led  to  a  breakdown  (similar  to  Ostawald  rupture  of  a  liquid  jet)  and 
redispersion  of  the  nanoparticles. 

We  also  found  that  the  formation  and  evolution  of  silver  nanoparticles  was  very  sensitive 
to  the  temperature  and  the  reaction  atmosphere.  Fig.  3  shows  UV-vis  absorption  spectra  of 
colloidal  solution  of  silver  nanoparticles  prepared  at  three  different  temperatures.  As  temperature 
increased,  the  surface  plasmon  peak  red  shifted  gradually.  TEM  observations  show  that  all  of  the 
products  are  crystalline,  discrete  particles  of  silver  with  a  similar  morphology.  The  particle  size 
increased  from  ~20,  to  ~30  to  ~40  nm  when  the  temperature  was  changed  from  27  to  30  to  35  °C, 
respectively.  We  believe  that  the  frequency  of  collision  between  small  particles  increases  as  the 
temperature  increases,  and  thus  leads  to  the  formation  of  larger  particles.  Fig.  4  shows  that  the 
surface  plasmon  peaks  shifted  to  longer  wavelengths  when  the  reaction  environment  became 
more  oxidative.  This  result  indicates  the  formation  of  larger  silver  particles  under  a  more 
oxidative  environment. 

When  silica  beads  were  added  into  the  mixture  of  the  silver  solutions,  the  silver 
nanoparticles  were  formed  as  decorative  coatings  on  the  surfaces  of  silica  beads,  rather  than  as  a 
dispersion  in  water.  The  silica  beads  coated  with  silver  particles  were  centrifuged  and  washed 
three  times  with  deionized  water.  Fig.  5  is  a  typical  TEM  image  of  100  nm  silica  beads  that  have 
been  coated  with  silver  nanoparticles.  It  is  clearly  seen  that  many  silver  nanoparticles  were 
homogeneously  immobilized  on  the  surface  of  each  silica  bead.  The  size  of  silver  nanoparticles 
and  their  dispersion  density  on  the  surface  of  a  silica  bead  could  be  easily  controlled  by  changing 
the  concentration  of  the  silver  solutions. 


Fig.5  The  TEM  image  of  100  nm 
silica  beads  that  have  been 
decorated  with  silver  nanoparticles 
of  ~20  nm  in  diameter. 

— -100  nm 


CONCLUSIONS 

In  summary,  we  have  demonstrated  a  simple,  effective,  and  reproducible  method  for 
preparing  crystalline  silver  nanoparticles  with  well-controlled  sizes  in  the  range  of  20-50  nm. 
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These  silver  particles  could  be  easily  prepared  either  as  stable  aqueous  dispersions  or  as 
decorative  coatings  on  mesoscale  silica  beads.  Our  UV-vis  and  TEM  measurements  indicate  that 
the  formation  of  these  silver  nanoparticles  involves  at  least  three  distinctive  stages:  (1) 
nucleation,  (2)  growth  and  aggregation,  and  (3)  Ostawald  rupture  of  aggregates  into  discrete 
particles  with  a  tight  size-distribution.  We  believe  this  method  can  be  easily  scaled  up  for  the 
production  of  large  volumes  of  silver  nanoparticle  since  the  reactants  can  be  thoroughly  mixed 
before  precipitation  takes  place. 
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ABSTRACT 

Alloys,  with  six  different  compositions  in  the  system  Mg-Ca-Zn  were  produced  by  melt 
spinning.  The  aging  behavior  of  alloys  was  investigated  by  measuring  the  changes  in 
microhardness  after  isochronal  aging  and  the  microstructure  was  analyzed  by  means  of 
Transmission  Electron  Microscopy(TEM),  Energy  Dispersive  X-ray  Spectrometry  (EDS), 
Scanning  Transmission  Electron  Microscopy  (STEM)  and  Scanning  Electron  Microscopy 
(SEM).  All  six  compositions  in  the  as-solidified  condition  show  a  difference  in  microstructure 
between  the  wheel  contact  side  (zone  A)  and  the  free  surface  side  (zone  B)  as  a  result  of  the 
differences  in  the  solidification  rate  across  the  ribbons.  One  of  the  alloys  was  chosen  to  be  more 
deeply  investigated  in  this  work  as  it  exhibited  grain  boundary  films  and  presented  the  highest 
peak  hardness  among  the  low  Ca  alloys.  The  comparison  between  the  two  microstructural  zones 
in  this  alloy  can  aid  in  understanding  of  the  phase  transformation  steps  during  cooling  with  a 
model  which  is  proposed  here. 

INTRODUCTION 

For  over  50  years  considerable  attention  has  been  given  to  magnesium-based  alloys, 
primarily  from  the  physical  metallurgy  point  of  view.  The  driving  force  for  this  effort  has  been 
the  potential  applications  of  Mg  alloys  in  light  weight  structural  components,  namely  in  the 
automotive  and  aircraft  industries.  However,  the  processing  of  these  alloys  through  conventional 
casting  technologies  have  not  succeeded  in  reaching  a  high  level  of  formability  and  ductility 
while  preserving  high  specific  strength.  The  combination  of  ultra-rapid  solidification  and 
consolidation  techniques  has  become  a  promising  approach  to  overcome  these  limitations[l,2]. 
Ultra-rapid  solidification  technologies  are  opening  a  wide  field  for  fundamental  studies,  since 
different  sets  of  thermodynamic  (stability),  kinetic  and  structural  conditions  are  established  to 
control  a  variety  of  solid-state  phase  transformations  and  resulting  properties[3]. 

EXPERIMENTAL  PROCEDURE 

Alloys  with  six  different  compositions  in  the  system  Mg-Ca-Zn  (Table  1)  in  the  form  of 
ribbons  approximately  TOpm  thick  and  3mm  wide  were  produced  by  melt  spinning  under  argon 
using  a  Cu-Be  wheel  with  a  speed  of  30-50ni/s.  The  alloys  thermal  behavior  was  investigated  by 
measuring  the  changes  in  microhardness  after  isochronal  aging  for  1  hour  at  temperatures 
ranging  from  50  to  400  °C.  The  alloys  as  solidified  and  MCZ-2  heat  treated  at  200°C  for  1  hour 
(corresponding  to  its  hardness  peak)  were  analyzed  by  means  of  Transmission  Electron 
Microscopy(TEM),  Energy  Dispersive  X-ray  Spectrometry  (EDS)  and  Scanning  Transmission 
Electron  Microscopy  (STEM).  Cross-section  SEM  samples  were  also  prepared  in  order  to 
compare  the  microstructure  variation  through  the  thickness  of  the  ribbons.  These  samples  were 
polished  and  etched  with  a  solution  of  2  vol.  %  nitric  acid  +  water.  For  TEM  studies,  thin  foils 
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were  produced  by  dimpling  and  ion-milling  techniques  and  the  microscope  was  operated  under 
diffraction  contrast  mode. 


RESULTS 


All  six  compositions  in  the  as-solidified  condition  have  shown  a  difference  in  microstructure 
between  the  wheel  contact  side  to  the  free  surface  side  as  a  result  of  the  differences  in  the 
solidification  rate  across  the  ribbons.  This  variation  can  be  appreciated  in  the  cross-section  SEM 
micrographs  in  figure  1,  where  the  presence  of  two  microstructural  zones,  zone  A  (near  the 
wheel  contact  side)  and  zone  B  (near  the  free  surface)  can  be  seen.  This  can  also  be  seen 
comparing  the  microstructures  in  the  TEM  micrographs  of  MCZ-2  zone  A  and  zone  B  in  figures 
2  and  3,  respectively. 


Figure  4:  TEM  micrograph  of  MCZ-4  zone  B  as  solidified 

An  important  feature  observed  in  zone  B  of  the  as  solidified  alloys  was  that  the  three  alloys 
containing  1 .5wt%  Ca  consistently  exhibited  spherical  matrix  precipitates  as  well  as  elongated 
precipitates  at  the  grain  boundaries  (grain  boundary  films)  while  the  other  three  alloys  (5wt% 
Ca)  did  not  display  the  grain  boundary  films.  This  can  be  seen  in  TEM  micrographs  of  zone  B  of 
samples  MCZ-2  and  MCZ-4,  from  figures  2  and  4,respectively. 

Sample  MCZ-5  showed  the  highest  peak  hardness  of  1 80Hv  (Vickers  Hardness)  when  aged  at 
200°C  for  1  hour  as  can  be  seen  in  figure  5a  and,  among  the  low  Ca  alloys,  MCZ-2  showed  the 
highest  peak  hardness  of  120Hv  when  aged  at  200°C  for  1  hour  (figure  5b), 
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Figure  5a  and  5b:Hardness  change  of  Mg-xZn-1.5Ca  alloys(a)  and  Mg-xZn-5Ca  alloys  (b)  after 
heat  treatment  for  1  hour  at  various  temperatures 
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As  MCZ-2  exhibited  grain  boundary  films  and  presented  the  highest  peak  hardness 
among  the  low  Ca  alloys  it  was  chosen  to  be  more  thoroughly  investigated  in  this  work.  Zone  B 
of  this  alloy  as  solidified  was  analyzed  by  STEM  and  EDS  in  order  to  identify  the  precipitate 
compositions.  In  the  X-ray  maps  shown  in  figure  6  it  can  be  seen  that  both  the  grain  boundary 
and  matrix  precipitates  are  ternary  compounds  and  appear  to  have  the  same  composition.  After 
quantitative  analysis  of  the  EDS  spectrum  of  the  grain  boundary  precipitate  shown  in  figure  7, 
including  absorption  corrections,  the  composition  of  this  precipitate  was  found  to  be  56  at.% 
Mg,  14at.%  Ca  and  30  at.%  Zn  (CaMg4Zn2).  The  closest  compound  found  in  the  literature  was 
Ca2Mg6Zn3  [4],  although,  no  crystallographic  data  is  available  for  this  compound. 

Zone  B  of  this  alloy  was  also  investigated  by  TEM  after  heat  treatment  at  200°C  for  1 
hour,  which  corresponds  to  its  hardness  peak.  These  samples  exhibited  cuboidal  precipitates  as 
well  as  spherical  precipitates  but  was  devoid  of  grain  boundary  films.  This  can  be  seen  in  the 
TEM  micrographs  in  figures  8  and  9. 


C';i 
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Figure  6:  STEM  images  and  X-Ray  maps  of  MCZ-2  zone  B  as  solidified 
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Figure  8  and  9:  TEM  micrograph  of  MCZ-2  zone  B  heat  treated  at  200°C  for  1  hour 
DISCUSSION 


The  cooling  rate  across  the  ribbons,  during  melt  spinning,  is  not  homogeneous  resulting 
in  two  microstructural  zones.  The  zone  near  the  wheel  contact  side  (zone  A)  is  cooled  more 
rapidly  than  the  zone  near  the  free  surface  (zone  B)  which  is  usually  the  thicker  zone.  The 
comparison  between  these  two  microstructures  can  aid  in  understanding  of  the  phase 
transformations  during  cooling.  In  MCZ-2  zone  A  we  can  see  precipitates  in  the  grain  boundaries 
only  at  the  triple  points  (no  grain  boundary  films),  suggesting  that  these  precipitates  first  appear 
at  the  higher  energy  sites  (triple  points  and  grain  boundaries)  and  then,  if  there  is  sufficient  time 
and  temperature  (slower  cooling  rate  as  in  zone  B),  the  film  can  be  formed  through  precipitate 
coarsening.  All  the  steps  proposed  for  phase  transformations  during  cooling  can  be  seen  in 
figure  10. 


The  heat  treated  MCZ-2  samples  showed  “cuboidal”  precipitates  as  well  as  spherical 
precipitates.  Although  the  actual  composition  was  not  obtained,  according  to  EDS  analysis  the 
cuboidal  precipitates  were  also  ternary  compounds.  As  the  cuboidal  precipitates  were  always  the 
smallest  ones  and  their  faceted  interfaces  suggests  they  are  coherent  or  semi-coherent  with  the 
matrix,  it  is  likely  that  these  precipitates  are  the  same  composition  as  the  spherical  precipitates 
but  at  an  early  stage  of  growth.  During  growth  the  particles  become  incoherent  and  spherical  to 
minimize  strain  and  interfacial  energy. 

Further  investigation  is  currently  in  progress  in  order  to  determine  the  precipitates’ 
crystal  structure  as  no  crystallographic  data  was  found  for  the  precipitate  composition  obtained. 


Figure  10:  Steps  in  phase  transformation  during  cooling,  where  Ti>T2>T3>T4>T5>T6. 
a)supersaturated  Mg  solid  solution;  b)precipitation  at  the  higher  energy  sites  (triple  points); 
c)precipitation  at  the  second  higher  energy  sites  (grain  boundaries);  d)precipitation  of  cuboidal 
coherent  precipitates  in  the  matrix;  e)coarsening  of  the  matrix  precipitates;  f)  cuboidal 
precipitates  become  spherical  and  incoherent;  e)coarsening  of  the  grain  boundary  precipitates 
through  grain  boundary  diffusion. 
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ABSTRACT 

SnijcFeioo-x  samples  with  x  =  7.6,  10.5  and  12.5  were  prepared  by  high  energy  ball¬ 
milling  and  subsequent  annealing  at  various  temperature  Ta,  600  <  Ta  <  1200  °C.  Rietveld 
analysis  coupled  to  Curie  temperature  measurements  and  Mossbauer  spectroscopy  revealed  for 
600  <  Ta  <  900  °C  an  hexagonal  phase  P6/mmm  derived  from  TbCu?  with  stoichiometry 
SmFeg.  At  Ta  >  900  °C,  the  ordered 3  wi  Sm2Fei7  structure  is  obtained  so  that  SmFe9  appears 
as  the  out-of-equilibrium  precursor  of  Sm2Fei7.  The  Curie  temperature  and  hyperfine  field 
augmentation  found  for  SmFe9  results  from  an  increase  of  the  interatomic  distance  in  the  Fe-Fe 
dumbbell,  responsible  for  a  reduction  of  the  negative  exchange  interaction. 

INTRODUCTION 

Since  its  discovery  by  Coey  [1],  the  interstitial  i?  3  /w  Sm2Fei7Nx  compound  has  been 
extensively  studied  owing  to  its  high  performance  permanent  magnetic  properties  which 
compete  nowadays  with  Nd2Fei4B.  However,  its  precursor  Sm2Fei7  appears  to  be,  still,  the 
subject  of  discrepancies.  Out-of-equilibrium  elaboration  techniques  like  melt-spinning,  thin 
layer  sputtering,  and  high  energy  ball-milling  lead  after  annealing,  to  a  nanocrystalline 
hexagonal  phase  of  TbCu7  type  P6/mmm.  This  is  derived  from  the  RTs  structure  (R  =  rare 
earth,  T  =  Transition  metal)  by  a  random  substitution  of  R  atoms  by  T-T  dumbbells.  When 
annealing  is  performed  at  high  temperature,  close  to  1000  °C,  the  binary  ordered  Sm2Fei7  phase 
is  observed.  Wei  et  al  [2]  have  found  for  mechanically  alloyed  TbCu7  type  Sm^Fei.*  compounds 
(x:=0. 1 1  to  0.  14)  Curie  temperature  in  the  range  138  °C  to  150  °C,  but  these  values  were 
assigned  to  Sm2Fei7[3-7]. 

The  aim  of  this  work  is  to  correlate  the  Curie  temperature  to  the  structure  change  related 
respectively  to  the  P6/mmm  and  R3m  phases.  This  paper  will  be  first  devoted  to  the  structure 
analysis  of  both  phases  by  means  of  the  Rietveld  method.  Curie  temperature  measurements 
coupled  to  Mossbauer  spectroscopy  experiments  will  be  used,  afterwards,  to  clarify  the  structure 
evolution . 

EXPERIMENT 

Three  samples  of  SmjcFeioo-i  of  nominal  atomic  composition  7.6  (A),  10.5  (B)  and  12.5 
(C)  were  obtained  by  ball-milling  40  mesh  Sm  and  Fe  powders  (99.9  %  pure),  under  Ar 
atmosphere  for  5  hours.  The  samples  were  annealed  under  10"^  torr  vacuum  at  temperature 
between  600  and  1200  °C  for  30mn.  Analysis  by  atomic  emission  spectroscopy  was  used  to 
check  the  overall  sample  composition.  X-ray  diffraction  was  carried  out  with  CuKa  radiation  on 
Brucker  diffractometer.  The  data  was  fitted  with  the  Rietveld  method  by  using  the  FULLPROF 
computer  code  with  the  ‘goodness-of-fit'  indicator  Rb  [8]  expressed  as  : 

Rb  =  i;kl  Ik(o)-Ik(c)l/2:kIk(o) 
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where  Ik  (o)  is  the  observed  Bragg  intensity  and  Ik(c)  is  the  calculated  one. 

The  Curie  temperature  Tc  were  measured  on  a  differential  sample  magnetometer  Manics, 
in  a  field  of  1000  Oe.  Mossbauer  spectra  at  room  temperature  were  collected  with  a  conventional 
constant  acceleration  512  channel  spectrometer  with  a  Fe  line-width  of  25mm/s  and  Fe  sample 
concentration  of  12mg/cm^  .The  spectra  were  least-square-fitted  in  the  assumption  of  Lorentzian 
lines. 

RESULTS 
Structure  studies 

The  x-ray  diagrams  of  the  as-milled  samples  show  a  diffuse  maximum  at  low  angle 
assigned  to  an  amorphous  Sm  based  phase  and  nanocrystalline  Fe  with  diffraction  domain  size 
around  7  nm.  The  diagrams  of  the  three  samples  A,  B,  C  annealed  at  temperature  between  600 
and  1200  °C,  can  be  classified  into  three  types  (Fig.  1).  In  the  range  600  °C  <  Ta  <  820  °C ,  the 
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Fig.  1.  X-ray  diagrams  for  samples  A,  B,  C  annealed  at  various  temperatures, 
(hkl)  indices  are  related  to  the  ordered  Sm2Fei7  phase 
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hexagonal  phase  P6/mmm  derived  from  TbCu?  is  observed  as  the  main  phase.  Above  820®C  up 
to  1000  ®C,  the  emergence  of  extra-lines  (104),  (211),  (122),  (024)  attributed  to  the  superlattice 
/?3  w  can  be  observed.  Their  intensity  is  governed  by  the  Sm  content.  From  1000°C  up  to  1200 
°C,  the  i?  3 phase  is  unambiguously  obtained.  It  must  be  pointed  out  that  the  broadening  of  the 
diffraction  lines  attests  for  the  nanocrystalline  state  preserved  up  to  1200°C  (100nm).The  amount 
of  Fe  decreases  from  A  to  C  as  the  nominal  Sm  content  increases  but,  it  always  coexists  with 
small  quantities  of  SmiOs  or  SmO-N  and  the  hexagonal  phase  composition  cannot  be  deduced 
from  the  nature  of  the  coexisting  phases,  like  in  binary  system  equilibrium  diagrams. 

The  problem  concerning  the  TbCu?  hexagonal  phase  is  effectively  its  stoichiometry 
domain  RxT(i.^).  The  structure  is  derived  from  RTj,  it  might  lay  theoretically  from  x=0.16  (RT5) 
down  to  x=0.07  prelude  to  the  1:12  structure.  Due  to  the  nanoscale  of  the  hexagonal  phases 
preventing  from  a  pertinent  x-ray  dispersive  analysis,  the  phase  composition  had  to  be  deduced 
from  a  Rietveld  refinement. 

We  have  explained  the  disordered  TbCu?  type  structure  according  to  the  general  model 
developed  previously  by  Givord  [9].  Let  be  (l-j)  the  occupation  rate  of  Sm  (site  la  in  0,0,0 
position),  with  decreasing  Sm  content,  2s  Fe  in  2e  site  (site  of  Fe  dumbbells  in  0,0,Z  position) 
will  be  distributed  on  both  sides  of  the  empty  Sm  position.  It  results  that  only  2(1-35)  atoms 
remain  located  in  the  2c  special  position  1/3, 2/3,0,  and  due  to  the  presence  of  the  2e  Fe 
dumbbells,  65  Fe  are  shifted  towards  the  c  axis  in  the  more  general  6/  position  X,2X,0,  (X<l/3). 
The  3g  site  1/2,0, 1/2,  is  totally  occupied  by  the  Fe  atoms.  One  must  underline  that  the  TbCu? 
model  structure  (x:=0.125)  proposes  only  three  Fe  positions  2c,  2c  and  3g  ignoring  the  steric 
effect  of  the  Fe  dumbbells  [10]. 

The  Rietveld  refinement  of  the  hexagonal  phase  was  consequently  carried  out  with  the 
usual  parameters,  a  and  c  cell  parameters,  X  and  Z  position  parameters,  Debye-Waller  factor, 
strain  rate  U,  diffraction  domain  size  D  and  the  s  occupancy  parameter.  Figure  2  shows  such  a 
Rietveld  fit  for  sample  C  annealed  at  750  °C. 

The  characteristics  of  the  hexagonal  phase  are  reported  as  an  example  in  table  I  for 
sample  B  annealed  at  600°C  ,750°C  and  900®C.  They  reflect  the  parameter  values  obtained  for 
other  samples  and  all  the  fits  converge  to  a  Samarium  content  x  equal  to  0.101 1  ±0.0017  in 
agreement  with  the  stoichiometry  of  SmFe9. 

The  refined  parameter  of  the  7?  3  /w  phase  obtained  at  Ta  >  1000°C  are 
£i=0.494W3=0.8559nm  and  c=3x0.4147~1.2443nm  in  agreement  with  [4]  (Fig.  3.).These  values 


Fig.  2.  Rietveld  analysis  for  sample  C  annealed  at  750  ®C. 

The  set  of  ticks  refers  respectively  to  SniFe9,  a-Fe,  SmO-  3.  Sample  C  annealed  at  1 100  ®C 
N,  Sm203. 
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corroborate  the  variation  observed  for  the  hexagonal  phase  and  attest  for  the  replacement  of  Fe 
dumbbell  by  Sm  up  to  the  stoichiomet^  0.105  (2:17). 

Table  I.  Stnicture  parameters  deduced  from  Rietveld  fit  for  sample  B. 


Ta  CO 

a  (nm) 

c  (nm) 

da 

X 

z 

X 

D  (nm) 

600 

0.4919(3) 

0.4162  (3) 

0.8461 

Bsai 

0.294 

10.2  (2) 

0.73 

14 

750 

0.4925  (3) 

0.4160(3) 

0.8446 

0.285 

10.0  (2) 

0.48 

37 

900 

0.4932  (3) 

0.4152  (3) 

0.8418 

0.287 

0.284 

■  lO-Ul) 

0.34 

45 

Magnetic  properties 

In  table  II  are  reported  the  Curie  temperatures  Tc  of  samples  B  and  C  annealed  at  600  °C,  820 
°C  and  1000  °C.  The  1 :9  phase  shows  a  higher  Curie  temperature  than  the  2:17  one.  It  varies 
from  205°C  down  to  144°C  with  decreasing  axial  da  ratio  and  increasing  annealing  temperature 
(table  II).  The  Tc  variation  reflects  the  evolution  of  the  Sm  content  from  1 :9  to  2: 17  but,  for  the 
same  Ta,  the  samples  A ,  B  ,C  exhibit  the  same  Tc  within  the  measurement  accuracy.  This  points 
out  that  for  a  given  temperature,  the  1/9  phase  stoichiometry  remains  constant.  However,  for 
sample  C  annealed  at  900°C,  the  Tc  value  is  the  same  as  those  measured  at  1000®C.  In  this 
particular  case,  the  i?  3  w  superstructure  lines  are  already  observed  (see  figurel). 

Table  II.  Curie  temperatures  relative  to  samples  A,  B,  C,  aimealed  at  different  temperature  Ta. 


Sample 

Ta(°C) 

600 

750 

820 

900 

1000 

A 

206 

174 

173 

162 

143 

B 

205 

173 

174 

160 

143 

C 

207 

171 

174 

143 

144 

Mossbauer  spectroscopy  was  performed  according  to  the  various  measured  Tc.  The  spectra 
relative  to  sample  C  annealed  at  600°C,  750°C,  and  100°C  are  presented  on  figure  4  ,their 
respective  Tc  being  207°C  ,171°C  and  144°C.The  spectrum  profiles  are  similar  but  the  mean 
hyperfine  fields  <H>  decrease  with  decreasing  Tc  from  232  to  222  and  219  kOe.  The  SmiFei? 
Mossbauer  spectra  were  fitted  with  seven  sextets  according  to  the  model  yet  presented  for  the 
RZm  structure[  11-14].  For  the  1:9  samples,  five  broadened  sextets  gave  a  good  agreement  with 
the  experimental  spectra,  consistent  with  the  relative  Fe  population  2e,  'ig ,  61.  In  the  last  step  of 
the  refinement ,  the  closer  isomer  shift  values  were  averaged  and  fixed,  the  other  parameters 
were  liberated.  The  highest  field  sextet  is  unambiguously  assigned  to  the  dumbbell  le  family  in 
perfect  agreement  with  the  expected  population  value.  The  remaining  sextets  are  assigned  to  the 
'ig  and  6/  sites  but  the  accuracy  of  their  respective  contribution  is  spoiled  due  to  the  vicinity  of 
the  hyperfine  parameters. 

Table  III  Hyperfine  parameters  of  sample  C  annealed  at  600  “C  and  750  ®C.  Hhf  hyperfine  field,  5  isomer  shift  and 
S  relative  area. _ _ 


Sample  C  annealed  at 

Hyperfine  parameters 

le 

_ _ 

61 

6  (mm/s) 

0.045 

-0.079 

-0.172 

600  °C 

HhfOcOe) 

281 

225 

231 

S(%) 

11.8 

58.2 

30.0 

S  (mm/s) 

0.057 

-0.078 

-0.167 

750  X 

Hhf(kOe) 

111 

210 

221 

S  (%) 

11.8 

50.1 

38.1 

98 


11.76 
11,74 
11,72 
11,70 
11,68 

11,66 
16,56 

42 

§  16.54 

p 

TO  16,52 
§  16,50 
16,48 
5,34 
5,28 
5,22 
5,16 

-8-6-4  -2  0246  8 

Source  velocity  (mm/s) 

Fig.  4.  MOssbauer  spectra  for  sample  C 
annealed  at  different  temperature. 

It  was  shown  in  Sm2Fei7 R2m  compound  that  the  exchange  integral  between  Fe  atoms  in  the  Fe- 
Fe  dumbbells  is  negative  [14].  The  explanation  for  the  Tc  and  hyperfme  field  dumbbell  increases 
in  the  disordered  1 :9  phase  is  brought  by  the  increase  of  the  dumbbell  pair  intra-distances  which 
reduces  the  negative  interaction  between  Fe  atoms  with  regard  to  the  i?  3  m  ordered  Sm2Fei7 
phase. 

Table  IV  Hyperfine  parameters  of  sample  C  annealed  at  1 150  ®C. 

6c  9d  9d  18f  18f  18h  ~ 

5  (mm/s)  0.103  -0.179  -0.179  -0.098  -0.098  -0.065 

Hhf(kOe)  266  219  221  235  211  206 

S(%)  11.7  5.9  11.6  11.8  23.9  23.4 

Conclusion 

Mechanical  milling  and  subsequent  annealing  at  600  °C  <T<900  °C  lead  to  the  disordered 
P6/mmm  hexagonal  nanocrystalline  phase  of  1 :9  stoichiometry  as  deduced  fi'om  the  Rietveld  fits. 
This  phase  is  the  precursor  of  the  ordered  i?  3  m  Sm2Fei7  compound. 


18h 

-0.065 

200 

11.7 
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The  unit  cell  parameters,  a  and  c  of  the  hexagonal  phase  vary  as  a  function  of  the 
annealing  temperature,  implying  an  increase  of  the  Fe-Fe  atom  distance  into  the  dumbbell  pairs 
with  regard  to  the  ordered  R'im  phase. 

The  increase  of  the  hexagonal  disordered  phase  Curie  temperature  is  associated  to  an 
increase  of  the  dumbbell  hyperfine  field. 

The  Tc  and  hyperfine  field  dumbbell  increase  in  the  disordered  1 :9  phase  results  from  a 
reduction  of  the  negative  interaction  between  Fe  atoms  in  the  Fe-Fe  dumbbell  sites. 
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ABSTRACT 

Al-Sm  and  Al-Y-Fe  alloys  with  a  high  number  density  of  nanocrystalline  fcc-Al 
homogeneously  dispersed  within  the  amorphous  matrix  have  been  synthesized  by  devitrifying 
the  precursor  metallic  glasses  produced  by  rapid  solidification.  The  kinetics  of  metallic  glass 
formation  and  the  development  of  the  nanostructure  during  devitrification  are  discussed  in  terms 
of  the  rate  limiting  mechanism.  The  glass  transition  temperature  of  the  two  metallic  glasses  has 
been  successfully  assessed  with  the  application  of  the  modulated-temperature  differential 
scanning  calorimetry  (DDSC).  In  addition,  the  formation  of  quenched-in  nuclei  was  investigated 
by  a  comparison  study  on  the  cold-rolled  and  melt-spun  Al92Sm8  amorphous  samples. 
Furthermore,  the  enhancement  of  the  particle  density  of  the  fcc-Al  nanocrystals  in  the  amorphous 
matrix  after  devitrification  has  been  demonstrated  by  the  incorporation  of  nanosize  Pb  particles. 

INTRODUCTION 

Al-based  amorphous  alloys  with  microstructures  containing  finely  dispersed 
nanocrystalline  A1  embedded  within  an  amorphous  matrix  have  been  reported  to  display 
attractive  mechanical  properties  such  as  ultrahigh  tensile  strength  and  improved  corrosion 
resistance  [1,2].  Amorphous  materials  can  be  synthesized  by  rapid  solidification  processing  [1- 
4],  or  by  mechanical  intermixing  [5,  6].  The  appearance  of  the  characteristic  endothermic 
response  signal  in  the  differential,  scanning  calorimetry  (DSC)  during  heating  is  generally 
considered  as  the  evidence  of  the  existence  of  a  glassy  phase  [7,  8].  The  assessment  of  the  glass 
transition  temperature  is  important  in  providing  a  fundamental  basis  for  kinetic  analysis  in 
metallic  glasses.  However,  the  characteristic  glass  transition  signal  in  some  Al-based  melt-spun 
ribbons  is  often  masked  by  the  exothermic  signal  from  the  primary  crystallization  reaction  during 
continuous  heating  in  DSC.  In  the  present  work  it  is  demonstrated  that  modulated-temperature 
calorimetry  (DDSC)  has  the  capability  to  separate  the  signal  of  reversible  reaction  from  that  of 
irreversible  reaction  and  enable  the  assessment  of  the  glass  transition  temperature  of  these 
amorphous  alloys. 

Nanostructured  materials  can  be  produced  from  alloy  melts  either  directly  by  choosing  a 
cooling  path  that  intersects  the  tip  of  the  transformation  curve  during  rapid  solidification  or  by 
devitrifying  the  precursor  amorphous  phase  prepared  by  rapid  solidification  processing. 
Devitrification  of  amorphous  alloys  allows  for  the  formation  of  a  high  number  density  of 
nanocrystals  (>  10^‘  m^)  and  offers  better  control  in  synthesizing  nanostructured  materials  [1-4, 
9,10].  The  capability  to  control  the  nucleation  density  is  the  key  issue  in  the  controlled  synthesis 
of  nanocrystalline  A1  microstructures  [11].  An  approach  to  enhance  the  nucleation  density  for  the 
nanocrystals  in  the  Al-based  amorphous  alloys  has  been  developed  by  incorporating  insoluble 
elements. 
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EXPERIMENTAL  DETAILS 

Bulk  alloy  ingots  with  nominal  compositions  of  Al-7at%Y-5at%Fe  and  Al-8at%Sm  were 
prepared  by  repeated  arc-melting  high  purity  elements  (Al:  99.999%;  Y;  99.9%;  Fe:  99.995%; 
Sm:  99.9%)  at  proper  mixtures  in  an  argon-protected  environment.  Amorphous  ribbons  were 
produced  by  rapid  solidification  processing  using  a  single  roller  melt-spinning  facility  with  a 
tangential  wheel  speed  of  33m/s.  The  production  of  Al-Y-Fe-Pb  melt-spun  ribbons  follows  the 
procedures  described  above  except  that  Pb  is  not  included  in  the  ingot  during  arc-melting  due  to 
its  much  lower  melting  point  compared  with  the  other  three  constituent  elements.  High  purity  Pb 
(99.99%)  of  desired  weight  was  incorporated  into  the  liquid  alloy  during  melt-spinning.  The 
amorphous  melt-spun  ribbon  (MSR)  samples  were  devitrified  by  continuous  heating  or  by 
isothermal  annealing  in  a  differential  scanning  calorimetry  (DSC,  Perkin-Elmer  DSC7). 
Mechanical  intermixing  was  applied  to  fabricate  amorphous  Al92Sm8  sample  at  ambient 
temperatures  by  manually  cold  rolling  stacked  arrays  of  elemental  foils  of  high  purity  Al 
(99.999%)  and  Sm  (99.9%)  at  suitable  composition  mixture  [6].  Phase  identification  was  carried 
out  with  standard  X-ray  diffraction  method  (XRD,  Philips  XRD)  in  the  reflection  mode  using 
Cu-Ka  radiation.  Microstructural  characterization  of  the  samples  was  performed  by  transmission 
electron  microscopy  with  selected  area  electron  diffraction  (TEM/SAED,  Philips  CM200).  The 
TEM  samples  were  prepared  by  standard  thinning  procedures  using  a  Gatan  ion  mill  with  liquid 
nitrogen  cooling.  The  size  and  volume  fraction  of  the  nanocrystalline  Al  dispersions  in  different 
samples  were  determined  from  the  TEM  bright-field  micrographs  with  image  analysis  software 
(ImagePro).  Calorimetric  signals  from  phase  transformations  during  heating  and  isothermal 
annealing  were  monitored  by  DSC.  Moreover,  modulated-temperature  DSC  (DDSC)  was  applied 
to  assess  the  glass  transition  temperature  of  the  amorphous  alloys. 

RESULTS  AND  DISCUSSION 


The  TEM  bright-field  image  of  the  as-spun  ribbon  sample  of  AlssYTpes  in  Figure  1-a 
shows  a  homogeneous  and  fully  amorphous  structure  with  no  evidence  of  a  crystalline  fraction. 
The  diffuse  ring  in  the  corresponding  selected  area  electron  diffraction  (SAED)  pattern  and  the 
diffuse  scattering  maximum  in  the  XRD  trace  in  separate  experiments  indicate  that  the  ribbon 
samples  are  amorphous.  However,  the  DSC  trace  in  Figure  1-b  of  an  Al88Y7Fe5  as-spun  sample 
during  continuous  heating  at  40°C/min  displays  two  exothermic  peaks  but  no  indication  of  an 
endothermic  reaction  that  corresponds  to  the  glass  transition.  XRD  study  indicated  the  first 
exothermic  peak  is  the  primary  crystallization  reaction  of  a-Al  [12].  Moreover,  TEM 
investigation  on  the  samples  that  were  isothermally  annealed  at  245°C  revealed  a  high  density 


Figure  1;  TEM  bright-field  image  of  an  as-spun  Al88Y7Fe5  sample  (a).  The  inset  shows  the 
corresponding  SAED  pattern  that  indicates  the  absence  of  a  detectable  crystalline  fraction.  The 
DSC  trace  (b)  exhibits  a  primary  crystallization  peak  but  no  glass  transition  is  observed. 
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Figure  2;  TEM  bright-field  images  on  Al88Y7Fe5  as-spun  ribbon  samples  that  were  isothermally 
annealed  at  245°C  for  lOmin  (a);  30min  (b);  and  lOOmin  (c).  The  A1  nanocrystals  developed  into  a 
dendritic  morphology  after  extended  annealing  [12]. 


Figure  3:  Results  of  the  modulated-temperature  DSC  results  on  the  as-spun  sample  of  (a)  Al88Y7Fe5 
and  (b)  Al92Sm8.  The  glass  transition  temperatures  (Tg)  were  obtained  as  258°C  in  (a)  [15]  and 
172°C  in  (b),  respectively. 


(10^’m'^)  of  pure  A1  nanocrystals  within  the  amorphous  matrix  [3].  The  kinetics  analysis  on  the 
development  of  the  nanocrystals  revealed  that  diffusion  field  impingement  occurs  quickly  at 
temperatures  near  the  crystallization  onset  and  provides  for  a  kinetic  stabilization.  Figure  2 
shows  the  evolution  of  the  A1  nanocrystals  from  a  spherical  shape  to  a  dendritic  morphology  at 
different  annealing  times.  The  formation  of  a  dendritic  morphology  indicates  that  the  kinetics  of 
diffusion  changes  as  the  composition  of  the  remaining  amorphous  matrix  alters  along  with  the 
growth  of  the  A1  nanocrystals.  An  analysis  for  the  development  of  the  dendritic  morphology  will 
be  treated  in  more  detail  elsewhere  [13].  The  microstructural  characterization  and  DSC  analysis 
of  Al92Sm8  as-spun  samples  yielded  the  same  results.  The  results  of  modulation  calorimetry 
experiments  on  the  as-spun  ribbon  samples  are  shown  in  Figure  3  in  comparison  to  the  DSC 
trace  obtained  from  the  underlying  static  heat  flow.  The  time  series  analysis  of  the  modulated 
heat  flow  signal  has  excluded  the  exothermic  signal  that  corresponds  to  the  irreversible  primary 
crystallization.  In  the  Fourier  analysis  of  the  response  signal  in  DDSC,  the  storage  specific  heat 
capacity  and  the  loss  specific  heat  capacity  represent  the  real  part  and  imaginary  part  of  the 
contributions  to  the  dynamic  specific  heat  signal  respectively  [14].  The  storage  specific  heat 
capacity  is  associated  with  dissipative  processes  such  as  a  relaxation  of  the  glassy  state  and  the 
loss  specific  heat  capacity  is  related  to  atomic  motions  such  as  molecular  rearrangement  that 
occurs  during  a  glass  transition.  Therefore,  both  storage  and  loss  specific  heat  capacity  exhibit  a 
change  during  the  occurrence  of  a  glass  transition  in  the  sample.  The  endothermic  signal  due  to 
the  glass  transition  is  observed  in  the  storage  and  loss  specific  heat  curves  at  258''C  for  AhzYjFcs 
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and  172‘’C  for  Al92Sm8  [15].  The  DDSC  results  confirm  that  a  glass  state  has  actually  been 
achieved  during  the  melt-spinning  process  on  the  alloys. 

The  schematic  illustration  in  Figure  4  highlights  two  controlling  mechanisms  in  metallic 
glass  formation.  Under  nucleation  control,  the  cooling  path  bypasses  the  nucleation  reaction  and 
the  cluster  distribution  that  may  be  retained  during  the  quenching  process  does  not  overlap  with 
the  critical  nucleus  size  at  the  crystallization  temperature  (TJ.  Consequently,  a  clear  separation 
in  temperature  between  the  glass  transition  temperature  (Tg)  and  Tx  can  be  observed  during 
reheating.  This  is  observed  in  the  amorphous  Al-Y-Fe  alloys  with  similar  compositions  produced 
at  a  higher  tangential  wheel  speed  (50m/s)  [16].  Under  growth  control,  some  small  fraction  of 
crystallites  may  form  initially  during  rapid  quenching,  but  the  rapid  increasing  viscosity  with 
decreasing  temperature  near  Tg  hinders  their  growth.  Most  importantly,  the  cluster  distribution 
that  is  retained  overlaps  with  the  critical  nucleation  size  at  Tg.  In  either  case,  upon  heating  rapid 
crystallization  occurs  at  Tg  which  will  coincide  with  Tx.  This  is  observed  in  the  amorphous  alloys 
under  study  that  form  a  high  number  density  of  nanocrystals  during  primary  crystallization. 
Therefore,  it  is  possible  to  fabricate  a  uniform  and  fully  glassy  state  without  “quenched-in” 
nuclei  by  applying  higher  cooling  rates  during  rapid  solidification.  However,  this  might  not  be 
practical  in  all  systems. 


Nucleation  Control 


Figure  4:  Schematics  showing  kinetics  of  metallic  glass  formation:  nucleation  control  vs.  growth 
control.  Quenching  and  reheating  paths  are  shown  on  the  TTT  diagrams  (S-start;  F-fmish)  and 
thermograms  (dQ/dt:  heat  evolution  rate). 


In  addition  to  the  rapid  solidification  process,  amorphous  Al92Sm8  samples  have  been 
successfully  produced  by  cold-rolling  [6].  Figure  5-a  shows  the  TEM  bright-field  image  with  the 
corresponding  SAED  pattern  of  a  cold-rolled  Al92Sm8  sample  in  comparison  with  that  on  a  melt- 
spun  ribbon  sample  (Figure  5-b).  The  thermal  responses  upon  heating  the  amorphous  samples 
prepared  by  different  processes  are  completely  different.  A  clear  glass  transition  at  170°C  is 
displayed  in  the  DSC  heating  curve  on  the  cold-rolled  sample  and  no  primary  crystallization  is 
present  (Figure  5-c).  Moreover,  the  high  particle  density  of  A1  nanocrystals  formed  in  the  melt- 
spun  sample  after  isothermal  annealing  (Figure  5-0  was  not  observed  in  the  cold-rolled  sample 
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Figure  5:  Glass  formation  and  nanocrystallization  of  Al92Sm8:  TEM  and  SAED  of  the  amorphous 
and  crystalline  regions  in  a  cold-rolled  sample  (a)  and  a  melt-spun  sample  (b);  DSC  obtained  from 
continuous  heating  (20“amin)  on  a  cold-rolled  sample  (c)  and  a  melt-spun  sample  (d);  TEM  and 
SAED  of  a  cold-rolled  sample  after  annealed  at  ISO^C  for  60min  (e)  and  a  melt-spun  sample  after 
annealed  at  150®C  for  lOmin  (f)  [6]. 


after  isothermal  annealing  at  the  same  temperature  with  a  longer  time  (Figure  5-e),  The  apparent 
differences  in  the  thermal  responses  and  the  microstructural  development  in  the  samples 
produced  by  the  two  approaches  suggest  that  the  quenched-in  nuclei  result  from  the  rapid  melt 
cooling  process.  By  choosing  an  appropriate  reaction  pathway  to  avoid  these  quenched-in  nuclei, 
the  crystallization  of  A1  nanocrystals  can  be  prevented  and  fabrication  of  bulk  amorphous  alloys 
could  be  possible. 

On  the  other  hand,  the  nanoscale  AI  particles  that  are  smaller  than  the  thickness  of  the 
shear  deformation  bands  in  the  amorphous  alloy  can  act  as  effective  barrier  against  subsequent 
deformation  of  the  matrix  and  a  high  particle  density  is  favorable  to  enhance  the  mechanical 


Figure  6:  TEM  of  an  Al87Y7Fe5Pbi  as-spun  sample  showing  nanosize  Pb  particles  within  the 
amorphous  matrix  (a).  TEM  of  an  annealed  sample  showing  Pb  particles  and  high  density  Al 
nanocrystals  in  an  amorphous  matrix  (b). 


properties  in  the  amorphous  alloys.  An  approach  to  increase  the  particle  density  of  the  A! 
nanocrystals  has  been  developed.  The  underlying  strategy  is  to  provide  nucleation  catalysts  for 
AI  nanocrystals  by  adding  insoluble  elements  that  form  ultra-fine  second  phase  dispersions  in  the 
amorphous  matrix.  The  selection  of  Pb  is  based  on  its  immiscibility  in  the  liquid  Al  which  will 
result  in  a  liquid  phase  separation  and  a  microstructure  with  discrete  Pb  nano-particles  within  the 
amorphous  matrix  that  can  be  formed  during  melt-spinning.  Moreover,  the  element  is  not 
reported  to  form  intermetallic  phases  with  other  constituent  elements  at  the  Al-rich  part  in  the 
ternary  phase  diagram.  The  TEM  in  Figure  6-a  shows  that  the  as-spun  ribbons  is  predominantly 
amorphous  with  discrete  spherical  regions  of  crystalline  Pb  and  the  particle  density  is  about 
lO^^m'^.  Upon  isothermal  annealing  at  245®C  for  lOmin,  Al  nanocrystals  were  formed  and  the 
particle  density  is  increased  by  more  than  a  factor  of  2  to  2.9x10^^  m'^  (Figure  6-b),  compared  to 
that  without  Pb  addition  (1.4x10^^  m'^).  The  result  suggests  that  the  insoluble  Pb  particles  are 
effective  in  catalyzing  Al  nanocrystals  during  devitrification. 

CONCLUSIONS 

It  has  been  demonstrated  that  amorphous  Al-based  alloys  can  be  synthesized  by  rapid 
solidification  process  and  cold-rolling.  The  glass  transition  temperature  that  was  not  assessed 
previously  has  been  measured  by  the  modulated-temperature  DSC.  The  crystallization 
experiments  on  the  cold-rolled  and  melt-spun  samples  suggest  that  the  quenched-in  nuclei 
originate  from  the  rapid  quenching  process  and  they  are  effective  in  developing  high  density  of 
Al  nanocrystals.  The  incorporation  of  nanosized  Pb  particles  in  the  amorphous  matrix  has 
successfully  increased  the  nano-particle  density. 
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ABSTRACT 

Gold-coated  iron  core-shell  structure  and  Au/Fe/Au  onion-like  nanoparticles 
synthesized  using  reverse  micelles  were  characterized  by  transmission  electron 
microscopy  (TEM).  The  average  nanoparticle  size  of  the  core-shell  structure  is  about  8 
nm,  with  about  6  nm  diameter  core  and  2  nm  shell.  The  gold  shell  structure  can  be 
resolved  from  both  high  resolution  electron  microscopy  (HREM)  image  and  energy 
dispersive  X-ray  spectrum  (EDS).  Even  though  the  gold  and  iron  electron  diffraction 
rings  overlap  a  little  bit,  they  can  still  be  identified  due  to  the  slight  mismatch  of  the 
diffraction  rings.  The  Au/Fe/Au  onion-like  nanoparticles  were  also  observed.  The 
nanoparticles  were  formed  with  about  6  nm  diameter  gold  core  ,  1  nm  iron  interlayer 
and  2  nm  gold  shell.  The  shell  structure  coated  on  the  core  appeared  unhomogeneous, 
however,  in  both  cases  the  iron  core  and  interlayer  iron  shell  stay  air-stable. 

INTRODUCTION 

Recently  the  most  successful  way  to  improve  the  quality  of  the  particles  is  to 
achieve  chemical  passivation  of  the  surface  of  the  crystallites,  which  has  been  applied  on 
inorganic  coating  of  semiconductor  nanoparticles  [1-7].  The  idea  is  to  cover  the  particle 
with  another  semiconductor  which  allows  the  confinement  of  the  electron  and  holes 
inside  the  inner  core  particles,  known  as  core-shell  structure.  Generally  two  similar 
crystal  structure  compounds  were  selected  to  make  such  kind  of  core-shell  nanostructure, 
where  epitaxial  growth  of  the  shell  structure  may  occur. 

Currently,  one  of  most  versatile  methods  to  synthesize  core-shell  structure  is  wet 
chemical  method  such  as  microemulsion  techniques  which  rely  on  the  self-assembly 
nature  of  surfactants  to  push  aqueous  reactants  into  micelle  [8]  .  Due  to  the  dynamic 
nature  of  micelles,  aqueous  components  can  come  together  and  react  to  form  particles 
that  are  constrained  to  the  size  of  the  micelle.  By  changing  the  reaction  conditions  the 
methods  can  be  even  applied  sequentially  to  form  core-shell  structure.  By  careful 
controlling  of  the  synthesis  using  reserve  micelles  the  nanoparticles  can  be  obtained  in  a 
very  narrow  size  distribution  and  quite  uniform. 

Pure  metal  iron  nanoparticles  are  unstable  in  the  air.  By  a  coating  an  iron 
nanoparticles  with  a  stable  noble  metal  like  gold,  these  air-stable  nanoparticles  are 
protected  from  the  oxidation  and  retain  most  of  the  favorable  magnetic  properties,  which 
possess  the  potential  application  in  high  density  memory  device  by  forming  self¬ 
organization  nanoarrays.  In  this  paper,  we  present  transmission  electron  microscopy 
study  of  these  kinds  of  gold  coated  iron  core-shell  and  Au/Fe/Au  onion-like 
nanostructures. 
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EXPERIMENT 


The  reserve  micelle  reaction  is  carried  out  using  cetyltrimethyl ammonium 
bromide  (CTAB)  as  the  surfactant,  octane  as  the  oil  phase,  and  aqueous  reactant  as  the 
water  phase.  By  varying  the  water  to  surfactant  ratio  (co=[H20]/[CTAB]),  we  are  able  to 
carefully  control  the  particle  size  ranging  from  5  to  30  nmometers.  A  co-surfactant  of  n- 
butanol  is  used  to  help  decrease  the  fraction  of  the  micellar  head  group  that  is  neutralized 
and  thereby  increase  the  stability  of  the  micelle.  Without  the  addition  of  the  co-surfactant 
the  amount  of  free  water  that  is  available  to  carry  on  reactions  is  greatly  reduced  as  most 
of  the  water  is  locked  in  the  head  group  of  the  CTAB.  The  metal  particles  are  formed 
inside  the  reverse  micelle  by  reduction  of  a  metal  salt  using  sodium  borohydride.  In  our 
experiment  we  are  utilizing  the  sequential  synthesis  offered  by  the  reduction  of  ferrous 
sulfate  by  sodium  borohydride.  After  the  reaction  has  been  allowed  to  go  completion,  the 
micelles  within  the  reaction  mixture  are  expanded  to  accommodate  the  shell  using  a  large 
micelle  containing  additional  sodium  borohydride.  The  shell  is  formed  using  an  aqueous 
hydrogen  tetracholoroaurate  solution.  The  particles  are  then  washed,  collected  in  a 
magnetic  field  and  dried  under  vacuum. 

The  Au/Fe/Au  onion-like  structure  was  basically  synthesized  using  same  method, 
but  in  three  steps:  In  step  one,  two  micelle  solutions  were  prepared  using  O.IM  HAuCU 
(aq)  and  the  other  with  0.6M  NaBHj  (aq).  These  solutions  (co=6)  were  mixed  together 
using  a  magnetic  stirrer  and  allowed  to  react  for  two  hours  to  ensure  that  all  the  gold  was 
reduced.  The  reaction  was  carried  out  in  the  presence  of  long  wave  ultra-violet  (UV)  light 
and  the  solution  turns  out  clear  red  as  expected  for  a  gold  colloid  after  two  hours.  The 
reaction  was  carried  out  under  flowing  argon  gas;  The  interlayer  iron  shell  was 
synthesized  in  step  two.  Two  additional  micelle  solutions  were  prepared  using  O.IM 
FeS04  and  0.6M  NaBH4  respectively.  These  solutions  were  degassed  and  added  to  the 
reaction  mixture.  In  this  case,  the  NaBHt  solution  was  prepared  slightly  larger  to  expand 
the  micelles  to  allow  for  the  growth  of  about  one  nanometer  thick  shell.  The  solution 
turned  black  upon  the  addition  of  the  iron.  The  reaction  was  stirred  under  flowing  argon 
for  2  hours  as  well;  The  second  shell  was  prepared  in  a  similar  method  to  the  first  step 
that  is  two  additional  micelles  were  prepared  using  O.IM  HAuCU  and  0.6M  NaBH*. 

Once  again  the  NaBRj  was  made  slightly  larger  (co=12)  to  accommodate  about  a  two 
nanometer  thick  gold  shell.  After  two  hours  reaction  under  UV  light  and  flowing  argon, 
the  micelles  in  the  reaction  mixture  were  disrupted  using  aceton  causing  nanoparticles  to 
precipitate.  Repeated  washing  using  a  1:1  mixture  of  chloroform/methanol  removed  the 
surfactant.  The  iron  containing  nanoparticles  were  separated  using  a  permanent  magnet 
(5000  Oe).  The  nanoparticles  were  then  dried  under  vacuum,  resulting  in  a  black  powder. 
After  passivation  with  the  second  coating  of  gold,  the  particles  became  air  stable  with  no 
oxidation  detectable  in  the  magnetic  data  after  six  weeks. 

TEM  samples  were  prepared  by  ultrasonically  dispersing  the  nanoparticles  in 
acetone  for  10  minutes  and  then  dropping  them  to  the  carbon  grids  with  filter  paper 
underside  to  absorb  the  acetone.  TEM  observation  were  performed  on  JEOL  2010 
transmission  electron  microscopy  equipped  with  ED  AX  DPrime  energy  dispersive  X-ray 
analysis. 
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RESULTS 


Gold-coated  Iron  Nanoparticles 

Fig.  1(a)  and  (b)  are  selected-area  diffraction  patterns  from  pure  gold  nanoparticles 
and  gold-coated  iron  nanoparticles,  respectively.  As  gold  crystal  structure  is  fee  with 
lattice  parameter  a=0.408  nm  and  a-Fe  is  bcc  structure  with  lattice  parameter  a=0.287 
nm,  the  diffraction  rings  appear  very  close  to  each  other  as  shown  in  Fig.  1(b).  Due  to 
slight  mismatch  they  can  be  resolved  from  the  broaden  diffraction  rings  of  gold  111, 
200,  220,  311,  and  222  which  is  caused  by  overlapping  with  iron  110,  200,  112,  220,  310, 
respectively.  The  separation  of  two  kinds  of  diffraction  rings  become  much  clear  at  high 
index  diffraction  rings  such  as  220,  31 1,  and  222.  By  focusing  the  electron  beam  to  2  nm 


Fig.l  (a)  and  (b)  are  diffraction  patterns  from  pure  Au  and  Fe/Au  core-shell  nanoparticles 


probe  and  putting  on  the  nanoparticles  to  do  EDS  microanalysis  both  gold  and  iron  peaks 
appeared  in  most  nanoparticles  as  shown  in  Fig.2.  If  we  moved  the  electron  probe  to  the 
edge  of  the  nanoparticles,  it  showed  high  concentration  of  gold,  which  implied  gold  shell 
structure  formed.  The  mean  size  of  nanoparticles  is  about  8  nm.  Fig.3  is  the  HREM 
micrograph  of  gold-coated  iron  nanoparticles.  In  most  cases,  gold  shell  lattice  can  be 
easily  identified  and  the  core  of  iron  appears  as  dark  black  in  the  center  of  the 
nanoparticles.  The  morie  patterns  were  often  found  in  the  black  iron  cores  as  shown  in 
particles  A,  B  and  C  in  Fig.3.  The  images  of  the  nanoparticles  appear  different  even  at 
the  same  defocus  because  of  unhomogeneous  shape  and  different  orientations  of  the 
nanoparticles. 

Generally  speaking,  the  iron  core  and  gold  shell  should  get  smaller  lattice  mismatch 
as  gold  shell  grows  in  terms  of  the  orientation  relationship  of  [100]Fe//[100]Au  and 
[010]Fe//[110]Au-  Since  the  iron  core  grew  as  sphere-like  shape  inside  reverse  micelles, 
the  gold  epitaxial  growth  couldn’t  perfectly  extend  to  three  dimension.  Thus  another 
orientation  growth  or  mismatch  could  occur  during  gold  shell  coating.  This  is  also  the 
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Fig.2  Gold-coated  iron  EDS  spectrum  by  focusing  electron  probe  to  2  nm. 


Fig. 3  A  HREM  micrograph  showing  Fe/Au  core-shell  structure.  Au  shell  lattice  can  be 
clearly  seen.  Iron  cores  (darker  contrast)  overlap  with  gold  shells  forming  morie  patterns. 
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reason  sometimes  we  can  see  morie  patterns  in  the  center  iron  cores  in  Fig.3.  Until  now 
only  those  materials  with  similar  structure  and  close  lattice  constant  presented  perfect 
epitaxial  growth  in  inverted  micelle  synthesis  [9].  Even  though  the  permanent  magnet 
was  employed  to  separate  gold-coated  iron  nanoparticles  from  gold  or  incompletely 
coated  iron  particles,  some  gold  nanoparticles  sticking  on  Fe/Au  core-shell  nanoparticles 
can  still  be  observed  (denoted  by  arrow)  in  Fig.3. 

Aii/Fe/Au  Onion-like  Nanoparticles 

The  selected-area  diffraction  pattern  of  Au/Fe/Au  nanoparticles  are  almost  same  as  gold 
coated  iron  nanoparticles,  where  Au  and  Fe  diffraction  rings  can  be  seen  separated  at 
high  index  diffraction  rings.  EDS  analysis  shows  that  the  cores  are  in  higher 
concentration  of  gold,  compared  to  gold-coated  iron  nanoparticles.  Fig.4  is  the 
micrograph  of  Au/Fe/Au  onion-like  nanoparticles.  The  size  of  Au  cores  is  quite  close  to 
each  other  about  6  nm,  appearing  as  dark  black  contrast.  Then  about  1  nm  iron  core  can 
be  seen  formed  as  interlayer  and  the  outside  gold  shell  is  more  about  2  nm  as  denoted 
by  arrows  in  Fig.4.  Due  to  step  by  step  reactions  some  core-shell  nanoparticles  (denoted 
by  arrows)  were  also  formed  instead  of  onion-like  structure. 


Fig.4  High  magnification  of  TEM  image  of  Au/Fe/Au  onion-like  structure.  Au 
core,  iron  interlayer,  and  outside  shell  are  denoted  by  arrows,  respectively. 


CONCLUSIONS 

Gold-coated  iron  core-shell  structure  and  Au/Fe/Au  onion-like  nanoparticles 
synthesized  using  reverse  micelles  were  studied  by  transmission  electron  microscopy. 
Both  kinds  of  nanoparticles  were  successfully  synthesized.  The  average  particle  size  of 
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the  core-shell  structure  is  about  8  nm,  with  about  6  nm  diameter  core  and  2  nm  shell.  The 
gold  shell  structure  can  be  identified  from  both  high  resolution  electron  microscopy  and 
energy  dispersive  X-ray  analysis.  Even  though  the  gold  and  iron  electron  diffraction  rings 
overlapped  a  bit,  the  mismatch  of  diffraction  rings  still  can  be  resolved.  The  Au/Fe/Au 
onion-like  nanoparticles  were  formed  with  about  6  nm  diameter  gold  core  ,  1  nm  iron 
interlayer  and  2  nm  gold  shell.  Though  the  shell  structure  coated  on  the  core  appeared 
unhomogeneous,  both  kinds  of  nanoparticles  stay  air  stable. 
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ABSTRACT 

Pyridine  solutions  of  CdSe  nanocrystals  were  solution-deposited  in  the  fabrication  of  thin 
film  transistors  (TFTs).  A  peak  mobility  of  1  cm^V's  *  and  an  ON/OFF  ratio  of  SxlO'^  were 
observed  for  TFTs  processed  at  350  °C.  The  nanocrystals  acted  as  a  precursor  to  the  bulk 
material,  coalescing  to  form  a  semiconductor  thin  film  when  heated  at  plastic-compatible 
temperatures.  Single  crystalline  regions  several  hundred  times  the  size  of  the  original 
semiconductor  nanocrystals  were  observed  for  films  processed  at  350  °C.  We  also  report  a 
process  for  direct  liquid  phase  deposition  and  patterning  of  nanoparticle  inks  at  sub-micron 
resolutions  by  elastomeric  embossing  and  AM  nanospotting.  These  results  suggest  that 
microelectronic  devices  produced  from  nanoparticle-based  inks  can  enjoy  the  processing 
advantages  usually  associated  with  organic  materials  while  retaining  the  performance  advantages 
typically  associated  with  inorganic  materials. 

INTRODUCTION 

We  have  recently  published  what  we  believe  to  be  the  first  demonstration  of  a  printable 
inorganic  semiconductor  processed  at  plastic-compatible  temperatures  [1].  Despite  excellent 
performance  characteristics,  until  recently  [1,2]  inorganic  materials  have  not  been  considered  for 
low-cost  microelectronics  fabrication  due  to  high-temperature  processing  and  complex 
patterning.  In  contrast,  organic  semiconductors  have  been  widely  studied  because  low- 
temperature  and  non-lithographic  patterning  makes  them  attractive  candidates  for  a  number  of 
low-cost  and  large-area  applications  [3].  Unfortunately,  experiment  [4]  and  theory  [5]  indicate 
that  the  range  of  applications  for  these  materials  is  limited  by  their  mobility,  which  peaks  at  ~1 
cm^V‘s'^  This  mobility  is  comparable  to  amorphous  silicon  and  is  useful  for  a  number  of 
applications.  However,  there  are  also  a  number  of  compelling  applications  for  low-cost,  large- 
area  microelectronics  at  clock  rates  that  organic  materials  cannot  support.  In  an  effort  to 
combine  the  processing  advantages  of  organic  materials  with  the  performance  advantages  of 
inorganic  materials,  we  have  developed  a  means  of  printing  inorganic  electronic  materials. 

The  high-temperature  processing  requirements  and  insolubility  of  common  inorganic 
semiconductors  are  problematic.  Fortunately,  both  of  these  problems  disappear  in  the  nanometer 
size  regime.  Nanoparticles  are  readily  soluble  in  appropriate  solvents,  and  their  size-dependent 
melting  point  depression  is  remarkable.  Semiconductor  nanoparticles  have  been  reported  to  melt 
at  greater  than  1000  below  their  bulk  melting  points  [6-8].  These  size-dependent  properties 
are  the  result  of  the  nanoparticles  having  properties  somewhere  between  those  of  an  atomic 
species  and  a  bulk  crystal  [9].  These  size-dependent  properties  enabled  the  use  of  nanocrystal 
solutions  as  precursors  to  bulk  thin  films  in  the  fabrication  of  thin  film  transistors  (TFTs). 

Nanoparticle-based  inks  can  be  deposited  by  conventional  laboratory  techniques  such  as 
solution  casting  or  spin  coating,  or  deposited  and  patterned  by  printing  methods  such  as  ink  jet 
printing  [10].  Patterning  of  these  inks  can  also  be  carried  out  through  techniques  such  as 
elastomeric  embossing  and  direct  writing  by  atomic  force  microscope  (AFM)  nanospotting, 
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which  we  describe  here.  These  techniques  allow  the  precision  patterning  of  nanoparticulate 
materials  without  the  use  of  masking  steps. 

EXPERIMENTAL  DETAILS 

CdSe  semiconductor  nanocrystals  were  synthesized  by  both  a  pyrolytic  route  [11]  and  by  a 
metathetic  route  [12]  which  was  modified  to  yield  smaller  particles  [1],  The  CdSe  nanocrystal 
solutions  were  deposited  with  a  micropipet  onto  the  source-drain  electrodes  of  a  TFT  test 
structure.  The  test  structure  was  a  coplanar  inverted  TFT  with  n+  Si  gate,  100  nm  dry  thermal 
Si02  oxide,  and  Cr/Au  (10  nm/IOO  nm)  source  and  drain  electrodes.  The  channel  length  and 
width  were  8  jum  and  293  |im,  respectively.  After  deposition,  the  solvent  was  allowed  to 
evaporate,  and  the  TFT  was  heated  for  an  hour  at  350  °C  on  a  hot  plate.  After  cooling,  the 
devices  were  encapsulated  with  Norland  Optical  Adhesive  73,  a  photo-curable  adhesive. 
Electrical  characterization  of  the  completed  TFT  was  carried  out  in  air  in  a  dark  box. 

An  elastomeric  stamp  used  for  embossing  was  prepared  by  pouring  Sylgard  184  over  a 
patterned  silicon  wafer,  thermally  curing  the  polymer,  and  then  peeling  off  the  elastomeric 
stamp.  The  stamp  had  1  |im  raised  features.  A  thin  film  (50-1000  nm)  of  a  silver  or  gold 
nanoparticle  ink  was  deposited  onto  a  glass,  Si,  or  polyimide  substrate  by  spin  coating,  dip 
coating,  or  with  a  draw-down  bar.  While  this  film  was  still  in  a  liquid  state,  the  stamp  was 
brought  into  contact  with  the  film.  The  raised  features  of  the  stamp  pushed  through  the  film  and 
made  contact  with  the  underlying  substrate,  displacing  the  liquid  in  those  areas.  The  stamp  was 
removed,  leaving  a  patterned  film  on  the  surface.  This  process  is  illustrated  in  figure  1.  The  film 
was  then  heated  on  a  hot  plate  or  with  a  laser  to  sinter  the  nanocrystals. 

Silver  and  gold  nanoparticle  inks  were  directly  written  onto  a  glass  slide  using  an  AFM 
nanospotting  method.  A  100  micron  ink  droplet  was  applied  to  the  glass  slide  with  a  needle.  The 
tip  of  an  AFM  cantilever  was  used  to  transfer  the  ink  from  the  pool  to  the  glass  slide.  Typical 
writing  speed  was  5  to  10  microns  per  second.  All  ink  lines  were  laid  down  in  a  single  pass.  The 
completed  ink-on-glass  patterns  were  cured  for  10  minutes  at  250  °C  on  a  hot  plate. 

DISCUSSION 

Nanocrystals  synthesized  by  pyrolysis  showed  an  ultraviolet-visible  (UV-Vis)  absorption 
peak  at  470  nm,  indicating  that  the  average  particle  size  was  ~25  A  [1 1].  Nanocrystals  formed  by 
metathesis  in  methanol/pyridine  [1]  showed  a  sharp  UV-Vis  spectra  absorption  feature  at  400 
nm,  indicating  that  the  nanoparticles  were  ~17  A  in  diameter.  These  crystallites  are  believed  to 
be  similar  in  structure  to  previously  reported  CdS  [13]  and  CdSe  [14]  tetrahedral  clusters. 


Figure  1.  A  schematic  of  the  liquid  nanoembossing  process. 
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Figure  2.  TEM  images  showing  limited  grain  growth  and  granular  morphology  of  fused  ~25  A 
CdSe  nanoparticles  produced  by  pyrolysis.  The  grains  are  the  size  of  two  or  three  individual 
nanocrystals. 


Despite  their  small  size,  the  nanocrystals  formed  by  pyrolysis  were  found  to  be 
inappropriate  for  field-effect  devices.  Due  to  incomplete  cap  exchange  [15,16],  some  of  the 
alkylphosphine  capping  groups  remained  on  the  nanocrystal  surfaces.  In  the  reported  literature, 
these  heavy  capping  groups  have  contaminated  sintered  nanocrystal  films  by  more  than  50  at% 
[17].  In  our  films  x-ray  photoelectron  spectroscopy  (XPS)  confirmed  significant  P 
contamination. 

Additional  problems  arise  with  the  thin  films  derived  from  the  sintering  of  these 
nanoparticles  at  350  ®C.  As  seen  in  figure  2,  transmission  electron  microscopy  (TEM)  indicates 
that  a  granular  morphology  consisting  of  small,  oblate  grains  is  produced.  In  contrast,  fused  films 
of  metathetic  CdSe  nanocrystals  exhibited  smoother  morphology  and  larger  crystal  grains  (figure 
3),  even  though  the  nanocrystals  themselves  were  initially  smaller  than  the  pyrolytic  ones. 


Figure  3.  TEM  image  demonstrating  the  grain 
growth  that  resulted  from  heating  CdSe 
nanocrystals  produced  by  a  metathesis  reaction 
in  methanol/pyridine.  We  have  observed  grain 
sizes  that  correspond  to  the  coalescence  of 
hundreds  of  nanocrystals  and  are  10-15  nm 
across.  This  is  comparable  to  grain  sizes 
observed  in  vapor  deposited  CdSe  films  [18]. 
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Figure  4.  Drain  current  versus  gate  source 
voltage  (Id“Vgs)  characteristics  of  a  TFT 
processed  at  350  An  ON/OFF  ratio  of 
3.1x10'^  for  a  gate  sweep  of  Vgs  =  +/-  40  V  at 
Vds  =  2.5  V  is  indicated  by  the  Id-Vds  plot. 

The  subthreshold  slope  was  7  to  10  V  per 
decade.  A  linear  regime  mobility  (p)  of  1 
cm^V's''  was  extracted  by  equating  the  slope 
of  an  Id- Vgs  plot  to  (W/L)pCox  Vds  at  Vds  = 

2.5  V,  where  Cox  is  the  capacitance  of  the  gate 
oxide.  A  threshold  voltage  of  6.7  V  was 
extracted  from  the  Vgs  intercept  of  the  Id- Vgs 
plot. 

Vgs  (V) 

No  field  effect  was  observed  for  TFTs  fabricated  from  nanocrystal  solutions  of  particles 
produced  by  pyrolysis.  For  metathesis-produced  particles,  TFTs  processed  at  350  "C  had  a 
maximum  field  effect  mobility  of  1  cm^V's''  and  an  ON/OFF  ratio  of  3x10'*,  as  shown  in  figure 
4.  A  number  of  devices  with  similar  characteristics  were  fabricated.  Although  this  is  the  highest 
mobility  of  any  solution  processed  semiconductor  reported  in  the  literature,  it  should  be  noted 
that  vapor  deposited  CdSe  TFTs  have  been  observed  with  mobilities  up  to  450  cm^V's  'and 
ON/OFF  ratios  of  10*'  [19].  Thus,  further  improvements  in  nanoparticle  synthesis,  purity,  and 
processing  conditions  are  expected  to  improve  device  characteristics. 

We  have  developed  several  deposition  and  patterning  techniques  for  low-temperature 
microelectronics  fabrication  with  nanoparticle  inks.  Nanoembossed  patterns  in  Ag  and  Au  films 
can  be  seen  in  figures  5-8. 


Figure  5.  AFM  image  of  nanoembossed  Figure  6.  AFM  image  of  a  spiral  with  500  nm 
conductive  Ag  lines  with  a  833  nm  period.  features  nanoembossed  in  Au. 
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Figure  7.  AFM  image  of  interleaved  3  ^im  Figure  8.  AFM  image  of  multiple  layers  of  Au 
lines  patterned  in  Au  by  nanoembossing.  nanoembossed  on  top  of  each  other. 

Sub-5(X)  nm  features  were  reliably  patterned  over  areas  greater  than  25  cm^  in  less  than  10 
seconds.  The  recessed  features  of  the  stamp  made  contact  with  the  surface  of  the  liquid  film  but 
had  no  adverse  effect  upon  the  quality  of  the  patterning,  and  the  stamp  came  away  clean  without 
removing  any  material  from  the  substrate.  Additional  layers  of  liquid  material  were  patterned  on 
top  of  previously  patterned  layers  by  simply  repeating  the  process,  as  seen  in  figure  8.  Because 
the  patterning  of  these  subsequent  layers  of  material  is  conformal  to  the  underlying  layers,  the 
nanoembossing  process  should  be  suitable  for  the  formation  of  vias  or  other  complex  geometries 
for  multi-layered  devices.  Finally,  conductivity  measurements  of  test  structures  indicated  that  the 
nanoembossed  material  had  resistance  values  within  a  factor  of  four  of  the  bulk  material. 

As  shown  in  the  AFM  images  presented  in  figures  9  and  10,  AFM  nanospotting  was  used  to 
directly  deposit  liquid  phase  nanoparticle  gold  and  silver  inks  with  line  widths  as  small  as  55  to 
75  nm  at  5  to  10  microns  per  second.  As  shown  in  figure  9,  thicker  lines  were  created  by 
increasing  the  force  applied  by  the  AFM  tip  to  the  substrate.  A  single  dip  of  the  AFM  tip  in  the 
ink  pool  was  sufficient  to  create  unbroken  lines  that  exceeded  30  microns  in  length.  We  expect 
the  nanospotting  technique  to  be  useful  for  ultra-high  precision  deposition  of  solution-based 
electronic  and  structural  materials  such  as  conductors,  semiconductors,  insulators,  and 
encapsulants. 


Figure  9,  AFM  image  of  65-400  nm  Au  lines 
created  by  varying  the  force  applied  by  the  tip 
during  AFM  nanospotting. 


Figure  10.  AFM  image  of  a  70  nm  wide  line 
of  a  conductive  Ag  nanoparticle  ink  patterned 
by  AFM  nanospotting. 
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CONCLUSIONS 


We  have  demonstrated  an  all-inorganic  printable  semiconductor.  The  observed  mobilities 
are,  to  date,  the  highest  reported  for  a  solution-processed  semiconductor  and  are  at  a  level 
comparable  to  the  maximum  for  room-temperature  organic  semiconductors.  The  inorganic 
semiconductor  was  printed  at  plastic-compatible  temperatures  by  exploiting  both  the  solubility  of 
the  semiconductor  nanocrystals  and  the  size-dependent  melting  point,  which  is  heavily  depressed 
for  the  <2  nm  CdSe  nanocrystals  used  here.  Because  melting  point  depression  at  small  sizes  is  a 
generalized  effect  not  only  in  semiconductors,  but  also  in  conductors  and  insulators,  this 
approach  can  be  extended  to  a  variety  of  electronic  materials.  AFM  nanospotting  and  elastomeric 
nanoembossing,  as  demonstrated  here,  may  be  useful  means  for  patterning  such  electronic 
materials  on  the  nanometer  scale  at  low  temperatures  over  large  areas  onto  flexible  plastics. 
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ABSTRACT 

This  paper  reports  the  study  of  semiconducting  oxides  to  develop  gas  sensors  in  thick-film 
form  for  use  in  atmospheric  pollutant  monitoring  devices.  The  investigation  was  achieved  with 
the  following  steps:  selection  of  the  suitable  oxides  and  of  their  most  appropriate  processing 
method  to  obtain  nano-sized  powders,  fabrication  using  screen-printing  technolo^  of  thick- 
film  sensors  from  these  powders,  and  electrical  measurements  in  laboratory  and  in  the  field. 
Chemical  routes  such  as  sol-gel  techniques  and  thermal  decomposition  of  heteronuclear 
complexes  have  been  used  to  prepare  nano-sized  powders  of  «-type  (TiOi)  and  /7-type 
(LaFe03  and  SmFeOs)  semiconducting  oxides.  Thick-film  gas  sensors  have  been  produced  by 
screen-printing  technology.  Pastes  have  been  prepared  and  printed  on  laser  precut  96%  alumina 
substrates,  each  2x2  mm  element  being  provided  with  a  heater,  comb-type  Au  contacts  and  a 
Pt-100  resistor  for  controlling  the  operating  temperature.  The  firing  of  the  films  has  been 
performed  in  conditions  able  to  keep  grain  size  at  nanometer  level.  Electrical  responses  to  some 
major  polluting  gases  (CO,  NO,  NO2  and  O3)  have  been  tested  in  laboratory  and  in  the  field, 
and  compared  with  results  of  the  analytical  techniques  approved  by  the  international  standards. 

INTRODUCTION 

Recently,  one  of  the  topic  in  materials  science  which  has  being  given  great  emphasis  is  the 
control  of  materials  structure  at  the  nanometer  size  to  study  the  unique  physical  properties 
deriving  from  the  size  reduction  at  this  scale  [1].  The  discovery  that  nano-sized  materials  may 
show  improved  or  unexpected  properties  has  been  first  presented  in  1989  [2].  Their  use  in  a 
range  of  innovative  technological  applications  is  expected.  The  surface-to-bulk  ratio  is  much 
larger  for  nano-sized  than  for  coarse  materials,  so  that  surface  properties  become  predominant. 
This  makes  the  use  of  nano-sized  materials  principally  attractive  for  applications  where  surface 
properties  are  exploited,  as  in  gas  sensors  [3].  Grain  size  reduction  is  one  of  the  main  factors 
exalting  gas-sensing  properties  of  semiconducting  oxides  [4]:  given  their  currently-accepted  gas¬ 
sensing  mechanism,  sharp  increases  in  gas  sensitivity  are  expected  when  the  grain  size  becomes 
smaller  than  the  space-charge  depth  (or  Debye  len^)  [5].  The  use  of  nanostructured  materials, 
either  in  powder  or  thin-film  form,  is  rapidly  arousing  interest  in  gas  sensor  studies  [6,7] 

Both  physical  and  chemical  methods  are  being  widely  studied  for  the  synthesis  of  nano¬ 
sized  ceramic  powders  [8-11].  Controlled,  homogeneously-sized,  and  ultrafine  ceramic  powders 
can  be  prepared  using  chemical  routes  [12].  The  first  step  to  keep  full  control  of  the 
microstructure  of  a  ceramic  product  is  to  control  the  preparation  method  of  the  starting 
powders.  Chemical  processing  is  mainly  important  for  heterometallic  oxides,  because  standard 
production  methods  (solid-state  reaction  at  high  temperatures)  have  several  problems  such  as 
crystal  growth,  changes  in  stoichiometry,  and  ease  of  second  phase  formation  [13]. 

This  paper  reports  our  work  on  using  semiconducting  oxide  powders  for  the  fabrication  of 
thick-film  gas  sensors  by  screen-printing  technology  [14-16],  with  special  attention  to  Ti02, 
and  perovskite-type  LaFeOa  and  SmFe03.  Screen-printing  technology  is  a  simple  and 
automated  manufacturing  technique  that  allows  the  production  of  low-cost  and  robust  chemical 
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sensors  [17,18]  with  a  good  reproducibility,  if  the  starting  materials  are  well  controlled.  A 
comparison  of  the  results  of  using  commercial  and  chemically-processed  nano-sized  powders 
has  demonstrated  that  the  performance  of  subsequent  sensors  is  improved  by  employing  the 
latter.  In  the  literature,  several  groups  have  reported  studies  on  thick-film  gas  sensors  [19],  but 
only  a  few  used  nano-sized  powders  for  the  thick-film  processing  [20-23].  Our  main  goal  is  to 
study  cheap  gas  sensors  in  environmental-monitoring  applications,  and  therefore  outdoor  field 
tests  were  performed  using  the  prepared  thick-film  prototype  sensors  [24,25].  Previous  work 
reported  in  the  relevant  literature  investigated  the  use  of  gas  sensors  based  on  semiconducting 
oxides  only  for  the  control  of  air  quality  indoors  [26]  and  inside  passenger  cars  [27,28]. 

EXPERIMENTAL  PROCEDURE 

Powder  Preparation 

The  thermal  decomposition  at  low  temperatures  of  heteronuclear  complexes  is  a  very 
interesting  method  for  the  preparation  of  homogeneous  heterometallic  perovskite-type  oxides 
[29-32],  as  recently  found  even  for  YBCO  [33].  A  simple  technique  for  preparing  LnTOs 
perovskite-type  oxides  (with  Ln  =  rare  earth,  and  T  =  Fe,  Co)  is  the  thermal  decomposition  of 
hexacyanocomplexes,  easily  precipitated  in  aqueous  solutions  [34],  as  proposed  by  Gallagher 
in  1968  [35].  The  complexes  are  single  source  precursors  with  the  same  stoichiometry  as  the 
desired  oxides.  This  versatile  method  [36]  also  allows  the  synthesis  of  single-phase,  trimetallic 
complexes,  the  decomposition  of  which  may  produce  single-phase,  trimetallic  perovskite-type 
oxides  [37-40].  This  method  was  found  to  be  the  best  for  the  production  of  high-quality 
powders  of  nano-sized  perovskite-type  oxides.  The  formation  of  LaFeOj  was  achieved  at  a 
temperature  as  low  as  350°C,  much  lower  than  the  temperature  needed  for  its  formation  using 
the  conventional  solid-state  reaction  method  [41].  The  nano-sized  LaFeOs  and  SmFeOs 
powders  obtained  by  the  thermal  decomposition  of  the  corresponding  complexes  at  700°C  for 
1  h  were  used  for  the  preparation  of  the  thick-film  sensors  [16,42]. 

Nano-sized  powders  of  Ti02  were  prepared  using  a  sol-gel  route,  particularly  suitable  for 
the  homogeneous  doping  of  Ti02  with  Nb  or  Ta.  The  pure  titania  powders  were  synthesized 
according  to  a  procedure  described  in  the  literature  [10],  slightly  modified  to  prepare  Ta-  or  Nb- 
doped  (5  or  10  at  %)  powders,  and  using  alkoxides  as  precursors  [43,44].  The  nano-sized  Ti02 
-based  powders  obtained  by  calcination  at  400°C  for  2  h  were  used  for  the  preparation  of  the 
thick-film  sensors  [43,44]. 

Fabrication  of  Thick  Films  by  Scrcgm-rrlntiag  Technology 

The  preparation  of  all  the  thick  films  was  performed  for  all  the  oxide  powders  using  the 
screen-printing.  This  technology  implies  a  processing  sequence  with  the  following  major  steps: 
(1)  careful  selection  of  the  oxide  powders  to  be  deposited;  (2)  preparation  of  pastes  (or  inks) 
using  an  organic  vehicle,  normally  consisting  of  a  rheological  agent  mixed  in  a  light  solvent  to 
ensure  the  correct  rheology  necessary  for  printing  [17];  (3)  printing  of  the  pastes  on  suitable 
substrates;  (4)  drying  at  low  temperatures  (150-200°C)  for  the  removal  of  the  light  part  of  the 
organic  vehicle;  and  (5)  firing  at  higher  temperatures  (600-900°C)  to  obtain  the  formation  of  a 
consolidated  layer  with  the  desired  microstructure. 

This  technology  has  been  adapted  for  the  fabrication  of  layers  composed  of  nano-sized 
particles.  The  powder  selection  is  crucial  and  many  factors  have  to  be  considered,  such  as  grain 
shape  and  size,  size  distribution,  intragranular  porosity,  surface  conditions,  etc.  The  pastes 
were  prepared  by  adding  to  each  oxide  powder  an  organic  vehicle,  containing  mainly  ethyl- 
cellulose  and  a-terpineol,  and  0.5  wt%  of  a  glass  frit  to  improve  the  adhesion  to  the  substrates. 

For  the  preparation  of  the  prototype  sensors,  the  pastes  were  printed  on  96%  alumina 
substrates,  laser  precut  into  2  mm  x  2  mm  squares,  0.25  mm  thick.  Each  substrate  was  provided 
with  a  heater  element  on  the  backside,  a  Pt-100  resistor  for  controlling  the  sensor  operating 
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temperature,  and  comb-type  gold  electrical  contacts  on  the  front.  This  structure  allows  the 
device  to  work  at  relatively  high  operating  temperatures  (250°C-450°C)  with  relatively  low 
power  consumption  (approximately  0.5  W).  The  dimensions  of  the  deposited  layers  were 
about  1.5  mm  long,  1.5  mm  wide,  with  thickness  in  the  20-50  pm  range.  The  films  were  fired 
for  1  h  at  temperatures  able  to  keep  the  grain  size  at  the  nanometer  level,  i.e.,  750°C  for  the 
perovskite-type  oxides  and  850®C  for  the  Ti02-based  sensors.  Figure  1  shows  a  SEM 
(scanning  electron  microscopy)  micrograph  of  a  thick  film  deposited  on  an  alumina  substrate, 
while  Figure  2  shows  the  assembly  of  a  prototype  sensor. 


Figure  1  -  A  thick  film  deposited  on  an  alumina  substrate. 

Figure  2  -  A  prototype  sensor  assembly. 

Electrical  Measurements  in  Laboratory  and  in  the  Field 

Electrical  tests  on  thick  film  sensors  were  performed  in  the  laboratory.  The  conductance 
measurements  were  carried  out  in  a  sealed  test  chamber  (850  cm^)  with  different  gases  (various 
concentrations  of  CO  or  NO2)  in  dry  or  wet  (at  about  40%  of  relative  humidity,  RH)  air,  at  a 
flow  rate  of  0.5  1/min  and  at  different  operating  temperatures. 

For  field  tests,  an  array  of  these  sensors  based  on  the  various  oxides  was  exposed  to  real 
atmosphere  in  locations  near  conventional  monitoring  stations,  which  are  managed  by  the 
ARPA  (Regional  Agency  for  Environment  Protection),  sections  of  Ferrara  and  Padova.  The 
gas-sensitive  electrical  properties  of  the  sensors  were  studied  by  measuring  their  conductance 
changes  when  exposed  to  real  atmosphere.  The  electrical  response  was  measured  at  270°C  for 
both  the  perovskite-type  sensors  and  at  450°C  for  the  Ti02-based  sensors.  The  temperature 
and  RH  in  the  chamber  containing  the  sensors  were  simultaneously  monitored,  with  signal 
acquisition  performed  by  computer.  The  sensors’  response  was  compared  with  the 
concentrations  of  the  major  pollutants  (CO,  CO2,  NO,  NO2,  ozone,  etc.)  in  the  atmosphere,  as 
measured  with  the  methods  approved  by  the  international  standards. 

RESULTS  AND  DISCUSSION 

LaFeO^  and  SmFeOi.Eerovskite-Tvpe  Oxide  Thi£k-Eilm.s 

As  shown  by  TG-DTA,  the  thermal  decomposition  of  the  hexacyanocomplexes  begins 
with  the  loss  of  crystallization  water,  followed  by  cyanide  groups'  decomposition  starting  at 
300°C  [42].  The  decomposition  ends  at  600°C.  Above  this  temperature  the  weight  loss  remains 
constant.  X-ray  diffraction  (XRD)  analysis  of  the  LaFe-complex  decomposed  between  350°C 
and  600°C,  showed  some  peaks  attributed  to  LaFe03,  together  with  a  broad  band  centered  at 
about  30°  in  20.  When  the  complex  was  decomposed  at  600°C  and  higher  temperatures  for  1 
hour,  only  the  pattern  corresponding  to  perovskite-type  LaFe03  (JCPDS  file  No.  37-1493, 
orthorhombic)  was  observed,  without  peaks  attributable  to  La203  and/or  Fe203  [42]. 
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The  LaFeOs  formation  temperature  was  thus  as  low  as  600°C,  much  lower  than  the 
temperature  needed  for  its  formation  using  the  conventional  solid-state  reaction  method. 
However,  the  LaFe03  perovskite-type  oxide  was  obtained  even  at  350°C,  i.e.,  the  temperature 
at  which  the  cyanide  groups  decompose,  when  the  holding  time  was  increased  up  to  100  hours 
[41].  The  holding  time  did  not  affect  the  crystal  growth  of  the  nano-sized  particles,  as  shown 
by  the  measurement  of  the  ciystallite  size  from  XRD  analysis  and  TEM  observation. 

SEM  and  TEM  observations  confirmed  the  direct  formation  of  LaFeOs  from  the  thermal 
decomposition  of  the  LaFe-complex  [42,45],  SEM  findings  showed  that  the  typical 
morphology  of  the  complex  powders  consisted  of  large  grains  (2  to  10  pm)  with  sharp  edges. 
The  morphology  of  the  complex  heated  up  to  600 °C  did  not  significantly  change  with  respect 
to  the  morphology  of  the  precursor,  with  micron  sized  grains.  At  higher  temperatures,  the  same 
morphology  was  maintained,  but  nano-sized  particles  started  to  be  evident  within  the  grains. 
The  powders  were  made  of  agglomerates  of  about  the  same  size  and  shape  of  the  precursor 
grains,  each  one  consisting  of  nano-sized  particles,  which  diffract  in  the  orthorhombic  system 
(LaFeOs).  The  size  of  these  particles  increased  with  increasing  the  calcination  temperature  [42]. 

TEM  observations  of  the  complex  decomposed  at  400°C  showed  that  pores  of  about  10 
nm,  not  observed  by  SEM,  were  clearly  formed  [45].  The  relative  SADP  showed  the  formation 
of  polycrystalline,  orthorhombic  LaFe03  phase,  with  no  traces  of  the  broad  band  observed  in 
the  XRD  pattern.  TEM  analysis  of  the  complex  heated  to  500°C  showed  that  each  single, 
micron  sized  grain  was  made  of  particles  of  about  20  nm.  SADP  measurements  on  each  grain 
showed  the  presence  of  LaFe03  with  a  single  orientation.  This  surprising  result  means  that  the 
nano-sized  particles  of  LaFe03  are  formed  from  the  evolution  of  cyanide  groups,  which  caused 
the  diffuse  porosity  of  about  10  nm  in  the  large  grains,  but  keeping  the  same  orientation.  In  this 
stage,  LaFe03  is  present  as  a  porous  single  crystal  [45].  The  explanation  of  these  results  can  be 
found  in  the  crystalline  structures  of  the  complex  and  the  oxide,  which  are  very  similar.  The 
higher  the  temperature,  the  larger  the  size  of  pores  and  particles.  At  600°C,  the  primary 
particle  size  was  40  nm.  At  700°C,  SADP  on  the  micron  sized  grains  showed  a  ring  pattern 
typical  of  poly  crystalline  materials,  demonstrating  that  the  primary  particles  started  to  have 
different  orientations  [45].  A  similar  microstructural  evolution  with  the  temperature  was 
observed  also  for  SmFe03  formed  by  the  thermal  decomposition  of  the  SmFe-complex. 

Nano-sized  LaFe03  and  SmFe03  powders  prepared  by  the  thermal  decomposition  of  the 
hexacyanocomplexes  at  700 °C  were  used  for  the  preparation  of  the  thick-film  sensors.  Ball 
milling  in  ethanol  was  effective  in  destroying  the  agglomerates,  with  formation  of  powders 
made  of  uniform  particles  in  the  20-60  nm  size  range.  As  shown  by  TEM,  these  powders  were 
free  of  intra^nular  pores  [45],  which  makes  them  suitable  for  the  preparation  of  thick  films  by 
screen-printing  technology. 

The  LaFe03  and  SmFe03  thick  films  were  fired  at  various  temperatures  in  the  range  750- 
1000°C  [15,16].  SEM  observations  showed  that  the  morpholo^  of  the  thick  films  heated  to 
750°C  was  very  similar  to  the  morphology  of  the  powders.  Figure  3  shows  a  typical  SEM 
micrograph  of  a  LaFe03  thick-film  sensor  fired  at  750°C.  The  films  were  highly  porous, 
sintering  of  the  grains  was  very  limited,  and  the  presence  of  necks  was  rarely  observed. 
However,  the  itmer  layer  of  the  oxide  was  adhered  to  the  substrate,  as  checked  by  scotch  tape 
tests.  With  increasing  the  firing  temperature,  a  growth  of  the  oxide  grains  was  observed.  The 
higher  the  temperature,  the  larger  the  grains  and  the  lai^er  the  number  of  necks  between 
particles.  For  both  oxides,  the  average  size  of  the  grains  was  200  nm  at  900°C,  and  400  nm  at 
1000°C.  Therefore,  it  was  decided  to  measure  the  gas  response  of  the  films  sintered  at  750°C. 

The  gas-sensitive  electrical  response  of  both  the  perovskite-type  thick-films  were  tested  in 
laboratory,  in  environments  with  different  gases  (CO  and  NO2)  in  dry  and  wet  air  [15,16].  Both 
oxides  responded  to  CO  and  NO2,  with  />-type  semiconducting  behavior.  Figure  4  shows  the 
electrical  response  of  a  LaFe03  film  fired  at  750°C  to  various  NO2  concentrations  in  wet  (30% 
RH)  air,  measured  at  250°C.  The  alarm  limits  set  in  Italy  (in  agreement  with  European  Union 
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regulations)  for  environmental  monitoring  are  about  0.1  ppm  of  NO2  and  10  ppm  CO  in  air. 
Keeping  in  mind  these  values,  the  response  of  the  LaFeOs  and  SmFe03  films  to  1  ppm  of  NO2 
is  greater  than  their  response  to  100  ppm  of  CO,  a  concentration  two  orders  of  magnitude 
larger.  However,  the  perovskite-type  oxide  films  in  these  tests  did  not  detect  the  alarm  values. 


Figure  3  -  SEM  micrograph  of  aLaFeOs  thick-film  sensor  fired  at  750°C. 

Figure  4  -  Electrical  response  a  LaFeOs  thick-film  sensor  fired  at  750°C,  measured  at  250°C  at 
various  NO2  concentrations  in  wet  (30%  RH)  air. 


TiO>t-Based  Thick  Films 

XRD  analysis  showed  that  the  precipitates  dried  at  100°C  were  amorphous.  All  the 
samples  were  calcined  at  400°C  to  obtain  homogeneous  and  nano-sized  (30-50  nm)  anatase 
Ti02  powders.  XRD  analysis  was  also  performed  on  pure  and  doped  samples  heated  to 
select^  temperatures  (650,  850,  and  1050°C)  to  check  the  crystalline  structure  and  the  phases 
present.  The  pure  Ti02  powder  heated  to  650°C  showed  still  the  presence  of  anatase.  Heating 
up  to  850°C  induced  the  phase  transition  from  anatase  to  rutile. 

The  presence  of  Ta  and  Nb  dramatically  affected  the  phase  transition  between  anatase  and 
rutile  observed  for  the  pure  titania.  The  10  at%  Ta-doped  powder  showed  the  presence  of 
almost  only  anatase  (accompanied  by  small  amounts  of  rutile)  up  to  the  heating  temperature  of 
850°C.  At  1050°C,  anatase  transformed  into  rutile  accompanied  by  traces  of  Ta205.  This 
means  that  the  solubility  of  Ta  is  almost  complete  in  the  titania  crystalline  structures  even  at  a 
concentration  of  10  at%.  The  10  at%  Nb-doped  powder  showed  the  presence  of  only  the 
anatase  phase  up  to  650°C,  while  the  sample  heated  to  850°C  contained  mainly  anatase,  but 
also  rutile  and  Nb2Ti07.  At  1050°C,  anatase  transformed  into  rutile  accompanied  by  Nb2Ti07. 
The  5  at%  Nb-doped  powder  heated  to  850°C  showed  the  presence  of  anatase  and  a  small 
amount  of  rutile,  and  at  1050°C  the  presence  of  rutile  structure  with  traces  of  an  unidentified 
phase.  The  Nb  solubility  in  the  titania  crystalline  structures  is  thus  lower  than  that  of  Ta. 

SEM  observations  of  the  thick  films  showed  that  the  phase  transformation  from  anatase  to 
rutile  occurred  with  a  significant  grain  growth.  The  pure  Ti02  film  fired  at  650°C  was  very 
porous  and  made  of  homogeneous  spherical  particles  with  grain  size  in  the  range  40-60  nm.  The 
doped  samples  fired  at  650°C  showed  the  same  morphology  with  similar  grain  size.  Figure  5 
shows  the  SEM  micrograph  of  the  pure  Ti02  film  fired  at  850°C.  The  grain  size  was  in  the 
200-600  nm  range,  showing  a  grain  growth  of  about  one  order  of  magnitude,  and  a  reduction  in 
total  porosity.  Figure  6  shows  the  SEM  micrograph  of  the  10  at%  Ta-doped  Ti02  fihn  fired  at 
850°C,  having  morphology  similar  to  that  of  the  pure  titania  films  fired  at  650°C.  Grain  size 
was  in  the  40-70  nm  range.  All  the  doped  samples  fired  at  850®C  showed  the  same  features. 

The  doping  at  both  concentrations  was  effective  in  hindering  the  grain  growth  and  the 
anatase-to-rutile  phase  transformation  at  850°C.  This  might  be  due  to  the  substitution  of  Ta^^ 
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(or  Nb^'^)  in  the  sites  that  reduces  the  oxygen  vacancy  concentration  and  inhibits  the 
transformation  from  anatase  to  rutile  [46].  Similar  results  were  obtained  with  pure  and  doped 
(V  or  Nb)  Ti02  powders  prepared  using  laser-induced  pyrolysis,  which  dso  led  to  the 
preparation  of  nanociy stall ine  powders  with  the  anatase  structure  [47]. 


Figure  5  -  SEM  micrograph  of  pure  titania  sample  fired  at  850°C. 

Figure  6  -  SEM  micrograph  of  Ta  (10  at%)  doped  titania  sample  fired  at  850°C 

Electrical  measurements  of  the  thick  films  performed  at  400°C  in  wet  (40%  air  showed 
that  conductance  increased  with  Ta  and  Nb  addition.  The  pure  Ti02  films  showed  conductance 
values  in  the  range  1-3  nS,  while  7-10  nS  were  measured  for  the  Ta-doped  films,  and  20-50  nS 
for  those  doped  with  Nb.  The  Nb  doping  was  more  effective  than  the  Ta  doping  in  decreasing 
the  film  resistance.  The  valence  band  occupancy  of  the  fifth  electron  of  Ta  is  smaller  than  for 
Nb.  Hence,  Ta-doped  films  were  expected  to  show  a  better  CO  response  than  Nb-doped  films. 

Figure  7  shows  the  electrical  response  (the  ratio  between  the  conductance  in  the  tested  gas, 
Ggas,  and  the  conductance  in  air,  Gak)  to  CO  (100  ppm)  in  wet  air  (40%  RH)  of  all  the  Ti02- 
based  films  tested.  The  microstructure  of  the  films  dramatically  affected  the  response  of  the 
sensors;  in  fact,  the  pure  Ti02  film  fired  at  850°C  was  almost  insensitive  to  CO  while  all  the 
other  films  that  showed  nanosized  grains  were  sensitive  to  CO.  As  far  as  the  doped  samples  are 
concerned,  the  films  fired  at  850°C  and  doped  with  Ta  showed  better  responses.  Moreover,  the 
10  at%  doped  samples  responded  better  than  the  corresponding  5  at%  doped  samples.  The 
best  response,  about  2.5,  was  thus  observed  for  the  10  at%  Ta-doped  film  heated  to  850°C. 
Considering  the  films  fir^  at  650°C,  in  agreement  with  the  conductance  measurements,  the  CO 
response  followed  the  order;  pure  Ti02  >  10  at%  Ta-doped  Ti02  >  10  at%  Nb-doped  Ti02. 

The  influence  of  RH  on  the  CO  response  of  the  titania-based  thick  films  was  negligible. 
Figure  8  shows  the  electrical  response  of  the  doped  films  fired  at  850°C,  measured  in  wet  (40% 
RH)  and  dry  air  at  400°C.  This  feature  is  very  important  for  air  quality  monitoring  [25],  which 
is  the  target  application  of  these  sensors,  given  that  the  sensors  have  to  be  exposed  to 
environmental  atmosphere. 

The  maximum  response  to  10  ppm  of  NO2  (expressed  in  this  case  as  Gai/Ggas,  being  NO2 
an  oxidizing  gas)  in  wet  air  (40%  RH)  was  about  2.3,  measured  at  400°C  for  the  10  at%  Nb- 
doped  film  fired  at  850°C.  The  films  which  showed  the  larger  CO  responses  were  only  slightly 
sensitive  to  NO2.  As  an  example,  the  NO2  response  of  the  10  at%  Ta-doped  film  fired  at  850°C 
was  1.6.  Again,  only  the  nanostructured  films  showed  some  sensitivity  to  NO2. 

Thus,  these  results  demonstrate  that  titania  sensors  can  be  used  in  the  environmental 
pollutant  control  only  if  nanostructured.  Titania-based  sensors  needs  to  work  at  relatively  high 
operating  temperatures  larger  than  400X.  The  sensors  based  on  Ti02  films  doped  with  Ta  and 
fired  at  850°C  offer  the  best  combination  of  characteristics  for  CO  control  in  air  quality 
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monitoring.  They  show  enhanced  thermal  stability  keeping  the  grain  size  at  the  nano-sized 
level,  and  thus  a  large  CO  response  almost  unaffected  by  relative  humidity. 


Figure  7  -  Electrical  response  to  CO  (100  ppm)  in  wet  air  (40%  RH)  of  the  various  Ti02-based 
thick  films  (the  legend  list  the  samples  from  top  to  bottom),  measured  at  400°C. 
Figure  8  -  Electrical  response  to  CO  (100  ppm)  in  wet  (40%  RH)  and  dry  air  of  the  various 

doped  Ti02  thick  films  fired  at  850°C  (from  top  to  bottom,  10  at%  Ta-doped,  5  at% 
Ta-doped,  10  at%  Nb-doped,  and  5  at%  Nb-doped),  measured  at  400°C. 


Environmental  Monitoring  Field  Tests 

The  control  and  monitoring  of  pollutants  for  ambient  air  quality  is  at  present  limited  by 
the  high  costs  of  the  analytical  equipment  needed  by  the  techniques  currently  approved  by  the 
existing  standards  [48].  Therefore,  environmental  monitoring  is  one  of  the  most  desired  among 
the  industrial  and  civil  applications  for  which  the  development  of  reliable  and  selective  solid- 
state  gas  sensors  is  needed  [49].  Devices  based  on  solid-state  gas  sensors  would  be  dramatically 
cheaper  than  analytical  equipment,  and  their  use  would  lead  to  the  possibility  of  wider 
distribution  of  environmental  monitoring  locations  than  exist  at  present,  resulting  in  an 
improved  picture  of  air  quality  [50]. 

These  are  the  reasons  that  have  driven  us  to  study  the  gas-sensitive  electrical  properties  of 
the  thick  films  during  field  tests,  performed  by  measuring  the  change  in  conductivity  of  the 
various  films,  placed  in  an  array  and  exposed  to  real  atmosphere.  Several  sensors'  arrays  have 
been  installed.  The  first  test  started  on  February  12,  1997,  using  SnOi  and  LaFe03  sensors, 
while  other  sensors  (SmFeOa,  Ti02,  and  In203)  were  added  later.  The  first  array  is  up  to  date 
still  running  without  major  problems  of  stability  for  the  sensors. 

During  the  field  tests,  very  good  agreement  was  observed  between  the  sensors'  output  and 
the  gas  concentrations  measured  by  the  ARPA  analytical  equipment  [51,52].  Figure  9  shows 
the  output  of  the  sensor  array  during  field  tests  between  April  3rd  and  5th,  1999.  This  output 
consisted  of  the  electrical  response  of  the  LaFe03  sensor  fired  at  750°C,  of  the  10  at%  Ta- 
doped  Ti02  sensor  fired  at  850°C,  and  in  the  monitoring  of  RH  and  temperature  (T).  For 
reading  the  RH  and  T  values,  one  needs  to  consider  that  10  mV  ==  1%  RH,  and  10  mV  =  1°C. 
During  the  three  days  examined,  the  temperature  and  RH  were  extremely  variable.  However, 
the  responses  of  the  sensors  were  not  affected  by  these  parameters,  as  demonstrated  from  the 
correct  zero  line  of  the  signals  that  was  not  changed  during  tests.  Pollutant  emissions  are 
inevitably  concentrated  during  rush  hours.  In  fact,  as  shown  in  Fig.  9,  also  the  activity  of  the 
semiconducting  sensors  was  observed  during  rush  hours. 
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Figure  9  -  Output  of  the  array  of  thick-film  sensors  during  field  tests  on  April  3-5,  1999  (10 
mV=  1%RH,  10mV=  1°C). 

The  LaFeOs  and  SmFeOs  sensors  were  mainly  sensitive  to  nitrogen  o?ddes,  as  shown  in 
Figure  10,  where  the  LaFe03  sensor  response  is  compared  with  the  NOx  concentration 
measured  by  the  analytical  equipment,  during  the  same  period  of  time  of  the  sensor  array 
response  of  Fig.  9.  According  to  the  Italian  regulations,  the  concentrations  of  CO,  NO,  NO2, 
and  O3  measured  with  the  analytical  equipment  are  provided  as  average  concentrations  in  a 
hour.  Therefore,  also  for  the  sensor  response  the  values  are  reported  as  average  values  in  a  hour. 
The  Ta-TiOi  sensors  were  mainly  sensitive  to  CO  reducing  gas.  Figure  11  shows  that  the 
response  of  this  sensor  is  in  good  agreement  with  the  CO  output  of  the  analytical  equipment. 


Figure  10  ~  Response  (mV,  average  in  a  hour)  of  the  LaFeOs  sensor  compared  to  the  NOx 
concentration  measured  by  the  analytical  equipment. 

Figure  11  -  Response  (mV,  average  in  a  hour)  of  the  Ta-Ti02  sensor  compared  to  the  CO 
concentration  measured  by  the  analytical  equipment. 
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The  emissions  of  a  car  with  a  diesel  engine  and  one  with  an  Otto-cycle  engine  have  been 
unambiguously  correlated  to  the  response  of  LaFe03  and  SnOa  sensors  [24].  The  test  was 
performed  during  night  (around  1 1  p.m.)  to  avoid  interference  with  polluting  emissions  of  other 
cars.  When  a  car  with  a  diesel  engine  was  turned  on  near  the  monitoring  station,  the  LaFeOs 
sensor  detected  394  ppb  of  NO2,  when  the  average  level  was  70  ppb.  The  diesel  engine  was 
shut  off,  and  after  the  LaFe03  sensor  had  recovered  to  the  average  potential  value,  the  gasoline- 
powered  car  was  turned  on.  A  positive  peak  was  observed  for  the  Sn02  sensor,  while  a  small 
negative  signal  was  observed  for  the  LaFe03  sensor,  corresponding  to  a  measured  CO  level  of 
5.6  ppm  (an  average  value  of  about  1  ppm).  Surprisingly,  these  absolute  values  and  changes  are 
much  smaller  than  those  that  the  sensors  appeared  able  of  measuring  during  laboratory  tests. 

These  results  obviously  showed  only  qualitative  gases  and  not  quantitative  polluting-gas- 
monitoring  capabilities.  Nevertheless,  an  attempt  was  made  to  find  a  quantitative  correlation 
between  the  concentrations  measured  by  the  conventional  analytical  equipment  and  the  sensors' 
output,  using  calibration  curves  [24].  These  calibration  curves  were  used  to  evaluate 
quantitatively  the  CO  and  NO  concentrations  from  the  electrical  response  of  Ta-Ti02  and 
LaFe03  sensors,  and  they  showed  good  agreement  with  the  values  measured  with  the  standard 
analytical  equipment,  although  there  were  large  errors  involved  in  this  procedure  (which 
neglected  the  influence  of  interference  gases  on  sensor  response)  [24].  However,  phenomena 
like  inversion  temperature  make  also  difficult  a  correct  evaluation,  due  to  NO2  and  O3 
interference.  This  problem  might  be  overcome  by  increasing  the  number  of  the  sensors  in  the 
array,  particularly  with  materials  able  to  selectively  detect  these  gases. 

CONCLUDING  REMARKS 

It  has  been  demonstrated  that  the  properties  of  gas  sensing  materials  can  be  improved  by 
the  use  of  nano-sized  semiconducting  oxide  powders.  Our  approach  is  trying  to  design  the 
performance  of  a  given  oxide  to  obtain  the  suitable  conductance  and  improved  selectivity.  This 
can  be  obtained  by  controlling  the  microstructure  of  the  oxide  (through  chemical  processing  of 
the  powders),  and  the  composition  of  the  oxides  (additives  can  be  used  to  control  the 
conductance  in  air,  and  to  control  the  microstructure).  All  the  thick-film  processing  parameters 
are  also  of  primary  concern  in  tailoring  structural  and  electrical  properties.  The  combined  use  of 
theory  and  experimental  analysis  provides  the  instruments  for  achieving  such  aims. 

Another  very  important  result  is  that  the  feasibility  of  using  semiconducting-oxide  thick- 
film  sensors  in  cheap,  innovative,  environmental-monitoring  stations  has  been  demonstrated.  In 
field  tests,  the  sensors  were  able  to  detect  atmospheric  pollutants  at  very  low  concentrations 
and  exhibited  the  same  trend  as  those  recorded  by  conventional  analytical  instruments. 

Although  it  is  still  not  possible  to  claim  that  semiconducting  sensors  are  selective,  their 
performances  have  been  undoubtedly  enhanced  in  this  respect.  Therefore,  the  use  of  an  array  of 
sensors  based  on  different  semiconducting  oxides  can  be  very  helpful  in  overcoming  interference 
problems,  and  the  use  of  simpler  signal-processing  methods  than  in  many  current  systems  can 
be  foreseen.  It  may  be  concluded  that  there  is  still  considerable  room  for  improvement  in  the 
field  of  gas  sensors  via  the  relevant  sensing  materials. 
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ABSTRACT 

CdS  and  Mn-doped  CdS  capped  with  TOPO  (tri-«-octylphosphineoxide)  have  been 
prepared  by  a  single  source  route  using  bis(methylhexyldithiocarbamato)cadmium(II)  and 
manganese  dichloride  as  precursors.  The  nanoparticles  obtained  show  quantum  size  effects  in 
their  optical  spectra  with  the  CdS  nanoparticles  exhibiting  near  band-edge  luminescence.  The  PL 
spectrum  of  the  doped  CdS  nanoparticles  have  an  emission  maximum  at  585  nm  attributed  to  the 
Ti-  Ai  electronic  transition  of  Mn  in  a  tetrahedral  site.  However  the  PL  spectrum  changes  over 
time  (weeks)  and  gave  a  deep  trap  emission.  The  Selected  Area  Electron  Diffraction  (SAED) 
and  X-ray  diffraction  (XRD)  pattern  show  both  CdS  and  the  Mn  doped  CdS  particles  to  be  of 
the  hexagonal  phase.  Transmission  Electron  Microscopy  (TEM)  and  High  Resolution  TEM  show 
well-defined  images  of  nanosize  particles  with  clear  lattice  fringes.  ESR  spectra  and  ICP  results 
confirm  the  presence  of  Mn  in  the  CdS  nanoparticles. 

INTRODUCTION 

Semiconductor  particles  with  diameters  on  the  order  of  nanometers  have  generated 
considerable  interest  in  these  materials  in  recent  years  because  of  their  unique  size  dependent 
properties.  The  incorporation  of  Mn  into  the  crystal  lattice  of  IWI  semiconductor  nanoparticles 
have  yielded  another  new  class  of  materials.*  Mn  doped  ZnS  and  CdS  quantum  dots  have 
demonstrated  an  orange  luminescence  attributed  to  the  spin  forbidden  ^Ti-^Ai  electronic 
transition  of  Mn.  *  ^  These  properties  are  due  to  the  strong  exchange  coupling  between  the 
localized  moments  of  the  paramagnetic  dopant  and  the  band  electrons  of  the  semiconductor. 

Most  reports  on  Mn  doped  ZnS  and  CdS  nanoparticles  involve  a  colloidal  route  based  on  the 
simultaneous  precipitation  of  both  CdS  (or  ZnS)  and  MnS.*'^  Cdi.^Mn:cS  have  also  been 
synthesized  by  coprecipitation  in  reverse  micelle  solutions.^  All  studies  have  concluded  that  only 
a  small  fraction  of  the  initial  Mn  added  is  incorporated  into  the  crystal  lattice  with  a  large 
proportion  of  the  Mn  remaining  on  the  surface  or  forming  MnS  precipitates.  The  location  of  the 
Mn  in  the  dots  is  important  as  it  effects  the  optical  properties.  Murphy  et  al.^  reported  that 
manganese  doped  ZnS  displays  orange  emission  (585  nm)  whereas  the  ZnS  dots  with  Mn  on  the 
surface  emit  in  the  ultraviolet  (435  nm).  The  local  structure  of  these  particles  has  been  studied  by 
transmission  electron  microscopy  (TEM),  x-ray  diffraction  (XRD),  energy  dispersion 
spectroscopy  (EDS)  and  electron  paramagnetic  resonance  (EPR). 

We  report  the  synthesis  and  complete  characterization  of  TOPO  capped  Mn  doped  CdS 
nanoparticles  using  an  air  stable  single  source  precursor,  bis(methylhexyldithiocarbamato) 
cadmium(II)[Cd(S2CNMe("Hex))2]  and  manganese  dichloride. 
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EXPERIMENTAL 


Chemicals 

Tri  -n-  octylphosphine  oxide  (TOPO),  tri-«-octylphosphine  (TOP),  «-methylhexylamine, 
carbon  disulfide  and  manganese(n)  chloride  were  purchased  from  Aldrich  Chemical  Company 
Ltd  and  methanol,  toluene  from  BDH.. 

TOPO  was  purified  by  vacuum  distillation  at  ca.  250  °C  (  0.1  torr).  The  solvents  used  for  air 
sensitive  chemistry  were  distilled ,  deoxygenated  under  a  nitrogen  flow  and  stored  over 
molecular  sieves  (type  4  A,  BDH)  before  use. 

Instrumentation 

UVA^IS  Absorption  Spectroscopy:  A  Philips  PU  8710  spectrophotometer  was  used  to 
carry  out  the  optical  measurements  of  the  semiconductor  nanoparticles.  The  samples  were  placed 
in  silica  cuvettes  (1cm  path  length). 

Photoluminescence  Spectroscopy:  A  Spex  FluoroMax  instrument  with  a  xenon  lamp 
(150W)  and  a  152  P  photomultiplier  tube  as  a  detector  was  used  to  measure  the 
photoluminescence  of  the  particles.  Good  spectral  data  was  recorded  with  the  slits  set  at  2nm  and 
an  integration  time  of  1  second.  The  samples  were  quantitatively  prepared  by  dissolving  25  mg 
in  10  ml  toluene. 

The  samples  were  placed  in  quartz  cuvettes  (1  cm  path  length)  used  as  blank  for  all 
measurements.  The  wavelength  of  excitation  was  set  at  a  lower  value  than  onset  of  absorption  of 
a  particular  sample. 

X-Ray  Diffraction  (XRD):  X-  Ray  diffraction  patterns  were  measured  using  a  Philips 
PW  1700  series  automated  powder  diffractometer  using  Cu-  K(  radiation  at  40kV/40mA  with  a 
secondary  graphite  crystal  monochromator.  Samples  were  prepared  on  glass  slides  (5  cm).  A 
concentrated  toluene  solution  was  slowly  evaporated  at  room  temperature  on  a  glass  slide  to 
obtain  a  sample  for  analysis. 

Electron  microscopy:  A  Joel  2000  FX  MK  1  operated  at  200KV  electron  microscope 
with  an  Oxford  Instrument  AN  10000  EDS  Analyser  was  used  for  the  conventional  TEM 
(transmission  electron  microscopy)  images.  Selected  area  electron  diffraction  (SAED)  patterns 
were  obtained  using  a  Jeol  2000FX  MK  2  electron  microscope  operated  at  200kV.  The  samples 
for  TEM  and  SAED  were  prepared  by  placing  a  drop  of  a  dilute  solution  of  sample  in  toluene 
on  a  copper  grid  (400  mesh,  agar).  The  excess  solvent  was  wicked  away  with  a  paper  tip  and 
completely  dried  at  room  temperature. 

Electron  spin  resonance  (ESR):  Measurements  were  made  on  a  Bruker  200D  X-band 
spectrometer  employing  1 00  kHz  modulation,  magnetic  field  markers  from  an  NMR  gaussmeter 
and  an  external  microwave  frequency  counter. 

Synthesis 

All  experiments  were  carried  out  by  using  dry  solvents  and  standard  Schlenck 
techniques.  Glassware  was  dried  in  the  oven  before  use  and  TOPO  (tri-«-octylphosphineoxide) 
was  used  after  purification  by  vacuum  distillation 

Preparation  of  Cd(S2CNMe("Hex))2 

Cd(S2CNMe("Hex))2  was  synthesised  according  to  the  literature  method.*  A  mixture  of 
Cd(OH)2  2H2O  (8.43g,  46.2  mmol),  CS2  (4.6  cm^  77.2  mmol)  and  A^-methyl-hexylamine  (1 1 .6 
cm\  76.3  mmol)  in  ethanol  (50  cm^)  was  refluxed  for  1  h.  The  mixture  was  filtered  to  remove 
the  solid  impurities  and  the  clear  filtrate  was  evaporated  under  vacuum.  The  yellow  solid  product 
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was  recrystallized  from  chloroform  at  room  temperature  to  give  Cd(S2CNMe("Hex))2.  (m.p.  74 
yield:  14.11  g,  28.6  mmol,  75  %). 

Preparation  of  CdS  quantum  dots 

The  method  used  was  essentially  as  described  by  Trindade  and  O’  Brien.^’^® 
Cd(S2CNMe("Hex))2  (1.0  g)  was  dissolved  in  TOP  (15  ml)  and  injected  into  hot  TOPO  (20  g). 
A  decrease  in  temperature  of  20  -  30  °C  was  observed.  The  solution  was  then  allowed  to  stabilize 
at  250  °C  and  heated  for  40  min.  at  this  temperature.  The  pale  white  solution  was  cooled  to 
approximately  70°C  and  an  excess  of  methanol  added,  a  flocculant  precipitate  formed.  The 
precipitate  was  separated  by  centrifugation  and  redispersed  in  toluene. 

Preparation  of  Mn  doped  CdS  quantum  dots 

In  a  typical  experiment  Cd(S2CNMe("Hex))2  (1.0  g)  and  MnCb  (2.56  mg,  1%)  are 
dissolved  in  TOP  (15  ml).  The  resulting  deep  red  solution  was  then  injected  into  hot  TOPO  (20 
g)  at  250  °C.  After  an  initial  drop  in  temperature  to  210^0  the  temperature  was  stabilised  at 
240  and  the  reaction  was  allowed  to  proceed  for  40  minutes.  The  mixture  was  cooled  to  70°C 
and  methanol  was  then  added  to  it  to  flocculate  the  nanoparticles.  After  centrifugation,  the 
supernatant  solution  was  discarded  and  the  pale  white  precipitate  of  nanoparticles  was  washed 
further  with  methanol  to  remove  the  excess  TOPO,  followed  by  dissolution  in  toluene. 

RESULTS  AND  DISCUSSION 

The  shift  of  the  band  edge  to  high  energy  with  decreasing  particle  size  in  semiconductor 
nanoparticles  as  a  result  of  quantum  size  effects  is  widely  reported.  The  incorporation  of  Mn^^ 
into  the  crystal  lattice  of  the  nanometric  semiconductor  should  have  an  effect  on  the  optical 
properties.  The  TOPO  capped  CdS  nanoparticles  synthesized  from  Cd(S2CNMe("Hex))2, 
exhibits  a  band  edge  at  4.75nm  (2.61  eV)  with  a  distinct  excitonic  shoulder  at  440  nm  (Figure 
1).  The  optical  absorption  spectrum  of  Mn  doped  CdS  is  slightly  broader  than  that  of  CdS  with 
the  band  edge  red  shifted  at  506  nm  (2.45  eV),  The  shoulder  visible  at  440  nm  in  CdS  is 
smoothened  out  in  the  doped  sample.  This  effect  could  be  due  to  a  broader  size  distribution  in  the 
doped  sample.  The  band  edges  of  both  CdS  and  Mn  doped  CdS  show  blue  shifts  with  respect  to 
bulk  CdS  (512  nm,  2.42  eV)  (Figure  1).  The  photoluminescence  spectrum  of  the  CdS 
nanoparticles  shows  a  very  narrow  emission  curve  with  an  emission  maximum  at  514  nm.  This  is 
consistent  with  previously  observed  photoluminescence  behavior  for  CdS  synthesized  by  a 
similar  method  with  the  emission  attributed  to  band  to  band  electron-hole  recombination.^^  The 
TOPO  electronically  passivates  the  surface  traps,  normally  responsible  for  the  luminescence  in 
CdS  nanoparticles,  through  surface  trap  recombinations.  The  photoluminescence  spectrum  of 
Mn  doped  CdS  nanoparticles  differs  from  that  of  CdS.  A  narrow,  slightly  more  intense  spectrum 
is  observed,  with  an  emission  maximum  red  shifted  at  585  nm.  This  emission  is  characteristic  of 
the  Mn^^  internal  "^Ti-^Ai  transition.  The  absence  of  any  deep  trap  emission  in  both  the  samples 
suggests  that  the  nanoparticles  that  surface  coverage  by  TOPO  is  very  efficient.  However,  a 
photoluminescence  spectrum  carried  out  on  the  Mn  doped  sample  after  three  weeks  shows 
remarkably  different  features.  The  emission  maximum  is  further  red  shifted  to  705  nm,  with  a 
“hump”  at  544  nm  and  the  Mn^”^  emission  peak  at  585  nm  no  longer  present.  This  means  that  the 
dominant  emission  at  705  nm  is  due  to  recombination  from  the  trap  states.  The  appearance  of 
surface  traps  could  be  due  to  the  uncapping  of  the  nanoparticles  with  time  as  a  result  of  their 
instability  in  solution.  This  suggestion  is  confirmed  by  the  appearance  of  a  fine  yellow 
precipitate  of  CdS  nanoparticles  in  the  toluene  solution. 
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Figure  1,  Optical  spectra  (a)  absorption  spectrum  of  CdS,  (b)  absorption  spectrum  for  Mn  doped 
CdS  ,(c)  PL  spectrum  of  CdS,  (d)  PL  spectrum  of  Mn  doped  CdS  (fresh)  and  (e)  after  3  weeks. 

The  diffraction  pattern  of  Mn  doped  CdS  shows  broad  peaks  typical  of  particles  in  the  nanosize 
regime  (Figure  2),  The  (110),  (103)  and  (112)  planes  of  wurtzite  CdS  are  clearly  distinguished  in 
the  pattern.  The  SAED  pattern  consists  of  broad  diffuse  rings  again  typical  of  small  particles. 
Thediffractionringsareindexed,withthe(100), (102),  (103)and(112)  planes  confirming  the 
wurtzite  phase.  The  diffraction  pattern  is  similar  to  CdS  without  any  change  in  phase,  however 
the  (110),  (103)  and  (112)  planes  are  slightly  broader  in  the  doped  sample. 
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This  effect  could  be  as  a  result  of  the  smaller  size  of  the  Mn  doped  CdS  particles  or 
because  of  the  substitution  of  Mn  in  the  sulfur  sites  of  CdS  crystal  lattice.  The  latter  is  more 
likely  since  the  TEM  micrographs  and  the  absorption  spectrum  indicates  that  the  Mn  doped  CdS 
particles  are  larger  than  those  of  CdS  (Figure  3a).  The  TEM  micrograph  of  the  Mn  doped  sample 
shows  particles  with  a  diameter  of.  5.44  nm  (±  8%)  the  CdS  nanoparticles  had  an  average 
diameter  of  5.12  nm  (±  7%).  The  particles  appear  clustered  forming  “islands”  of  particles.  The 
HRTEM  micrograph  shows  well-defined  particles.  The  lattice  fringes  visible  in  the  HRTEM 
micrograph  of  a  single  quantum  dot  is  indicative  of  the  crystalline  nature  of  the  particles  (Figure 
3c). 


Figure  3.  (a)  TEM  image  of  Mn  doped  CdS,  (b)  corresponding  particle  size  distribution  and  (c) 
HRTEM  image  of  a  single  quantum  dot. 

The  ESR  spectrum  of  a  fresh  powdered  sample  shows  an  intense  broad  signal,  which 
could  be  attributed  to  Mn-Mn  interactions  (Figure  4a).  The  ESR  spectrum  of  a  toluene 
solution  of  the  same  sample  shows  weak  partially  resolved  hyperfme  structure  superimposed  on 
a  broad  background  signal  (Figure  4b).  This  spectrum  is  characteristic  of  Mn^"^  ions  in  a 
tetrahedral  site  which  could  be  attributed  to  manganese  incorporated  into  the  CdS  lattice.  The 
spectrum  of  the  sample  taken  5  days  later  shows  the  resolution  of  the  fine  structure  to  have 
decreased  (Figure  4c).  The  weak  6-line  spectrum  shows  that  manganese  is  present  in  the  CdS 
lattice,  the  PL  emission  at  585  nm  confirms  the  incorporation  of  Mn  into  the  lattice.  The  ESR 
behaviour  of  the  solid  sample  is  probably  due  to  poor  resolution  of  the  measurement  by  the 
instrument,  beacause  the  subsequent  measurements  in  solution  and  after  a  few  days  show  the 
presence  of  the  6-line  structure  of  Mn.  The  amount  of  Mn  present  in  the  sample  as  measured  by 
ICP-AES  analysis  is  0.65  %,  which  is  reasonably  high  compared  to  previous  measurements.^’^ 


CONCLUSIONS 

Nanoparticles  of  CdS  and  Mn-doped  CdS  close  to  mono-dispersed,  capped  with  TOPO 
have  been  prepared  by  a  single  source  route  using  bis(methylhexyldithiocarbamato)cadmium(II). 
The  optical  properties  of  the  Mn  doped  CdS  nanoparticles  differ  from  those  of  CdS  due  to  the 
presence  of  Mn  in  the  crystal  lattice.  X-ray  diffraction  and  electron  microscopy  show  the 
particles  to  be  nanometric  in  size  with  the  hexagonal  phase  dominant.  The  ESR  spectra  confirm 
the  presence  of  Mn  in  CdS  lattice. 
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Figure  4.  ESR  spectra  (a)  solid  Mn  doped  CdS,  (b)  in  toluene  solution  (fresh)  and  (c)  after 
weeks. 
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ABSTRACT 

We  present  a  synthesis  of  colloidal  CdTe  nanocrystals  whose  absolute  room 
temperature  quantum  yields  are  routinely  above  60%.  The  preparation  is  based  on  the 
trioctylphosphine  oxide  (TOPO)  method  reported  by  Murray,  with  a  more  stalbe 
tellurium  precursor  now  used  as  the  chalcogenide  source.  The  photoluminescence  is 
continuously  tunable  over  the  range  590-760  nm  and  is  as  narrow  as  135  meV  (45  nm) 
FWHM.  No  deep  trap  luminescence  is  detected  for  the  diameter  range  4-1 1  nm.  CdTe 
nanocrystals  are  characterized  by  UV/vis  absorption,  photoluminescence  emission, 
transmission  electron  microscopy,  and  powder  X-ray  diffraction. 

INTRODUCTION 

There  exists  a  need  for  semiconductor  nanocrystals  which  display  narrow,  intense 
band  edge  photoluminescence  (PL),  especially  if  such  materials  are  to  be  routinely  used 
in  biological  labeling  experiments  [1]  or  electroluminescent  devices  [2].  Recently 
reported  (core)shell  materials  (CdSe)ZnS  [3]  and  (CdSe)CdS  [4]  can  achieve  quantum 
yields  as  high  as  50  and  85%,  but  these  optimal  values  have  only  been  seen  for  samples 
emitting  in  the  green  through  orange  (~  490-590  nm)  region  of  the  spectrum.  Far  red 
emitters  (>  620  nm)  would  cover  a  portion  of  the  spectrum  for  which  there  is  presently 
no  nanocrystalline  semiconductor  material  -  and  very  few  molecular  dyes  -  with  very 
narrow,  intense  band  edge  PL.  Fluorophores  which  posses  these  qualities  would  be 
extremely  useful  for  multicolor  detection  schemes  and  in  whole  blood  assays.  In  this 
letter  we  present  a  synthesis  of  colloidal  CdTe  nanocrystals  whose  PL  is  much  brighter, 
narrower,  and  cleaner  than  that  of  previously  reported  samples  [5].  The  PL  can  be  tuned 
continuously  from  590  to  760  nm,  thus  complementing  the  (core)shell  work  described 
above.  The  absolute  quantum  yield  of  the  CdTe  nanocrystals  reported  here  is  as  high  as 
70%  and  -  attesting  to  the  reproducibility  of  the  method  -  the  average  quantum  yield  of 
15  of  the  best  samples  is  60  ±  8%.  Like  commercial  laser  dyes,  solutions  of  these 
nanocrystals  glow  brightly  in  room  lighting.  These  nanocrystals  are  as  bright  as  the  best 
(core)shell  composites  mentioned  above,  even  though  the  CdTe  samples  do  not  yet  have 
a  protective  inorganic  overcoating. 

EXPERIMENTAL 

Synthesis  of  CdTe  nanocrystals.  Unless  otherwise  noted,  all  procedures  are  carried 
out  under  nitrogen.  A  stock  solution  of  hexapropylphosphorustri amide  telluride 
(HPPTTe)  is  prepared  by  adding  6.38  g  tellurium  shot  (99.999%,  low  oxide,  Alfa/Aesar) 
to  45.00  g  hexa-n-propyl  phosphorous  triamide  (97%  Lancaster;  distilled  and  collected 
from  83-103  ®C  @  0.55  Torr  {uncorrected})  and  stirring  until  dissolved  (1-2  days). 
Dimethyl  cadmium  (99+%  Strem)  (CAUTION:  pyrophoric,  toxic,  readily  absorbed 
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through  skin)  is  vacuum  transferred  to  remove  impurities.  20g  TOPO  (90%  Strem)  is 
dried  under  vacuum  (~  0.5  Torr)  at  1 80  °C  for  1  hour,  then  filled  with  N2  and  heated  to 
350  °C.  In  a  N2  atmosphere  glovebox  a  solution  containing  50  pL  dimethyl  cadmium 
(0.69  mmol),  0.35  mL  HPPTTe  stock  (0.35  mmol),  and  12  mL  trioctylphosphine  (95% 
Fluka)  is  mixed  very  well  and  loaded  into  a  syringe.  This  solution  is  smoothly  injected 
(~  0.5  sec)  into  the  vigorously  stirring  TOPO,  which  immediately  turns  red  and  cools  to 
270  °C.  The  initial  UV/vis  spectrum  of  an  aliquot  in  hexane  displays  a  first  absorption 
feature  at  570-580  nm.  The  temperature  is  raised  to  290  °C  and  the  sample  is  grown  to 
the  desired  wavelength.  The  flask  is  then  cooled  to  ~  60  ®C  and  mixed  with  10  mL 
butanol. 

Nanocrystals  are  isolated  in  air  by  a  modified  size  selective  precipitation  with 
acetonitrile.  Size  selective  precipitation  using  methanol  was  found  to  be  unreliable.  The 
reaction  solution  prepared  above  is  mixed  with  an  additional  10  mL  butanol.  Acetonitrile 
is  added  until  the  mixture  becomes  turbid.  Upon  sitting  for  a  few  minutes  the  solution 
separates  into  two  layers.  The  colorless  hydrophilic  phase  is  removed  and  discarded. 

The  clear  red  hydrophobic  phase  is  mixed  with  approximately  one  third  its  original 
volume  of  butanol.  The  process  of  adding  acetonitrile  until  turbidity  and  separating 
layers  is  repeated  until  a  powder  or  very  thick  oil  is  obtained.  Freshly  prepared  CdTe 
nanocrystals  isolated  in  this  fashion  are  moderately  soluble  in  hexane  and  extremely 
soluble  in  tetrahydrofuran  (THF).  Addition  of  a  small  amount  of  TOP  (~  1%  vol)  and 
storage  under  N2  helps  preserve  the  luminescence  intensity  of  the  size  selected  material. 
Yields  of  crude  CdTe  range  from  50  mg  (small  sizes)  to  75  mg  (large  sizes)  of  dry 
powder. 

RESULTS  AND  DISCUSSION 

Our  synthesis  is  based  on  the  trioctylphosphine  oxide  (TOPO)  method  reported  by 
Murray  [6].  CdTe  nanocrystals  synthesized  by  this  method  possessed  poor  optical 
properties,  owing  to  the  low  reaction  temperatures  necessitated  by  the  relatively  unstable 
chalcogenide  precursor  trioctylphosphine  telluride.  Even  the  first  reported  synthesis  of 
trialkylphosphine  tellurides  mentions  their  facile  room  temperature  decomposition  [7].  In 
order  to  maintain  controlled  nucleation  and  growth  of  nanocrystals,  lower  injection 
temperatures  had  to  be  used  (240  ®C  for  CdTe  vs.  300  °C  for  CdSe).  Nanocrystals  grown 
at  lower  temperatures  generally  display  smaller  quantum  yield  values.  An  improvement 
in  precursor  stability  enables  higher  synthesis  temperatures  to  be  used;  higher  reaction 
temperatures  improve  both  crystal  quality  and  PL  intensity.  In  searching  for  more  stable 
compounds  we  were  led  to  investigate  tris(dialkylamino)phosphines  by  the  report 
describing  their  improved  "tellurium  basicity,”  attibuted  to  lone  pair  donation  by  the 
phosphorus-bonded  nitrogen  atoms  [8].  Dissolving  elemental  tellurium  in 
tris(dialkylamino)phosphine  produces  a  phosphine  telluride  precursor  solution  which  is 
stable  for  months  and  easily  incorporated  into  the  TOPO  based  nanocrystal  synthesis, 
allowing  us  to  take  advantage  of  this  highly  refined  method, 

CdTe  nanocrystals  were  synthesized  using  a  IM  tris(di-n-propylamino)phosphine 
telluride  solution  as  the  chalcogenide  source.  This  precursor  enables  350  °C  injection 
temperatures  to  be  used.  Figure  1  displays  representative  absorption  spectra  for  a  series 
of  CdTe  nanocrystals  ranging  from  -  4.4  to  13  nm  in  diameter.  The  position  of  the  first 
absorption  feature  can  be  tuned  continuously  from  570  to  740  nm,  clearly  illustrating  the 
effects  of  quantum  confinement.  The  inset  shows  the  variation  of  the  first  absorption 
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Figure  1.  UV/vis  absorption 
spectra  of  size-selected  CdTe 
nanocrystals  in  hexane  (RT). 
Inset:  Relationship  between 
lowest  energy  absorption  feature 
and  nanocrystal  diameter, 
determined  by  TEM. 


feature  with  diameter.  Particle  size  was  determined 
by  high  resolution  transmission  electron  microscopy 
(HRTEM),  with  each  data  point  representing  the 
average  of  at  least  250  (in  most  cases  500) 
measurements.  The  polydispersities  of  the  samples 
in  Figure  1  are  in  the  range  10-20%. 

Although  there  is  nothing  outstanding  about 
the  absorption  spectra,  the  PL  emission  spectra 
display  two  quite  remarkable  features.  Figure  2 
shows  room  temperature  emission  spectra  of 
aliquots  of  CdTe  nanocrystals  removed  at  different 
times  during  a  single  reaction.  Emission  spectra  in 
hexane  have  been  standardized  relative  to  rhodamine 
640  (quantum  yield  =  100%)  so  as  to  accurately 
reflect  the  quantum  yield  during  synthesis.  The  inset 
in  Figure  3  plots  quantum  yield  as  a  function  of 
time.  The  first  noteworthy  feature  is  simply  the 
magnitude  of  the  emission  intensity.  The  highest 
quantum  yields  of  correspondingly  sized  TOPO 
passivated  CdSe  are  only  15%,  so  these  CdTe 
nanocrystals  have  significantly  improved  emission 
properties. 

The  second  improvement  in  luminescence 
properties  is  the  lack  of  any  low  energy  “deep  trap” 
emission,  even  for  the  smallest  CdTe  sizes.  Each 
spectrum  in  Figure  2  consists  exclusively  of  band 
edge  luminescence.  This  lack  of  deep  trap  emission 
in  CdTe  is  a  surprising  result,  since  at  room 
temperature  nearly  all  colloidal  semiconductor 
nanocrystal  systems  show  some  amount  of  non  band 
edge  luminescence.  For  example,  although  the 
smallest  CdTe  samples  synthesized  here  (35-40  nm 
diameter)  display  no  deep  trap  luminescence,  the  PL 
of  correspondingly  sized  CdSe  samples  usually 
contains  10-30%  deep  trap  emission.  There  is  a 
significant  difference  between  the  positions  of  the 
valence  and  conduction  bands  of  these  materials 
relative  to  the  vacuum  level.  For  bulk  CdTe  the 
valence  and  conduction  bands  are  1 .0  and  0.7  eV 
higher  in  energy  than  in  CdSe  [9].  These  are  very 
large  offsets,  and  even  though  the  corresponding 


values  for  nanocrystals  are  not  accurately  known, 
differences  of  similar  magnitude  are  likely  present.  If  the  deep  trap  emission  -  which  is 
known  to  be  surface  related  -  is  caused  by  a  surface  chemical  reaction  involving  one  of 
the  carriers,  then  the  band  offsets  could  be  the  explanation  for  the  observed  differences 
between  CdTe  and  CdSe.  In  CdTe  the  hole  is  a  weaker  oxidizing  agent  (by  -  leV).  A 
surface  reaction  involving  a  hole  that  occurs  spontaneously  in  CdSe  may  not  occur  in 
CdTe.  Such  band  offset  considerations  also  affect  the  choice  of  materials  for  protective 
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energy  (eV) 

Figure  2.  Evolution  of  the  photoluminescence  (PL)  emission  of  CdTe  nanocrystals 
during  a  typical  synthesis  (290  °C  growth  temperature).  Inset  shows  the  evolution  of  the 
quantum  yield. 

shell  overcoatings  (see  below)  and  charge  injection/extraction  applications. 

Figure  3  is  a  bright  field  high  resolution  transmission  electron  microscopy 
(HRTEM)  image  of  a  close  packed  monolayer  of  CdTe  nanocrystals.  During  this  study 
we  observed  that  many  particles  display  continuous  lattice  fringes  (left  nanocrystal. 
Figure  3  inset),  although  a  small  number  clearly  posses  a  stacking  fault  or  crystal 
imperfection  of  some  kind  (right  nanocrystal,  Figure  3  inset).  Most  nanocrystals  appear 
nearly  spherical.  Some  of  the  largest  sizes  examined  display  evidence  of  faceting  and 
contain  a  small  population  of  distinctly  prolate  species.  These  are  qualitatively  the  same 
observations  recorded  for  CdSe  nanocrystals  [6,10]. 


Figure  3.  Bright 
field  TEM  image  of  a 
close-packed 
monolayer  of  CdTe 
nanocrystals.  The 
inset  shows  two 
nanocrystals  which 
display  lattice  fringes 
(3.7  A  spacing)  due  to 
the  (1 1 1)  plane. 
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Figure  4.  Powder  X-ray  diffraction  (XRD)  patterns  (Cu  anode)  for  three  sizes  of  CdTe 
nanocrystals.  The  peak  near  34  °  is  likely  due  to  a  crystal  imperfection. 


Figure  4  displays  powder  X-ray  diffraction  (XRD)  patterns  from  three  different  size 
CdTe  samples.  Peak  positions  match  those  of  cubic  CdTe,  the  thermodynamically  stable 
bulk  phase.  The  data  clearly  illustrate  the  well  known  line  broadening  seen  with 
decreasing  particle  size.  Particle  diameter  estimations  using  the  Scherrer  equation  [11] 
and  the  full  width  at  half  maximum  of  the  (1 1 1)  reflection  are  only  slightly  smaller  than 
those  obtained  by  HRTEM  (45, 54, 81 ,  vs.  47, 56, 92  A).  Since  the  Scherrer  method 
actually  measures  the  coherence  length  of  the  X-rays,  the  fact  that  XRD  sizes  are  close  to 
HRTEM  sizes  implies  that  the  samples  are  very  crystalline  in  the  direction  perpendicular 
to  the  (111)  plane.  The  identity  of  the  peak  at  34®  is  unknown,  but  the  likely  cause  is  a 
crystal  imperfection.  Theoretical  modeling  of  the  X-ray  patterns  is  in  progress  to 
determine  the  true  identity  of  this  peak. 

While  high  quantum  yield  from  unovercoated  or  “bare”  CdTe  nanocrystals  is  very 
important  in  and  of  itself,  it  also  affects  the  outcome  of  subsequent  protective  shell 
growth  attempts.  Empirical  observations  from  (CdSe)ZnS  and  (CdSe)CdS  studies  [3,4] 
show  that  this  overcoating  process  generally  has  a  multiplicative  effect  on  the  quantum 
yield  of  the  starting  material:  the  brightest  (core)shell  samples  generally  come  from  the 
brightest  nanocrystal  cores.  Bulk  energy  band  offset  considerations  predict  that  a  ZnS  or 
a  ZnSe  shell  provides  potential  energy  barriers  for  both  the  CdTe  electron  and  hole  (a 
type  I  interface).  Preliminary  experiments  confirm  this  assertion.  Growth  of  ZnS  or 
ZnSe  shells  onto  a  CdTe  core  produces  a  composite  material  which  is  much  more  robust 
during  processing  and  manipulation,  and  also  has  a  slightly  higher  quantum  yield  than  the 
bare  sample.  Experiments  are  in  progress  to  optimize  this  process  and  further 
characterize  the  (core)shell  products. 
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ABSTRACT 

Electrochemical  atomic-layer  epitaxy  (EC- ALE)  is  an  approach  to 
electrodepositing  thin-films  of  compound  semiconductors.  It  takes  advantage  of 
underpotential  deposition  (UPD),  deposition  of  a  surface  limited  amount  (a  monolayer  or 
less)  of  an  element  at  a  potential  less  negative  than  bulk  deposition,  to  form  a  thin-film  of 
a  compound-one  atomic  layer  at  a  time.  Ideally,  the  2-D  growth  mode  should  promote 
epitaxial  deposition. 

Many  II-VI  and  a  few  III-V  compounds  have  been  formed  by  EC- ALE.  II-VI 
films  such  as  CdSe,  CdS,  and  CdTe  have  been  successfully  formed.  In  addition, 
deposition  of  III-V  compounds  of  InAs  and  InSb  are  being  explored,  along  with  initial 
studies  of  GaAs  deposition.  Depositions  of  the  II-VI  systems  are  better  understood  so 
this  report  will  focus  on  the  III-V’ s,  particularly  InAs  and  InSb. 

Building  compounds  an  atomic  layer  at  a  time  lends  electrochemical- ALE  to 
nanoscale  technology.  Deposited  thickness  ranged  fi*om  a  few  nanometers  to  a  few 
hundred.  The  films  are  typically  characterized  by  atomic-force  microscopy  (AFM),  X- 
ray  diffraction  (XRD),  electron  microprobe  analysis  (EPMA)  and  ellipsometry.  InAs 
deposits  are  also  characterized  by  intfared  reflection  absorption. 

INTRODUCTION 

The  electronic  and  opto-electronics  industries  provide  some  of  the  largest  markets 
and  challenges  for  thin-film  formation.  Electrodeposition  of  metal  films,  such  as  Cu  and 
Cr,  are  well  studied  and  understood.  Cu  electrodeposition  is  becoming  an  important  step 
in  some  ultra-large  scale  integration  (TJLSI)  programs.  Technology  for  the 
electrodeposition  of  semiconductors  has  lagged  far  behind  that  for  metals,  even  though 
electrodeposition  is  generally  performed  near  room  temperature  and  is  thus  appealing  as  a 
low-temperature,  low-interdiffusion  technology.  Electrodeposition  also  has  the  potential 
to  form  films  on  three-dimensional  surfaces  since  line  of  sight  deposition  is  not  required. 

Electrodeposition  of  II-VI  compounds  such  as  CdTe  has  been  studied  for  many 
years,  and  high  efficiency  photovoltaics,  for  instance,  have  been  produced 
commercially.  The  standard  compound  electrodeposition  methodology,  codeposition, 
involves  the  use  of  a  single  solution,  containing  oxidized  precursors  for  all  the  elements 
involved  in  the  compound.  The  deposit  is  formed  by  reduction  at  a  set  potential  or 
current  density. Some  researchers  have  attempted  to  deposit  III-V  compounds  in  this 
way.  However,  reports  of  the  electrodeposition  of  III-V  compounds  have  been  few,  and 
have  generally  involved  molten  salts  or  post-electrodeposition  annealing  to  produce  the 
compound.  GaAs,^'^  ^  InSb,^^  InP^^-lS  jj^g  16-18  electrochemically 

formed  using  codeposition  from  either  aqueous  or  nonaqueous  solutions.  As 
electrodeposited  InAs  showed  XRD  peaks  due  to  elemental  In,  even  though  the 
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composition  was  stoichiometric  This  highlights  a  major  problem  with  compound 
electrodeposition:  the  need  to  maintain  stoichiometry  and  form  a  phase  pure  material. 

Recently,  the  electrochemical  analog  of  atomic-layer  epitaxy  (ALE)  has  been 
developed  to  form  compound  thin  films.  ALE  refers  to  a  methodology  developed  in 
the  mid  70s  for  the  formation  of  compounds  an  atomic  layer  at  a  time,  using  surface 
limited  reactions.26-28  Surface  limited  reactions  encourage  layer-by-layer  growth,  and 
thus  epitaxial  deposition.  Surface  limited  reactions  are  well  known  in  electrochemistry 
and  are  referred  to  as  underpotential  deposits.^^-^ '  By  selecting  a  potential  prior  to 
(under)  that  needed  to  deposit  an  element  on  itself,  an  atomic  layer  of  the  element  can 
frequently  be  formed  on  a  second  element.  Electrochemical  ALE  then  involves  using 
these  underpotentials  to  form  individual  atomic  layer  of  the  elements  making  up  a 
compound,  using  a  cycle.  Different  solutions  and  potentials  are  used  for  each  element 
then  they  are  alternated  in  a  cycle.  The  cycle  is  repeated  to  achieve  the  desired  deposit 
thickness. 

The  main  benefit  of  electrochemical  ALE  is  that  it  breaks  the  deposition  process 
into  a  series  of  controllable  steps,  each  of  which  can  be  optimized  individually.  The 
degrees  of  freedom  available  in  compound  electrodeposition  are  thus  expanded,  allowing 
the  growth  of  materials  that  may  not  have  been  possible  using  conventional  codeposition 
methodologies. 

EXPERIMENTAL 

Most  of  the  hardware  used  in  the  present  study  has  been  described  in  previous 
articles.20,21  jhe  instrument  consists  of  a  series  of  solution  reservoirs,  pumps,  a 
selection  valve,  a  potentiostat  and  a  thin-layer  flow  cell.  A  diagram  of  the  flow  cell  is 
shown  in  Figure  1 .  The  cell  is  designed  for  a  flat  substrate,  laid  on  top  of  a  gasket  that 
defines  a  deposit  area  of  about  1 .0  cm  by  2.8  cm.  The  silicone  gasket  (McMaster-Carr 
Supply;  Atlanta,  GA)  was  0.4  mm  thick,  producing  a  cell  volume  of  0.1 1  ml.  Laminar 
flow  over  the  substrate  was  intended.  The  transparent  indium  tin  oxide  (ITO)  (Delta 
Technologies,  Limited;  Stillwater,  MN)  auxiliary  electrode  was  the  opposite  wall  of  the 
flow  cell  fi-om  the  substrate.  This  allowed  observation  of  the  deposit  during  the 
deposition  process,  and  provided  an  optimal  current  distribution. 


Figure  1.  Deposition  cell  for  EC-ALE, 
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The  AS2O3  concentration  was  2.5  mM  with  a  pH  of  4.5,  buffered  with  50.0  mM 
CH3C00Na-3H20.  The  In2(S04)3  concentration  was  0.3  mM,  pH  of  3.0.  A  pH  3.0 
blank  solution  was  used  as  well.  The  Sb203  solution  was  pH  5.0,  buffered  with  50  mM 
CH3C00Na-3H20.  The  concentration  was  less  than  0.05  mM  due  to  the  insolubility  of 
Sb203.32  Solution  pHs  were  adjusted  with  H2SO4.  The  supporting  electrolyte  was  0.1  M 
NaC104.  Solutions  were  made  with  water  from  a  Nanopure  water  filtration  system 
(Bamstead;  Dubuque,  lA),  fed  by  a  house-distilled  water  line.  All  chemicals  were 
reagent  grade  or  better.  The  potentials  were  measured  relative  to  a  Ag/AgCl  reference 
electrode  (Bioanalytitical  Systems,  Inc.;  West  Lafayette,  IN). 

Substrates  were  glass  microscope  slides  onto  which  a  thin,  10  nm,  film  of  Ti  was 
first  vapor  deposited,  followed  by  400  nm  of  Au.  The  substrates  were  annealed  in  a  tube 
furnace  at  550  C  for  twelve  hours  under  a  stream  of  N2  followed  by  H2  flame  anneal. 

They  were  cleaned  before  use  by  dipping  in  hot  nitric  acid  (Fisher)  and  rinsing  with 
Nanopure  water.  The  surface  appeared  optically  rough,  but  was  composed  of  crystallites 
with  atomically  flat  terraces  as  large  as  1 50  nm,  observed  with  an  atomic  force 
microscope  (AFM)  (NanoScope  III;  Digitial  Instruments;  Santa  Barbara,  CA). 

Annealed  Cu  foil  was  also  tried  as  a  substrate  for  InSb  deposition.  The  foil  was 
cleaned  in  glacial  CH3COOH,  rinsed  with  Nanopure  water,  and  then  annealed  in  the  tube 
furnace  for  twelve  hours  at  700  C  under  flowing  N2.  This  procedure  resulted  in  a  highly 
terraced  surface  as  seen  by  an  optical  microscope.  The  AFM  revealed  that  it  was  very 
heterogeneous  with  micron-scale  flat  areas  and  stepped  regions  several  atomic  layers 
high. 

Films  were  deposited  on  the  substrates  as  follows:  The  cell  was  filled  by  a  pump 
from  a  reservoir  containing  an  electrolyte  solution  of  the  element  of  interest.  A  surface 
limited  amount  (-0.4  monolayers)  of  the  element  was  deposited  at  a  set  potential.  The 
cell  was  then  rinsed  with  a  blank  electrolyte  solution  and  filled  with  another  electrolyte 
solution  of  the  next  element.  A  stoichiometric  amount  of  this  element  was  then  deposited 
on  the  previous  element  and  the  cycle  repeated. 

RESULTS 

From  voltammetry,  a  program  using  -0.25  V  for  As  UPD  and  -0.3  V  for  In  UPD 
was  suggested  for  the  InAs  cycle.  In  practice,  the  program  worked  for  the  first  few 
cycles,  but  then  the  currents  died  out.  This  is  understandable,  considering  that  the 
potentials  were  chosen  for  deposition  on  a  Au  surface  (Figure  2),  not  for  deposition  of  the 
elements  on  the  compound.  The  cycle  was  sequentially  stepped  more  negative  during  the 
deposition  by  10-25  mV  per  cycle.  After  about  25  cycles  frial  deposition  potentials  of 
-0.775  V  for  In  and  -0.675  V  for  As  were  used  for  the  rest  of  the  deposit.  Ellipsometric 
measurements  (Sentech  SE  400;  Micro  Photonics  Inc.;  Allentown,  PA)  were  used  to 
determine  the  thickness  of  the  deposits. 

Figure  2  is  a  glancing  angle  X-ray  diffraction  pattern  (Scintag  2000)  for  a  500 
cycle  InAs  film.  The  deposit  was  160  nm  thick.  Diffraction  maxima  for  InAs  are 
evident,  as  are  maxima  for  Au.33  xhe  breadths  of  the  diffraction  maxima  suggest  InAs 
crystallites  of  a  few  nanometers.  The  factors  controlling  deposit  grain  size  are  the  subject 
of  ongoing  studies,  but  the  lattice  mismatch  is  probably  a  contributing  factor.  Earlier 
films  showed  larger  crystallites,  but  also  included  maxima  for  elemental  In.^'^  Electron 
microprobe  analysis  (EPMA)  reveals  that  the  InAs  films  are  As  rich  (As/ln  -1.2).  AFM 
analysis  shows  cauliflower  morphology  with  round  50  nm  features. 
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Figure  2.  Glancing  angle  XRD  pattern  of  electrodeposited  InAs  on  Au. 


Infrared  absorption  measurements  were  performed  on  the  InAs  films  to  determine 
the  bandgap  of  the  obtained  material.  Since  the  films  are  grown  on  a  gold  substrate, 
transmission  measurements  were  not  possible.  Reflection  measurements  using  a  variable 
angle  reflection  rig  in  conjunction  with  a  Bruker  66v  FTIR  spectrometer  equipped  with  a 
cooled  InSb  detector  were  made.  The  incident  angle  of  the  p-polarized  radiation  was  set 
to  match  the  angle  where  the  reflectance  of  parallel-polarized  light  is  zero  (Brewester’s 
angle)  for  InAs. 

The  bandgap  was  estimated  from  the  absorption  measurements  by  plotting 
(a  hv)^  versus  hv,  with  a  being  the  experimentally  determined  absorption  coefficient 
and  hv  the  energy  of  the  infrared  radiation.35  The  analysis  gave  film  bandgaps  from  0,36 
to  0.50  eV,  the  measurement  for  an  InAs  single  crystal  was  0.36  eV.  We  attribute  this 
blue  shift  to  the  1/D^  dependence  of  the  bandgap  on  the  diameter,  D,  of  crystallites  within 
the  deposited  film.^^-^^ 

InSb  films  were  made  in  a  manner  very  similar  to  the  InAs  films.  However,  the 
final  potentials  used  for  the  In  deposition  were  -0.670  V  and  -0.785  V  for  the  Sb. 
Deposits  made  on  Au  had  an  Sb/In  ratio  of  I.l.  They  also  had  isolated  areas  that  were 
rougher  than  the  substrate.  The  rough  areas  were  islands  with  an  Sb/In  ratio  of  0.3.  AFM 
revealed  that  the  smother  areas  had  morphology  similar  to  the  InAs  deposits.  The  less 
stable  element.  In,  is  apparently  depositing  three-dimensionally  in  these  areas. 

Annealed  Cu  foil  was  also  tried  as  a  substrate  for  InSb  deposition.  Optical 
images,  taken  at  1000  magnification,  of  the  foil  and  an  InSb  deposit  on  it  are  shown  in 
figure  3.  The  deposit  was  run  for  200  cycles.  As  can  be  seen  deposit  is  very  conformal 
with  the  Cu  foil.  Ellipsommetry  of  this  gave  a  thickness  of  68  nm. 
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Figure  3.  (a)  1000  x  optical  image  of  annealed  Cu  foil;  (b)  1000  x  optical  image 
of  InSb  electrodeposited  on  annealed  foil  by  EC-ALE. 


ACKNOWLEDGEMENTS 

Support  of  the  NSF-DMR  is  gratefully  acknowledged,  as  is  support  of  Dr.  Travis 
Wade  by  a  grant  from  the  University  of  Georgia’s  research  foundation  (UGARF). 

REFERENCES 

1.  G.  F.  Fulop  and  R.  M.Taylor,  Ann.  Rev.  Mater.  Sci.,  15,  p.  197  (1985). 

2.  K.  Rajeshwar,  Adv.  Mater.,  4,  p.  23  (1992). 

3.  G.  Hodes,  Sol.  Energy  Mater.,  32,  p.  323  (1994). 

4.  R.  K.  Pandey,  S.  N,  Sahu  and  S.  Chandra,  Handbook  of  Semiconductor 
Electrodeposition,  Vol.  5,  Marcel  Dekker,  Inc.,  New  York,  (1996). 

5.  H.  Gobrecht,  H.  D.  Liess,  and  A.  Tausend,  Ber.  Bunsenges.  Phys.  Chem.,  67,  p.  930 
(1963). 

6.  G.  Hodes,  J.  Manassen,  and  D.  Cahen,  D.  Nature,  261,  p.  403  (1976). 

7.  M.  P.  R.  Panicker,  M.  Knaster,  and  F.  A.  Kroger,  J.  Electrochem.  Soc.,  125,  p.  566 
(1978). 

8.  S.  Chandra  and  N.  Khare,  Semicond.  Sci.  Technol.,  2,  p.  220  (1987). 

9.  Y.  K.  Gao,  A.  Z,  Han,  Y.  Q.  Lin,  Y.  C.  Zhao  and  J.  D.  Zhang,  Thin  Solid  Films,  232, 
p.  278(1993). 

10.  Y.  Gao,  A.  Han,  Y.  Lin,  Y.  Zhao  and  J.  Zhang,  J.  Appl,  Phys.,  75,  p.  549  (1994). 

1 1.  K.  S.  Murali,  V.  Subramanian,  N.  Rangarajan,  A.  S.  Lakshmanan  and  S.  K. 
Rangarajan,  Journal  of  Materials  Science-Materials  in  Electronics,  2,  p.  149  (1991). 

12.  J.  Ortega  and  J.  Herrero,  J.  Electrochem.  Soc.,  136,  p.  3388  (1989). 

13.  S.  N.  Sahu,  J.  Mater.  Sci,  Lett,  8,  p.  533  (1989). 

14.  S.  N.  Sahu,  J.  Mater.  Sci.,  3,  p.  102  (1992). 

15.  S.  N.  Sahu,  Journal  of  Materials  Science-Materials  in  Electronics,  3,  p.  102  (1992). 

16.  G.  Mengoli,  M.  M.  Musiani  and  F.  Paolucci,  J.  Electroanal.  Chem,  332,  p.  199 
(1992). 

17.  S.  Cattarin,  M.  Musiani,  U.  Casellato,  G.  Rossetto,  G.  Razzini,  F.  Decker  and  B. 
Scrosati,  J.  Electrochem.  Soc.,  142,  p.  1267  (1995). 

1 8.  E.  Dalchiel,  S.  Cattarin,  M.  Musiani,  U.  Casellato,  P.  Guerriero,  G.  Rossetto,  J. 
Electroanal.  Chem.,  418,  p.  83  (1996) 


149 


19.  B.  W.  Gregory,  D.  W.  Suggs  and  J.  L.  Stickney,  J.  Electrochem.  Soc.,  138,  p.  1279 
(1991). 

20.  B.  M.  Huang,  L.  P.  Colletti,  B.  W.  Gregory,  J.  L.  Anderson  and  J.  L.  Stickney,  J. 
Electrochem.  Soc.,  142,  p.  3007  (1995). 

21.  L.  P.  Colletti,  B.  H.  Flowers  Jr.  and  J.  L.  Stickney,  J.  Electrochem.  Soc.,  145,  p.  1442 
(1998). 

22.  L.  P.  Colletti  and  J.  L.  Stickney,  J.  Electrochem.  Soc.,  145,  p.  3594  (1998). 

23.  U.  Demir  and  C.  Shannon,  Langmuir,  10,  p.  2794  (1994). 

24.  G.  D.  Aloisi,  M.  Cavallini,  M.  Innocenti,  M.  L.  Foresti,  G.  Pezzatini  and  R.  Guidelli, 

J.  Phys.  Chem,  101,  p.  4774  (1997). 

25. 1.  Nandhakumar  and  B.  Hayden,  J.  Phys.  Chem,  102,  p.  4897  (1998). 

26.  C.  H.  L.  Goodman  and  M.  V.  Pessa,  J.  Appl.  Phys.,  60,  R65  (1986). 

27.  Atomic  Layer  Growth  and  Processing",  T.  F.  Kuech,  P.  D.  Dapkus  and  Y.  Aoyagi, 
Editors,  Vol.  222,  p.  360,  Materials  Research  Society,  Pittsburgh,  (1991). 

28.  S.  Bedair,  m  Atomic  Layer  Epitaxy",  S.  Bedair,  Editor,  p.304,  Elsevier,  Amsterdam, 
(1993). 

29.  D.  M.  Kolb,  in  Physical  and  Electrochemcial  Properties  of  Metal  Monolayers  on 
Metallic  Substrates"^  D.  M.  Kolb,  Editor,  Vol.l  1,  p.l25,  John  Wiley,  New  York,  (1978). 

30.  R.  R  Adzic,  in  Advances  in  Electrochemistry  and  Electrochemical  Engineering", 

H.  Gerishcher,  and  C.  W.  Tobias,  Editors,  Vol.  13,  p.  159,  Wiley-Interscience,  New 
York,  (1984). 

31.  A.  A.  Gewirth  and  B.  K.  Niece,  Chem.  Rev.,  97,  p.  1129  (1997). 

32.  G.  Jung,  and  C.  K.  Rhee,  J.  Electroanal.  Chem.  438,  p.  277  (1977). 

33.  Powder  Diffraction  File  Alphabetical  Index,  Inorganic  Phases',  W.  F.  McClune, 
Editor,  Card  Numbers:  TnAs,  (15-869);  In,  (5-642);  Au,  (4-784),  JCPDS  International 
Center  for  Diffraction  Data,  Swarthmore,  PA,  (1992). 

34.  T.  L.  Wade,  L.  C.  Ward,  C.  B.  Maddox,  U.  Happek,  and  J.  L.  Stickney, 
Electrochemical  and  Solid-State  Letters,  2,  p.  616  (1999). 

35.  K.  Seeger,  in  Semiconductor  Physics  p.  40,  Springer  Series  in  Solid  State  Science, 
Springer  Verlag,  New  York,  (1982). 

36.  O.  Alvarez-Fregoso,  J.  G.  Mendoza-Alvarez,  and  O.  Zelaya-Angle,  J.  Appl.  Phys., 

82,  p.  708(1997). 

37.  L.  Levy,  D.  Ingert,  N.  Feltin  and  M.  P.  Pileni,  Journal  of  Crystal  Growth,  184/185,  p. 
377(1998). 

38.  T.  van  Buuren,  L.  N.  Dinh,  L.  L.  Chase,  W.  J.  Siekhaus,  and  L.  J.  Terminello,  Phys. 
Rev.  Lett.,  80,  p.  3803  (1998). 


150 


NANOCRYSTALLINE  ALLOYS  OF  II-VI  SEMICONDUCTORS 
FROM  MOLECULAR  MULTI-LAYER  TEMPLATES 


L.  CRISTOFOLINP,  P.  FACCP*,  M.P.  FONTANA* 

*Dipartimento  di  Fisica  and  INFM,  Universita  di  Parma,  Parco  Area  delle  Scienze  7/ A, 

I- 43100  Parma,  Italy.  Cristofolini@fis.unipr.it 

**  INFM  and  Universita  della  Tuscia,  Viterbo,  Italy. 

ABSTRACT 

We  present  the  synthesis  and  characterization  of  nanocrystalline  II- VI  semiconductors 
of  mixed  composition  (CdSe/ZnSe,  CdS)  grown  in  fatty  acid  Langmuir- Schaefer  multi-layer 
templates.  The  controlled  production  of  i)  homogeneous  nanocrystalline  Cd^Zni-^Se  alloys 
and  ii)  heterogeneous  mixtures  of  different  pure  composition  II- VI  semiconductors  such  as 
CdSe  and  ZnSe  provides,  in  addition  to  the  size  control,  the  parameter  of  the  chemical 
composition  for  the  fine  tuning  of  the  electronic  properties.  The  samples  are  characterized 
by  optical  and  quasi-resonance  micro- Raman  spectroscopy. 

INTRODUCTION 

Among  semiconductor  nanostructures  particularly  interesting  are  nanocrystals  or  nan¬ 
oclusters,  given  the  relative  ease  and  inexpensiveness  of  their  production.  Nanocrystals 
exhibit  a  wide  range  of  properties  which  can  be  altered  just  by  size  control.  The  case  of 

II-  VI  family  semiconductors  is  paradigmatic.  For  instance,  in  CdS  nanocrystals  the  value 
of  the  band  gap  can  be  varied  from  2.5  (bulk  value)  to  4  eV;  the  melting  point  ranges  from 
1600  to  400°C;  the  pressure  required  to  induce  solid-solid  phase  transitions  (e.g.  zinc  blend 
to  rock  salt  structure)  increases  from  2  to  9  GPa  [1]. 

The  possibility  of  size-tailoring  the  properties  of  semiconductor  nanocrystals  along  with 
that  of  their  synthesis  in  different  environments  has  also  led  to  interesting  studies  aimed  to 
exploit  their  properties  in  fields  such  as  e.g.  nanoelectronics  [2]  and  non-linear  optics  [3]. 
Indeed,  semiconductor  nanocrystals  have  been  synthesized  so  far  in  various  environments 
and  using  several  different  chemical-physical  techniques  (see  f.i.  [4]) 

Among  the  several  approaches  developed  for  the  nanocrystal  synthesis,  that  which  takes 
advantage  of  the  lamellar  structure  of  fatty  acid  salt  Langmuir-Schaefer  films  used  as  tem¬ 
plates  [5]  has  been  shown  to  provide  an  easy  route  for  achieving  clusters  of  about  3  nm  in  size, 
embedded  in  an  organic  matrix  which  prevents  them  from  degradation.  This  special  synthesis 
moreover,  allows  to  exploit  the  ’’plasticity”  of  the  Langmuir-Schaefer  architecture  for  coating 
electrodes,  screens,  etc.  with  a  thin  film  of  semiconductor  nanoclusters  [6].  Nanocrystals 
produced  by  this  technique  can  be  partially  tailored  in  size  by  processing  with  chemical 
(washing  in  non  polar  solvent  [7])  or  physical  (thermal  annealing  [8])  means  and  display 
structural  anisotropy  and  consequent  different  electronic  properties  in  the  non-degenerate 
spatial  orientations  (in-plane  vs  out-of-plane).  However,  since  the  synthetic  route  is  mainly 
ruled  by  the  template  structure,  the  available  range  of  sizes  is  not  very  large.  Therefore,  it 
would  be  very  interesting  to  have  techniques  which  can  finely  tune  the  electronic  structure 
and  properties  of  these  nanocrystals  not  only  by  size,  but  also  by  chemical  composition. 

We  report  the  synthesis,  optical  and  Raman  characterization  of  mixed  CdSe-ZnSe 
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iiaiiocrystais  obtained  by  the  LS  template  approach.  The  composition  of  the  mixed  crystals 
has  been  obtained  by  varying  the  concentration  of  the  relative  salts  in  aqueous  sub-phase 
of  the  Langmuir  trough,  demonstrating  the  possibility  of  a  fine  tuning  of  the  band  gap  in 
semiconductor  nanocrystals  not  only  by  size-tailoring  but  also  by  varying  chemical  composi¬ 
tion.  The  mixed  nanocrystals  stoichiometry  was  verified  by  means  of  the  observed  two  mode 
behavioi  of  the  LO  fundamental  Resonance  Raman  peak.  Furthermore,  through  variations 
in  Raman  LO  peak  position  and  shape-  and  in  Linear  Dichroism  spectra  -  we  were  able  to 
determine  the  eflfects  on  the  nanoparticles  shape  and  size  of  the  sample  preparation  and  of 
the  following  treatments  (for  a  preliminary  report,  see  [8]). 

EXPERIMENTAL 

Nanoparticle  CdxZni_2;Se  multi-layers  were  prepared  according  to  the  following  protocol: 
in  the  high  purity  water  sub-phase  of  a  commercial  trough  (KSV-5000)  we  dissolved  a  mixture 
of  metal  chlorides  (CdCl2)x/ (ZnCl2)(i-i)  -  with  varying  composition  parameter  x  -  for  a  total 
concentration  of  ImM;  a  chloroform  solution  of  arachidic  acid  (Img/ml)  was  then  spread 
onto  the  liquid  surface  and  slowly  compressed  up  to  the  surface  pressure  of  28mN /m.  After 
a  suitable  incubation  time,  typically  100  layers  of  metal  (Cd,  Zn)  arachidate  were  transferred 
onto  clean  Si  or  quartz  substrates  (for  Raman  and  UV-Vis  spectrometry  respectively)  by  the 
horizontal  dipping  (Langmuir  Schaefer,  LS)  technique.  As  we  demonstrate  in  the  following, 
the  composition  x  of  the  salt  dissolved  in  the  sub-phase  determines  the  final  composition  of 
the  nanocrystals. 

The  multi-layers  were  then  exposed  to  a  hydrogen  selenide  or  sulfide  (H2Se,  H2S)  at¬ 
mosphere  for  a  minimum  of  12  hrs  and  a  maximum  of  5  days.  The  acid  was  produced 
by  reaction  of  FeSe  or  FeS  with  1:1  water-diluted  HCl  in  a  glass  reactor  connected  trough 
suitable  glass/Teflon  piping  to  the  sample  chamber.  The  formation  of  the  semiconduct¬ 
ing  metal-selenide  implies  the  reduction  of  the  metal-arachidate  into  arachidic  acid.  We 
routinely  followed  the  completion  of  the  reaction  by  monitoring  the  FT-IR  absorption  due 
to  the  -COO“  and  -COOH  subgroup  vibrations,  which  occur  at  1540cm''^  and  1701cm*^ 
respectively. 

The  micro-Raman  spectra  were  collected  at  RT  in  back-scattering  geometry  with  a  long 
working  distance/high  numeric  aperture  50x  objective.  The  scattered  light  was  appropriately 
filtered  and  detected  with  a  LN2  cooled  CCD  micro-Raman  spectrometer.  The  excitation 
light  was  provided  by  an  Ar+  laser  with  wavelength  A=488.0  nm,  power  on  the  sample 
!=::!lmW.  We  have  also  used  the  632. 8nm  He-Ne  laser  line  to  investigate  resonance  effects. 
The  sample  was  placed  at  an  angle  of  45°  with  the  optical  axis  of  the  system,  in  order  to 
maximize  the  amplitude  of  the  Raman  signal.  The  optical  characteristics  of  the  notch  filter 
imposed  a  150  cm“^  lower  limit  on  the  spectral  range  of  the  spectrometer,  so  that  basically 
only  the  higher  frequency  LO  phonons  could  be  observed.  Our  spectral  resolution  was  3 
cm  ^  and  typical  integration  time  was  10-15  sec.  Finally,  optical  absorption  spectra  were 
taken  with  a  double  beam  spectrophotometer  equipped  with  a  Glan-Thompsom  quartz  linear 
polarizer  mounted  on  a  goniometer  (accuracy  1°).  In  the  case  of  polarized  spectra,  V  and  H 
polarized  absorption  was  measured  with  the  sample  oriented  at  45°  to  the  direction  of  incident 
light  in  the  wavelength  range  250-500  nm.  The  LD  parameter  LD=(Av-A;/)/(AK-f  A//)  was 
then  calculated  from  the  measured  spectra. 
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RESULTS  AND  DISCUSSION 


Figure  1:  Left:  Raman  spectra  of  nanocrystals  of  different  CdxZni^xSe  compositions. 
Right:  LO  phonon  peak  position  (top  panel)  and  width  (bottom  panel)  in  CdxZni-xSe  as  a 
function  of  the  composition  parameter  x,  the  line  is  a  guide  to  the  eye. 


We  first  characterized  the  multi-layers  by  UV-Vis  spectrometry.  The  onsets  of  the  ab^ 
sorption  bands  in  bulk  CdSe  and  ZnSe  (which  occur  at  720  nm  and  480  nm  respectively 
at  RT)  are  known  to  blue  shift  when  the  particle  size  is  reduced  [1]  due  to  quantum  con¬ 
finement  effects.  In  spite  of  a  broad  distribution  of  the  observed  onset  of  the  absorption, 
which  is  most  probably  due  to  the  particle  size  distribution,  and  which  results  in  a  smear¬ 
ing  of  the  feature,  we  measured  a  blue  shift  of  the  order  of  100  nm,  which  is  consistent 
with  the  previously  found  blue-shift  from  the  bulk  value  of  520  nm  to  400  nm  in  1.5-2  nm 
size  CdS  nanoparticles  [8].  The  broad  distribution  of  particle  sizes  probed  by  the  UV-Vis 
spectrometry  results  in  a  relaxation  of  the  sharpness  of  the  conditions  for  resonance  Ra¬ 
man  scattering.  Raman  spectroscopy  has  been  used  to  study  the  small  size-induced  folding 
of  acoustic  vibrations,  the  structural  and  morphological  non-homogeneities  via  their  effect 
on  the  position,  width  and  shape  of  selected  vibrations,  particularly  the  LO  phonons,  the 
quantum  size  effects  on  electron- vibration  coupling  [9].  In  the  case  of  II- VI  semiconductors 
Raman  spectroscopy  is  particularly  useful  since  their  band  gaps  fall  in  the  visible  part  of  the 
spectrum,  thus  allowing  the  dramatic  signal  enhancement  due  to  resonance  effects  and  the 
further  useful  size  dependent  effects  connected  with  the  fundamental  mechanism  of  resonant 
Raman  scattering  [10].  Furthermore  in  CdS  nanocrystals  of  varying  size  (1  to  7  nm)  the 
Resonance  Raman  LO  phonon  energy  is  found  almost  independent  on  the  particle  size,  while 
its  width  increases  with  decreasing  the  particle  size  [9].  In  CdSe  nanoparticles  (45±3A  in 
size)  the  Raman  intensity  of  the  LO  phonon  and  of  its  overtones  was  used  to  determine 
the  size  of  the  nanocrystals  and  the  strength  of  the  coupling  between  the  HOMO-LUMO 
transition  and  the  LO  phonon  in  the  nanoparticles  [11].  In  our  case  we  collected  spectra 
with  a  given  excitation  wavelength,  thus  most  effectively  probing  those  nanoparticles  whose 
band  gap  more  closely  matches  the  energy  of  the  excitation  light.  In  spite  of  the  broad  dis¬ 
tribution  of  particles  sizes,  resonance  Raman  scattering  selects  a  narrow  distribution,  whose 
peak  however  depends  on  the  excitation  wavelength.  This  can  lead  to  the  complication  that 
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Figure  2:  Raman  simultaneous  observation  of  the  LO  phonon  peaks  of  CdSe  and  ZnSe  in  a 
single  m.ulti-layer.  The  arrows  mark  the  energy  of  the  LO  phonons  in  CdSe  and  ZnSe. 


upon  changing  the  wavelength,  as  is  customarily  done  in  resonance  Raman  studies,  two  pa¬ 
rameters  are  simultaneously  changed:  the  resonance  condition,  and  the  effective  particle  size 
probed.  Keeping  this  in  mind,  we  selected  the  excitation  wavelength  A=488nm  because  it 
effectively  couples  with  Cda;Zni_xSe  nanoparticles  of  all  compositions  2:  in  a  quasi-resonance 
Raman  condition,  thus  minimizing  the  effect  of  changing  the  effective  resonance  condition 
with  particle  size,  and  still  yield  spectra  with  good  signal  to  noise  ratio.  The  LO  phonon  is 
characterized  by  different  energies  in  different  compounds:  305  cm"^  in  CdS,  205  cm“^  in 
CdSe,  253  cm~^  in  ZnSe  [1].  In  the  present  work  we  use  the  shift  in  energy  of  the  LO  phonon 
and  its  broadening  to  infer  information  about  the  composition  and  the  inhomogeneities  of 
the  Cd3;Zni_2;Se  nanoparticles. 

In  figure  1,  left  panel  we  compare  the  Raman  spectra  collected  on  multi-layers  of  different 
Cda;Zni_iSe  compositions  x.  In  each  spectrum  the  peak  corresponds  to  the  LO  phonon  in 
that  particular  compound.  It  is  evident  that  the  LO  phonon  energy  shifts  smoothly  as  the 
composition  x  is  varied,  from  205  cm*”^  in  CdSe  to  253  cm"^  in  ZnSe.  The  decrease  in  the 
Raman  intensity  on  the  low  energy  side  of  all  the  spectra  is  due  to  the  effect  of  the  Notch 
filter.  In  figure  1  (top  right  panel)  we  report  the  fitted  Raman  peak  positions;  its  continuous 
shift  as  a  function  of  the  composition  parameter  x  indicates  the  formation  of  an  homogeneous 
solid  solutions  Cd^Zni-^Se  for  each  composition.  The  width  of  the  LO  peak  (bottom  right 
panel  of  Fig.  1)  is  invariably  higher  in  the  intermediate  compositions  than  in  pure  CdSe  or 
ZnSe.  This  may  be  attributed  to  the  local  structure  which  is  more  disordered  in  the  alloys 
than  in  the  pure  compounds,  due  to  composition  fluctuations  and/or  to  lattice  mismatch. 

We  have  also  shown  the  possibility  of  producing  heterogeneous  mixtures  of  nanocrys¬ 
tals  of  different  composition.  We  started  by  synthesizing  a  CdSe  nanocrystal  multilayer  as 
described  above.  The  sample  was  subsequently  kept  in  ZnCb  ImM  water  solution  for  16 
hours.  This  reverted  almost  completely  the  arachidic  acid  into  Zn-arachidate,  as  checked  by 
FT-IR,  absorption,  while  leaving  the  adherent  CdSe  nanocrystals  unchanged,  as  checked  by 
the  observation  of  the  corresponding  Raman  peak.  The  sample  was  then  exposed  to  H2Se  for 
24  hours,  which  allowed  the  production  of  ZnSe  nanocrystals  by  reducing  the  Zn-arachidate 
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Figure  3:  Linear  dichroism  in  CdS  nanoparticles.  The  dashed  line  is  the  fatty  acid-CdS 
na, nocluster  sample,  while  the  solid  line  is  the  same  sample  after  washing  in  chloroform. 

to  arachidic  acid,  as  checked  by  FT-IR.  The  resulting  film,  as  characterized  by  Raman  spec¬ 
troscopy  (figure  2),  shows  the  simultaneous  presence  of  the  CdSe  and  ZnSe  nanocrystals,  as 
indicated  by  the  two,  distinct,  LO  phonon  peaks.  By  this  procedure  we  have  exploited  the 
arachidic  acid  matrix  as  a  template  for  the  repeated  production  of  nanocrystals  of  different 
compositions. 

Finally,  we  wish  to  report  on  the  effects  of  washing  the  sample  with  non  polar  solvents, 
(typically  CHCI3  or  benzene)  and  of  thermal  annealing  on  the  pre-formed  samples.  Both 
these  approaches  influence  the  size  of  the  nanocrystals  as  shown  by  variations  of  the  onset 
of  their  optical  absorbance  and  the  ratio  of  the  first  overtone  to  fundamental  LO  peak  in 
Raman  spectra.  In  particular,  the  washing  action,  while  removing  up  to  95%  of  the  organic 
matrix,  induces  an  increase  of  the  effective  nanocrystal  size.  This  was  shown  (Fig.  3)  in 
the  case  of  CdS  by  the  analysis  of  dichroic  optical  absorption  spectra  of  the  samples  before 
and  after  washing:  in  particular,  we  measured  a  shift  in  the  in-plane  optical  absorption 
onset  from  400  to  450  nm;  according  to  the  Empirical  Pseudopotential  Method  developed 
by  Rama  Krishna  and  Friesner  [12],  this  would  indicate  a  size  increase  from  3  to  about 
4.5  nm.  We  note  that  this  increase  does  not  seem  to  alter  the  shape,  and  in  particular 
the  anisotropy,  of  our  nanocrystals,  as  evidenced  by  both  dichroic  absorption  and  polarized 
resonant  Raman  data.  In  fact  the  lower  energy  part  of  both  the  dichroic  spectra  show  a 
decrease  of  the  ratio  which  is  connected  to  the  increase  of  the  absorption  polarized  in  the 
direction  perpendicular  to  that  of  the  film  plane.  This  fact  implies  a  remarkable  anisotropy 
in  the  nanocrystal  shape  (a  nanocluster  thickness  of  1.5-2  nm  can  be  inferred  from  the 
position  of  the  onset  of  the  absorption  band  using  the  out-of-plane  polarization) .  Note  that 
the  washing  treatment  (dashed  curve)  has  also  led  to  the  loss  of  dichroism  at  higher  energies: 
this  shows  that  such  continuous  background  is  due  to  the  Rayleigh  scattering  from  highly 
anisotropic  fatty  acid  domains.  On  the  other  hand,  thermal  annealing  performed  for  1  h  at 
50°C  (i.e.  below  the  melting  point  of  the  organic  matrix),  shows  a  systematic  increase  of  the 
integrated  overtone  to  fundamental  ratio  in  the  LO  peak,  suggesting  that  the  nanocrystal 
size  has  increased.  In  this  case,  however,  the  quantification  of  the  effect  is  more  problematic 
since  varying  the  crystal  size  affects  also  the  resonance  conditions  for  Raman  scattering.  A 
possible  explanation  can  be  found  in  the  result  that  if  annealing  is  performed  above  the 
organic  arachidate  melting  temperature  (f.i.  100°C),  the  integrated  overtone  to  fundamental 


ratio  tends  to  decrease  and  LD  is  destroyed.  This  fact  is  connected  with  the  irreversible  loss 
of  the  lamellar  order  of  the  original  template  (melting  of  the  LS  film)  which  results  in  an 
average  of  the  anisotropic  nanocrystal  orientations  and  possibly  in  a  loss  of  the  anisotropy, 
which  was  due  after  all  to  the  growth  in  the  confined  geometry  of  the  fatty  acid. 

CONCLUSIONS. 

By  FT-IR  and  quasi-resonance  Raman  spectroscopy  we  have  demonstrated  the  controlled 
production  of  i)  homogeneous  nanocrystalline  Cd^Zui-^Se  alloys  and  ii)  heterogeneous  mix¬ 
tures  of  different  pure  composition  II-VI  semiconductors  such  as  CdSe  and  ZnSe.  The  an¬ 
nealing  may  have  two  effects:  that  of  disordering  the  fatty  acid  matrix  to  a  larger  or  smaller 
extent  depending  on  temperature,  and  hence  lead  to  an  isotropization  of  the  orientational 
distribution  of  the  nanocrystals,  and  that  of  allowing  growth  in  the  ’’third”  dimension,  which 
would  reduce  the  anisotropy  of  the  single  nanocrystal. 
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ABSTRACT 

Nano-sized  dispersions  have  been  employed  as  precursor  inks  for  the  spray  deposition  of 
contacts  to  both  Si  and  CdTe  materials.  In  the  case  of  Si,  nano-sized  A1  particles  (nano-Al)  were 
dispersed  and  spray  deposited  onto  p-type  Si.  Aimealing  above  the  eutectic  temperature  causes 
alloy  formation  yielding  a  p+  layer  with  p  ~  lO"'^  Q«cm.  For  CdTe,  nano-sized  Te  particles 
(nano-Te)  were  dispersed  and  sprayed  onto  CdTe/CdS/Sn02/glass  heterostructures.  Contact  to 
die  CdTe  layer  occurred  during  a  30  min  anneal  in  He  (T  =  215  to  255  °C).  These  solar  cells 
were  finished  by  spin-coating  the  Te  layer  with  Ag  paint  and  subsequently  annealing  in  air  (100 
°C  / 1  h).  This  approach  produces  solar  cells  with  open  circuit  voltages  (Voc)  from  720  to  800 
mV,  short  circuit  current  densities  (Jsc)  from  18  to  20  mA/cm^  and  efficiencies  up  to  10.3%.  The 
performance  of  these  cells  was  similar  to  those  produced  using  the  standard  NREL  contact. 

INTRODUCTION 

Solar  cells  are  semiconductor  devices  that  transform  incident  photons  into  usable 
electrical  energy  through  the  photovoltaic  effect.  As  no  C  fuel  is  used  in  this  process,  it  is 
considered  a  green  energy  source.  With  increasing  concerns  about  the  environmental  effects  of 
greenhouse  gases,  solar  energy  alternatives  are  being  more  closely  examined  for  central  power 
applications.  Photovoltaics  offer  a  viable  alternative,  but,  the  transition  from  the  present  markets 
to  mainstream  power  generation  may  require  some  device/process  improvements. 

One  metric  often  quoted  as  a  break-even  point  for  solar-derived  electricity  (i.e.,  becomes 
competitive  with  C-based  fuel)  is  $lAVatt  for  new  panels.  Today,  commercial  solar  panels  cost 
~  $4AVatt.  Reducing  the  cost  to  $1  AVatt,  and  thereby  bringing  solar  energy  into  the  electrical 
energy  generation  markeqjlace,  can  be  realized  by  one  of  two  ways: 

1 .  Reduction  of  the  costs  to  produce  product; 

2.  Increase  in  the  efficiency  of  the  product. 

We  are  evaluating  the  use  of  nano-sized  dispersions  for  the  spray  deposition  of  contacts 
to  solar  cells.  We  anticipate  that  the  technique  should  be  useful  for  both  cost  reduction  and 
efficiency  maximization.  Potentially,  production  costs  can  be  markedly  decreased  as  the  capital 
investment  of  spray  deposition  (i.e.,  $10Ks)  is  orders  of  magnitude  lower  than  for  vacuum 
systems  (i.e.,  $lMs).  In  addition,  the  use  of  nano-sized  dispersions  may  provide  a  number  of 
advantages:  (1)  improved  alloying  owing  to  improved  contact  areas;  (2)  Ae  ability  to  direct  write 
hundred-micron  features  (e.g.,  inkjet);  and,  (3)  the  ability  to  easily  change  the  stoichiometry  of 
the  sprayed  film  by  modifying  the  dispersion  composition. 
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In  this  paper  we  present  results  on  two  efforts  to  improve  the  large  area  back  contacts  on 
solar  cells  by  spray  depositing  nano-sized  dispersions.  In  each  example,  the  goal  is  to  produce  a 
highly-doped  p+  layer  on  a  p-type  semiconductor  which,  in  turn,  can  be  easily  contacted  for 
current  extraction.  Towards  increased  efficiency  via  improved  alloying,  we  use  nano-Al  as  an 
alternative  to  micron-Al  for  p+  contact  to  Si.  Towards  cost  reduction,  we  use  spray  deposition  as 
an  alternative  to  sputtering  for  the  application  of  Te  as  a  contact  to  CdTe  solar  cells.  In  each 
case,  our  initial  results  are  very  encouraging, 

EXPERIMENTAL  AND  RESULTS 

Solar  cells  are  multilayer  devices  consisting  typically  of  an  opaque  electrode,  a  junction 
region  where  the  photons  are  absorbed  and  carriers  generated,  and  a  transparent  electrode.  For 
example,  Figure  la  shows  a  typical  Si  solar  cell  and  Figure  lb  a  CdTe  solar  cell.  For  Si,  one  side 
is  p-doped  and  the  other  n-doped  to  form  a  homojunction.  Contact  is  normally  made  to  the  p- 
and  n-type  sides  by  alloying  A1  and  Ag  metals  to  form  p+  and  n+  contacts,  respectively.  These 
A1  and  Ag  contacts  act  as  both  contacts  and  electrodes,  with  sunlight  passing  between  Ag  grid 
lines.  For  CdTe,  the  incident  sunlight  passes  through  a  glass  superstrate  that  is  coated  with  a 
transparent  conductor,  a  heterojunction  partner  (i.e.,  n-type  CdS)  and  then  a  photon  absorbing  p- 
type  CdTe  layer.  Contact  is  made  to  the  back-side  of  the  CdTe  layer  with  one  of  many  p+ 
materials  (e.g.,  Hg(Cu)Te  [1 ,2],  Sb-Te  [2,3],  or  Te  [4]).  A  metal  electrode  (e.g.,  Ag  or  Al)  is 
placed  on  top  of  the  p+  contact  layer. 


Al  back  contact 


Ag  grid  front  contact 


a.  b. 

Figure  1.  Pictorial  representations  of  (a)  a  Si  solar  cell  and  (b)  a  CdTe  solar  cell. 
Nano-Al  Back  Contacts  To  Silicon 


Nano-Al  was  obtained  from  the  Argonide  Corporation  (Sanford,  FL)  and  was  produced 
by  an  electroexplosion  process.  TEM  characterization  of  this  dry  powder  shows  crystalline 
particles  10  to  500  nm  in  diameter.  This  nano-Al  was  dispersed  in  an  organic  solvent  and 
directly  spray  deposited  onto  the  p-doped  side  of  a  Si  wafer  giving  a  film  approximately  1  pm  in 
thickness  (Fig.  2a).  This  nano-Al  on  Si  film  was  loaded  into  a  quartz  tube  and  the  tube  was 
purged  with  N2  (g).  A  10  min  anneal  was  performed  at  a  temperature  greater  than  the  Al-Si 
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eutectic  point.  Figure  2b  shows  an  SEM  image  of  one  such  annealed  nano-Al  on  Si  film. 
Surface  resistance  (Rs)  measurement  was  performed  using  4  point  probe.  A  value  of 
1.4  n/square  was  observed  which,  given  a  1  pm  thick  film,  corresponds  to  p  ~  lO"^  f2*cm.  This 
value  is  quite  encouraging  and  plans  are  underway  to  fabricate  solar  cells  using  these  contacts. 


Figure  2.  SEM  images  of  nano-Al  on  Si  films  (a)  as-sprayed;  and  (b)  after  an  anneal  under  N2. 


Nano-Te  Back  Contacts  to  CdTe 

Nano-Te  was  synthesized  by  oxidation  of  sodium  telluride  in  methanol,  e.g., 
Na2Te  +  oxidant  — ^  >  Nano  -  Te  +  sodium  salts  (1) 


TEM  characterization  of  the  product  nano-Te  shows  50  to  200  nm  primary  particles  with  some 
agglomeration.  TEM-EDS  shows  an  oxygen  impurity  in  the  product  with  a  peak  height  Te  to  O 
ratio  ~  8.  These  nanoparticles  were  dispersed  in  an  organic  solvent  and  spray  deposited  onto 
CdTe/CdS/SnOi/glass  heterostructures.  The  CdTe  heterostructures  were  obtained  from  First 
Solar,  Inc.  (Toledo,  OH).  Figure  3  shows  SEM  images  of  the  as-deposited  Te  layer  on  the  CdTe 
heterostructure  at  low  (Fig.  3a)  and  high  (Fig.  3b)  magnification.  Apparent  in  Figure  3a  is  the 
2-3  pm  thick  Te  layer  on  top  of  the  4  pm  thick  CdTe  layer.  The  Te  on  CdTe  interface  shown  in 
Figure  3b  illustrates  the  contact  of  the  semiconductor  with  the  Te  layer  and  the  agglomeration  of 
the  particles  in  the  Te  layer. 
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Figure  3.  SEM  images  of  nano-Te  on  CdTe  films  as-sprayed. 


The  Te  on  CdTe  heterostructure  films  were  annealed  under  He  (g)  for  30  min  at 
temperatures  tfom  215  to  255  °C.  This  annealing  step,  referred  to  as  a  contact  anneal,  functions 
to  diffuse  the  p+  layer  (i.e.,  Te)  into  the  p-layer  (i.e.,  CdTe)  thereby  forming  a  contact.  Figure  4 
show  SEM  images  of  a  Te  on  CdTe  film  that  was  contact  annealed  at  215  °C.  When  compared 
to  the  as-sprayed  sample  (i.e.,  Fig.  3),  very  little  morphological  change  is  observed  at  either  low 
(Fig.  4a)  or  high  (Fig.  4b)  magnification. 


Figure  4.  SEM  images  of  Te  on  CdTe  films  after  a  contact  anneal  at  215°C  for  30  min  under  He. 
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To  evaluate  the  effectiveness  of  the  Te  nanoparticle  contact,  two  control  devices  were 
fabricated  according  the  standard  NREL  process  [1]  as  follows: 

(1)  20-25  s  etch  of  tiie  CdTe  heterostructure  in  phosphoric/nitric  acid  and  DI  rinse; 

(2)  application  of  a  Kapton  tape  mask; 

(3)  paint  brush  coating  the  CdTe  film  with  a  HgTe/CuxTe  containing  graphitic  Electrodag;  and, 

(4)  contact  annealing  under  He  for  30  min. 

After  the  contact  anneal  step,  all  films  were  finished  into  devices  by  (1)  masking  an  area 
with  Kapton  tape,  (2)  spin  coating  the  finished  contact  with  Ag  paint  and  annealing  in  air  (100 
°C  / 1  h),  (3)  removing  the  Kapton  tape,  (4)  removing  the  extra  CdTe  with  a  razor,  and  (5) 
soldering  In  to  the  SnOi  layer.  The  devices  were  characterized  by  standard  light-dark  IV.  Table 
1  shows  the  results  of  these  electrical  characterizations. 


Table  1.  Electrical  Characteristics  of  Nano-Te  on  CdTe  Solar  Cells. 


Anneal  Temp 
(C) 

Effic. 

(%) 

Voc 

(mV) 

Jsc 

(mA/cm^) 

Rse 

(Q) 

R-sh 

(^) 

FF 

(%) 

Device  Area 
(cm') 

205 

1.3 

708 

4.5 

24.4 

236 

42.0 

0.815 

215 

9.9 

779 

18.5 

5.3 

1482 

68.9 

0.192 

215 

9.4 

803 

19.1 

7.0 

774 

61.4 

0.356 

220 

7.2 

771 

18.1 

9.7 

501 

51.8 

0.466 

225 

10.3 

727 

19.9 

2.8 

985 

71.2 

0.099 

230 

9.1 

764 

17.3 

4.8 

646 

69.2 

0.100 

235 

9.9 

794 

18.6 

5.6 

856 

67.1 

0.418  C 

235 

8.6 

784 

17.8 

7.3 

1499 

61.7 

0.342 

235 

6.8 

783 

16.4 

7.4 

168 

53.1 

0.136  C 

245 

6.9 

750 

17.2 

12.5 

395 

53.8 

0.716 

255 

8.6 

766 

20.2 

8.2 

896 

55.4 

0.112 

255 

8.0 

750 

19.0 

8.1 

387 

56.1 

0.115 

255 

5.6 

748 

17.1 

12.9 

287 

43.9 

0.084 

Note:  C  denotes  control  cells 


Figure  5  shows  plots  of  the  contact  annealing  temperature  versus  the  device  metrics  listed 
in  Table  1 .  Interesting  trends  appear  when  this  data  is  presented  graphically.  For  example,  the 
plot  of  temp  vs.  efficiency  (Fig.  5a)  is  similar  to  that  of  temp  vs.  fill  factor  (Fig.  5d).  Also,  an 
inverse  relationship  is  noted  between  short  circuit  current  density  (Fig.  5b)  and  series  resistance 
(Fig.  5e).  Especially  noteworthy  is  the  scatter  in  the  shunt  resistance  (Fig.  5f);  an  observation 
that  illustrates  a  possible  factor  limiting  device  performance.  While  the  observation  of  shunt 
resistance  exceeding  800  Q  in  these  nano-Te  on  CdTe  devices  is  encouraging,  the  cause  of 
irregularity  is  of  special  concern.  With  such  marked  non-linearities  in  Rsh,  it  is  not  surprising 
that  a  clear  correlation  between  anneal  temperature  and  electrical  properties  is  not  observed  in 
our  data  analysis.  After  isolation  of  the  shunting  problem,  an  optimum  contact  annealing 
schedule  will  be  determined.  Finally,  there  is  no  marked  difference  in  the  device  performance 
for  the  nano-Te  on  CdTe  solar  cells  versus  those  finished  by  the  standard  NREL  approach. 
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Figure  5.  Electrical  data  for  nano-Te  on  CdTe  solar  cells.  Cl  and  C2  are  control  cells. 


CONCLUSIONS 

Nano-Al  and  nano-Te  dispersions  have  been  used  as  contacts  to  p-type  Si  and  p-type  CdTe, 
respectively.  Annealed  nano-Al  on  Si  films  exhibit  good  resistivities  around  10*^  0»cm.  CdTe 
solar  cells  that  employ  a  nano-Te  contact  show  efficiencies  in  excess  of  10%  with  good  open 
circuit  voltages  and  short  circuit  current  densities.  These  nano-Te  contacts  exhibit  similar 
electrical  characteristics  to  those  obtained  using  the  standard  HgTe-based  contact.  Optimization 
of  these  nano-Te  on  CdTe  solar  cells  is  hindered  by  variable  shunt  resistance. 
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ABSTRACT 

We  have  fabricated  Ge  nanostructures  buried  in  AIN  and  AljOj  matrices  grown  on 
Si(l  1 1)  and  sapphire  substrates  by  pulsed  laser  deposition.  Our  approach  involved  three- 
dimensional  island  growth  of  low  band-gap  material  followed  by  a  layer  of  wide  band- 
gap  material.  The  nanodots  were  uniformly  distributed  in  between  alternating  layers  of 
AIN  or  AljO,.  It  was  observed  that  these  nanodots  exhibit  crystalline  structure  when 
grown  at  300-500  “C.  The  average  size  of  Ge  islands  was  determined  to  be  -5-15  nm, 
which  could  be  varied  by  controlling  laser  deposition  and  substrate  parameters.  The 
Raman  spectrum  showed  a  peak  of  the  Ge-Ge  vibrational  mode  downward  shifted  upto 
295  cm  '  which  is  caused  by  quantum  confinement  of  phonons  in  the  Ge-dots.  The 
photoluminescence  of  the  Ge  dots  (size  ~15nm)  was  blue  shifted  by  -0.266  eV  fi-om  the 
bulk  Ge  value  of  0.73  eV  at  77  K,  resulting  in  a  distinct  peak  at  -1.0  eV.  The  spectral 
positions  of  both  E,  and  Ej  transitions  in  the  absorption  spectra  at  room  temperature  and 
77K  shift  toward  higher  energy  as  the  Ge  dot  size  decreases.  The  interpretation  of  these 
behaviors  in  terms  of  quantum  confinement  is  discussed  in  this  work,  and  the  importance 
of  pulsed  laser  deposition  in  fabricating  novel  nanostructures  is  emphasized 

INTRODUCTION 

The  quantum  confinement  effects  in  semiconductor  systems  with  reduced 
dimensions  have  attracted  considerable  attention[l-3].  Their  optical  and  electronic 
properties  are  of  special  interest  as  they  can  be  modified  by  altering  their  structure.  This 
makes  quantum-confined  semiconductors  very  promising  for  photoelectronic  device 
applications.  Indirect  bandgap  semiconductors  such  as  Si  and  Ge  have  very  poor 
luminescent  efficiency  since  the  band  center  transition  is  optically  forbidden.  By  making 
the  crystallite  size  of  these  semiconductors  smaller  than  the  exciton  Bohr  radius,  the 
resulting  quantum  confinement  produces[4  ]a  sharp  increase  in  the  oscillator  strength  and 
shifts  the  luminescence  to  higher  energies.  The  effective  Bohr  radius  a^  for  excitons  in 
bulk  Ge  is  calculated  to  be  about  24  nm[5],  which  is  much  larger  than  that  of  bulk  Si  (4.9 
nm)[6].  These  electronic  conditions  lead  to  an  expectation  that  it  is  much  easier  to  change 
the  electronic  structure  around  the  band  gap  of  Ge. 
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EXPERIMENT 


In  this  work,  we  report  a  novel  technique[7]  to  fabricate  multilayers  of  Ge 
nanostructures  buried  in  aluminum  nitride  (AIN)  and  aluminum  oxide  (Alp^)  matrices  on 
Si(l  1 1)  and  sapphire  substrates.  Our  approach  involved  three-dimensional  growth  of  Ge 
islands  on  AIN  or  AljOj  substrate,  the  size  of  Ge  islands  (dots)  is  controlled  by  the 
amount  of  Ge  and  substrate  temperature.  AIN  is  a  wide  bandgap  material  (E^j~  6.2  eV) 
with  dc  dielectric  constant  ~9.14[8].  The  pulsed  laser  deposition  (PLD)  technique[9], 
used  in  the  present  work,  is  known  for  growing  high  quality  structures  at  lower  substrate 
temperatures.  Moreover,  using  pulsed  laser  deposited  Ge/AIN  heterostructures,  we  can 
minimize  the  possibility  of  defect  induced  photoluminescence  from  interfacial  GeO^ 
layers.  By  comparing  the  optical  and  structural  properties  we  can  study  the  interfacial 
reactions,  if  any,  in  nanocrystalline  Ge  embedded  in  different  matrices.  The  laser  energy 
density  used  in  this  experiment  was  ~2.5  J/cm^  and  the  substrate  temperature  -400-500 
“C.  The  p-type  Si(l  1 1)  wafers  were  cleaned  in  acetone  and  methanol  ultrasonically  prior 
to  surface  oxide  removal  by  10%  HF  solution.  The  thickness  of  AIN  or  Al^O,  layers  was 
typically  -10  to  40  nm  followed  by  4-6  monolayers  of  Ge.  The  size  of  Ge  nanocrystals 
was  varied  by  changing  the  thickness  of  Ge  layers  and  deposition  temperature.  Topcon 
002B  transmission  electron  microscope  (resolution  -0. 1 8  nm)  was  used  to  analyze  these 
nanostructures.  The  size  distribution  of  the  Ge  nanodots  and  crystallinity  of  the 
AlN/AiPj  matrix  and  Ge  nanostructures  in  these  multilayers  were  investigated  by  cross- 
sectional  HRTEM.  Atomic  force  microscopy  (AFM)  was  done  to  study  the  morphology 
and  size  uniformity  of  the  dots.  Raman  spectroscopy  was  performed  on  the  samples  using 
Ar^  ion  laser  (^-514.5  nm)  in  the  backscattering  geometry.  The  photoluminescence  was 
excited  by  an  argon  ion  laser  (X,-514.5  nm)  at  77K.  We  also  carried  out  absorption 
measurements  at  room  temperature  to  study  the  shift  in  the  E,  and  E^  transitions. 

RESULTS  AND  DISCUSSIONS 

Germanium  nanostructures  were  deposited  at  various  deposition  temperatures  and 
laser  energy  density.  It  was  found  that  the  structural  quality  and  size  of  these  nanodots  is 
critically  dependent  on  the  growth  temperature.  For  samples  deposited  above  600  "C,  we 
observed  grain  growth  and  coalescence  in  the  germanium  dots.  Germanium  formed  an 
amorphous  layer  for  samples  grown  below  300  ‘’C.  These  nanodots  exhibited  crystalline 
structure  when  grown  between  300-500  °C.  The  size  of  islands  increased  as  a  fiinction  of 
deposition  temperature  and  decreased  with  the  thickness  of  Ge  layer.  The  selected  area 
diffraction  revealed  that  AIN  is  polycrystalline  and  Ge  nanodots  have  diamond  cubic 
structure.  In  the  high  resolution  image  we  observe  lattice  fringes  corresponding  to  {111} 
planes  of  Ge  (spacing  0.326  nm)  with  the  diamond  cubic  structure.  The  average  size  of 
the  nanodots  for  the  different  Ge  layers  is  -7-15  nm  depending  on  growth  conditions.  It 
was  also  observed  that  Ge  dots  had  an  atomically  sharp  interface  with  AIN  matrix  with  no 
indication  of  any  interfacial  reaction.  Figure  1  shows  the  cross-sectional  TEM  image  of 
the  Ge  nanodot  multilayers  having  darker  contrast  embedded  in  Al^O,  matrix.  These 
nanodots  are  uniformly  distributed  in  between  alternating  layers  of  Al^Oj  with  average 
thickness  -45nm.  The  selected  area  diffraction  in  the  right  inset  reveals  that  Al^Oj  is 
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amoq)hous  and  the  Ge  dots  have  a  diamond  cubic  structure  with  an  indication  of  some 
texturing  along  <1 13>  and  <133>  directions.  The  HRTEM  image  shown  in  the  left  inset 
indicates  that  these  islands  are  dislocation  free  and  are  pyramidal  shaped.  These  nanodots 
exist  as  isolated  islands  in  the  Al^Oj  matrix  with  no  overlap  between  neighboring  dots. 
The  size  distribution  is  fairly  uniform  (±4%).  Raman  spectroscopy  studies  of  these 
samples  did  not  reveal  any  peak  other  than  Ge-Ge  peak  in  the  range  100-1200  cm  '.  The 
morphology  of  the  germanium  nanostructures  was  studied  using  an  atomic  force 
microscope.  Figure  2  shows  the  AFM  image  from  a  0.01 5um^  scan  area.  The  distribution 
is  fairly  uniform  with  majority  of  islands  of  size  9nm.  This  result  is  found  to  be  quite 
consistent  with  HRTEM  analysis  done  on  the  same  set  of  samples.  The  islands  appear  to 
be  pyramidal  shaped  with  a  domed  top,  similar  to  what  was  observed  in  the  HRTEM 
analysis.  The  nanodots  appear  randomly  distributed  with  no  clustering.  So  using  pulsed 
laser  deposition  we  can  fabricate  germanium  nanostructures  with  a  uniform  size 
distribution  at  a  lower  deposition  temperature  compared  to  other  techniques. 

Raman  spectrum  from  the  sample  containing  a  single  layer  of  Ge  dots  displaying 
a  peak  at  296  cm  '  and  a  small  peak  arising  from  the  silicon  substrate  at  521  cm*'.  The 
effect  of  strain  is  expected  to  shift  this  peak  position  to  a  higher  wavenumber  rather  than 
towards  a  lower  value,  which  can  be  explained  based  on  the  phonon  confinement  effect. 
The  photoluminescence  spectra  of  the  Ge  dots  measured  at  77K  was  blue  shifted  by 
-0.266  eV  from  the  bulk  value  of  0.73  eV  at  77K,  resulting  in  a  distinct  peak  at  ~1.0  eV, 
Absorption  spectroscopy  revealed  a  distinct  blue  shift  of  the  E,  transition  for  7,  8  and  13 
nm  size  nanodots. 


CONCLUSIONS 

In  conclusion,  we  have  successfully  fabricated  Ge  nanostructures  embedded  in 
AIN  and  Al^O,  matrices  with  fairly  uniform  size  distribution.  Raman  signatures  suggest 
phonon  confinement  due  to  downward  shift  of  the  Ge-Ge  peak.  High  resolution 
microscopy  revealed  dislocation  free  pyramidal  shaped  Ge  nanocrystals  with  average  size 
-7-15  nm  depending  on  growth  condition.  Quantum  confinement  effect  was  confirmed 
by  absorption  spectroscopy  measurement  and  by  the  distinct  blue  shifted 
photoluminescence  peak  observed  at  -1.0  eV  at  77  K.  Thus  PLD  is  an  attractive 
technique  for  fabricating  nanostructures  with  a  narrow  size  distribution  at  lower  substrate 
temperatures. 

This  work  was  supported  by  National  Science  Foundation  Center  for  Advanced 
Materials  and  Smart  Structures. 
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Figure  1.  Cross-sectional  TEM  image  of  Ge  nanodot  multilayers  embedded  in  AI2O3 
matrix.  Left  inset  shows  the  HRTEM  image  of  a  pyramidal  shaped  Ge  nanodot.  The 
arrow  indicates  the  growth  direction.  SAD  in  the  ri^t  inset  shows  that  the  Ge  nanodots 
are  crystalline  and  textured  along  <11 3>  and  <133>  directions  and  the  AI2O3  matrix  is 
amorphous. 


Figure  2.  AFM  image  from  scan  size=125.5nm  shows  that  the  islands  are  pyramidal  with 
a  rounded  top.  (x=20nm/div,  z=10nm/div).  Note  that  these  are  isolated  from  their 
neighbors. 


166 


REFERENCES 


1.  Microcrystalline  Semiconductors:  Materials  Science  &  Devices,  ed.  Philippe  M. 
Fauchet,  Chuang  Chuang  Tsai,  Leigh  T.  Canham,  Isamu  Shimizu,  and  Yoshinobu 
Aoyagi,  MRS  Symp.  Proc.,  283  (1992). 

2.  Microcrystalline  and  Nanocrystalline  Semiconductors,  ed.  Robert  W.  Collins,  Chuang 
Chuang  Tsai,  Masataka  Hirose,  Frederick  Koch,  and  Louis  Brus,  MRS  Symp.  Proc., 
358(1994). 

3.  Advances  in  Microcrystalline  and  Nanocrystalline  Semiconductors,  ed.  Robert  W. 
Collins,  Philippe  M.  Fauchet,  Isamu  Shimizu,  Jean-Claude  Vial,  Toshikazu  Shimada,  and 
A.  Paul  Alivisatos,  MRS  Symp.  Proc.,  452(1996). 

4.  B.  Delley  and  E.F.  Steigmeier,  Phys.  Rev.  B  47,  1397  (1993). 

5.  Yoshihito  Maeda,  Nobuo  Tsukamoto,  Yoshiaki  Yazawa,  and  Yoshihiko  Kanemitsu, 
and  Yasuaki  Masumoto,  Appl.  Phys.  Lett.  59, 3168  (1991). 

6.  A.G.  Cullis,  L.T.  Canham,  and  P.D.J.  Calcott,  J.  Appl.  Phys.  82,  909  (1997). 

7.  K.M.  Hassan,  A.K.  Sharma,  J.Narayan,  J.  Muth,  C.W.  Teng,  R.M.  Kolbas,  Appl  Phys. 
Lett.  IS,  1222(1999). 

8.  A.T.  Collins,  E.C.  Lightowlers  and  P.J.  Dean,  Phys.  Rev.  158,  833  (1967). 

9.  J.  Narayan  et.  dX.,Appl  Phys.  Lett.,  51,  1845,  (1987). 


167 


FUNCTIONALISATION  OF  CdSe  AND  GaAs  QUANTUM  DOTS 


SEBASTIAN  J.  N0RAGER^*.  MICHAEL  LAZELL*,  PAUL  O’BRIEN* 

^Department  of  Chemistry,  Imperial  College  of  Science,  Technology  and  Medicine,  South 
Kensington,  London,  SW7  2AY,  UK. 

*Manchester  Materials  Science  Centre  and  the  Department  of  Chemistry,  University  of 
Manchester,  Oxford  Road,  Manchester,  M13  9PL. 

ABSTRACT 

In  this  communication  we  report  the  preliminary  results  of  in-situ  functionalisation,  of  Q- 
CdSe  and  Q-GaAs  using  thiols,  (HSC12H25),  dithiols,  (HSC9H18SH),  pyridine  derivatives  (4- 
ethylpyridine,  4-butylpyridine)  and  carboxylic  acids  (mercaptopropionic  acid). 

The  functionalisation  of  the  capping  group  provides  a  potential  route  to  the  assembly  of 
2D  arrays  and  supperlattices.  Anchorage  of  the  nanocrystals  to  surfaces  for  use  in  devices,  such 
as  solar  cells  and  Gratzel  type  cells  is  also  discussed. 

INTRODUCTION 

Semiconductor  nanoparticles  capped  with  trioctylphosphine  oxide  (TOPO)  and 
trioctylphosphine  (TOP)  have  generated  a  substantial  amount  of  interest  in  recent  years  due  to 
their  interesting  optoelectronic  properties  [1-5].  A  direct  consequence  of  these  particles  residing 
between  the  molecular  and  bulk  states  of  matter,  size  quantisation  effects  unlock  a  potential  for  a 
wide  range  of  applications  in  devices,  such  as:  light-emitting  diodes,  [6,7],  photocatalysts  [8,9] 
and  electrochemical  cells  [1,10,1 1]  have  been  reported. 

The  TOPO  route  currently  offers  narrow  size-distribution,  high  degrees  of  crystallinity, 
colloidal  stability  over  time  and  robust  surface  passivation.  These  characteristics  are  very 
important  as  they  directly  influence  the  quality  of  photoluminescence  exhibited  by  the 
nanoparticles,  e.g.  quantum  yields  and  deep  trap  luminescence.  However,  there  are  problems,  as 
TOPO  causes  complications  when  the  nanoparticles  are  integrated  into  devices,  as  it  is  an 
insulating  waxy  solid.  In  order  to  use  the  interesting  opto-electronic  properties  in  applications  the 
problem  of  how  to  handle  the  ready  made  particles  arises.  Due  to  their  small  size,  chemically 
fixing  the  particles  to  surfaces  is  advantageous.  This  gives  rise  to  a  need  for  functionalising  the 
nanoparticles  surfaces  with  ‘smart’  ligands  such  as  thiols  and  pyridines,  which  can  then  be 
reacted  further  to  give  nanocomposites.  There  are  two  approaches  to  synthesising  these 
functionalised  nanocrystals.  One  way  is  to  synthesise  the  nanocrystals  in  TOPO  and  then  to 
replace  the  capping  group  with  the  desired  ligand.  The  other  way  is  to  prepare  the  nanoparticles 
in  the  functional  ligand.  We  have  previously  reported  work  on  Cd3P2  and  InP  quantum  dots 
capped  with  4-ethylpyridine  prepared  from  the  novel  single  source  precursors,  cadmium  or 
indium  di-f^rf-butylphosphide  respectively  [12,13]. 

In  this  work  we  report  on  CdSe  and  GaAs  nanoparticles  synthesised  directly  in  capping 
agents  such  pyridines,  thiols  and  dithiols,  and  mixtures  of  these  and  trioctylphosphine  (TOP)  or 
TOPO.  Optical  measurements  such  as  UV  and  photoluminescence  have  been  carried  out.  The 
particles  have  been  characterised  by  X-Ray  diffraction,  (XRD),  Energy  Dispersive  X-ray 
Analysis,  (ED AX)  and  microscopy  imaging.  Emphasis  has  been  put  on  surface  functionalising 
the  particles  for  specific  uses  during  synthesis,  so  the  particles  can  be  reacted  with  surfaces  or 
self  assemble  into  arrays. 
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EXPERIMENTAL 


UVA^is  Absorption  and  IR  Spectroscopy 

The  optical  measurements  of  the  nanoparticles  were  carried  out  on  a  Philips  PU  8710 
spectrophotometer.  The  sample  solutions  were  placed  in  silica  cuvettes  (path  length  =  1  cm). 

The  samples  were  pyridine  solutions  and  pyridine  was  used  as  the  reference.  Infra-red  spectra 
were  carried  out  using  a  Matteson  Polaris  FT-IR  spectrometer  as  nujol  mulls. 

Photoluminescence  Spectroscopy  (PL) 

PL  measurements  were  obtained  using  a  Spex  FluoroMax  instrument  with  a  xenon  lamp 
(150W)  and  a  152  P  photomultiplier  tube  as  a  detector.  Silica  cuvettes  of  1  cm  path  length  were 
used.  Solutions  were  made  using  pyridine. 

Scanning/Transmission  Electron  Microscopy  (SEM,  TEM) 

A  JOEL  2000  FX  MKl  electron  microscope  operating  at  200  kV  with  an  Oxford 
Instrument  AN  10000  EDS  analyser  was  used  for  the  conventional  TEM  micrographs.  The 
samples  for  TEM  were  prepared  by  placing  a  drop  of  a  dilute  solution  of  sample  in  toluene  on  a 
copper  grid  (400  mesh,  Agar).  The  excess  solvent  was  wicked  away  with  a  paper  tip  and  the 
sample  allowed  to  dry  completely  at  room  temperature. 

Syntheses 

Preparation  of  CdSe  nanocrvstals  in  TOPO 

The  precursor  [Cd{Se2CN(CH3)(C6Hi3))2]  was  prepared  by  the  literature  method  [14]. 
The  precursor  (0.5  g,  0.73  mmol)  was  then  dissolved  in  TOP  (5  ml,  2.8  mmol)  and  then  injected 
into  TOPO  (20  g,  51  mmol,  degassed  at  100  for  30  mins  prior  to  use)  at  200  °C.  The  colour 
of  the  mixture  changed  to  red.  This  mixture  was  allowed  to  stir  for  ca.  30  mins  where  upon  the 
heat  was  removed.  At  approximately  60  °C  methanol  (40  ml)  was  added  to  precipitate  the 
nanoparticles.  The  nanoparticles  were  centrifuged  and  would  readily  redissolve  in  toluene. 

Preparation  of  functionalised  CdSe  nanoparticles,  method  1 

The  already  prepared  CdSe/TOPO  nanoparticles  were  taken  and  washed  with  methanol  to 
remove  most  of  the  capping  TOPO.  These  were  then  added  to  the  desired  ligand  and 
heated  whilst  stirring  for  several  hours.  The  nanoparticles  were  then  collected  by  centrifugation 
following  the  addition  of  a  non-solvent.  Nonanedithiol  capped  CdSe  nanoparticles  were  prepared 
by  the  same  method  but  using  CdSe/Ci2H25SH  instead  of  CdSe/TOPO. 
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Preparation  of  functionalised  CdSe  nanoparticles,  method  2 


The  precursor  [Cd{Se2CN(CH3)(C6Hi3)}2]  (0.22  g,  0.32  mmol)  was  dissolved  in  TOP 
(2.5  ml,  5.6  mmol)  and  injected  into  C12H25SH  (10  ml,  41.7  mmol)  stabilised  at  190  °C.  The 
mixture  was  heated  for  20  min  and  then  left  to  cool.  The  particles  were  isolated  by 
centrifugation  after  addition  of  a  mixture  of  MeOH  and  HCCI3.  These  were  readily  redispersed 
in  C12H25SH  or  toluene. 

Preparation  of  GaAs  nanocrvstals 

Gallium  chloride,  (GaCl3,  0.8  g,  4.6  mmol),  was  dissolved  in  4’ethylpyridine  (25  ml, 
xmol)  and  to  it  was  added  m’5(dimethylamino)arsenide,  ( [As(NMe2)3],  0.95  ml,  4.6  mol).  This 
mixture  was  then  slowly  heated  to  167  °C  and  allowed  to  reflux  for  5  days  at.  The  solution  was 
allowed  to  cool  and  40  -  60  petroleum  spirit  was  added  to  flocculate  the  GaAs  nanocrystals.  The 
particles  were  then  isolated  by  centrifugation  and  could  be  readily  redispersed  in  pyridines. 

6-  Mercaptonicotinic  acid  (0.3  g,  1 .9  mmol)  was  then  added  to  a  solution  of  these  particles  in 
pyridine  and  heated  to  60  °C  for  24h. 

RESULTS 

By  exchanging  the  capping  media  of  the  nanocrystals,  the  functionalisation  of  the  dots  is 
achieved  and  they  can  be  reacted  with  other  surfaces  to  form  composites.  The  CdSe  quantum 
dots  have  been  synthesised  in  dodecanthiol.  Particles  capped  with  nonanedithiol  were  prepared 
by  exchanging  the  capping  group  after  synthesis.  Particles  capped  with  4-ethylpyridine  were 
prepared  by  Methods  1  and  2.  The  thiols  were  chosen  as  they  promote  self-assembly  into  2D 
arrays  [15,  16].  Pyridines  were  chosen  as  they  form  a  more  labile  surface  ligand  which  allows  for 
electronic  transitions. 

GaAs  particles  were  synthesised  in  4-ethylpyridine  and  then  functionalised  with  6- 
mercaptonicotinic  acid.  The  carboxylic  acid  was  chosen  to  bind  the  Q-GaAs  to  Ti02 
nanoparticles. 

O-CdSe 

The  preparation  of  the  CdSe  quantum  dots  in  1,9-nonanedithiol,  dodecanthiol  and  4- 
ethylpyridine,  (4-Etpy),  was  successfully  achieved  by  adapting  the  TOPO  method.  The  single 
source  precursor,  [Cd{Se2CN(CH3)(C6Hi3)}2],  was  refluxed  in  the  capping  solvents  and  then  the 
nanoparticles  were  collected  by  flocculation  and  centrifugation.  These  dots  were  readily 
redispersable  in  toluene. 

For  CdSe  nanoparticles  and  generally  II- VI  materials,  methods  1  and  2  present  the 
following  advantages  and  disadvantages.  Due  to  the  ionic  nature  of  the  lattice,  the  TOPO  route 
offers  high  degrees  of  crystallinity,  close  size-distribution,  good  colloidal  stability  over  time  and 
effective  surface  passivation.  These  properties  promote  high  quality  luminescence,  i.e.  relatively 
high  quantum  yields  and  low  proportions  of  surface  traps.  However,  if  these  particles  are  to  be 
chemically  fixed  to  other  bodies,  some  or  all  of  the  TOPO  has  to  be  replaced  with  a  functional 
ligand,  (Method  1).  When  this  method  is  utilised  the  nanoparticles  need  to  be  isolated  first,  and 
then  the  TOPO  capping  group  needs  to  be  removed  using  methanol.  This  procedure  effects  the 
surface  and  introduces  surface  traps,  which  deteriorate  the  desired  luminescence  properties  as 
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well  as  lowering  the  overall  yield.  Furthermore,  if  too  much  TOPO  is  removed  the  nanoparticles 
become  irreversibly  insoluble. 

Conversely,  Method  2  presents  problems  when  the  synthesis  is  performed  in  the  presence 
of  a  high  concentration  of  functional  capping  agent.  Although  the  yield  of  ready  to  use  particles 
is  increased,  the  quantum  yields  is  decreased.  This  effect  is  illustrated  in  the  CdSe  particles 
synthesised  by  Method  2,  (capping  group  C12H25SH),  which  exhibit  similar  size-distribution  and 
absorption  spectra.  Figure  1,  although  no  photoluminescence  could  be  observed.  Figure  2  is  a 
TEM  image  of  the  particles.  This  result  is  probably  due  to  the  poor  surface  passivation,  which 
promotes  non-radiative  recombination  of  the  excited  states.  Our  current  work  focuses  on 
optimising  the  balance  between  the  concentrations  of  TOPO  to  functional  ligand,  for  the  one  pot 
synthesis. 


Figures  1  &  2.  Absorption  Spectrum  and  TEM  image  of  Q-CdSe/Ci2H25SH. 

The  luminescence  properties  of  TOPO  capped  CdSe  particles  are  well  documented.  By  changing 
the  capping  group  we  can  investigate  the  change  in  luminescence.  Figure  3  shows  the  UV  and 
photoluminescence  spectra  obtained  from  CdSe  samples  capped  with  TOPO  and  4-Etpy.  By 
comparing  the  onset  of  absorption  for  TOPO  and  4-Etpy  capped  particles,  (545  nm,  2.274  eV), 
(417  nm,  2,972  eV)  respectively,  we  can  see  that  the  4-Etpy  sample  is  smaller  in  size  (diameter) 
as  the  onset  of  absorption  occurs  at  a  lower  wavelength.  This  observation  is  expected  as  the 
preparation  temperature  for  TOPO  and  4-Etpy  are  200  and  167  °C  respectively.  The  sizes  can  be 
approximated  to  3.1  nm  (4-Etpy)  and  4,5  nm  (TOPO)  by  utilising  the  Brus  equation  (Direct  Band 
Gap  method).  Another  contrast  between  the  two  samples  is  the  TOPO  sample  shows  band  edge 
luminescence  from  the  CdSe  quantum  dots,  this  effect  does  not  depend  upon  the  excitation 
wavelength.  However,  the  4-Etpy  samples  there  is  a  Stokes  shift  in  the  luminescence  spectrum. 
The  Stokes  shift  is  86  nm,  (0.51  eV). 
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The  preparation  of  crystalline  GaAs  nanoparticles  is  successful  when  using  the  arsenic 
precursor  As(NMe2)3  and  GaCls.  The  nanocrystals  have  to  be  left  for  5  days  in  refluxing  4-Etpy 
to  grow.  The  nanoparticles  showed  a  wide  size  distribution. 

The  GaAs  nanocrystals  have  been  capped  using  4-ethylpyridine,  biprimidine  and 
mercaptopropionic  acid.  The  proposed  reaction  scheme  to  functionalise  and  bind  Q-GaAs  to 
TiOi  is  presented  in  Scheme  1. 


Scheme  1.  Proposed  reaction  scheme  for  synthesis,  functionalisation  and  binding  of  Q-GaAs. 
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The  GaAs  nanoparticles  functionalised  with  6-mercaptonicotinic  acid  were  repeatedly 
precipitated  and  redissolved  to  remove  impurities  and  excess  capping  material  prior  to  IR 
analysis.  The  spectra  confirmed  the  presence  of  6-mercaptonicotinic  acid  capping  the  surface. 

As  III-V  materials  have  a  more  inert  lattice,  the  capping  agent  of  choice  to  achieve  controlled 
growth  is  of  a  more  labile  nature  than  TOPO.  For  this  reason  the  replacement  of  such  a  ligand 
after  synthesis  presents  fewer  problems,  and  surface  funtionalisation  was  carried  out  by  Method 

1.  We  are  currently  investigating  the  bonding  between  the  GaAs  and  Ti02  particles.  Experiments 
to  research  the  possibility  of  charge  transfer  between  the  particles  are  being  planned. 

CONCLUSIONS 

Good  quality  crystalline  nanoparticles  of  CdSe  and  GaAs  have  been  synthesised  with 
functional  capping  groups.  Two  approaches,  where  functionalisation  has  been  carried  out  during 
and  after  synthesis,  have  been  used.  For  CdSe  nanoparticles,  several  ligands  other  than  TOPO 
have  been  used,  although  the  resulting  luminescence  properties  were  not  ideal.  Further  work  is 
needed  to  assess  weather  preparations  carried  out  in  mixtures  of  TOPO  and  functional  ligands 
will  yield  the  desired  reactivity  and  luminescence  properties.  GaAs  nanoparticles  have  been 
capped  with  6-mercaptonicotinic  acid,  which  can  be  reacted  with  hydroxides  to  form  composites. 
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ABSTRACT 

In  this  paper  we  report  the  synthesis  of  metal  sulfide  nanocrystals,  (CdS  and  ZnS),  from 
the  thermolysis,  between  150  -  300  °C,  in  a  dynamic  vacuum,  of  the  novel  long  chain 
asymmetric  metal  dithiocarbamates,  Z)i5(N-methyloctadecyldithiocarbamato)  cadmium(II)  or 
Zinc(ll),  [M{S2CN(C,8H37)(CH3)}2]. 

These  nanoparticles  ‘self-cap’  during  preparation.  Different  size  nanocrystals  were 
synthesised,  at  different  temperatures  and  there  was  a  change  in  phase  from  cubic  to  hexagonal 
CdS  at  a  decomposition  temperature  greater  than  300  °C. 

INTRODUCTION 

Nanocrystalline  semiconductors  have  electronic  properties  intermediate  between  those  of 
molecular  entities  and  macroerystalline  solids  and  are  at  present  the  subject  of  intense  research 
[1-6].  Nanometric  semiconductor  particles  exhibit  novel  properties  due  to  the  large  number  of 
surface  atoms  (and  resultant  states)  and/or  the  three  dimensional  confinement  of  electrons. 
Altering  the  size  of  the  partiele  alters  the  degree  of  confinement  of  the  electrons,  and  affects  the 
electronic  structure  of  the  solid,  in  particular  the  position  of  ‘band  edges’,  are  tunable  with 
particle  size.  Nanoparticles  of  semiconductors  have  many  potential  applications  and 
demonstration  devices  including:  light-emitting  diodes,  [7,8],  photocatalysts  [9,10]  and 
electrochemical  cells  [1,6,1 1]  have  been  reported. 

We  are  interested  in  developing  novel  routes  to  these  materials  and  have  previously 
reported  the  use  of  single  source  precursors  to  prepare  several  II/VI  chalcogenides  [12-14]. 

These  nanocrystals  are  organically  capped  with  tri-n-octylphosphine  oxide  (TOPO).  Other 
capping  groups  such  as  4-ethylpyridine  have  also  been  used  to  solubilise  nanocrystals,  for 
example,  InP  [15].  We  have  also  recently  reported  the  use  of  trioctylphosphine  sulfide  as  an 
air/moisture  stable  sulfiding  precursor  [16]  for  cadmium  or  zinc  sulfide. 

However,  to  date  there  has  only  been  one  paper  [17]  describing  the  synthesis  of 
nanocrystals  in  a  process  in  which  the  particle  is  capped  by  a  ligand  transferred  from  the 
precursor;  we  term  this  process  ‘self-capping’.  Finely  divided  silver  has  been  prepared  from  the 
salts  of  fatty  acids  by  a  bulk  pyrolysis.  Here  we  report  the  first  synthesis  of  self-capped  CdS  and 
ZnS  nanocrystals  from  the  thermolysis  at  150  -  300  ®C,  in  a  dynamic  vacuum,  of  the  novel 
asymmetric  metal  dithiocarbamates,  /)w(N-methyloctadecyldithiocarbamato)  cadmium(II)  or 
zinc(II)  [M{S2CN(C,8H37)(CH3)}2]. 

EXPERIMENTAL 

UV/Vis  Absorption  and  IR  Spectroscopy 

The  optical  measurements  of  the  nanoparticles  were  carried  out  on  a  Philips  PU  8710 
speetrophotometer.  The  sample  solutions  were  placed  in  silica  cuvettes  (path  length  =  1  cm). 
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The  samples  were  pyridine  solutions  and  pyridine  was  used  as  the  reference.  Infra-red  spectra 
were  carried  out  using  a  Matteson  Polaris  FT-IR  spectrometer  as  nujol  mulls. 

Nuclear  Magnetic  Resonance  spectroscopy  (NMRI 

The  ‘H  and  solution  NMR  spectra  were  recorded  on  a  Bruker  AM  500  or  a  DRX  400 
in  deuterated  chloroform. 

X-ray  Powder  Diffraction  (XRD) 

X-ray  powder  diffraction  patterns  were  measured  using  a  Siemens  D500  series  automated 
powder  diffractometer  using  Cu-Ka  radiation  at  40kV/40mA  with  a  secondary  graphite  crystal 
monochromator.  Samples  were  supported  on  glass  slides  (5cm^). 

Photoluminescence  Spectroscopy  (PLI 

PL  measurements  were  obtained  using  a  Spex  FluoroMax  instrument  with  a  xenon  lamp 
(150W)  and  a  152  P  photomultiplier  tube  as  a  detector.  Silica  cuvettes  of  1  cm  path  length  were 
used.  Solutions  were  made  using  pyridine. 

Energy  Dispersive  Analysis  by  X-ravs  (EDAXI 

EDAX  was  performed  on  samples  deposited  by  evaporation  on  glass  substrates  by  using 
a  JEOL  JSM35CF  scanning  electron  microscope. 

Scanning/Transmission  Electron  Microscopy  (SEM,  TEM) 

A  JOEL  2000  FX  MKl  electron  microscope  operating  at  200  kV  with  an  Oxford 
Instrument  AN  10000  EDS  analyser  was  used  for  the  conventional  TEM  micrographs.  The 
samples  for  TEM  were  prepared  by  placing  a  drop  of  a  dilute  solution  of  sample  in  toluene  on  a 
copper  grid  (400  mesh,  Agar).  The  excess  solvent  was  wicked  away  with  a  paper  tip  and  the 
sample  allowed  to  dry  completely  at  room  temperature. 

X-rav  Photoelectron  Spectroscopy  (XPS) 

The  XPS  measurements  were  performed  in  the  ultra-high  vacuum  chamber  (base  pressure 
10‘®  Pa)  of  a  VG  ESCALAB-Mk  II  (VG  Scientific)  using  A1  Ka  excitation  (analyser  pass  energy 
of  50  eV).  The  energy  scale  was  calibrated  using  Cu  (at  284.8  eV)  as  a  reference. 

Syntheses 

Preparation  of  BisfN-methvloctadecyldithiocarbamatoI  cadmiumdil 

ICd{S2£N{jEiaH32){£H^2l 

Into  a  beaker  was  put  methanol  (40  ml)  and  NaOH  (0.48  g,  0.012  mol),  which  was  stirred 
until  dissolved.  To  this  stirred  solution  was  added  [HN(Ci8H37)(CH3)]  (3.42  g,  0.012  mol)  and 
left  for  30  mins.  CS2  (0.92  g,  0.012  mol)  was  then  syringed  into  the  solution.  A  slightly  yellow 
tinged  clear  solution  resulted  and  was  left  to  stir  for  30  mins.  To  this  solution  was  added  CdCL 
(1.11  g,  6  mmol)  in  deionised  water  (100  ml).  On  addition  a  white  precipitate  was  produced,  the 
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mixture  was  allowed  to  stir  for  one  hour.  The  mixture  was  filtered  and  recrystallised  from  hot 
dichloromethane  to  give  a  fine  white  powder.  Yield  =  4.32  g,  86.4  %;  NMR  (CDCI3, 400 
MHz,  5)  0.88  [3H,  t,  CH3-R];  1.25  [22H,  5,  -CH2-],  1.31  [6H,  5,  -CH2-],  1.55  [2H,  5,  -CH2-],  1.75 
[2H,  m,  -CH2-],  3.47  [3H,  5,  CH3-N],  3.88  [2H,  t,  N-CH2-]  NMR  (CDCI3,  lOOMHz,  5)  14.12 
[CH3-R],  22.69  [-CH2-],  26.77  [-CH2-],  26.90  [-CH2-],  29.36  [-CH2-],  29.55  [-CH2-], 

29.61  [-CH2-],  29.66  [-CH2-],  31.92  [-CH2-],  44.28  [CH3-N],  59.25  [-CH2-N],  203.70 
[C-NR’R”],  Elemental  analysis.  Calc  for  C4oH8oCdN2S4:  C,  57.9;  H,9.7;  N,  3.4  %,  Found: 
C,57.5;  H,9.8;  N,3.4%.  Mass  spec,  m/z  830  =  C4oH8oCdN2S4.  Mp  =  89  °C 

Preparation  of  Bis(N-methvloctadecvldithiocarbamato)  zincdll  [ZnfS7CN(Ci«H37lfCH3ll2l 

The  method  above  was  used  to  prepare  the  zinc  precursor,  using  NaOH  (0.51  g,  12.75 
mmol),  [HN(Ci8H37)(CH3)]  (3.62  g,  12.75  mmol),  CS2  (0.97  g,  12.75  mmol)  and  ZnCh  (0.87g, 
6.38  mmol).  Yield  =  4.23,  84.6%,  Elemental  analysis.  Calc,  for  C4oH8oN2S4Zn:  C,  61.3; 

H,  10.3;  N,  3.6  %,  Found:  C,  60.2;  H,  10.6;  N,  3.5  %.  Mass  spec,  m/z  783  =  C4oH8oN2S4Zn. 

Mp  =  85  "C 


Preparation  of  CdS  and  ZnS  nanocrystals 


Into  a  vessel  (Figure  1)  was  put  ca.  0.5  g  of  [M{S2CN(Ci8H37)(CH3)}2]  where  M  =  Cd  or 
Zn.  The  decomposition  apparatus  was  then  put  into  a  carbolite  furnace.  The  apparatus  was 
opened  to  a  dynamic  vacuum,  ca.  0.01  mmHg.  There  was  also  a  liquid  nitrogen  trap  to  condense 
any  volatiles  from  the  thermolysis.  The  decomposition  apparatus  was  heated  at  a  range  of 
temperatures,  150  -  300  °C,  for  1  hour  (timed  from  temperature  stabilisation).  The  vessel  was 
allowed  to  cool  and  the  contents,  varying  from  off-white  yellow  (150  ®C)  to  dark  orange  (300  °C) 
in  colour,  for  CdS  and  white  (150  °C)  to  light  grey  (300  °C)  in  colour  for  ZnS,  were  removed. 

Glass  wool 
lagging 


Vacuum  pump 


t 


Tube  furnace  for 
heating  precursor 


Figure  1 .  Decomposition  apparatus  used  for  synthesis  of  self-capping  nanoparticles 
RESULTS 

The  characterisation  of  the  CdS  dots  is  very  complete  with  analysis  using  TEM,  PL, 
UV-Vis,  IR,  XRD  and  XPS,  however  with  the  ZnS,  only  XRD  has  been  used.  The  XRD  patterns 
for  the  CdS  samples  can  be  seen  in  Figure  2.  The  sample  synthesised  from  the  decomposition  of 
the  precursor  at  150  ®C  shows  the  CdS  grown  is  cubic  in  phase  [18].  There  are  no  reflections 
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associated  with  the  p-CdS  phase  [19],  The  broadening  of  the  peaks  in  the  XRD,  suggests  that 
the  particles  are  small,  this  broadening  is  a  common  feature  in  nanoparticles.  Using  the  Scherrer 
equation,  the  diameter  of  the  nanocrystals  can  be  estimated  as  ~  5  nm.  As  the  decomposition 
temperature  increases  from  150  to  250  °C,  an  increase  in  size  is  observed  in  the  XRD,  from  the 
narrowing  of  the  peaks.  However,  when  the  precursor  is  heated  to  300  ®C,  there  is  the 
appearance  of  some  very  broad  new  peaks  above  20  values  of  40°.  These  new  peaks  are 
associated  with  a  hexagonal  phase  of  CdS  [20,21],  This  observation  suggests  a  complete  phase 
change  from  cubic  to  hexagonal  has  occurred. 


^  •  XRD  of  CdS  Nanoparticles 

rt  Ji  .  250 ‘’C' 

A 

- 1 - ^ - 1 - 

— - ^ ^ ^ _ I 

24  34  44  54  25  35  45  55 

2e/Degrees  20/Degrees 

Figure  2.  XRD  patterns  of  a)  CdS  and  b)  ZnS  nanocrystals  obtained  from  different  thermolysis 

temperatures 

The  XRD  pattern  for  the  ZnS  nanoparticles  suggest  that  only  the  hexagonal  phase  is 
prepared. 

These  observations  from  the  CdS  XRD  patterns,  suggest  that  the  cubic  phase  synthesised 
from  the  precursor,  heated  at  temperatures  150  -  250  ”C,  is  the  kinetically  stable  phase,  whereas 
the  phase  synthesised  from  heating  the  precursor  at  300  °C  would  suggest  the  thermodynamically 
stable  hexagonal  phase  is  produced. 

Although  there  is  evidence  from  the  XRD  that  a  phase  change  from  cubic  to  hexagonal 
occurs  when  the  temperature  of  preparation  is  raised  from  250  to  300  ®C,  there  is  no  evidence  of 
phase  mixing  as  seen  by  Bawendi,  in  CdSe  [22],  The  major  peaks  associated  with  the  hexagonal 
and  the  cubic  phases  are  at  different  20  values,  so  any  phase  mixing  could  easily  be  seen  in  the 
XRD. 

The  optical  properties  of  the  CdS  nanoparticles  has  been  explored  both  with 
photoluminescence  and  UV-Vis  spectroscopy.  The  spectra  can  be  seen  in  Figure  3.  The 
absorption  edge  of  the  nanoparticles  were  calculated  using  the  direct  band  gap  method.  The 
onset  of  absorption  for  all  the  samples  showed  a  clear  blue  shift:  150  T,  ~  430  nm  (2.88  eV), 
200  °C,  449  nm  (2.76  eV),  250  °C,  465  nm,  (2.66  eV)  as  compared  to  that  of  bulk  CdS,  515  nm 
(2.41  eV).  The  CdS  samples  all  showed  Stokes  shifts  in  their  photoluminescence  spectra. 
However,  the  observed  Stokes  shift  decreases  as  the  particles  size  increases:  150  ‘^C,  absorption 
maxima,  A^ax,  at  454  nm  (2.73  eV)  (>.cxc  =  370  nm)  a  Stokes  shift,  (S.S),  of  0.15  eV;  200  °C, 

Amax  at  472  nm  (2.63  eV)  (>.exc  =  400  nm),  a  S.S  of  0. 1 3  eV;  250  T  An,ax  at  482  nm  (2.57  eV) 
(^cxc  ~  390  nm),  a  S.S.  of  0.09  eV.  This  observed  trend  is  as  expected. 
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Figure  3.  Photoluminescence  and  UV-Vis  spectra  of  CdS  nanoparticles 

The  nanoparticles  were  analysed  by  infra-red  spectroscopy  to  establish  the  nature  of  the 
capping  group.  The  capping  agent  of  the  nanocrystals  could  either  be  the  amine  HNR’R”  or  the 
dithiocarbamate  S2CNR’R”.  The  IR  spectra  showed  no  stretches  associated  with  the  C-N  bond 
from  the  CdS  nanocrystal  samples  (a  typical  C-N  bond  stretch  was  seen  in  the  precursor  sample). 
This  would  infer  that  the  CdS  nanocrystals  are  organically  capped  by  the  amine, 
[HN(CigH37)(CH3)].  and  ’^C  NMR  spectroscopy  show  resonances  associated  with  the  amine 
[HN(CigH37)(CH3)].  When  the  NMR  and  IR  data  is  considered  together  there  is  good  evidence 
that  the  capping  group  is  [HN(CigH37)(CH3)], 

X-ray  photoelectron  spectroscopy  was  used  to  analyse  the  CdS  samples  prepared  at  200 
and  300  °C.  The  analysis  of  the  binding  energies  shows  the  presence  of  Cd,  S,  N  and  C.  The 
ratio  of  C  to  Cd  in  the  200  °C  sample  was  significantly  more  than  in  the  sample  prepared  at  300 
°C.  One  suggestion  for  this  is  less  capping  amine  on  the  300  °C  sample  than  the  200  °C  another 
is  surface  area  increases  with  increasing  diameter.  Hence,  the  CdS  samples  prepared  at  150  - 
250  °C  are  very  soluble  in  pyridine  and  the  sample  prepared  at  300  °C  is  only  partially  soluble. 


from  the  CdS  nanoparticle.  The  estimated  diameters  of  the  dots  are  between  5  and  7  nm,  these 
were  calculated  using  the  Scherrer  equation  and  the  direct  band  gap  method  from  the  onset  of 
absorption  in  the  UV  spectra.  These  values  compared  well  with  those  obtained  from  the  TEM 
images. 

CONCLUSIONS 

Good  quality,  self-capped  CdS  nanoparticles  have  been  synthesised,  from  the  vapour 
phase  thermolysis  of  the  novel  cadmium  dithiocarbamate,  [Cd{S2CN(Ci8H37)(CH3)}2].  The  CdS 
nanoparticles  are  cubic  in  nature  when  prepared  at  150  -  250  ®C  and  hexagonal  at  300  °C.  The 
CdS  samples  were  characterised  by  UV-Vis,  IR,  PL,  XRD,  XPS,  NMR  and  TEM.  The  study  of 
self-capped  ZnS  nanoparticles  using  this  route  is  at  present  being  further  developed. 
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ABSTRACT 

Application  of  negative  heavy  ions,  alleviating  surface  charging  on  insulators,  enables  us 
to  conduct  low-energy  and  high-flux  implantation,  and  leads  to  a  well-defined  tool  to 
fabricate  near-surface  nanostructures.  Negative  Cu  ions  of  60  keV,  at  high  doses,  have 
generated  nanocrystals  in  amorphous(a-)Si02  with  a  size  (~10  nm)  suitable  for  nonlinear 
optical  devices.  The  kinetic  processes,  inside  the  solid  and  at  the  surface,  are  studied  by 
cross-sectional  TEM  and  tapping  AFM,  respectively.  In  a-SiOj,  nanoparticles  spontaneously 
grow  with  dose  rate,  being  controlled  by  the  surface  tension  and  radiation-induced  diffusion. 
Furthermore,  the  nanospheres  give  rise  to  a  two-dimensional  (2D)  arrangement  around  a 
given  dose  rate.  The  2D-distribution  occurs  in  coincidence  with  enhanced  sputtering  where  a 
considerable  Cu  fraction  sublimates  from  the  surface.  The  dose-rate  dependence  of 
nanoparticles  indicates  that  the  surface-sputtering  process  influences  the  intra-solid  process 
and  contributes  to  the  2D-distribution.  A  self-assembling  mechanism  for  2D-arrangement  of 
nanospheres  is  discussed  taking  into  account  contribution  of  the  surface  sputtering. 

INTRODUCTION 

Metal  nanoparticles  embedded  in  insulators  exhibit  nonlinear  optical  susceptibility  and  the 
fast  response  of  pico-seconds  with  the  surface  plasmon  resonance  [1,2],  and  are  demanded  for 
photonic  applications.  We  have  focused  on  a  nanoparticle  system  distributed  within  a  thin 
thickness,  ideally  a  two-dimensional  (2D)  configuration,  which  may  provide  an  electronic 
and/or  optical  element  of  the  inte^ated  devices  in  future.  To  seek  such  a  special  nanophase, 
we  have  employed  negative-ion  implantation  of  a  relatively  low  energy,  e.g.,  60  keV[3-5]. 
Negative  ions  cause  the  same  intra-solid  processes  as  positive  ions,  but  have  a  merit  of 
accurate  implantation  by  virtue  of  little  surface  charging  on  insulators[6].  In  comparison  with 
conventional  methods,  e.g.,  glass  forming  or  molecular-beam  epitaxy,  advantages  of  the 
present  method  are  the  kinetic  variety  with  ion  energy  deposition  and  the  spatial 
controllability  of  implants.  In  a  common  insulating  substrate  of  amorphous  (a-)Si02,  kinetic 
variations  of  nanoparticles  have  emerged  in  significant  dose-rate  dependence  of  optical 
absorption  and  depth-oriented  migration  of  implants,  e.g.,  bimodal  distribution  in  depth  [7,8]. 
Particularly,  it  has  been  occasionally  found  [9]  that  strong  depth-oriented  rearrangement  of 
nanoparticles  gives  rise  to  a  2D-configuration  of  nanoparticles  at  a  certain  irradiation 
condition.  As  well  as  those  ion-induced  kinetics,  a  variety  of  the  nanoparticle  morphology 
may  be  contributed  by  the  metastable  natures  of  a-Si02,  i.e.,  less  densely  packed  structure, 
radiolysis,  a  variety  of  defects,  ring  structures[10]  and  radiation-induced  viscous  flow  [11]. 
Since  stochastic  collision  events  of  implants  lead  to  a  gaussian-like  broad  profile  of  implants, 
a  normal  precipitation  process  is  unlikely  to  cause  a  2D-distribution  and  there  must  be  a 
centripetal  force  to  a  certain  depth  which  causes  self-assembly  of  nanoparticle  distribution.  A 
solute  diffusion  model  due  to  ion-energy  gradient  [9]  was  presented  to  explain  the  narrowing 
and  shallowing  process  of  nanoparticle  distribution.  It  has  been  also  observed  that  surface 
sputtering  concurrently  occurs  and  suggests  correlation  with  the  nanoparticle  profile[4,5].  In 
this  paper,  we  focus  on  relationship  between  the  sputtering  process  and  the  2D-arrangement 
of  nanoparticles  in  a-Si02.  A  self-assembling  mechanism  of  nanoparticles  is  discussed  with 
respect  to  the  ion-induced  sputtering  process. 
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EXPERIMENTAL  PROCEDURES 

Negative  Cu  ions  of  60  keV  were  implanted  into  substrates  at  various  dose  rates  (ion 
current  density)  up  to  100  pA/cm^  at  a  fixed  total  dose  of  3  x  10”^^  ions/cml  The  negative  ion 
technique  including  the  apparatus  was  described  elsewhere  [12].  Optical  grade  a-Si02  (KU-1: 
820  ppm  OH  )  of  15  mm  in  diameter  and  0.5  mm  in  thickness  was  employed  for  the  substrates. 
Depth  profiles  and  sputtering  yields  for  60  keV  Cu  were  estimated  with  die  TRIM  code[13], 
besides  the  succeeding  atomic  rearrangement.  The  projectile  range  and  the  straggling  width 
calculated  are  45  nm  and  ±15  nm,  respectively.  The  total  dose  of  3  x  10°*  ions/cm^ 
corresponds  to  about  10  atomic%  at  the  projected  peak.  An  ape’^e  mask(Cu),  with  a  12 
mm(j)  hole,  was  mounted  on  the  specimen  surface  to  fasten  to  the  s  '"'^cimen  temperature 
was  monitored  by  a  thermocouple  and  an  infrared  pyrometer. 

After  optical  measurements  of  an  implanted  specimen  [:'  je  morphology  was 

measured  by  atomic-force  microscopy  (AFM)  in  the  tapping  i*.  ne  surface  sputtering 
was  estimated  with  the  roughness,  as  well  as  the  step  height  at  the  mask.  Cross-sectional 
electron  microscopy  (X-TEM)  was  next  conducted  to  evaluate  nanostructures  along  the  Cu- 
implanted  depth.  A  thin  Cr  film  (5  nm  thick)  as  a  marker  layer  was  pre-coated  onto  the 
implanted  surface,  and  thickness  of  the  cross-section  was  measured  by  tilting  the  Cr  layer. 
Depth  profiles  of  Cu  atomic  density  were  obtained  from  the  nanoparticle  volume;  Cu  spheres 
(or  parts  of  a  sphere)  were  statistically  counted  in  the  X-TEM  photos. 

RESULTS  AND  DISCUSSION 

In-beam  formation  of  metal  nanoparticles  is  a  highly  dynamical  process  in  the  a-Si02  under 
high  flux  ions.  With  increasing  dose  rate,  not  only  the  particle  size  increases,  but  also  the 
depth  profile  of  nanoparticles  significantly  varies  [4,5,9].  Concurrently,  the  surface  textiu-e 
varies  with  dose  rate,  as  will  be  shown.  Our  major  interest  has  been  cast  on  a  special  in¬ 
plane  structure  of  nanoparticles  which  is  attained  by  chance  at  a  certain  dose  rate,  while  usual 
depth  profiles  at  high  dose  rates  are  bimodal  distributions  in  depth[7,8].  Dose-rate 
dependence  of  nanoparticle  morphology  changes  systematically  with  the  mask-aperture  size 
[9],  and  the  mask  size  for  the  present  data  is  fixed  to  be  12  mm  diameter.  After  showing  a 
typical  image  of  the  nanostructure,  we  will  next  discuss  a  mechanism  in  terms  of  correlation 
with  the  sputtering  process. 


Fig.  1  Cross-sectional  TEM  images  of  a-SiO,  implanted  with  60  keV  Cu  at  45  pA/cm^  to  3  x  1 O**" 
ions/cm^^;  The  upper  and  the  lower  are  the  edge-on  cross-section  (a)  and  the  15°-tilted  image  (b), 
respectively.  A  dark  layer  on  the  surface  is  a  Cr  coating  as  a  marker. 


182 


Figures  1  (a)  and  (b)  show  cross-sectional  TEM 
images,  edge-on  (a)  and  15®-tilted  (b),  respectively,  of 
an  a-Si02  implanted  with  60  keV  Cu  at  45  |LiA/cm^  to 
3  X  10^^  ions/cm^.  As  seen  in  these  images,  spherical 
nanoparticles  are  spontaneously  aligned  in  a  linear  ^ 
chain  in  the  as-implanted  specimen.  Tilting  the 
specimen  from  the  edge-on  direction  (Fig.  1(b))  S 
demonstrates  fairly  uniform  dispersion  of  ^ 

nanoparticles.  The  nanospheres,  without  applying  q 

post-irradiation  annealing,  were  confirmed  to  be  single  © 

Cu  crystals  by  electron  diffraction.  Accordingly,  3ie  e 
nanostructure  can  be  regarded  as  a  self-assembled  two-  ^ 
dimensional  structure  of  nanospheres.  The  depth 
position  is  much  shallower  thzm  the  projected  range  (/?p 
=  45  nm),  which  implies  that  significant  atomic 
rearrangement  has  occurred. 

Fig.2  shows  size  distribution  of  the  nanospheres  in 
the  specimen  implanted  with  Cu*  at  45  juA/cm^  to  3  x 

10“  ions/^l  Although  the  nanoparticle  size  2  size  distribution  of  mmociystals  in 
distnbutes  from  2  to  18  nm,  the  major  part  of  the  size  the  specimen  Cu -implanted  at  45pA/cm^  to 
ranges  around  the  average  diameter  of  11  nm.  The  3  x  10'^  ions/cm^. 
nanoparticle  size  is  suitable  for  optical  applications 

with  respect  to  surface  plasmon  resonance  [4,5,9,14],  whereas  a  smaller  size  less  than  a  few 
nm  rather  weakens  the  resonance  mode.  The  average  mutual  distance  among  the  in-plane 
particles  is  26  nm.  This  structure  consists  of  copious  in-plane  nanop^cles  being  transformed 
from  a  gaussian  profile  whose  predicted  peak  was  about  10  %  with  the  TRIM  code.  The 
nanosphere  formation  is  dominated  by  the  Ostwald  ripening,  since  roundness  of  nanoparticles 
indicates  a  mechanism  of  surface  tension-controlled  growth  under  radiation-induced 
dif!usion[4].  Furthermore,  the  2D-arrangement  claims  the  presence  of  a  depth-directional 
driving  force  in  addition  to  the  isotropic  ripening. 


Diameter  (nm) 


Fig.  3  Dose-rate  dependence  of  depth  profiles  of  Cu  atomic  density  in  flie  a-Si02  implanted  with 
Cu  at  3  pA/cm^  (a),  10  pA/cm^  (b)  and  45  pA/cm^  (c),  to  3  x  10*^  ions/cm. 


Up  to  the  present,  we  have  proposed  one  of  the  possible  mechanisms  that  dose-rate 
dependent  narrowing  and  shalloiving  of  atomic  profiles  results  from  ion-ener^  deposition 
and  its  depth  gradient[9].  Figs.  3  (a)-(c)  show  depth  profiles  of  the  atomic  density  of 
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nanoparticles  in  a  Cu  -  implanted  a-SiOj,  at  3,  10  and 
45  pA/cm^  respectively.  Below  about  10  pA/cm^  the 
Cu  depth-profile  agrees  with  that  of  the  TRIM-code. 

It  should  be  noted  that  the  depth-oriented 
rearrangement,  including  the  2D-arrangement,  never 
occurs  at  low  dose  rates.  With  increasing  the  dose 
rate,  the  Cu  profile  becomes  shallower  towards  the 
surface  and  narrower,  as  compared  to  those  at  the 
lower  dose  rates.  The  narrowing  effect  implies 
enrichment  of  the  Cu  implants  to  the  shallow  position, 
instead  of  diffusive  broadening.  The  atomic 
rearrangement  in  depth  indicates  that  a  depth- 
directional  driving  force  operates,  since  the  Ostwald 
mechanism  simply  gives  isotropic  ripening  of 
nanoparticles.  Fig.  4  shows  comparison  between 
depth  profiles  of  Cu  atomic  density  at  45  pA/cm^  (Fig. 

3(c))  and  the  one  predicted,  as  well  as  electronic  and 
damage  energies,  calculated  by  the  TRIM  code[13]. 

For  Cu  ions  around  60  keV,  the  peaks  of  energy 
depositions  and  the  implants  do  not  agree  with  each 
other  but  the  formers  are  located  shallower  than  the 
latter.  The  basis  of  the  energy-gradient-driven  model 
is  the  atomic-profile  shift  with  dose  rate,  towards  the 
energy  peak..  The  atomic  migration  may  be  explained  by  a  negative  coupling  between  the 
energy  flow  and  the  atomic  flow.  In  the  present  case,  the  electronic  excitation  effect  is  more 
likely  to  be  responsible,  since  changing  the  aperture  mask  varied  the  Cu  depth  profiles[5,  9]. 
In  details,  the  experimental  profile  of  atomic  density  (the  hatched  area  in  Fig.  4)  seems  to  be 
even  shallower  than  those  energy  peaks  and  the  total  area  of  the  histogram  is  smaller  than  that 
implanted.  These  tendencies  suggest  additional  contribution  of  the  surface  sputtering, 
although  the  previous  model  is  not  inconsistent.  Here,  the  main  question  is  whether  or  not, 
and  how,  the  surface  process  can  affect  the  intra-solid  process. 


Fig.  4  Depth  profiles  of  Cu  atomic 
density  in  the  a-SiOj  implanted  at  45 
pA/cm^,  in  comparison  with  the 
calculated  one,  electronic  and  damage 
energy  depositions  predicted  by  Ae 
TRIM  code[l3]. 


(a) 


(b) 


(c) 


Fig.  5  Surface  textures  by  AFM  of  a-SiOj  implanted  with  Cu  at  10  pA/cm^  (a),  45  pA/cm^  (b) 
and  100  pA/cm^  (c),  to  3  x  10*^  ions/cm.  The  scanned  area  is  10  pm  x  10  pm. 


It  is  naturally  presumed  for  heavy  ions  in  this  energy  range  (>-l  keV)  that  surface 
sputtering  becomes  dominant.  The  sputtered  thickness  predicted  by  the  TRIM  code  is  about 
10  nm  with  3  x  10*®  ions/cm^,  irrespective  of  dose  rate[4].  Actual  surface  morphology  varies 
with  dose  rate  in  the  higher  dose-rate  range.  Fig.  5  shows  AFM  images  of  the  surface  textures 
of  a-Si02  at  various  dose  rates,  10,  45  and  100  pA/cml  Up  to  10  pA/cm,  the  implantation 
creates  dense  small  bumps  on  the  surface,  whose  height  is  about  a  few  nm  or  less.  Around  30- 
50  pA/cm^,  the  fine  bumps  are  rather  smoothened  away  and  there  emerge  long  worm-like 
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textures.  Around  100  |lA/cm^  the  worm-like  1.5 

textures  increase  the  number  density  but  each 
height  rather  decreases.  Fig.  6  shows  dose-rate  3 
dependence  of  the  surface  roughness  of  a-SiC^  ^ 
implanted  with  Cu  to  3  x  10*^  ions/cm.  ^ 

Corresponding  the  surface  morphology  of  Fig.  5,  « 

the  roughness  increases  up  to  10  pA/cm^  and  = 
becomes  rather  smoother  above  10  pA/cm^.  The  §> 
smoothing  in  the  higher  dose-rate  region  indicates  2  q  5 
enhanced  sputtering,  where  the  step  height  g 
becomes  larger  and  optical  absoiption  to  rapidly  ^ 
decreases  with  dose  rate,  indicating  a  loss  of  Cu  ^ 
implants[4,  5].  Around  100  pA/cm  ,  the  sputtering  q 
process  gives  rise  to  a  complete  loss  of  implants,  as 
well  as  disappearance  of  optical  absorption.  The 
loss  of  Cu  implants  was  also  verified  in  the  RBS  Dose  rate  (nA/cm^) 


spectra[15].  .  .  ^  ^ 

It  is  important  that  the  two-dimensional  ^  Dose-rate  dependence  of  surface 

arrangement  of  nanoparticles  occurs  in  coincidence  roughness  of  a-SiO:  implanted  with  Cu 
with  the  enhanced  sputtering,  somewhat  before  the  to  3  x  10  ions/cm. 
complete  loss  of  implants.  A  ratio  of  the  Cu 

implants  in  nanoparticles  to  the  incident  amount  is  evaluated  to  be  about  25  %  from  the  X- 
TEM  (Fig.  3(c)).  The  coincidence  between  the  outer-  and  intra-solid  processes  indicates  that 
the  mass  transport  via  the  surface  influences  on  the  intra-solid  nanoparticle  arrangement, 
especially  on  the  2D-configuration.  Fig.  7  shows  a  schematic  diagram  of  a 
narrowing/shallowing  mechanism  of  nanoparticles  in  a-SiOj,  where  the  energy  deposition 


rates  of  electronic  and  damage  (0„)  processes 
are  the  ones  calculated  for  a  constant  dose  rate,  45 
pA/cml  Figs,  (a)-(c)  correspond  to  the  initial, 
intermediate  and  final  stages  (depending  on  time 
or  dose).  There  are  three  important  features  in  this 
diagram:  The  first  is  a  driving  force  J  towards  the 
energy  peak  [9].  The  second  is  the  surface 
recession  at  a  constant  rate  due  to  surface 
sputtering,  whereas  and  Q„  do  not  move  with 
respect  to  the  surface.  The  third  is  presence  of  a 
precipitate-free  zone  beneath  the  surface,  i.e.,  a 
depleted  or  low-concentration  zone  of  implants, 
which  has  been  justified  by  the  X-TEM 
observation.  The  depleted  zone  implies  escaping 
motion  of  solutes  either  outward  to  the  surface  or 
inward  to  the  peak  of  C,  but  the  latter  is  actually 
dominant  because  the  total  mass  transport  is 
outward  (loss  of  implants).  Accordingly,  the 
model  presumes  solute  concentration  at  the  surface, 
C(x=-0),  to  be  zero,  which  is  caused  by  radiation- 
induced  sublimation(or  evaporation)  of  solutes,  as 
suggested  by  the  results  of  evaporation  of  Ag 
nanoparticles  [16]  and  themial  annealing-induced 


Depth  (nm) 


loss  ofCu  nanoparticles  in  a-SiOj  [17].  Fig.  7  Schematic  diagram  of  a 

At  the  first  stage  (Stage  I),  the  driving  force  J  narrowing/shallowing  mechanism  of  a 
operates  but  the  concentration  profile  does  not  concentration  profile  C  in  a-SiOj.  The 
greatly  differ  from  the  original  profile.  With  energy  deposition  rates  of  electronic  (0,) 
increasing  dose  (Stage  II),  the  driving  force  J  and  damage  {Q„)  are  depicted  in  a  unit  of 
keeps  operating  and  the  shallowing  of  the  C-  eV/cm  s. 
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profile  occurs  to  some  extent.  The  surface  recession  concurrently  proceeds  with  increasing 
dose,  i.e.,  the  C-profile  relatively  moves  towards  the  surface,  but  the  total  loss  in  C.  is  not  yet 
significant.  In  the  Stage  III,  the  formerly  accumulated  region  further  moves  shallower, 
keeping  the  near-surface  region  being  depleted.  Although  the  loss  in  C  becomes  significant,  a 
critical  condition  sharpens  the  C-p)eak.  Once  a  fairly  sharp  peak  in  C  is  attained,  the  Ostwald 
ripening  process  may  enhance  the  centripetal  tendency.  It  is  here  noted  that  the  sputtering 
process  solely  can  not  explain  the  phenomenon,  because  the  narrowing  effect  begins  even 
before  the  loss  of  implants  becomes  significant.  The  self-assembly  of  2D-aiTangement  has 
been  thus  qualitatively  explained  by  the  model  based  on  the  sputtering  process. 

CONCLUSIONS 

Negative-Cu  ions  of  60  keV  have  been  implanted  into  a-Si02  at  various  dose  rates  up 
to  3xl0*^ions/cm^.  Nanoparticles  of  single  Cu  crystal  spontaneously  grow  with  dose  rate, 
being  dominated  by  surface  tension  and  radiation-induced  diffusion.  The  nanospheres  give 
rise  to  a  2D-arrangement  in  a  critical  dose-rate  range  where  in-beam  rearrangement  and 
dominant  sputtering  of  implants  attain  a  certain  balance.  The  dose-rate  dependence  of 
nanoparticles  indicates  that  the  surface-sputtering  process  influences  the  intra-solid  atomic 
profile  and  significantly  contributes  to  the  2D-distribution  of  nanoparticles  by  sharpening  the 
depth  profile.  This  self-assembly  is  caused  by  both  the  ion-induced  processes  at  high  fluxes 
and  the  metastable  natures  of  a-Si02.  It  has  been  thus  demonstrated  in  the  present  result  that 
surface-sputtering  process  occasionally  contributes  to  the  in-plane  arrangement,  as  a  self¬ 
assembling  driving  force.  By  virtue  of  this  mechanism,  relatively  high  energy  ions  of  more 
than  10  keV  may  fiibricate  thin  layered-  or  2D-  nanostructures  embedded  in  a  solid.  To  apply 
this  method  to  a  nanoparticle  system,  understandings  of  the  respective  beam-solid  kinetics  are 
required. 
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ABSTRACT 

The  crystallization  behavior  (ordering)  of  undoped  and  boron-doped  Sio.sGeo.s  films, 
deposited  on  SiO2/Si(001)  substrate  by  molecular  beam  epitaxy  in  high  vacuum  at  room 
temperature,  were  studied  by  XRD,  HRTEM  and  in  situ  by  Doppler  broadening  spectroscopy 
using  monoenergetic  positrons.  Some  decomposition  features  of  SiGe  solid  solutions  were 
demonstrated  via  splitting  the  XRD  peaks  at  high  temperatures.  The  SiGe  decomposition  was 
detected  in  the  precrystalline  state  of  the  SiGe  undoped  and  doped  films  in  the  temperature  range 
from  450  to  600  K  by  compaering  S-  and  W-parameters  of  SiGe  with  that  of  amorphous  silicon 
and  germanium.  In  conclusion,  we  discuss  model  of  intemim  ordering  states  before 
crystallization. 

INTRODUCTION 

Amorphous  and  polycrystalline  Sii.xGex  films  show  prospective  opto-  and  microelectronic 
applications  in  stacked  solar  cells  and  in  liquid  crystal  display  drivers  According  to  die 
equilibrium  phase  diagram^,  the  Si-Ge  system  presents  a  miscible  solid  solution  in  the  whole 
range  of  composition,  with  random  distributions  of  Si  and  Ge  atoms.  However,  it  is  calculated 
theoretically"*  and  demonstrated  experimentally^’^  that  in  a  certain  cases  the  crystalline  SiGe 
ordered  phase  can  be  formed  via  the  SiGe  solid  solution  decomposition.  Fig.  1  demonstrates  the 
decomposition  featutres  in  the  SiGe  films  deposited  on  amorphous  Si02  substrates  and  annealed 
at  high  temperatures. 

In  this  study,  specially  devoted  to  the  amorphous  SiGe  films,  stability,  we  prove,  whether 
ordering  in  the  Si-Ge  system  is  also  typical  in  the  precrystalline  state,  below  crystallization 
temperature,  which  was  found  close  to  873  K  for  amorphous  molecular-beam  (MB)  deposited 
Sio.sGeo.s  films^  (crystallization  starts  in  a-Ge  at  773  K  and  in  a-Si  (both  MB)  at  973  ). 

EXPERIMENT 

Amorphous  Sio.sGeo.s  films  (~  0.5  |im),  undoped  and  boron  doped,  were  deposited  at 
room  temperature  by  molecular  beam  in  ultr^igh  vacuum  (~  10'*^^  Torr)  on  SiO2(0,l  pm)/Si 
substrates.  The  amorphous  films  were  crystallized  during  the  experiments  by  vacuum  annexing  at 
temperatures  between  573  and  1173  K  for  10  min.  High  resolution  TEM  showed  that  crystallized 
Sii-xGex  films  are  partially  ordered^. 

In  addition,  samples  were  analyzed  by  positron  annihilation  as  references.  Also  for 
comparison,  Si  and  Ge  substrates  were  used  which  were  implanted  by  ions  of  different  species 
with  doses  which  guarantee  the  amorphous  state  in  the  implanted  layer.  Four  samples  were 
prepared:  Si:Si  (200  keV  with  5x10*^  cm'^),  Ge:Si  (400  keV  with  5x10*®  cm'^),  Ge:Ge  (600  keV 
with  5x10*^  cm'^),  and  Si:Ge  (300  keV  with  5x10*®  cm'^). 

The  positron  annihilation  experiments  were  done  with  the  slow  positron  beam  system 
(POSSY)  at  Halle  University.  POSSY  consists  of  a  ^^NaCl  positron  source  (0.5  GBq),  a  linear 
accelerator  (up  to  40  keV),  and  a  Ge-y-detector.  The  resolution  (FWHM)  of  the  detector  is  1.6 
keV  measurecl  with  “^Sr  at  5 14  keV.  Details  about  the  setup  can  be  found  elsewhere*®. 

During  diffusion  in  a  crystal  a  positron  can  be  trapped  by  open- volume  defects.  In  the  case 
of  our  samples  this  results  in  a  narrowing  of  the  511-keV  annihilation  line  compared  to  defect- 
free  material.  Experimentally,  the  annihilation  line  is  characterized  by  the  line-shape 
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parameters  S  and  W.  S  relates  to  the  relative  fraction  of  counts  in  the  center  of  the  Doppler- 
broadened  annihilation  spectrum  (51 1±0.8  keV),  W  is  the  relative  fraction  of  counts  in  the  wings 
of  the  spectrum  (2.76  keV<  lE^-SIl  keV|<3.96  keV).  Positron  trapping  at  vacancy-type  defects 
results  in  an  increase  (decrease)  of  S  (W)  since  annihilations  at  defects  occur  mainly  with  low 
momentum  electrons.  Every  type  of  annihilation  sites,  e.g.  bulk,  surface,  and  different  defects 
yields  characteristic  values  of  W  and  S. 


46.0  46.5  47.0  47.5  4ii.U 


Diffraction  Angle  (20,  degrees) 


‘‘fi.O  46.5  47.0  47.5 


Diffraction  Angle  (20,  degrees) 


Fig.l.  (220)  x-ray  diffraction  spectra  of  an  SiGe  films. 

a)  Sio.78Geo.22  film  annealed  at  873  K  for  1  h  (line  1)  and  at  1 173  K  for  1  h  (line  2)  revealing  the 
change  of  the  lattice  constants  during  the  progress  from  the  crystallization  beginning  to  the 
SiGe  decomposition.  The  broken  vertical  line  marks  the  expected  peak  position  for  a 
polycrystalline  alloy  without  decomposition ; 

b)  same  as  Fig.  la,  but  for  Sio,6Geo.4  film. 
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RESULTS 


From  XRD  measurements  it  is  shown  that  crystallization  of  amorphous  Sio.sGeo.s  films 
starts  at  873  K.  One  may  distinguish  three  stages  of  crystallization.  In  stage  1,  up  to  820  K 
there  is  no  crystalline  lattice  structure  detectable.  Stage  2  (873  K-1073  K)  shows  broadened  XRD 
spectra  of  ciystalline  SiGe.  This  broadening  of  the  peaks  can  be  explained  by  defects  in  the 
crystal  structure.  The  films  are  fully  crystallized  in  stage  3  after  annexing  higher  than  1123  K. 
High  resolution  TEM  showed  that  cryst^lized  Sii.xGex  films  are  partially  ordered  . 

The  structure  of  the  layer  system  of  the  as-grown  samples  (undoped  and  boron-doped): 
structure  of  the  layer  system  is  detectable  by  Doppler-broadening  spectroscopy  using  slow 
monoenergetic  {jositrons.  As  a  result,  the  line-shape  parameter  S  versus  the  implantation  energy 
of  the  positrons  is  plotted  (see  Fig.2).  The  measured  values  for  positron  energies  up  to  8  keV  can 
be  assigned  to  the  amorphous  SiGe  layer.  For  positron  enemes  lower  than  2  keV  the  influence  of 
the  surface  of  the  sample  can  be  seen.  This  part  of  the  prome  is  of  no  relevance  for  this  study.  A 
minimum  of  the  S  parameter  profde  can  be  seen  at  about  15  keV.  This  part  of  the  curve  can  be 
assigned  to  the  Si02  buffer  layer  ^  .  For  positron  energies  higher  than  20  keV,  the  S  parameter 
belongs  to  the  Si  substrate  of  the  sample.  All  measured  values  are  normalized  to  the  measured  S 
parameter  of  crystalline  Si(lOO)  which  can  be  used  as  a  reference  for  defect-free  material. 

A  short  effective  diffusion  length  of  the  positrons  (L+,eff  =  11.7  ±  1.5  nm)  was  found  in 
the  as-grown  state  of  undoped  SiGe  layer.  This  value  was  obtained  by  a  best  fit  on  the  S(E)  curve 
(Fig.2)  by  the  program  VEPFIT*^.  It  is  a  sign  for  the  detection  of  saturated  trapping  of  the 
positrons  in  open-volume  defects  in  the  as-grown  SiGe  layer.  This  behavior  corresponds  to  a  very 
high  concentration  of  open-volume  defects  in  the  amorphous  layer. 

Isochronal  annealings  (10  min)  of  the  undoped  and  B-doped  SiGe  layer  were  performed  in 
steps  of  50  K.  The  S  parameter  profile  was  measured  at  RT  after  every  annealing  step.  The  S 
parameter  of  the  SiGe  layer  (Stayer)  was  plotted  versus  the  annealing  temperature  (Fig.  3a).  Three 
significant  parts  of  the  curve  can  be  observed.  Up  to  450  K,  the  S  parameter  shows  a  strong 
decrease  up  to  a  value  of  0.998,  whereas  the  S  parameter  increases  from  450  K  to  600  K  to  about 
1.036.  After  this  behavior,  there  is  another  decrease  up  to  the  end  of  the  annealing  experiment. 

The  temperature  of  the  detected  changes  of  the  S  parameter  is  lower  than  at  the  begin  of 
the  crystallization  at  about  900  K  observed  by  XRD°.  So  the  observed  changes  should  be  related 
to  structural  modifications  of  the  amorphous  layer.  There  is  no  significant  difference  observable 
for  the  undoped  and  the  B-doped  sample. 

The  S  parameter  results  from  a  superposition  of  the  individual  specific  S  parameters  of  the 
different  annihilation  sites  weighted  by  the  fraction  of  positrons  trapped  at  these  annihilation 
sites.  Thus,  nothing  can  be  concluded  about  a  change  in  the  concentration  or  the  kind  of  the 
detected  defects  by  only  observing  the  S  parameter.  For  this  reason  the  ^-versus-W  plot'^  has  to 
be  analyzed  (Fig.3b).  The  S  parameter  or  the  SiGe  layer  Staler  (normalized  to  Ssucon)  measured 
after  each  annealing  step  was  plotted  versus  the  corresponding  W  parameter  of  the  layer  Wia^er- 
Measured  points,  which  form  a  straight  line,  correspond  to  two  different  positron  annihilation 
sites  with  different  fractions  of  trapped  positrons  in  these  two  annihilation  sites.  Such  a  behavior 
is  observable  for  the  temperature  region  of  the  annealing  experiment  from  300K  to  450K  and  the 
temperature  range  from  450K  up  to  the  end  of  the  annealing  experiment  at  lOOOK. 

Amorphous  Si  and  Ge  layers  grown  at  low  temperatures  were  also  measured  by  Doppler 
broadening  using  slow  positrons.  The  resulting  (W,S)  pairs  of  values  are  shown  in  the  same  S- 
versus-VF  plot  (Fig.  3b).  The  same  procedure  was  used  to  get  the  measurement  values  of  the  ion 
implanted  Si  and  Ge  samples. 

At  300  K,  the  as-grown,  amorphous  SiGe  layers  are  characterized  by  positron  annihilation 
at  a  site  which  is  characterized  by  a  stronger  silicon-rich  surrounding.  This  can  be  concluded 
when  comparing  the  observed  W,S  values  with  the  amorphous  silicon  and  germanium  layers  in 
the  S- versus- W  plot.  After  annealing  at  450  K,  the  W,S  values  changes,  and  the  annihilation  site, 
is  now  closer  to  the  value  of  amorphous  germanium.  In  the  following  this  will  be  called  the 
interim  state  “a”.  We  conclude  that  a  structural  change  in  the  amorphous  SiGe  layer  occurred 
during  this  low-temperature  annealing  step,  and  the  positron  is  trapped  in  an  open  volume  with  Si 
surrounding  (as-grown  state)  and  at  an  open  volume  with  Ge  surrounding  (state  “a”). 

In  the  temperature  interval  from  450  to  600  K  the  measured  line-shape  parameters  form 
another  straight  line  which  ends  at  a  distinctive  point.  We  assign  this  point  with  another  interim 
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state  on  the  way  to  the  crystallization  and  call  it  state  “b”.  The  (W,S)  pairs  measured  for  higher 
annealing  temperatures  lay  on  the  identical  straight  line.  This  behavior  can  be  explained  by  the 
detection  of  the  same  open-volume  defects  with  different  annihilation  fraction. 

The  study  shows  some  interesting  results.  There  is  a  noteworthy  difference  between 
amorphous  Si  produced  by  ion  implantation  and  amorphous  Si  ^rown  at  low  temperatures.  There 
is  an  analog  behavior  of  the  Ge.  Unfortunately,  it  can’t  be  said,  what’s  the  difference  in  these 
structures. 


Mean  implantation  depth  (fim) 

0  0.11  0.36  0.72  1.17  1.71  2.33 


Fig.2.  Results  of  Doppler-broadening  spectroscopy  measurements  at  an  undoped  amorphous 
Sio,5Geo.5  film  MB  deposited  at  room  temperature  on  a  SiO2(0,l  p.m)/Si  substrate.  The  S 
parameter  is  shown  as  a  function  of  the  positron  incident  energy.  The  measured  values  between  2 
and  8  keV  can  be  assigned  to  the  amorphous  SiGe  layer.  All  values  are  normalized  to  the 
measured  S  parameter  for  defect-free  c^stalline  Si(lOO). 
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Fig.  3.  a)  Results  of  the  annealing  experiment  of  the  undoped  and  B-doped  Sio,5Geo,5  films.  The 
layer  S  parameter  of  the  SiGe  film  is  plotted  versus  the  annealing  temperature.  It  can’ be  seen  that 
there  are  three  annealing  steps  detectable,  b)  5-versus-W  plot  of  the  annealing  of  the  undoped  and 
the  B-doped  Sio,5Geo,5  films.  It  can  be  distinguish  between  three  different  positron  annihilation 
sites:  the  as-grown  state,  the  interim  state  a,  and  the  interim  state  b.  Some  measured  reference 
points  are  added  for  comparison,  c-Si(lOO),  a-Si,  c-Ge(lOO),  a-Ge,  Si:Si(100),  Ge:Si(100), 
Ge:Ge(100),  Si:Ge(100).  The  implantation  doses  were  sufficient  to  obtain  amorphous  layers  in  all 
samples. 

CONCLUSIONS 

Doppler  broadening  spectroscopy  using  slow  positrons  is  able  to  detect  the  layer  structure 
of  the  a-Sio,5Geo.5/Si02/Si  samples.  An  increase  of  the  temperature  during  the  annealing 
experiment  have  the  consequence  that  there  are  structural  changes  in  the  amoiphous  layer  far 
below  the  crystallization  temperature  observed  by  different  methods,  e.g.  XRD,  TEM.  It  can  be 
distinguished  between  two  interim  states  before  crystallization.  The  state  “a”  can  be  explained  by 
a  first  structural  ordering  process  after  the  growth  of  the  amorphous  layer  which  is  characterized 
by  a  more  germanium-surrounded  open  volume  seen  by  the  positron,  than  the  layer  in  the  as- 
grown  state.  The  change  to  state  “b”  is  reflected  by  the  fact  that  the  detected  open  volume  is 
increased  compared  to  the  as-grown  state  and  the  interim  state  a.  The  changes  can  be  interpreted 
as  structural  ordering  processes  of  the  amorphous  SiGe-layer  which  separates  the  two  species  Si 
andGe. 
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ABSTRACT 

Tungsten  carbide  (WC)  coatings  were  prepared  using  supersonic  impaction  of  nanoparticles 
produced  by  pulsed  laser  ablation  of  micropairticle  aerosols.  The  influence  of  experimental 
parameters  such  as,  carrier  gas  type  and  impaction  velocity  on  the  structure,  composition  and 
physical  properties  of  the  resultant  particles  and  films  were  studied.  It  was  found  that 
stoichiometric,  crystalline  films  could  be  grown.  These  films  pass  both  the  adhesive  lift  off  and 
scratch  tests.  TEM  investigations  indicate  that  the  laser  ablation  forms  individual  particles  with 
mean  size  of  7  ±  3  nm.  At  the  highest  aersol  pressures  small  aggregates  were  also  observed,  and 
adjustment  of  the  gas  pressure  in  the  laser  interaction  cell  was  found  to  control  the  degree  of 
aggregation.  Upon  impaction,  the  separate  particles  form  dense,  self  sintering  nanocrystalline 
films,  with  helium  forming  the  most  dense  as  determined  from  SEM  images. 

INTRODUCTION 

Presently  there  is  a  great  deal  of  interest  in  nanostructured  films  and  coatings.  Materials 
consolidated  from  nanoparticles  have  shown  improved  physical  and  mechanical  properties  such 
as,  sinterability  and  hardness.  A  natural  application  of  such  materials  would  be  in  protective  and 
wear  resistant  coatings  to  enhance  performance  and  lifetime  of  moving  parts.  Important 
considerations  are  the  creation  of  hard  and  adherent  coatings  that  are  chemically  compatible  with 
substrates  while  maintaining  a  low  substrate  temperature  throughout  the  coating  process. 
Tungsten  carbide  is  well  suited  for  these  hard  coatings  due  to  its  low  coefficient  of  friction,  high 
corrosion  resistance  in  acidic  media  and  its  ability  to  maintain  a  high  degree  of  hardness  at 
elevated  temperatures  [1]. 

The  process  of  supersonic  impaction  of  aerosol  particles  has  been  studied  in  detail  [2].  It 
was  shown  that  particles  down  to  molecular  scale  can  be  deposited  onto  plates  with  high 
efficiency.  The  minimum  particle  size  impacted  depends  primarily  on  the  extent  to  which  the  gas 
jet  expands  before  encountering  the  substrate.  This  expansion  can  be  controlled  by  the  pressure 
ratio,  gas  type  and  nozzle-substrate  distance.  Aerosol  particle  impaction  has  been  used  to 
deposit  a  number  of  technologically  useful  films.  Kashu  et  al.  used  a  subsonic  gas  jet  with  20-70 
nm  particles  to  produce  nanostructured  films  of  TiN  and  a  number  of  metals  [3].  More  recently, 
Rao  et  al.  has  demonstrated  the  growth  of  SiC  films  at  high  rates  by  supersonically  impacting 
nanoparticles  produced  in  a  DC  arc  source  [4-6].  In  that  process  precursors  react  chemically,  in  a 
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hot  plasma  producing  SiC  of  the  proper  stoichiometry.  In  this  work  we  describe  a 
complementary  physical  technique  that  has  many  of  the  same  advantages  as  in  the  work  of  Rao 
and  co-workers. 

The  Laser  Ablation  of  Microparticles  (LAM)  process  is  well  suited  for  producing 
tribological  coatings  for  several  reasons.  First,  laser  ablation  transfers  the  target  material 
stoichiometrically  to  the  substrate  [7].  Second,  low  substrate  temperature  (  <  300  C)  can  be 
maintained  throughout  the  coating  process.  This  is  important  because  the  structural  integrity  of 
the  substrate  can  be  compromised  at  elevated  temperatures.  For  example,  high  speed  steel  loses 
its  hardness  at  temperatures  above  550  C  [8].  In  addition,  a  heated  substrate  will  lead  to  grain 
growth  within  the  nanostructured  film,  degrading  its  properties.  A  third  advantage  of  the  LAM 
process  is  its  versatility  in  both  the  type  of  material  that  can  be  deposited  and  the  control  over 
such  process  parameters  as  mean  nanoparticle  size,  impaction  velocity,  and  film  growth  rate.  The 
fourth  attribute  of  the  LAM  process  is  its  demonstrated  ability  for  high  volume  production  and 
deposition  of  coating  materials  which  would  allow  the  utilization  of  this  process  for 
manufacturing. 

EXPERIMENTAL  APPARATUS 

A  schematic  of  the  laser  ablation  of  microparticle  aerosol  apparatus  is  shown  in  Fig.  1 .  The 
system  utilizes  a  small  aerosol  generator  employing  a  fluidized  bed  which  produced  microparticle 
densities  of  1 0^-1 0"^  cm'^.  The  feedstock  is  nominally  5  micron  dia. ,  >  99%  pure  tungsten 


Fig.  1.  Schematic  view  of  the  nanoparticle  generator  connected  to  the  film  growth  chamber. 
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carbide  microparticles  and  is  delivered  in  either  helium  or  argon  carrier  gas  into  the  laser 
interaction  cell  at  a  well  defined  mass  flow  rate.  Here  the  aerosol  is  ablated  using  a  pulsed  KrF 
excimer  laser  (A-  =  248  nm,  200  Hz  rep.  rate)  with  10  ns  pulse  width  focused  to  fluences  between 
2-9  J/cm^.  The  pressure  within  the  system  was  adjusted  by  throttling  an  exhaust  leak  valve  to 
maintain  a  steady-state. 

After  ablation  the  nanoparticle  aerosol  is  skimmed  and  enters  a  virtual  impactor  to  remove 
the  few  remaining  particles  larger  than  500  nm.  The  nanoparticle  output  of  the  virtual  impactor  is 
then  fed  through  a  supersonic  nozzle  into  the  collection  chamber.  The  jet  is  operated  with  either  a 
150  or  200  jim  orifice  and  a  pressure  ratio  of -10^.  Supersonic  impaction  produces  stream  lines 
near  the  impaction  surface  that  have  a  radial  component  with  respect  to  the  symmetry  axis  of  the 
flow.  This  in  turn  produces  a  radial  distribution  of  particles  on  the  collection  surface  that  is 
graded  slightly  from  the  largest  particles  in  the  center  to  smaller  particles  moving  outward  [2]. 

The  smallest  particles  (<  1  nm)  have  insufficient  normal  momentum  component  to  be  collected. 
Thus,  by  controlling  the  initial  particle  size,  coupled  with  low  substrate  temperatures,  films  of 
well-defined  grain  sizes  can  be  grown. 

For  characterization  of  the  nanoparticles  and  nanostructured  films  a  number  of  techniques 
have  been  employed.  Individual  particles  have  been  collected  onto  carbon  coated  TEM  grids  for 
studies  of  size,  size  distribution,  crystal  structure  and  morphology.  Samples  were  collected  either 
just  below  the  laser  breakdown  region,  before  the  skimmer,  and  on  the  collection  substrate  in  the 
supersonic  impaction  chamber.  To  study  the  composition,  nanostructure  and  mechanical 
properties  of  the  grown  films,  high  velocity  impaction  of  the  nanoparticles  onto  a  variety  of 
substrates  such  as  glass,  silicon  wafers,  stainless  steel  and  aluminum  were  carried  out  as  described 
below. 

RESULTS  AND  DISCUSSION 
Particle  Size  and  Morphology 

Figure  2  shows  a  representative  transmission  electron  micrograph  taken  of  nanoparticles 
collected  near  the  ablation  region  using  a  helium  aerosol  at  1  atm.  Tungsten  Carbide  nanoparticles 
show  very  similar  attributes  to  other  materials  ablated  in  this  system  [9-11].  The  formed 
particles  are  generally  spheroidal  and  non-agglomerated  with  a  mean  size  for  the  size  distribution 
of  7  nm  and  a  standard  deviation  of  2.7  nm.  This  dispersion  is  larger  compared  to  most  materials, 
and  similar  to  earlier  experiments  on  permaloy  nanoparticles,  it  probably  results  from  the  larger 
spread  in  size  for  the  feedstock  microparticles.  [12]  Inherent  in  the  LAM  process,  nanoparticles 
acquire  a  large  positive  charge  during  laser  ablation.  This  charge  is  responsible  for  inhibiting 
nanoparticle  coagulation  and  agglomeration  prior  to  impaction.  We  observe  in  high  resolution 
transmission  electron  micrographs  that  smaller  (<  10  nm)  particles  were  generally  single  crystals 
with  well  defined  lattice  planes,  while  larger  particles  typically  displayed  twinning  behavior  with 
a  corresponding  grain  boundary.  These  larger  particles  are  also  observed  in  Fig.  2  to  be  non- 
spherical  and  likely  result  from  coalescence  late  in  the  cooling  of  the  expanding  nanoparticle  cloud 
which  results  from  the  exploded  microparticle.  These  late  nanoparticle  collisions  within  the 
aerosol  lead  to  coagulation,  which  is  responsible  for  the  twinning  behavior.  For  longer  residence 
times  the  charge  on  the  nanoparticles  is  reduced  by  recombination.  By  decreasing  the  pressure 
within  the  ablation  cell  the  recombination  times  are  increased  and  mean  free  paths  for  collisions 
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Fig.  2.  Representative  transmission  electron  micrograph  of  as  produced  tungsten  carbide 
nanoparticles.  Collection  was  from  just  below  the  laser  ablation  region  shown  in  fig.  1 .  prior  to 
the  skimmer.  Ablation  was  carried  out  at  a  laser  fluence  of  2  J/cm^  in  1  atm  of  Helium. 


Fig.  3  Scanning  electron  micrograph  of  a  nanostructured  tungsten  carbide  film.  The  film  was 
grown  at  room  temperature  from  nanoparticles  ablated  at  2  J/cm^  in  helium. 


196 


increased;  both  effects  lead  to  reduced  coagulation  [13].  Decreasing  the  pressure  also  has  the 
negative  effect  of  decreasing  the  expansion  velocity  of  the  supersonic  jet  which  then  prevents  the 
impaction  of  smaller  particles  and  lowering  the  kinetic  energy  of  the  nanoparticles  which 
produces  sintering  at  room  temperatures.  Consequently,  it  was  determined  that  1  atm  was  the 
best  pressure  for  film  growth.  In  addition,  individual  particle  size  was  tested  as  a  function  of  laser 
fluence  and  gas  type.  It  was  found  that  above  the  dielectric  breakdown  threshold  of  the 
microparticles  that  the  laser  fluence  has  little  effect  on  the  particle  size  and  morphology. 
Similarly,  argon,  nitrogen  and  helium  all  produced  quality  nanoparticles,  with  helium  yielding  a 
higher  percentage  of  smaller  nanoparticles  due  to  the  reduced  coagulation. 

Film  Structure  and  Composition 

Upon  supersonic  impaction,  individual  particles  are  found  to  sinter  into  a  dense  adherent 
film.  Figure  3  shows  an  example  of  a  high  density  film  produced  by  impaction  from  a  helium 
carrier  gas  at  room  temperature.  The  size  of  the  film  on  the  substrate  varies  with  nozzle  orifice 
size  and  nozzle-substrate  distance,  but  is  nominally  2-3  mm  in  diameter.  Thickness  is  controlled 
by  deposition  time  with  growth  rates  on  the  order  of  0.1  microns  per  second.  The  rebounding  of 
particles  from  the  surface  appears  to  decrease  the  deposition  rate.  When  collecting  the 
nanoparticles  onto  a  substrate  coated  with  high  vacuum  grease  and  measuring  the  mass  increase, 
we  measured  film  growth  rates  greater  than  1  micron  per  second.  PZT  and  YBa2Cu307  films  have 
already  been  grown  at  these  rates  in  this  system.  The  use  of  higher  particle  impaction  velocities 
and  elevated  substrate  temperatures  is  expected  to  reduce  particle  bounce-off.  Under  current 
conditions  void  area  was  determined  from  SEM  images  similar  to  that  shown  in  Fig.  3. 

Parameters  such  as  gas  type,  nozzle  orifice  diameter  and  nozzle-substrate  distance  were  varied  to 
determine  conditions  for  the  fewest  voids.  From  this  analysis,  the  smaller  orifice  size  (150  pm) 
with  helium  gas  yielded  the  densest  films. 

Phase  composition  was  determined  using  x-ray  diffraction  (XRD)  from  films  deposited  onto 
glass  slides  with  a  thin  coating  of  high  vacuum  grease  to  minimize  particle  bounce-off  The  results 
show  that  the  films  are  pure  WC  in  agreement  with  the  starting  feedstock.  In  addition,  qualitative 
tests  of  the  mechanical  properties  of  the  films  deposited  on  stainless  steel,  single  crystal  silicon 
and  aluminum  were  performed.  Adhesion  was  determined  by  applying  a  piece  of  adhesive  tape 
over  the  deposit,  pressing  firmly  and  then  removing  the  tape  to  observe  if  any  of  the  film  was 
pulled  off.  In  general,  a  halo  of  WC  “dust”  was  removed  from  around  the  deposit  with  no  lift  off 
of  the  central  deposit.  The  outer  halo  is  believed  to  be  due  to  particles  that  have  settled  on  the 
surface  after  bouncing  from  the  center  region.  Using  a  hardened  steel  scribe,  scratch  tests  were 
performed.  Films  deposited  at  small  nozzle-substrate  distances  showed  good  scratch  resistance 
while  films  made  at  large  distances  were  easily  scratched.  These  results  indicate  that  at  room 
temperature  the  velocity  of  particle  impaction  is  vital  to  dense,  hard  film  growth.  Future  research 
will  measure  film  hardness. 

CONCLUSIONS 

We  have  demonstrated  that  nanoparticles  formed  by  laser  ablation  of  microparticle  aerosols 
and  supersonically  impacted  onto  a  substrate  is  a  viable  method  for  producing  nanostructured 
films.  Tungsten  carbide  nanoparticles  produced  in  the  ablation  were  found  to  be  primarily 
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spheroidal  and  non-agglomerated  with  a  mean  size  of  7  run  as  determined  by  TEM.  Laser  fluence 
was  found  to  have  little  effect  on  the  nanoparticles,  however  ablation  in  helium  carrier  gas 
appeared  to  make  the  smallest  particles.  Compositional  purity  of  the  impacted  films  was 
confirmed  by  x-ray  diffraction.  SEM  images  of  the  films  indicate  that  they  are  dense  with 
nanostructured  grains.  Qualitative  tests  of  the  mechanical  properties  of  the  films  demonstrate 
that  they  are  adhesive  and  scratch  resistant. 
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STRUCTURE  OF  POLYCRYSTALLINE  SILICON  FILMS  BY  GLOW-DISCHARGE 
DECOMPOSITION  USING  SiH/  H^/  SiF^  AT  LOW  TEMPERATURE 
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ABSTRACT 

For  poly-Si  films  prepared  by  a  plasma-enhanced  chemical  vapor  deposition,  we  examined 
the  changes  in  the  local  structure  caused  by  adding  H2  and/or  SiF4  in  the  SiH4  feed  gases  and  by 
changing  supplied  rf  power  values.  The  conditions  of  low  rf  power  supply,  low  Hj  addition,  and 
SiF4  addition  allow  formation  of  films  with  microcrystalline  or  nanocrystalline  structures.  In 
addition,  the  H2  or  SiF4  addition  was  found  to  be  effective  in  pro  motive  growth  of  <in>  or 
<n0>  grains,  respectively.  In  such  low  crystallized  films,  it  was  suggested  that  high-angle 
boundary  would  be  formed,  leading  to  a  decrease  in  the  density  of  SiH2  and  Si  dangling  bonds, 
and  to  an  increase  in  g  values. 

INTRODUCTION 

Polycrystalline  silicon  (poly-Si)  films  are  widely  used  in  a  variety  of  electronic  devices, 
such  as  a  semiconductor  in  thin-film  transistors  (TFTs)  and  electrodes  in  Si  integrated  circuits. 
Furthermore,  nanocrystalline  Si  (nc-Si)  have  attracted  increased  interest  as  a  material  in  optical 
devices.  Properties  of  poIy-Si  and  nc-Si  strongly  depend  on  changes  in  the  local  bonding 
structure.  In  the  present  work,  poly-Si  and  nc-Si  films  were  prepared  by  a  plasma-enhanced 
chemical  vapor  deposition  (PECVD)  method  and  we  report  the  crystallization  phenomena  and 
the  changes  in  the  local  structure  caused  by  adding  Hj  and/or  SiF4  in  the  SIH4  feed  gases  and  by 
changing  supplied  rf  power  values.  These  properties  were  investigated  by  x-ray  diffraction 
(XRD),  Raman  scattering,  Fourier  transform-infrared  (FT-IR)  absorption,  and  electron  spin 
resonance  (ESR)  of  Si  dangling  bonds. 

EXPERIMENTAL 

The  poly-Si  films  were  prepared  by  PECVD  of  SIH4/SiF4/H2  mixtures  with  different  gas- 
flow-rate  ratios.  The  SIH4  flow  rate,  [SIH4],  was  fixed  at  1.0  seem  and  the  conditions  of  [H2]  =  0, 
5,  10,  and  20  seem  and  [SiF4]  =  0  and  0.5  seem  were  used.  The  dynamic  gas  pressure  and  the 
deposition  temperature  were  0.8  Torr  and  300  “  C,  respectively.  A  rf  power  between  5  and  40  W 
was  supplied  and  the  film  thickness  was  fixed  at  around  1  fim.  The  samples  were  deposited  on 
glass  (Coming  7059)  substrates  for  XRD  and  Raman  scattering  measurements,  and  on  crystal  Si 
substrates  for  ESR  and  Fourier  transform-infrared  (FT-IR)  absorption  measurements. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  Raman  spectra  for  films  with  (A)  [H2]  =  0  and  [SiF4]  =  0  seem,  (B) 
[H2]  =  0  and  [SiF4]  =  0.5  seem,  (C)  [H2]  =  20  and  [SiF4]  =  0  seem,  (D)  [H2]  =  20  and  [8^4]  =  0.5 
seem,  deposited  at  a  rf  power  value  of  5  W  (solid  curves)  or  20  W  (broken  curves).  In  these 
spectra,  the  Raman  spectra  due  to  amorphous  and  crystalline  phases  in  a  film  can  be  observed  at 
around  480  and  520  cm  \  respectively.  The  volume  fraction  of  the  crystalline  phase,  in  the 
films  can  be  estimated  from  the  intensity  ratio  of  the  amorphous  and  crystalline  components  [1]. 
As  seen  in  Fig.  lA),  for  the  film  with  [Hj]  =  0  and  [SiF4]  =  0  seem  the  Raman  spectrum  is  found 
around  500  cm  '  as  the  film  is  deposited  at  5  W.  This  500-cm  '  component  may  arise  from 
microcrystalline  (me-)  or  nc-  structures  in  the  film.  However,  an  increase  in  the  rf  power  is  found 
to  assist  the  crystallization,  and  to  shift  the  spectrum  toward  a  higher  wave  number  side,  though 
the  peak  wave  number  does  not  reach  that  expected  for  crystalline  phases  (520  cm  ’).  On  the 
other  hand,  when  the  rf  power  condition  of  5  W  is  used,  the  addition  of  SiF4  under  [H2]  =  0 
conditions  allows  the  observation  of  a  broad  spectrum  around  470  cm’’  [Fig.  (B)],  which  will  be 
also  related  to  amorphous  phases  in  the  films.  Thus,  the  SiF4  addition  is  likely  to  suppress  the 
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Fig.  1.  Raman  spectra  for  films 
with  different  [Hj]  and  [8^4] 
values  and  rf  power  values  of  5 
and  20  W. 
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crystallization  as  low  rf  power  conditions  are  used,  but  the  SiF4  addition  under  high  rf  power 
supply  appears  to  assist  the  crystallization  as  seen  in  Figs.  (A)  and  (B)  On  the  other  hand,  we 
find  that  an  increase  in  [H2]  acts  to  monotonically  enhance  the  crystallization,  independent  of  the 
rf  power  values,  as  seen  in  Figs.  (C)  and  (D). 

Enhanced  crystallization  with  adding  SiF4  under  high  rf  power  supply,  as  seen  in  Fig.  (B), 
has  also  been  found  in  a  previous  work  [2^  In  that  work,  we  examined  the  stmctural  changes  of 
poly-Si  films  which  were  deposited  at  rf  power  of  20  W  and  by  changing  [SiF4]  under  [SiH4]  = 
0.15  or  1  seem  conditions  in  SiH4/SiF4  feed  gases  without  dilution.  As  a  result,  under  [SiHj] 
=1  seem,  the  crystallization  was  found  to  increase  monotonically  with  increasing  [SiF4].  We 
suggested  that  the  enhanced  crystallization  with  adding  SiF4  would  be  caused  by  the  elfects  of  a 
change  in  the  surface  morphology  of  the  substrates  at  an  initial  stage  of  film  deposition  [2]. 
These  results  will  be  discussed  again  at  a  later  stage.  As  seen  in  Fig.  1,  the  effects  of  addition 
on  the  crystallinity  are  more  sensitive  for  lower  rf  power.  Furthermore,  as  seen  in  the  results  for 
two  kinds  of  films  with  [Hj]  =  20  seem,  the  H2  addition  is  also  found  to  weaken  the  effects  of 
adding  SiF4  on  the  crystallinity.  This  may  be  due  to  the  formation  of  more  stable  H-F  bonds  in 
the  gas  phase  [3,4],  since  the  binding  energy  of  H-F  bonds,  £(H-F),  is  the  highest  among  those  of 
various  bonds  related  to  film  growth:  ^(H-F)  =  5.8  eV,  ^(Si-F)  =  5.6  eV,  ^(Si-Si)  =1.8  eV, 
£(Si-H)  =  3.1  eV,  and  E(H-H)  =  4.5  eV  (ref  5).  Thus,  the  increase  in  the  density  of  H-related 
radicals  may  eliminate  active  F-related  radicals  in  plasma.  Based  on  the  results  shown  in  Fig.  1, 
the  addition  of  SiF4  or  H2  in  SiH4  feed  gases  not  only  causes  a  different  contribution  to  the 
change  in  p  (crystallinity)  as  a  macro  property  of  the  films,  but  also  strongly  affects  the  local 
structure  of  Si  network  in  the  films. 

Figure  2  shows  (a)  the  relative  intensities  (integrated  area)  of  <lll>  x-ray  diffraction 
(XRD)  spectra  and  (b)  those  of  the  <11 0>  XRD  spectra  for  films  with  [H2]  =  0  and  20  seem  and 
[SiF4]  =  0  and  0.5  seem,  as  a  function  of  rf  power.  The  relative  intensity  with  different  textures, 
as  shown  in  Fig.  2,  was  normalized  using  the  intensity  of  the  corresponding  XRD  from  Si 
powder.  The  difference  in  film  thickness  among  samples  was  corrected  using  the  x-ray 
absorption  coefficient  for  Si.  As  shown  in  this  diagram,  the  <110>  texture  for  films  with  [H,]  =  0 
and  [SiF4]  =  0.5  seem  under  high  rf  power  supply  is  found  to  be  the  strongest  spectrum  among 
those  from  different  textures.  The  average  grain  size,  d  {nkl),  of  grains  with  a  nkl  crystal  plane 
was  estimated  from  the  half-width  values  of  the  XPD  spectra,  using  the  Scherrer’s  formula  [6]. 
Figures  3(a)  and  3(b)  shows  the  average  grain  size,  S ,  estimated  from  (a)  the  <11 1>  and  (b) 
<110>  XRD  spectra  for  the  films  shown  in  Fig.  2,  as  a  function  of  rf  power.  As  seen  in  Figs.  2 
and  3,  it  is  found  that  the  <11 1>  grain  growth  is  enhanced  as  [H2]  increases,  while  the  <11 0> 
grain  growth  is  enhanced  as  [SiF4]  increases  under  [Hj]  =  0  seem  conditions.  In  a  previous  work, 
we  found  that  the  increase  in  [SiFJ  weakened  the  <11 1>  texture  and  strengthened  the  <110> 
texture  [2],  along  with  the  increase  in  p  as  stated  above.  These  results  are  consistent  with  those 
in  Figs.  2  and  3. 

Based  on  Figs.  1  -  3,  the  results  obtained  would  be  summarized  as  follows: 
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Fig.  2.  (a)  <ni>  and  (b)  <110>  XRD 
relative  intensities  for  films  with  different 
[Hj]  and  [8^4]  values,  as  a  function  of  rf 
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Fig.  3.  (a)  <111>  and  (b)  <110>  XRD 
grain  size  for  films  with  different  [Hj]  and 
[SiF4]  values,  as  a  function  of  rf  power 


power. 


(1)  The  SiF4  addition  under  low  rf  power  supply  and  low  addition  suppresses  the 
crystallization,  but  the  SiF4  addition  under  high  rf  power  supply  enhances  the  crystallization. 

(2)  An  increase  in  [Hj]  monotonically  enhances  the  crystallization,  independent  of  rf  power. 

(3)  The  H2  or  SiF4  addition  is  effective  in  promotive  <11 1>  or  <1 10>  grain  growth,  respectively. 

(4)  The  H2  addition  weakens  the  effects  of  adding  SiF4  on  the  crystallinity. 

(5)  Conditions  of  low  rf  power  supply,  low  Hj  addition,  and  SiF4  addition  allow  preparation  of 
films  with  me-  or  nc-  structures. 

For  the  result  (4),  a  larger  binding-energy  value  of  H-F  bonds  would  be  considered  as  its 
origin  as  stated  above.  As  revealed  in  the  results  (1)  -  (3),  the  addition  of  or  SiF4  in  the  feed 
gases  is  likely  to  play  a  different  role  in  the  grain  growth  mechanisms,  though  both  H-  and 
F-related  radicals  would  act  as  an  etchant  for  Si.  Although  origins  causing  the  above  results  are 
unknown  at  present,  the  following  mechanisms  might  be  considered  as  their  potential  factors: 

(7)  A  difference  in  the  etching  ability,  depending  on  the  crystal  direction  of  Si  networks  during 
film  growth.  In  addition,  H  radicals  also  act  to  form  nucleation  sits  [2,7,8]. 

(//)  A  change  in  surface  coverage  by  H  atoms  on  the  growing  surface,  which  may  act  to  change 
the  surface  migration  of  adsorbates  on  the  growing  surface  [9], 

(777)  A  change  in  the  surface  morphology  of  substrates,  which  may  be  caused  by  etching  of  the 
substrate  surface  at  an  initial  stage  of  deposition.  Smooth  surface  of  the  substrates  would  result 
in  enhanced  crystallization  of  the  resultant  Si  films  [2,3,10]. 

(/v)  A  change  in  the  cleaning  effect,  which  may  act  to  remove  impurities  such  as  oxygen  fi-om 
the  growing  surface  and/or  from  the  substrate  surface  [7,1 1]. 

The  addition  of  H2  or  SiF4  in  the  feed  gases  was  also  found  to  cause  different  bonding 
network.  Figure  4  shows  the  IR  absorption  spectra  (transmittance)  over  the  range  400-4000  enr 
for  filrns  with  (A)  [H2]  =  0  and  [8^4]  =  0  seem,  (B)  [H2]  =  0  and  [SiF4]  =  0.5  seem,  (C)  [Hj]  =  20 
and  [SiF4]  =  0  seem,  (D)  [H2]  =  20  and  [SiF4]  =  0.5  seem  In  these  spectra,  the  solid  and  broken 
lines  denote  the  results  measured  within  10  min  (for  “virgin”  films)  and  those  for  the  films 
exposed  to  air  for  two  weeks  after  deposition,  respectively.  Furthermore,  the  results  obtained  for 
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the  film  deposited  at  5  W  and  20  W  are  shown  in  Figs.  4(a)  and  4(b),  respectively.  For  the 
spectra  shown  in  Fig.  4,  the  difference  in  film  thickness  among  films  was  corrected.  The  spectra 
at  around  650  cm'\  800-900  cm\  and  2000-2100  cm  ’  are  assigned  to  the  Si-H  wagging,  bending 
and  stretching  absorption  bands,  respectively.  In  the  Si-H  absorption  bands,  the  spectrum  around 
2000  cm  ’  is  due  to  monohydride  (SiH)  and  that  around  2100  cm  ’  is  due  to  dihydride  (SiHj)  [12]. 
In  the  case  of  ordinary  poIy-Si  films  and  partially-crystallized  Si  films  such  as  nc-Si  including 
amorphous  phases,  it  was  suggested  that  the  2000  cm  ’  band  is  due  to  isolated  SiH  bonds  in 
amorphous  regions  in  the  latter  films,  and  the  2100  cm  ’  band  is  due  to  SiHj  bonds  in  the  above 
amorphous  regions  or  the  grain  boundary  regions  in  the  case  of  poly-Si  films.  As  seen  in  Fig.  4, 
the  addition  of  H2  or  an  increase  in  the  rf 
power  decreases  the  Si-H  stretching  absorption 
bands,  in  good  correspondence  with  the 
changes  in  the  degree  of  c^stallization  as 
shown  in  Fig.  1.  This  will  be  because 
numerous  H  radicals  in  plasma  extract  H 
atoms  from  SiH  bonds  on  growing  surface  of 
the  films,  through  a  chemical  reaction  as  H  + 

SiH  ->  Si  +  H2.  Also,  this  surface  reaction 
may  be  closely  related  to  enhanced 
crystallization. 

As  seen  in  Fig.  4(b),  when  the  films 
were  deposited  at  [H2]  -  0  seem  under  rf 
Opower  supply  of  20  W,  a  large  increment  in  O 
contamination,  in  which  O  atoms  will  be 
imported  in  the  films  after  deposition,  is 
observed  after  two-week  air  exposure  [Figs. 

(A)  and  (B)],  in  which  the  Si-0  stretching 
absorption  band  should  be  observed  around 
1100  cm  ’.  On  the  other  hand,  when  the  films 
were  deposited  at  5  W,  no  0  contamination 
was  observed.  Thus,  we  can  not  find  a 
relationship  between  the  0  contamination  and 
the  crystallization  degree.  The  concentration  of 
Si,  F,  and  O  atoms  incorporated  into  films 
deposited  at  20  W  was  also  measured  using 
x-ray  photoelectron  spectroscopy  (XPS),  in 
which  the  film  surface  was  cleaned  by  Ar 
etching  just  before  the  XPS  measurements. 

The  results  are  summarized  in  Table  I.  The 
XPS  of  sample  NO.  3  was  measured  within  2 
days  after  deposition  and  the  )ffS 
measurements  for  other  samples  were  carried 
out  after  exposure  to  air  for  one  month  or  more. 

In  these  measurements,  the  effects  of  C 
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Fig.  4.  IR  absorption  spectra  over  the 
range  400-4000  cm’  for  films  with 
different  [H;]  and  [SiFJ  values.  The 
spectra  of  (a)  and  (b)  were  measured 
within  10  min  and  after  two-week  air 
exposure,  respectively. 


Table  I.  Concentration  of  Si,  O,  F  atoms  obtained  by  XPS  measurements  for  films  deposited  at 
20  W.  The  samples  of  No.  2  and  No.  3  were  deposited  under  the  same  conditions  The  XPS  for 
the  sample  of  No.  3  was  measured  within  2  days  after  deposition,  and  those  for  other  samples 
were  measured  after  1  month  or  more. 
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Fig.  5.  IR  absorption  spectra  over  the 
range  1800-2300  cm''  for  films  with 
different  [H2]  and  [SiFJ  values. 
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Fig.  6.  (a)  Spin  density,  Ns,  and  (b)  g 
factors  for  films  with  different  [H2]  and 
[SiFJ  values,  as  a  function  of  rf  power. 


contamination  imported  during  XPS  measurements  have  been  corrected.  As  seen  in  this  Table  I, 
no  incorporation  of  F  atoms  was  detected  for  all  films  used,  though  their  structural  properties 
were  strongly  affected  due  to  incorporation  of  F  atoms  (Figs.  1  -  3).  As  shown  in  Fig.  4  and 
Table  I,  the  addition  of  Hj  is  likely  to  prevent  the  O  contamination.  Furthermore,  the  SiF4 
addition  appears  to  suppress  also  the  O  contamination,  in  contrast  with  the  results  found  for 
a-SiOjiF  films.  In  a-SiOjiF  films,  the  O  contamination  after  deposition  has  been  reported  to  be 
enhanced  with  increasing  the  F  density,  through  effects  of  water  absorption  due  to  the  presence 
of  Si-F  bonds  [13].  So,  in  the  case  ofF-doped  poly-Si  films,  the  formation  of  Si-F  bonds,  which 
will  exist  in  the  grain  boundary  regions,  may  act  to  relax  and  densify  the  structure  of  the 
boundary  regions,  suppressing  0  incorporation.  The  SiF  stretching  absorption  band  should  occur 
at  around  930  cm  '  [13],  However,  the  occurrence  of  the  Si-H  bending  absorption  around  800- 
900  cm"',  as  shown  above,  would  make  the  detection  of  the  SiF  band  difficult.  We  found  that  the 
Si-H  stretching  absorption  bands  are  also  strongly  affected  by  adding  H2  or  SiF4.  Figure  5  shows 
the  absorption  spectra  (absorption  coefficient  in  a  unit  of  cm  ')  over  1800-2300  cm"'  for  virgin 
films  deposited  at  5  W  (solid  curves)  or  20  W  (broken  curves),  in  which  the  main  absorption  is 
the  Si-H  stretching  band.  As  seen  in  Fig.  5,  the  addition  of  SiF4  under  [H2]  =  0  seem  and  rf  power 
=  5  W  increases  the  2000  cm  '  component.  By  contrast,  the  addition  of  Hj  and/or  an  increase  in 
the  rf  power  cause  an  increase  in  the  2100  cm  ’^  component  along  with  a  decrease  in  the  2000  cm  ' 
component.  These  results  are  well  consistent  with  those  in  Fig.  1,  as  judged  from  the  origins  of 
the  2000  and  2100  cm  '  components,  that  is,  the  2000  cm  '  component  increases  as  amorphous 
regions  increase,  while  the  2100  cm"'  component  increases  as  the  crystallization  proceeds. 

For  Si  films  deposited  on  single-crystal  Si  substrates  with  thermally  grown  Si02  layer,  the 
ESR  spectra  arising  from  Si  dangling  bonds  (Si  DB)  were  measured  using  X-band  ESR 
spectrometer.  Figure  6  shows  (a)  the  spin  density,  and  (b)  the  g  factor  for  films  with  [H2]  =  0 
and  20  seem  and  [SiF4]  =  0  and  0.5  seem,  as  a  function  of  rf  power.  As  seen  in  Fig.  6(a),  it  is 
found  that  the  addition  of  SiF4  under  [H2]  =  0  seem  decreases  DB  density,  while  the  H2  addition 
largely  increases  the  DB  density,  independent  of  rf  power.  These  results  also  correspond  well 
with  the  change  in  the  crystallization  (Fig.  1),  as  well  as  the  dependence  of  the  incorporated  SiH 
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and  SiHj  bond  density  shown  in  Fig.  5.  Thus,  it  is  found  that  the  densities  of  both  SiH,  bonds  and 
DB’s  increase  as  the  degree  of  crystallization  is  enhanced.  These  results  would  be  closely  related 
to  formation  of  grain  boundary  regions  with  high  density  of  SiHj  bonds  and  DB’s  in  highly 
crystallized  films. 

As  seen  in  Fig.  6(b),  with  the  exception  of  the  films  deposited  at  5  W,  the  g  values  appear 
to  decrease  with  increasing  rf  power.  Furthermore,  it  is  found  that  the  H2  addition  causes  a 
decrease  in  g,  while  the  SiF4  addition  increases  the  g  values.  Accordingly,  based  on  the  results 
shown  in  Figs.  1  and  6(b),  the  decrease  in  g,  due  to  an  increase  in  [Hj]  or  rf  power,  is  found  to 
correspond  well  with  an  increase  in  the  degree  of  crystallization.  However,  the  SiF4  addition 
appears  to  give  the  opposite  effect  on  the  g  value  and  the  degree  of  crystallization.  As  seen  in  the 
discussion  located  near  Figs.  2  and  3,  it  is  suggested  that  H-  and  F-related  radicals  play  a 
different  role  in  the  grain  growth  mechanisms,  and  may  be  due  to  different  factors  as  stated 
above.  In  such  a  change  in  g,  the  g  values  would  reflect  the  local  structure  of  Si  networks  around 
DB’s.  Ishii  etal.  demonstrated  that  g  decreases  from  2.0060  to  2.0048  as  a  trivalent  Si  atom  with 
DB  moves  vertically  toward  the  plane  formed  by  three  backbonded  Si  atoms  by  0.033  nm  [14], 
In  the  case  of  poly-Si  films,  such  a  lattice  deformation  should  exist  in  the  grain  boundary  regions 
[15],  because  most  of  Si  DB’s  exist  in  the  boundaries.  The  structure  of  the  grain  boundaries  in 
poly-Si  can  be  classified  into  two  types  of  boundary:  Low-angle  boundary  with  simple  defects 
such  as  dislocations  and  high-angle  boundary  with  amorphouslike  structure  that  may  be  free 
from  large  strain  [15].  Therefore,  occurrence  of  high  crystallization  under  high  rf  power  supply 
or  high  H2  addition  may  form  low-angle  boundary  leading  to  a  decrease  in  g,  as  expected.  This  is 
because  formation  of  Si-Si  bonds  in  the  low-angle  boundary  will  be  rather  tight 

CONCLUSIONS 

For  poly-Si  films  prepared  by  a  plasma-enhanced  chemical  vapor  deposition,  we  examined 
the  changes  in  the  local  structure  caused  by  adding  H2  and/or  SiF4  in  the  SIH4  feed  gases  and  by 
changing  supplied  rf  power  values.  The  addition  of  H2  or  SiF4  in  the  feed  gases  is  likely  to  play  a 
different  role  in  the  grain  growth  mechanisms,  though  both  H-  and  F-related  radicals  would  act 
as  an  etchant  for  Si.  The  increase  in  the  rif  power  and  the  Ho  addition  give  the  same 
effect  on  the  structural  properties,  independent  of  the  effects  of  the  SiF4  addition. 
The  conditions  of  low  rf  power  supply,  low  Hj  addition,  and  SiF4  addition  allow  preparation  of 
films  with  me-  or  nc-  structures. 

The  authors  wish  to  thank  Professor  T.  Shimizu  for  the  use  of  the  Raman  spectrometer. 
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ABSTRACT 

Nanocrystalline  p-SiC  particulates  with  a  grain  size  range  of  5-20  nm  were  prepared  by 
heating  a  pre-pyrolyzed,  chlorine-containing  polysilane/polycarbosilane  (PS/PCS)  to  1600°C.  The 
transformation  from  the  pre-pyrolyzed  PS/PCS  to  nanocrystalline  SiC  was  investigated  by 
differential  thermal  analysis  (DTA),  thermogravimetric  analysis  (TGA),  X-ray  diffraction  (XRD), 
mass-spectrometry  and  infrared  spectroscopy.  The  results  indicated  that  the  nanocrystalline  p-SiC 
was  formed  by  the  crystallization  of  the  PS/PCS  random  network,  and  crosslinking  of  Si-Si,  Si-CI, 
and  Si-CHj-Si  bonds.  The  TEM  observation  showed  that  SiC  particulates  consist  of  equiaxed, 
randomly  oriented,  ultrafine  grains. 

INTRODUCTION 

Ultrafine  SiC  particulates  are  an  important  composite  reinforcement  Submicrometer¬ 
sized  SiC  offer  a  significant  improvement  in  ceramic  nanocomposite  mechanical  properties 
compared  to  micrometer-sized  particulates.^’^  The  morphology,  microstructure,  size  distribution, 
surface  chemistry,  and  dispersion  uniformity  of  the  SiC  particulate  all  play  significant  roles  in 
ultimate  property  determination. 

Little  work  regarding  SiC  particulates  with  nanometer-sized  grains  formed  from  chlorine- 
containing  polysilane/polycarbosilanes  (PS/PCS)  has  been  reported.  In  previous  work,*’^®  the 
poly  silane  to  polycarbosilane  conversion,  the  conversion  of  organosilicon  compounds  into  a  random 
SiC  network,  and  crosslinking  of  molecules  has  been  investigated.  SiC  derived  from  polymeric 
precursors  shows  inhomogeneities  in  the  nanometer  range. Stoichiometric  silicon  carbide  can  be 
obtained  as  a  consequence  of  the  chlorine  content  in  poly-(methylchlorosilane)  which  allows  an 
adjustment  of  the  carbon  content  in  the  precursor  molecules  in  contrast  to  silicon  polymers  with 
alkyl  or  aryl  groups. In  this  work,  we  elaborate  upon  the  structural  changes  that  take  place 
during  heat  treatment  and  subsequent  transformation  from  chlorine  containing  PS/PCS  to  cubic  (P-) 
polycrystalline  SiC  with  nanometer-sized  grains. 

EXPERIMENT 

Chlorine-containing  PS/PCS  was  synthesized  by  catalytic  redistribution  of 
bis(chloromethylsilane)s  to  yield  monosilanes  and  poly(chloromethylsilane)  oligomers.’  The 
oligomers  were  converted  to  poly(chloromethylsilane)  by  thermally-induced  crosslinking  reactions, 
increasing  the  molecular  weight,  accompanied  by  simultaneous  cleavage  of  trichloromethylsilane 
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(monosilane).  Styrene  was  added  to  the  reaction  mixture  at  the  redistribution  reaction,  yielding  a 
copolymer  with  improved  spinning  properties.  Pre-pyrolysis  was  performed  with  ground,  solid 
poly(chloromethyisilane“CO“Styrene)  of  about  2-10  g  by  heating  at  2°C  /min  to  700°C  and  holding 
for  1  hour  under  argon.  Thepre-pyrolyzed  sample  was  an  inorganic  amorphous  network  with  Si-Si-, 
Si-C-,  Si-Cl-,  and  Si-CHj  bonds  as  identified  by  XRD,  IR,  and  NMR.  The  resulting  chlorine- 
containing  PS/PCS  sample  was  fractionated  into  200-315  p.m  diameter  batches  which  were  used 
as  the  precursor  of  nanocrystalline  SiC  powder. 

Pyrolysis  and  crystallization  of  the  precursor  were  performed  on  a  TA  Instruments  DTA 
2920,  at  heating  rates  of  5,  15,  20,  30,  and  40°C/min  to  1600“C  in  argon.  The  transformation 
processing  of  nanocrystalline  SiC  from  the  precursor  was  analyzed  on  a  TA  Instruments  SDT  2960; 
gas  evolution  from  the  SDT  was  monitored  by  a  FISONS  quadrupole  mass  spectrometer  (QMS) 
and  a  Bruker  FS55  Fourier  Transform  Infrared  (FTIR)  Spectrometer.  XRD  analyses  were 
performed  on  an  Scintag  XDS  2000  X-ray  diffractometer,  with  CuKa  radiation.  Mean  grain  sizes 
were  determined  using  the  Scherrer  and  Wilson*^  equations  from  the  breadth  of  the  p-SiC  [220]  and 
[311]  diffraction  lines,  unless  specified  otherwise.  The  morphology  and  chemical  characterization 
of  the  crystallized  SiC  sample  were  carried  out  on  a  conventional  and  analytical  Philips  CM-200 
TEM  equipped  with  EDS. 

RESULTS 

Differential  Thermal 
Analysis  (Figure  1)  shows  two 
exothermic  peaks  (except  at 
15‘’C/min  where  there  are  three 
peaks),  indicating  a  multi-step 
reaction  in  the  heating  process. 

Activation  energies  of  667  kJ/mol 
for  the  first  exothermic  peak  and 
381  kJ/mol  for  the  second 
exothermic  peak  were  determined 
by  the  Kissinger  equation.^® 

Sample  heated  to  1600°C 
at  15“C/min  is  poly  crystalline  p- 
SiC  with  mean  grain  size  10+1  nm 
(Figure  2).  EDS  of  the 
nanocrystalline  SiC  powder  shows 
Si  and  C,  with  small  amounts  of  Cl 
and  O.  In  previous  work'®,  IR 
analysis  of  pyrolyzed  samples  did 
not  show  Si-Cl  and  Si-0  bands  in 
PS/PCS  sample  heated  to  900 ®C  at 
a  rate  of  5°C/min.  This  is  attributed  to  the  higher  heating  rate  in  our  samples  compared  to  the  IR 
samples,  or  the  higher  resolution  of  our  EDS. 


Figure  1  DTA  curves  of  chlorine  containing  PS/PCS 
precursor  heated  to  1600  °C  at  heating  rates  of  5,  10,  15, 
20,  30,  40  °C/min. 


206 


SDT  of  PS/PCS  sample  heated  to  800‘’C,  then  from  800  to  1520°C  at  5°C/min  (Figure  3) 
with  gas  evolution 
simultaneously  analyzed  by  QMS 
and  FTIR  shows  three  weight 
loss  steps  at  1204,  1314,  and 
1483 °C.  Before  the  completion 
of  the  first  exothermic  peak  of 
the  DTA  curve,  low  weight  loss 
is  seen  in  the  sample,  and  the 
intensities  of  the  mass-spectra  of 
the  sample  do  not  change  with 
time  (not  shown). 

At  1204®C,  the  peak  in 
the  derivative  weight  curve 
corresponds  to  the  evolution  of 
HCl,  which  appears  in  the  MS  as 
chloride  ions  and  HCl,  as  well  as  2.  Darkfield  TEM  image  of  nanocrystalline  SiC. 

in  the  IR  spectrum  (not  shown),  indicating  that  the  weight  loss  is  due  in  part  to  the  breaking  of  Si-Cl 
bonds.  There  is  no  corresponding  endothermic  peak  in  the  DTA  trace  at  1204° C.  At  13 14 °C,  the 
second  peak  of  the  derivative  TGA  curve  appears,  and  the  intensity  of  mass  44  species  increase. 
The  increase  in  44  atomic  mass  units  could  be  due  to  SiO,  COj  or  other  carbosilane  fragments, 

although  CO2  does  not 
show  up  in  the  IR 
spectrum  until  1400°C. 
There  is  a  corresponding 
second-order  transition 
(change  in  heat  capacity) 
in  the  DTA  trace  at  the 
onset  to  the  1314“C 
TGA  derivative  peak. 
Finally,  there  is  another 
second-order  transition 
in  the  DTA  curve  that 
begins  around  1350°C, 
and  corresponds  to  the 
onset  of  the  final  weight 
loss  event  at  1483  °C.  In 
light  of  the  DTA  traces 
in  Figure  1  that  clearly 
show  a  broad, 
exothermic  peak  from 
1300  to  1500°C  in  the 
sample  heated  at 
5°C/min,  the  change  in  slope  of  the  DTA  trace  at  1350°  C  in  Figure  3  is  attributed  to  the  onset  of 
a  first-order  transition  (exothermic  event).  The  peak  in  the  TGA  curve  at  1483  °C  is  attributed  to 
formation  of  both  CO  and  CO2,  as  shown  by  IR  spectroscopy.  The  total  mass  loss  is  then  attributed 


Figure  3.  DTA/TGA  of  chlorine-containing  PS/PCS  precuror  heated 
to  1520°C  at  a  rate  of  5°C/mon. 
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to  the  following  events: 

1.  active  oxidation  of  the  reactive,  nanocrystalline  SiC  due  to  low  oxygen  partial 
pressure  from  trace  amounts  of  oxygen  in  the  carrier  gas 

2.  release  of  atoms  that  do  not  fit  into  the  SiC  structure  as  it  forms  during  pyrolysis, 
i.e.,  chlorine  and  hydrogen; 

3 .  degradation  of  an  intergranular  phase  (SiCxOy)  originated  by  oxygen  impurites  into 
SiO  and  CO  gas;  and 

4.  oxidation  of  free  carbon  from  the  amorphous  network  to  form  CO  and  CO2. 

XRD  experiments  on  precursor  samples  that  were  heated  with  no  dwell  time  to  1080  (A),  1200  (B), 
and  1512°C  (C),  at  a  heating  rate  of  5°  C/m  in  in  the  SDT,  and  then  cooled  show  that  these  three 
temperatures  correspond  roughly  to  the  first  exothermic  DTA  peak,  the  first  TGA  derivative  peak, 
and  the  third  TGA  derivative  peak,  respectively.  In  Fig.  4,  it  can  be  seen  that  the  samples  were 
polycrystalline  p-SiC  with  some  small  amount  of  a  quartz  phase.  The  quartz  may  develop  during 
heat  treatment  due  to  traces  of 
oxygen  in  the  carrier  gas.  The  grain 
size  was  approximately  6  nm  for 
sample  B,  and  the  mean  grain  size 
for  sample  C  was  15  ±  1  nm.  It  is 
evident  from  the  XRD  line  widths, 
however,  that  any  crystallinity  in 
sample  A  must  have  an  average 
grain  size  smaller  than  that  in 
samples  B  and  C.  These  results 
further  reinforce  the  conclusion  that 
the  first  exothermic  peak  in  the 
DTA  traces  corresponds  to  the 
highest  crystallization  rate  of  the 
amorphous,  covalent  ceramic.  The 
XRD  pattern  at  1512“C  is  a  clear 
indication  of  grain  growth  after 
1200"  C,  which  corresponds  to  the 
broad  exotherms  in  the  DTA  traces 
of  Figure  1. 

CONCLUSIONS 

Cubic  nanocrystalline  SiC  powders  with  grain  sizes  from  5  to  20  nm  were  successfully 
synthesized  by  pyrolysis  of  a  chlorine-containing  polysilane/polycarbosilane  (PS/PCS). 
Transformation  from  the  PS/PCS  precursor  to  cubic  nanocrystalline  SiC  was  accomplished  in  two 
steps  the  crystallization  of  the  network,  gas  evolution  and  grain  growth  during  the  pyrolysis  process. 
Activation  energies  of  crystallization  and  crystal  growth  were  667  and  381  kj/mol,  respectively. 
Redistribution  and  crosslinking  of  Si-Si,  Si-Cl,  and  Si-CH2-Si  bonds  in  the  precursor  were  realized 
by  evolution  of  Hcl.  Some  weight  loss  of  the  sample  is  due  to  CO  and  CO2  evolution  at  temperatures 
>  1314"C,  which  comes  from  degradation/decomposition  of  the  intergranular  phase  built  from 


Figure  4.  XRD  of  chlorine-containing  PS/PCS  heated  to 
1080,  1200  and  1512°C  at  a  rate  of  5°C/min. 
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oxygen  impurities.  Nanocrystalline  SiC  consists  of  equiaxed,  randomly  oriented  grains  ranging  from 
5  to  20  nm.  The  nanocrystalline  morphology  of  the  grains  and  the  structure  of  the  interfacial  grain 
boundaries  should  improve  the  mechanical  properties  of  SiC  particulate-reinforced  composites^^’^^ 
Mechanical  property  determination  of  nanocrystalline  3-SiC  ,  as  well  as  the  refinement  of  the 
particulates  is  proceeding  in  future  work.. 
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ABSTRACT 

Arrays  of  nanowires  have  attracted  considerable  recent  attention  due  to  their  unique  electronic 
and  optical  properties.  While  much  effort  has  been  directed  at  fabricating  arrays  and  measuring 
their  properties,  much  less  has  been  done  to  characterize  these  materials.  Understanding  the 
structure  and  composition  of  the  constituents  in  these  arrays  is  crucial  in  order  to  control  their 
properties.  In  this  work,  arrays  with  wire  diameters  from  35-90nm  were  fabricated  by  pressure 
injecting  liquid  bismuth  into  porous  alumina  templates.  Transmission  electron  microscopy 
(TEM)  and  analytical  electron  microscopy  (AEM)  were  used  to  characterize  the  arrays. 

INTRODUCTION 

Metal  and  semiconductor  nanowire  arrays  exhibit  properties  that  differ  from  the  corresponding 
bulk  materials  as  a  result  of  the  two-dimensional  quantum  confinement  of  the  charge  carriers.’ 
Quantum  confinement  effects  become  significant  in  bismuth  at  larger,  more  easily  accessible 
sizes  than  in  other  materials  because  of  bismuth’s  relatively  small  effective  mass.  These  effects 
have  been  observed  in  magnetotransport^  and  optical^  measurements  of  bismuth  nanowire  arrays. 
In  addition,  nanowire  arrays  have  been  predicted  to  demonstrate  enhanced  thermoelectric 
properties  compared  to  bulk  bismuth.^ 

Because  of  the  small  wire  diameters  and  large  interfacial  areas  associated  with  nanowire  arrays, 
the  array  properties  are  strongly  dependent  upon  the  wire  and  interface  structure  and 
composition.  The  effects  of  structure  variation  have  been  studied  in  bismuth  thin  films,  where 
carrier  mobility  is  found  to  vary  by  approximately  an  order  of  magnitude  depending  on  whether 
the  films  are  single  or  polycrystalline. ^  This  effect  will  be  exaggerated  in  nanowires  because 
transport  is  further  confined  to  a  single  dimension.  Compositional  effects  due  to  impurities  or 
reaction  products  will  also  play  a  significant  role  in  determining  the  properties  of  such  wires. 
When  nanowires  are  configured  in  arrays,  the  interface  morphology  enters  as  another 
determinant  in  carrier  scattering. 

To  understand  the  effect  of  these  parameters,  it  is  necessary  to  determine  the  local  structure  and 
composition  of  the  wires  and  at  the  interfaces  in  the  arrays.  In  this  work,  TEM  and  AEM, 
including  energy  dispersive  x-ray  spectroscopy  (EDX)  and  electron  energy  loss  spectroscopy 
(EELS) ,  have  been  applied  to  characterize  bismuth  nanowire  arrays. 

EXPERIMENTAL  PROCEDURES 

The  arrays  of  bismuth  nanowires  were  fabricated  by  a  pressure  injection  process.  A  basic 
overview  of  the  method  is  given  here;  the  detailed  procedure  has  been  described  elsewhere.® 
Templates  of  alumina  with  an  ordered  array  of  nanochannels  were  made  by  anodization  of 
aluminum  foils.  Pieces  of  pure  bismuth  were  placed  on  top  of  the  alumina  template  in  an  iconel 
reactor  chamber.  The  chamber  was  then  evacuated  to  a  pressure  of  10  ^mTorr  and  heated  to 
325°C,  above  the  bismuth  melting  temperature  of  270®C.  After  the  bismuth  was  melted,  argon 
was  pumped  into  the  chamber  to  a  pressure  of  4500  psi  in  order  to  force  the  molten  bismuth  into 
the  pores  of  the  template.  The  arrays  were  allowed  to  cool  to  room  temperature  over  a  period  of 
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approximately  twelve  hours.  Basic  microstructural  analysis  was  performed  in  a  JEOL  200CX 
microscope:  high  resolution  and  analytical  electron  microscopy  were  performed  in  a  Philips 
CM200  microscope  equipped  with  a  Gatan  Imaging  Filter  for  EELS  analysis  and  an  EmiSpec™ 
system  for  EDX.  Cross-section  samples  were  prepared  by  dimpling  and  ion  milling  the  arrays  to 
electron  transparency.  To  obtain  isolated  nanowires,  the  wires  were  released  from  the  matrix  by 
etching  away  the  alumina  with  a  solution  of  3.5  vol%  HjPO^  and  45g/L  Cr03.  After  etching,  the 
acid  was  replaced  with  ethanol  through  a  series  of  dilutions,  and  the  wires  were  dispersed  onto  a 
holey  carbon  grid. 

RESULTS  AND  DISCUSSION 

An  image  of  a  bismuth  nanowire  array  is  shown  in  Figure  1,  revealing  the  wire  packing  to  be 
uniform  and  dense.  Previous  x-ray  diffraction  studies  indicate  that  there  is  a  strong  amount  of 
texturing  along  the  wire  axis,  as  evidenced  by  a  strong  202  peak.® 


Figure  1.  Cross-section  TEM  image  of 
bismuth  nanowire  array.  The  average 
wire  diameter  is  50nm. 


Figure  2.  TEM  image  of  a  single  50nm 
diameter  bismuth  nanowire  with  inset 
selected  area  diffraction  pattern. 


Bismuth  Nanowires 

A  TEM  image  of  a  single  bismuth  nanowire  released  from  the  alumina  is  shown  in  Figure  2. 
There  are  clearly  visible  contrast  variations  along  the  length  of  the  wire.  Because  the  wires  are 
dense  and  have  uniform  diameter,  the  contrast  variations  are  due  to  either  compositional  or 
structural  changes.  The  composition  of  the  wires  was  monitored  using  EDX.  In  spot  analyses 
along  the  wires,  only  bismuth  was  observed  to  be  present,  with  an  impurity  content  of  less  than 
one  percent.  Although  the  presence  of  trace  impurities  cannot  be  ruled  out,  the  observed 
variations  in  contrast  in  the  wires  are  not  due  to  variations  in  the  wire  composition. 

In  order  to  document  more  thoroughly  the  structure  of  the  nanowires,  electron  diffraction  and 
dark  field  imaging  were  employed.  Diffraction  patterns  from  selected  regions  of  the  wire,  as 
shown  in  Figure  2,  consist  of  several  overlapping  spot  patterns,  indicating  that  several  grains  are 
contributing  to  the  pattern.  In  some  regions  along  the  wire,  dark  field  images  from  pairs  of  +g/-g 
diffraction  spots  show  reversal  of  contrast  compared  to  the  bright  field  image  within  the  same 
areas,  as  revealed  in  Figure  3.  This  indicates  the  presence  of  distinct  grains  and  not  simply  bend 
extinction  contours  within  a  single  grain.  This  identification  is  supported  by  the  magnified  dark 
field  image  in  Figure  3  showing  a  series  of  thickness  fringes  resulting  from  an  inclined  grain 
boundary.  In  the  wires  that  were  studied,  with  wire  diameters  from  35-90nm,  most  grains  had 
high  aspect  ratios. 


214 


Figure  3.  A  bright  field  and  +g/-g  dark  field  images  of  a  single  50nm  diameter  bismuth  wire. 
Thickness  fringes  due  to  an  inclined  grain  boundary  are  visible  in  the  magnified  image  at 
the  right. 

A  second  type  of  contrast  variation  was  also  observed  in  the  wires,  as  exhibited  in  Figure  4.  In 
this  case,  the  +g  and  -g  dark  field  images  have  reversed  contrast  in  different  regions,  originating 
from  localized  strain  fields  within  the  wire.  Such  strain  fields  can  be  caused  by  wire  bending, 
residual  stress  from  the  solidification  process,  or  other  structural  defects  within  the  wire 
structure.  The  exact  nature  of  the  strain  fields  observed  here  has  not  yet  been  determined. 


Figure  4.  A  bright  field  and  +g/-g  dark 
field  images  of  a  single  50nm  diameter 
bismuth  wire. 
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Bi-AI^Oj  Interface 

A  high  resolution  TEM  image  of  the  bismuth- 
alumina  interface  is  shown  in  Figure  5,  Several 
series  of  oxygen  K-edge  spectra  from  one-nanometer 
areas  were  taken  at  the  positions  labeled  in  Figure  5, 
and  these  are  shown  in  Figure  6.  The  wire  has  no 
perceptible  oxygen  signal.  At  the  interface,  the 
oxygen  ionization  edge  (~'540eV)  is  shifted 
approximately  2.7eV  relative  to  the  alumina.  This 
shift  in  the  ionization  edge  position  is  due  to  a 
change  in  the  environment  of  the  oxygen,  which  is 
attributed  to  Bi-0  bonding.  However,  because  of  the 
size  of  the  probe,  it  is  not  possible  to  obtain  a 
spectrum  that  can  be  attributed  solely  to  Bi-0 
bonding.  No  shift  in  the  ionization  edge  was 
observed  for  spectra  collected  away  from  the  one- 
nanometer  area  at  the  interface.  This  indicates  that 
there  is  not  a  significant  interphase  region  between 
the  nanowire  and  the  matrix.  Spectra  of  the  aluminum 
L-edge  were  also  recorded,  as  shown  in  Figure  7.  No 
shift  in  the  ionization  edge  was  observed,  indicating 
that  there  is  not  a  significant  amount  of  Bi-Al  bonding 
at  the  interface.  The  difference  in  intensity  in  the  post 


Figure  5.  High  resolution  TEM  image  of  the 
Bi-Al203  interface.  The  circles  represent  the 
nanometer  probe  as  it  samples  the  alumina, 
the  interface,  and  the  bismuth. 


edge  structure  in  these  spectra  may  be  attributed  to  a  change  in  sample  thickness  at  the  interface 


as  compared  to  the  alumina.  These  EELS  results  are  consistent  with  theoretical  predictions  that 


Bi-0  bonding  dominates  at  Bi-Alpj  interfaces.^ 
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Energy  loss  (eV) 

Figure  6.  Oxygen  K-edge  spectra  from  one- 
nanometer  areas  in  the  bismuth  nanowire,  at 
the  Bi-Al203  interface,  and  in  the  alumina 
matrix. 
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Figure  7.  Aluminum  L-edge  spectra  from 
the  alumina  and  interfacial  regions.  The 
background  has  been  subtracted  to 
accentuate  the  edge  features. 
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CONCLUSIONS 

The  structure  and  composition  in  bismuth  nanowires  and  at  the  Bi-Al^Oj  interface  have  been 
studied.  The  wires  are  determined  to  be  of  constant  composition  within  the  detection  limit  of 
EDX  spectroscopy  (approx.  1%).  They  are  polycrystalline  with  high  aspect-ratio  grains,  and 
there  is  evidence  of  internal  localized  strain  fields.  Both  the  grain  structure  and  local  strain  fields 
in  the  wires  are  expected  to  have  a  significant  impact  on  the  nanowire  transport  properties  due  to 
restriction  of  transport  along  a  single  dimension.  EELS  studies  of  the  interface  reveal  that  there 
is  no  significant  interdiffusion  and  interphase  formation.  A  shift  in  the  oxygen  ionization  edge  is 
observed  at  the  interface  relative  to  the  alumina,  while  no  shift  is  observed  for  the  aluminum 
ionization  edge.  This  suggests  that  Bi-0  bonding  dominates  at  the  interface  and  agrees  with 
theoretical  work.  The  composition  and  structure  at  the  interface  affect  scattering  of  the  charge 
carriers  and  therefore  influence  array  properties. 

Future  work  will  focus  on  controlling  the  structure  and  composition  in  the  arrays  by  varying  the 
fabrication  conditions.  For  instance,  because  there  is  a  high  degree  of  texturing  of  the  grains,  it 
may  be  possible  to  produce  single  crystalline  wires  by  establishing  the  proper  thermal  gradient 
along  the  wires  during  solidification.  Also,  by  annealing  the  arrays  after  deposition,  it  may  be 
possible  to  induce  interdiffusion  and  a  wider  interphase  region,  which  would  result  in  an 
effective  decrease  in  the  wire  diameter.  As  structure  and  composition  are  further  correlated  with 
property  measurements,  arrays  can  be  tailored  to  optimize  their  properties. 
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ABSTRACT 

Dimensionality  can  play  an  important  role  in  determining  the  properties  of  materials.  In  the 
case  of  thermoelectric  materials,  it  has  been  proposed  that  one-dimensional  quantum  wires,  or 
nanowires,  and  two-dimensional  superlattices  could  exhibit  substantially  higher  efficiencies 
compared  to  the  corresponding  bulk,  three-dimensional  solids.  To  explore  such  predictions  we 
have  initiated  a  program  directed  towards  the  controlled  growth  of  nanowires,  and  herein,  we 
report  the  synthesis  of  single  crystal  Bi2Te3  and  PbTe  nanowires  by  a  pulsed  laser  ablation 
method.  Scanning  electron  microscopy  (SEM)  and  transmission  electron  microscopy  (TEM) 
show  that  Bi2Te3  wires  80  nm  to  200  nm  in  diameter  and  lengths  exceeding  10  microns,  and 
PbTe  wires  25  nm  to  60  nm  in  diameter  and  lengths  to  2  microns  can  be  readily  produced  by  the 
laser  ablation  method.  High-resolution  TEM  and  electron  diffraction  show  that  Bi2Te3  nanowires 
are  single  crystals  with  wire  axes  along  the  <1 10>  crystal  direction.  TEM  and  electron 
diffraction  measurements  also  show  that  the  PbTe  nanowires  are  single  crystals  with  a  <100> 
growth  axis.  The  transport  properties  of  these  new  nanowire  materials  will  be  discussed, 

INTRODUCTION 

There  has  been  considerable  interest  in  the  past  few  years  in  finding  new  thermoelectric 
materials  for  use  in  solid  state  refrigerators  with  no  moving  parts  [1].  The  efficiency  of  a 
thermoelectric  solid  is  found  to  depend  on  material  properties  through  the  dimensionless  figure 
of  merit  ZT  [2].  It  is  defined  by  ZT  =  aS^T/K,  where  a  is  the  electrical  conductivity,  S  the 
Seebeck  coefficient,  or  thermoelectric  power,  T  the  temperature,  and  k  the  thermal  conductivity. 
For  a  material  to  be  a  good  thermoelectric  cooler  it  must  have  a  high  ZT  at  room  temperature  and 
below.  In  general,  it  is  difficult  to  improve  ZT,  because  increases  in  the  electrical  conductivity 
for  simple  materials  also  lead  to  a  simultaneous  decrease  in  the  thermoelectric  power  and  a 
comparable  increase  in  the  electronic  contribution  to  the  thermal  conductivity.  Currently,  the 
materials  with  the  highest  ZT  are  alloys  based  on  Bi2Te3  with  ZT  near  1  at  300  K  [2].  Bi2Te3  is 
the  most  important  thermoelectric  material  that  works  below  T  =  300  K.  However,  the  efficiency 
is  rather  low  compared  to  freon-based  compressors,  and  it  can  not  be  used  to  cool  below  160  K 
[1,3].  Therefore,  there  is  a  pressing  need  for  new  materials  with  higher  efficiencies. 

Dimensionality  can  play  an  important  role  in  determining  the  properties  of  materials.  The 
reduction  of  dimensionality  from  3D  to  ID  results  in  a  dramatic  increase  in  the  electronic  density 
of  states  (DOS)  at  near  energy  band  edges.  In  thermoelectrics  it  is  known  [3]  that  the  power 
factor,  aS^,  increases  with  DOS.  Therefore,  the  increased  DOS  of  ID  structures  is  predicted  to 
produce  an  enhanced  power  factor,  and  consequently,  an  enhanced  ZT.  In  addition,  there  will  be 
increased  phonon  scattering  from  the  surfaces  of  ID  wires.  This  will  lead  to  a  reduction  in  the 
lattice  thermal  conductivity  and  hence  an  increase  in  ZT.  There  have  been  several  theoretical 
calculations  [4,  5]  reported  that  support  these  ideas.  To  explore  such  predictions  experimentally 
we  have  initiated  a  program  directed  towards  the  controlled  growth  of  nanowires,  and  herein,  we 
report  the  synthesis  of  single  crystal  Bi2Te3  and  PbTe  (another  important  thermoelectric  material) 
nanowires  by  a  laser  ablation  method  [6-8]. 
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Figure  1 .  Schematic  of  the  nanowire  growth  apparatus. 


EXPERIMENTAL  METHODS 
Synthesis  of  Nanowires 


Pulsed  laser  ablation  (Spectra  Physics  GCR-16s,  355  nm  or  532  nm)  of  targets  composed  of 
Bi2Te3  or  PbTe  was  used  to  generate  nanoclusters  for  ID  growth  at  thermodynamic  non¬ 
equilibrium  conditions.  The  growth  apparatus  is  shown  schematically  in  figure  1.  The  pressure  in 
the  growth  chamber  was  kept  at  100  -  250  torr.  A  mixture  of  Ar  and  H2  (10%  H2)  was  used  as  a 
buffer  gas  with  a  flow  rate  of  about  100  seem.  The  growth  temperature  is  530  °C  for  Bi2Te3,  and 
815  °C  for  PbTe.  The  products  were  collected  on  a  substrate  located  behind  the  target. 

Structural  Characterization  of  Nanowires 


The  morphology  and  structure  of  the  products  were  examined  by  field-emission  scanning 
electron  microscopy  (SEM)  (LEO  982),  high-resolution  transmission  electron  microscopy 
(TEM)  and  electron  diffraction  (Philips  EM420).  Energy  dispersive  X-ray  (EDX)  spectra  were 
recorded  with  the  TEM  to  evaluate  the  elemental  compositions. 

Electrical  Conductivity  Measurement  of  Sin2le  BbTe^  Nanowires 

After  registering  the  position  of  single  Bi2Te3  nanowires  on  oxidized  Si  substrates  under 
SEM  (JEOL  JSM6400),  electron  beam  resist  was  spun  over  the  substrates  and  electron-beam 
lithography  was  used  to  define  electrical  leads  to  individual  nanowires.  After  metalization  of  the 
leads  I-V  curves  were  obtained  using  Keithley  65 1 7  electrometer  and  Keithley  220 
programmable  current  source. 

RESULTS 

Bi2Te3  nanowires  can  be  reproducibly  prepared  via  vapor  phase  growth  using  our  laser 
ablation  method.  Figure  2  shows  SEM  images  of  Bi2Te3  nanowires  at  different  magnifications. 
They  are  faceted  nanowires  with  diameters  of  80  nm  to  200  nm  and  lengths  exceeding  10  pm. 
TEM  and  electron  diffraction  studies  (figure  3)  show  that  the  nanowires  are  single  crystals.  The 
diffraction  pattern  can  be  indexed  to  the  hexagonal  lattice  of  Bi2Te3  (a  =  4.385  A,  c  =  30.48  A) 
with  the  electron  beam  direction  along  [001]  zone  axis.  A  schematic  illustration  of  Bi2Te3 
structure  viewed  along  the  c  axis  superimposed  on  the  TEM  image  of  Bi2Te3  nanowire  is  shown 
in  figure  3.  These  data  show  that  the  nanowires  grow  along  the  <1 10>  crystal  direction.  The 
single  crystal  nature  and  growth  direction  are  further  confirmed  by  high-resolution  TEM 
measurements  (figure  4).  The  lattice  fringes  in  figure  4  are  (101)  crystal  planes  with  an  inter- 


220 


Figure  2.  SEM  images  of  Bi2Te3  nanowires, 


plane  distance  of  3.80  A.  The  angle  between  the  fringes  and  the  nanowire  edge  is  60°,  which  is 
expected  from  the  <1 10>  growth  direction.  EDX  measurements  show  no  other  heavy  elements 
except  Bi  and  Te.  Average  atomic  ratio  of  Te  to  Bi  from  6  samples  is  1.46.  It  gives  a  formula  of 
Bi2Te2.92-  The  deviation  from  Bi2Te3  is  within  our  experimental  error. 


Figure  3.  TEM  image  of  a  portion  of  Bi2Te3 
nanowire  with  a  schematic  view  of  the  Bi2Te3 
structure  in  the  ab  plane  superimposed  on  it. 
(inset)  Electron  diffraction  pattern  recorded 
along  [001]  zone  axis. 


Figure  4.  High-resolution  TEM  micrograph 
of  the  Bi2Te3  nanowire.  The  lattice  fringes 
shown  are  (101)  planes  with  an  inter-plane 
distance  of  3.80  A.  The  angle  between  the 
fringes  and  the  wire  edge  is  60°. 


Similar  results  are  obtained  for  PbTe  nanowires.  PbTe  nanowires  are  25  nm  to  60  nm  in 
diameter  with  lengths  to  2  pm  and  can  be  readily  produced.  Figure  5  shows  the  TEM  micrograph 
of  one  PbTe  nanowire  and  its  electron  diffraction  pattern.  The  diffraction  pattern  can  be  indexed 
to  the  face-center  cubic  structure  of  PbTe  (a  =  6.443  A)  with  the  electron  beam  along  the  [001] 
zone  axis.  These  data  show  that  the  PbTe  nanowires  are  single  crystals  and  grow  along  the 
<100>  crystal  direction.  EDX  measurements  from  5  samples  give  an  average  atomic  ratio  of  Pb 
to  Te  as  1:1.01. 

To  evaluate  the  intrinsic  thermoelectric  figure  of  merit,  the  properties  of  individual 
nanowires  must  be  measured.  The  electrical  conductivity,  a,  and  thermoelectric  power,  S,  can  be 
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Figure  5.  TEM  image  of  a  PbTe  nanowire, 
(inset)  Electron  diffraction  pattern 
recorded  along  [001]  zone  axis. 


determined  from  transport  measurements  using  micro/nanofabricated  electrodes.  Below  are  the 
preliminary  results  of  electrical  conductivity  measurements  of  individual  single  crystal  Bi2Te3 
nanowires.  Electrodes  defined  by  electron-beam  lithography  can  be  routinely  fabricated  on  the 
desired  individual  nanowires.  Figure  6  shows  a  SEM  image  of  lithographically  defined  Au  leads 
on  one  Bi2Te3  nanowire.  The  electrodes  are  usually  separated  by  2  pm  to  10  pm.  An  I-V  curve 
obtained  at  room  temperature  on  a  portion  of  Bi2Te3  nanowire  with  diameter  of  120  nm  and 
length  of  13  pm  is  shown  in  figure  7.  The  resistivity  determined  for  this  wire,  1400  pfi  cm,  is 
comparable  to  the  literature  value  for  Bi2Te3  single  crystals,  1700  pQ-cm  [3].  The  dependence  of 
the  electrical  conductivity  on  temperature  is  currently  being  investigated. 

CONCLUSIONS 

Nanowires  of  Bi2Te3  and  PbTe,  two  of  the  most  important  thermoelectric  materials  for 
thermoelectric  refrigeration,  have  been  successfully  synthesized  by  a  laser  ablation  method.  Both 
nanowires  have  high  aspect  ratios  and  are  single  crystals.  They  grow  along  <1 10>  direction  and 
<100>  direction,  respectively.  E-beam  lithography  has  been  used  to  make  reproducible 
connections  to  these  nanostructures,  and  preliminary  transport  measurements  show  promising 
behavior  for  these  ID  structures.  It  is  also  expected  that  increased  phonon  scattering  from  the 


Figure  6.  SEM  image  of 
lithographically  defined  electrodes 
on  top  of  a  single  Bi2Te3  nanowire. 


•  1.0  0.0  1.0 


V(mV) 

Figure  7.  I-V  curve  from  a  portion  of  single 
Bi2Te3  nanowire  with  diameter  of  120  nm  and 
length  of  13  pm  at  room  temperature.  The 
resistivity  of  this  nanowire  is  1400  pO  cm  at 
room  temperature. 
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surfaces  of  the  nanowires  will  significantly  lower  the  thermal  conductivity,  and  hence  enhance 
the  thermoelectric  figure  of  merit.  An  approach  for  measuring  the  thermal  conductivity  of 
individual  nanowires  is  being  developed  in  our  laboratory.  Studies  of  the  transport  properties  of 
these  individual  nano  wires  will  enable  us  to  better  understand  the  fundamental  physics  of  ID 
structures. 
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ABSTRACT 

Amorphous  silicon  nano  wires  (a-SiNW’s)  with  average  diameter  aroimd  20  nm  were 
synthesized  at  about  950°  C  under  an  Ar/H2  atmosphere  on  large  area  of  a  (111)  Si  substrate 
without  supplying  any  gaseous  or  liquid  Si  sources.  The  Si  substrate,  deposited  with  a  layer  of  Ni 
of  about  40  nm  thick,  served  itself  as  a  silicon  source  for  the  growth  of  the  a-SiNWs.  Different 
from  the  well-known  vapor-liquid-solid  (VLS)  for  conventional  whisker  growth,  it  was  found 
that  growth  of  the  a-SiNWs  was  controlled  by  a  solid-liquid-solid  mechanism,  which  is 
analogous  to  the  VLS  model. 

INTRODUCTION 

Nanostructured  materials  have  been  a  focused  research  field  either  due  to  the  novel  physical 
properties  related  to  mesoscopic  system,  or  to  the  potential  device  application  in  nano  and  opto¬ 
electronics.  The  synthesis  of  Si  whiskers  via  the  vapor-liquid-solid  (VLS)  growth  mechanism 
was  first  described  in  detail  by  Wagner  and  Co-workers  ‘ Givargizov  developed  the  growth 
model  and  discussed  it  within  a  kinetics  framework  Since  then,  a  few  papers  on  vapor  phase 
whisker  growth  discussed  the  other  possible  growth  mechanism,  as  VLS  growth  became  more 
and  more  evident.  Yazawa^  and  Westwater^  produced  Si  nanowires  with  VLS  growth  induced  by 
Au  metal  layer  on  a  Si  surface.  Recently,  Yu  ’  reported  oven-laser  ablation  method,  or  through 
simple  physical  evaporation  approach*,  to  produce  very  pure  ultrafme  freestanding  silicon 
nanowires.  These  experimental  results  also  can  be  explained  well  by  VLS  mechanism,  which 
seemingly  has  became  the  main  method  to  synthesize  one-dimension  nano  materials’’".  In  the 
previous  work  for  silicon  nanowire  synthesis,  however,  vapor  phase  with  considerable  Si 
concentration  was  either  supplied  from  laser  ablation  of  a  powder  target,  or  directly  from  silane. 
In  this  letter,  we  report  that  a-SiNWs  can  be  controllably  grown  on  a  silicon  substrate  via  a  solid- 
liquid-solid  (SLS)  growth  mechanism. 


EXPERIMENTALS 

Heavily-doped  (1.5  X  lO'^Q/cm)  n-type  Si  (111)  chips  were  used  as  substrate.  The  silicon 
substrate  was  cleaned  ultrasonically  in  pure  petroleum  ether  and  in  ethanol  in  turns  for  5  min,  and 
leached  in  distilled  water,  then  dried.  A  thin  layer  of  40  nm  nickel  was  thermally  deposited  on  the 
substrate.  The  substrate  was  placed  in  a  quartz  tube  which  was  heated  in  a  tube  furnace  at  950 "C. 
Hj  (36  seem)  and  Hj  (4  seem)  were  introduced  during  growth  at  an  ambient  pressure  of  about  200 
Torr.  After  cooling  down  to  room  temperature,  a  thin  layer  of  gray-colored  deposit  was  found  on 
the  surface  of  the  substrate.  An  Amray  FEG-1910  scanning  electron  microscope  (SEM),  and  a 
Hitachi-9000NAR  high  resolution  transmission  electron  microscope  (HREM)  equipped  with 
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energy  dispersive  spectrum  (EDS)  were  employed  for  analysis  of  the  morphology  and 
microstructure  of  the  product. 


RESULTS  AND  DISCUSSION 


Fig.l  (a):  SEM  image  showing  the  general  morphology  of  the  SiNWs  grown  via  a  SLS  growth 
mechanism,  (b):  TEM  image  revealing  that  the  SiNWs  have  smooth  morphology  and  average 
diameter  around  40  nm.  The  SAED  pattern  shown  in  inset  reveals  characteristic  diflusive  ring 
pattern,  showing  that  the  nanowires  are  completely  amorphous 

Fig.  1(a)  shows  in  plan  view  an  SEM  image  revealing  the  general  morphology  of  the  Si 
nanowires  grown  on  a  large  area  (10  mm  x  10  mm)  of  1 1 1  Si  substrate  after  one  hour’s  growth. 
The  nano  wires  grew  directly  on  the  substrate  without  introduction  of  other  Si  source  in  the  vapor 
phase.  It  is  visible  that  the  deposit  consists  of  nearly  pure  SiNWs.  The  growth  rate  of  the 
nanowires  is  estimated  about  30  nm/second.  The  TEM  image  shown  in  fig.  1(b)  reveals  that  the 
SiNWs  have  smooth  morphology,  and  have  a  diameter  of  10-50  nm  and  length  up  to  a  few  tens 
of  micrometers.  The  highly  diffusive  ring  pattern  (inset)  of  selected  area  electron  diffraction 
(SAED)  revealed  that  the  Si  nano  wires  are  completely  amorphous  (a-SiNWs).  EDS  analysis 
proved  that  there  exists  a  small  amount  of  oxygen  in  the  a-SiNWs,  which  was  attributed  to  the 
surface  oxidation  when  the  freshly-made  nano  wires  were  exposed  in  air,  because  the  growth 
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process  was  controlled  under  a  reduction  atmosphere  with  a  mixture  of  argon  and  hydrogen.  The 
growth  environment  is  quite  different  from  that  of  laser  ablation,  or  physical  evaporation,  and  it 
indeed  reveals  a  different  growth  mechanism. 

In  the  case  of  oven-laser  ablation’  approach,  silicon  source  for  SiNWs  growth  was  supplied 
from  the  vapor  phase  in  which  atomic  Si  species  were  ablated  off  by  the  laser  beam.  While  in  the 
high  temperature  evaporation  method®,  sufficient  silicon  atoms  were  evaporated  at  high 
temperature  from  the  powder  target  due  to  the  extremely  high  specific  ratio  of  surface/volume 
compared  to  bulk  silicon.  Such  a  high  specific  surface/volume  ratio  guarantees  a  Si  concentration 
high  enough  in  the  vapor  phase.  In  these  two  cases,  the  growth  of  the  SiNWs  is  controlled  by  the 
well-known  vapor-liquid-solid  (VLS)  mechanism,  in  which  the  vapor  phase  plays  an  important 
role  in  the  growth  of  the  SiNWs.  The  central  idea  of  the  VLS  growth  of  SiNWs  is  that,  the 
catalysts  (usually  Ni,  or  Fe  as  impurity)  act  as  a  liquid-forming  agent,  which  react  with  the  vapor 
phase,  and  forms  the  NiSi2  eutectic  liquid  droplets.  The  vapor  phase  is  rich  in  Si  atoms.  With  the 
further  absorption  of  Si  atoms  into  the  droplets  from  the  vapor  phase,  the  droplets  become 
supersaturated,  resulting  in  the  precipitation  of  SiNWs  from  the  droplets. 


Ni  thin  Film  on  Si  (1 1 1)  Formation  of  Si-Ni  liquid  droplets 
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Fig.  2  Schematic  depiction  of  the  SiNW  growth  via  the  SLS  mechanism;  (a)  Deposition  of  a 
thin  layer  of  Ni  on  the  Si  (1 1 1)  substrate;  (b)  Formation  of  the  Si-Ni  eutectic  liquid  droplets;  (c) 
The  continuous  diffusion  of  Si  atoms  through  the  substrate-liquid  (S-L)  interface  into  the  liquid 
droplets,  and  growth  of  SiNWs  through  the  liquid-wire  (L-S)  interface;  (d)  Final  state  of  the 
SiNW  growth.  The  smooth  surface  of  the  original  substrate  becomes  rough  at  the  end  of  the 
SiNW  growth. 


In  the  present  circumstance,  however,  the  Si  concentration  in  the  vapor  phase  is  negligible  at 
the  growth  temperature,  because  the  specific  surface/volume  ratio  of  bulk  Si  substrate  is 
extremely  low  compared  with  that  of  the  micro-sized  Si  powder  target,  or  in  the  case  by  laser 
ablation.  On  the  other  hand,  the  Si  substrate  was  covered  by  a  thin  layer  of  Ni.  Therefore,  the 
only  possible  silicon  source  comes  from  the  bulk  silicon  substrate,  because  no  extra  Si  source 
was  introduced  in  the  vapor  phase.  From  the  binary  Ni-Si  diagram,  it  is  visible  that  the  eutectic 
point  of  NiSij  is  993 °C.  However,  due  to  the  melting  effect  of  small-size  grains,  the  eutectic 
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compound  NiSij  can  begin  to  form  at  a  temperature  lower  than  993  'C .  As  we  proved,  the 
deposited  Ni  film  can  react  with  the  Si  substrate  at  temperature  above  930 *C,  and  forms  SijNi 
eutectic  liquid  alloy  droplets.  Because  of  the  relatively  high  solubility  of  Si  in  SijNi  eutectic  alloy, 
more  Si  atoms  will  diffuse  through  the  solid  (the  substrate)  -  liquid  interface  into  the  liquid 
phase  (the  NiSij  droplets).  A  second  liquid  -solid  (nanowire)  interface  will  form  when  the  liquid 
phase  becomes  supersaturated  due  to  thermal  or  compositional  fluctuations,  resulting  in  the 
growth  of  SiNWs.  Because  this  growth  process  involves  solid-liquid-solid  phases,  it  is  named  as 
a  SLS  growth,  which  is  in  fact  an  analogy  of  the  VLS  mechanism.  The  growth  process  of  the  a- 
SiNWs  via  an  SLS  model  is  depicted  schematically  in  Fig.  2. 

Cross-sectional  SEM  analysis  of  the  sample  provided  direct  evidence  to  support  the  a-SiNW 
growth  via  a  SLS  mechanism.  In  low  magnified  cross-sectional  SEM  image  in  Fig.  3,  it  is  visible 
that  a  layer  of  a-SiNWs  with  a  thickness  of  about  20  pm  were  grown  on  the  substrate.  EDS 
analysis  between  the  Si  substrate  and  the  a-SiNW  layer  further  confirmed  that  there  is  a  thin  layer 
of  Si-Ni  alloy.  We  also  found  that  the  a-SiNWs  grow  from  the  base,  which  manifests  itself  by  the 
fact  that  the  solidified  Si-Ni  nano  particles  were  visible  between  the  surface  of  the  substrate  and 
the  a-SiNW  film,  instead  of  being  attached  at  the  free  tip  of  the  SiNWs. 


Fig.  3  Low  magnification  of  cross-sectional  SEM  image  of  the  SiNWs  grown  on  Si  (111) 
substrate,  which  is  controlled  by  a  SLS  mechanism.  The  length  of  the  SiNWs  is  about  20  pm. 
The  Si-Ni  particles  are  visible  attached  to  the  Si  substrate  surface. 

One  question  about  the  SLS  growth  is  what  is  the  driving  force  for  such  a  continuous 
diffusion  of  Si  atoms  from  the  substrate  through  the  substrate-liquid  interface  into  the  liquid 
droplets,  and  then  through  the  liquid  droplets-nanowire  to  stack  themselves  into  nanowires?  From 
kinetic  view  point,  the  concentration  gradient,  and  the  supersaturation  due  to  fluctuation  in  the  Si- 
Ni  liquid  droplets  are  the  driving  force  of  the  growth.  On  the  other  hand,  the  carrier  gas  Ar/Hj 
will  collide  with  the  surface  of  the  semisphere-shaped  Si-Ni  liquid  droplets,  and  exchange  energy 
and  momentum  with  the  atoms  at  the  surface  of  the  Si-Ni  nanoparticles,  causing  overcooling  at 
the  surface  of  the  droplets.  Such  an  overcooling  is  critical  to  initiate  the  preferential 
unidirectional  growth  of  the  a-SiNWs.  The  second  question  is  why  the  resultant  nanowires  are 
amorphous  instead  of  being  crystalline.  The  most  possible  reason  is  that  the  growth  was 
performed  under  Hj/Ar  atmosphere,  and  the  Si-Si  bonds  were  partially  substituted  by  Si-H 
bondings,  which  destroys  the  diamond  structure  of  the  crystalline  silicon. 
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The  silicon  nanowires  are  interesting  to  evaluate  the  quantum  confinement  effect  related  to 
low  dimensionality'^.  The  controlled  growth  of  a-SiNWs  on  substrate  is  important,  because  the 
remarkable  surface/volume  ratio  of  the  nanowires  enables  the  materials  show  physical  chemical 
properties  completely  different  from  the  bulk,  which  makes  it  excellent  candidate  for  possible 
applications  such  as  rechargeable  battery  of  high  capacity  with  portable  size,  which  is  closely 
related  to  the  surface  effects.  It  was  recently  revealed  that  the  lithium  battery  using  silicon 
nanowires  as  electrode  materials  showed  a  capacity  as  high  as  8  times  that  of  the  ordinary  one'^'''*. 
By  optimizing  dopants,  it  is  believed  that  the  a-SiNW  film  thus  prepared  will  find  applications  in 
other  fields  such  as  opto-electronics,  and  wave-absorbing  media. 

CONCLUSIONS 

In  conclusions,  a-SiNWs  were  controllably  grown  directly  on  Si  substrate  without  supplying 
any  gaseous  or  liquid  Si  sources.  It  was  shown  that  the  growth  of  the  a-SiNWs  was  different  from 
the  conventional  VLS  model.  Instead,  the  a-SiNWs  were  grown  via  an  SLS  mechanism,  in  which 
the  substrate  served  as  a  Si  source.  The  present  results  also  provide  an  alternative  but  simple 
approach  for  nanostructure  preparation. 
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ABSTRACT 

Highly  oriented  silicon  nanowires  were  grown  on  Si  (111)  substrate  via  a  solid- 
liquid-solid  (SLS)  mechanism.  Unlike  the  well  known  vapor-liquid-solid  (VLS) 
mechanism  of  whisker  growth,  no  gaseous  or  liquid  Si  source  was  supplied  during 
growth.  Ni  was  used  as  the  liquid  forming  agent  and  mixture  of  H2  and  Ar  was 
introduced  in  the  experiment.  Oriented  silicon  nanowires  grew  at  950  °C  and  the 
ambient  pressure  kept  at  about  200  Torr.  The  oriented  silicon  nanowires  have  a  length 
around  1  u  m  and  uniform  diameter  about  25nm.  Selected  area  electron  diffraction 
showed  that  silicon  nanowires  are  completely  amorphous.  The  approach  used  here  is 
simple  and  controllable,  and  may  be  useful  in  large-scale  synthesis  of  various 
nanowires. 

INTRODUCTION 

The  pioneering  work  of  the  discovery  of  multi-walled  carbon  nanotubes  by 
lijima’  has  stimulated  intensive  research  interests  on  one  dimension  nanomaterials. 
Compared  with  the  indirect  gap  nature  of  bulk  Si,  silicon  nanowires  (SiNWs)  are  a 
novel  one-dimension  nanostructures  whose  physical  properties  are  modified  through 
quantum  confinement  effect'"^.  It  has  been  reported  that  silicon  nanowires  can  emit 
full  visible  band  light\  Molecular  level  semiconductor/metal  hetero  junctions  using 
silicon  nanowire/carbon  nanotube  were  synthesized,  which  show  typical  rectifying 
effect  of  a  nano  diode^  These  results  reveal  that  silicon  nanowires  are  a  promising 
material  in  the  fundamental  research  and  potential  application.  Several  methods,  such 
as  laser  ablation',  physical  evaporation^  or  thermal  decomposition  of  silane',  were 
employed  to  synthesize  silicon  nanowires,  and  controlled  growth  of  the  nanowires  is 
yet  to  be  achieved,  which  is  important  in  device  application.  In  this  paper,  we  will 
report  highly  oriented  amorphous  silicon  nanowires  were  controllable  grown  on  Si 
substrate  in  a  new  large-scale  and  low-cost.  Though  the  Si  nanowires  are  of 
amorphous  nature,  the  approach  described  here  proved  to  be  effective  to  realize  the 
controlled  growth  of  nanowires. 

EXPERIMENTALS 

Heavy-doped  (1.5X  lO'Q/cm)  n-type  Si  (111)  wafers  were  used  as  substrates. 
The  silicon  substrates  were  cleaned  ultrasonically  in  pure  petroleum  ether  and  in 
ethanol  in  turns  for  5  min,  and  leached  in  distilled  water,  then  dried.  A  thin  layer  of  40 
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nm  nickel  was  thermal  deposited  on  the  substrate.  The  substrate  was  placed  in  a 
quartz  tube  which  was  heated  in  a  tube  furnace.  A  three-step  heating  procedure  was 
involved  in  the  growth.  Firstly,  the  system  was  heated  to  800  *C,  and  a  mixture  of 
(36sccm)/Ar  (^ccm)  were  introduced  to  the  tube.  The  temperature  was  then  raised 
from  800 ’C  to  950 'C  and  pure  Ar  (lOOsccm)  was  used  as  a  carrier  gas  in  this  step. 
The  ambient  pressure  of  the  tube  was  kept  near  750  Torr  by  adjusting  the  exit  valve, 
then  evacuated  the  tube.  This  procedure  was  repeated  three  times.  Finally,  the 
temperature  was  held  at  950’C  at  the  pressure  of  about  200  Torr  for  one  hour.  A 
mixture  of  (4sccm)  and  Ar  (36sccm)  was  introduced  to  the  tube.  After  cooling 
down  to  room  temperature,  a  dark  thin  layer  was  found  on  the  substrate.  An  Amray 
FEG-1910  scanning  electron  microscope  (SEM),  and  a  Hitachi-9000NAIl  high 
resolution  transmission  electron  microscope  (HREM)  equipped  with  energy 
dispersive  spectrum  (EDS)  were  employed  for  analysis  of  the  morphology  and 
microsiructure  of  the  product. 

RESULTS  AND  DISCUSSIONS 

A  low-magnified  SEM  image  of  the  SiNWs  is  shown  in  Fig.  1  (a),  representing  a 
general  planar  view  of  the  oriented  SiNWs.  It  is  visible  that  the  nanowires  were 
grown  on  centimeter-sized  substrate.  An  interesting  phenomenon  is  that  the  nanowire 
film  was  found  chapped  in  a  network  of  white-contrasted  lines.  The  inclined  view  at  a 
crossover  point  of  the  white  in  Fig.  1  (b)  revealed  the  w'hite  lines  are  in  fact  V-shaped 
chaps.  From  this  image  it  is  visible  that  the  film  consists  of  pure  silicon  nanowires. 
Parts  of  SiNWs  on  the  edge  of  chaps  fall  on  the  substrate. 


Fig.  1  (a)  Fig.l  (b) 

Fig.  1  SEM  image  of  oriented  SiNWs  on  the  substrate,  regions  except  white  lines  are 
composed  of  SiNWs  perpendicular  to  the  substrate,  (a)  Low  magnified  SEM  image;  (b) 
Magnified  SEM  image  of  the  chaps  of  the  white  lines,  revealing  that  the  film  consists 
of  pure  oriented  SiNWs. 

Fig.  2  shows  the  cross-sectional  view  of  the  silicon  naonwire  film.  It  is  visible  that 
SiNWs  grew  densely  and  were  well  oriented  perpendicularly  to  the  substrate.  The 
length  of  SiN  W  is  about  1  micrometer. 

Fig.  3  is  the  TEM  image  of  ultra  fine  SiNW,  which  were  scratched  from  the 
substrate.  It  shows  the  diameter  of  SiNWs  is  about  25mn.The  highly  diffusive  ring 
pattern  (inset)  in  select  area  electron  diffraction  (SAED)  revealed  that  SiNWs  are 
completely  amorphous. 
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Fig.  2  SEM  image  of  oriented  SiNWs  grown  on  the  substrate  (cross-sectional  view). 
SiNWs  grew  densely  and  are  all  perpendicular  to  the  substrate.  The  length  of  SiNWs  is 
about  1  u  m.  (a)  Low  magnified  SEM  image;  (b)  Magnified  SEM  image.  It  is  visible 
that  between  the  SiNWs  and  the  substrate  there  is  a  layer  of  nano-sized  particles  which 
proved  to  consist  of  Ni  and  Si. 


ir  ■  f 


Fig.  3 

Fig.  3  TEM  image  of  SiNWs,  which  were  scratched  off  from  the  substrate.The  SiNWs 
have  uniform  diameter  around  25nm.  The  SAED  pattern  shown  in  the  inset  reveals  a 
characteristic  diffusive  ring  pattern,  showing  that  the  nanowires  are  completely 
amorphous  (a-SiNWs). 


It  was  found  that  the  growth  of  the  SiNWs  here  is  different  from  the  VLS 
mechanism  for  conventional  whiskers*.  Instead,  the  growth  mechanism  of  the  a- 
SiNWs  were  controlled  by  a  solid-liquid-solid  mechanism  (SLS),  which  is  discussed 
in  detail  in  another  articled  A  brief  explanation  of  such  a  model  is  described  here.In 
the  present  circumstance,  the  Si  concentration  in  the  vapor  phase  is  negligible  at  the 
growth  temperature,  because  the  specific  surface/volume  ratio  of  bulk  Si  substrate  is 
extremely  low  compared  with  that  of  the  micro-sized  Si  powder  target,  or  in  the  case 
by  laser  ablation.  On  the  other  hand,  the  Si  substrate  was  covered  by  a  thin  layer  of  Ni. 
Therefore,  the  only  possible  silicon  source  comes  from  the  bulk  silicon  substrate, 
because  no  extra  Si  source  was  introduced  in  the  vapor  phase.  From  the  binary  Ni-Si 
diagram,  it  is  visible  that  the  eutectic  point  of  NiSij  is  993  *C.  However,  due  to  the 
melting  effect  of  small-size  grains,  the  eutectic  compound  NiSij  can  begin  to  form  in 
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a  temperature  lower  than  993  "C.  As  we  proved,  the  deposited  Ni  film  can  react  with 
the  Si  substrate  at  temperature  above  930“C,  and  forms  SijNi  eutectic  liquid  alloy 
droplets.  Because  of  the  relatively  high  solubility  of  Si  in  SijNi  eutectic  alloy,  more  Si 
atoms  will  diffuse  through  the  solid  (the  substrate)-liquid  interface  into  the  liquid 
phase  (the  Si2Ni  droplets).  A  second  liquid-solid  (nanowire)  interface  will  form  when 
the  liquid  phase  becomes  supersaturated  due  to  thermal  or  compositional  fluctuations, 
resulting  in  the  growth  of  SiNWs.  Because  this  growth  process  involves  solid-liquid- 
solid  phases,  it  is  nominated  as  a  SLS  growth,  which  is  in  fact  an  analogy  of  the  VLS 
mechanism. 

Because  SiNWs  grew  very  densely  and  closely  to  each  other,  Van  der  Waals 
interactions  among  SiNWs  are  so  strong  that  they  hold  SiNWs  oriented 
perpendicularly  to  the  substrate.  The  chaps  were  caused  during  the  second  step 
because  liquid  drops  tend  to  shrink  when  eutectic  Si-Ni  nanoparticles  are  formed. 
There  is  no  nickel  film  left  in  chaps,  so  that  no  eutectic  Si-Ni  nanoparticle  can  formed 
and  then  no  SiNW  will  grow  on  the  crack  aera. 

CONCLUSSION 

In  summary,  oriented  silicon  nano  wires  were  synthesized  via  a  solid-liquid-solid 
mechanism.  The  Si  substrate  serves  itself  as  Si  source  by  heating.  The  SiNWs  have 
uniform  diameter  and  length  up  to  1  u  m  .  Such  a  growth  was  explained  by  an  SLS 
model.  This  synthesis  method  of  oriented  SiNWs  is  simple  and  controllable.  It  can 
also  be  used  to  synthesize  other  nanowires. 
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ABSTRACT 

Composite  nanowires  with  typical  diameters  of  30-100nm,  which  consisted  of  Si,  P-SiC, 
amorphous  carbon  were  converted  from  Si  nanowires  by  ion  beam  deposition.  The  Si  nanorods 
were  exposed  to  broad  low  energy  ion  beams.  The  low  energy  hydrocarbon,  argon  and  hydrogen 
ions,  generated  in  a  Kaufman  ion  source,  reacted  >vith  Si  nanowires  and  formed  the  composite 
nanowires.  It  has  been  assumed  that  the  reaction  pathway  to  form  the  composite  nanowires  were 
driven  by  both  thermal  difrlision  and  kinetic  energic  of  interacting  particles. 

INTRODUCTION 

Since  the  discovery  of  carbon  nanotubes\  nanoscale  one-dimensional  structures  have 
stimulated  great  interest  in  the  research  community  because  of  their  exotic  electronic  and 
mechanical  properties.  H.  J.  Dai  et  al.^  first  reported  an  alternative  approach  to  the  synthesis  of 
solid  carbide  nanoscale  rods  of  TiC,  NbC,  FesC,  SiC,  and  BCx  from  carbon  nanotubes.  W.  Q. 
Han  et  al.^  reported  a  method  to  prepare  GaN  using  carbon  nanotubes.  Recently,  another  very 
important  nanoscale  material,  bulk-quantity  Si  nanowires,  have  been  successfully  synthesize  from 
silicon  oxide"*.  This  makes  it  possible  to  prepare  some  other  nanoscale  materials  by  using  Si 
nanowires  as  temp.  So  far,  most  work  reported  on  nanoscale  materials  has  focused  on  the  single 
structure  materials.  In  fact,  composite  nanoscale  materials  may  have  some  different  properties 
which  every  pure  material  does  not  have.  For  instance,  J.  T.  Hu  et  al.^  reported  that  the 
heterojunction  of  carbon  nanotubes  and  Si  nanowires  have  diode-like  I-V  characteristics. 

From  the  technique  point  of  view,  direct  deposition  by  ion  beam  technique  is  the  most 
direct  method  to  study  the  effect  of  ion  bombardment.  In  fact,  low  energy  species  of  tens  of  eV 
have  been  used  in  film  deposition  in  either  plasma  form  or  the  ion  beam  technique.^*  Recently, 
Chen  et  al.^  reported  the  formation  of  bulk-buried  stoichiomtric  SiC  layer  in  the  silicon  substrates 
via  ion  implantation  and  subsequent  annealing  treatment.  In  this  letter,  we  report  the  synthesis  of 
composite  nanowires  by  the  bombardment  of  a  fixed  ion  beam  of  CH4,  H2  and  Ar  on  Si 
nanowires. 

EXPERIMENT 

A  vacuum  chamber  equipped  with  a  Kaufman  ion  source  (3.0-1500-1000,  ION.  TECH, 
INC.  USA)  was  used  for  the  treatment  of  Si  nanowires  synthesized  by  thermal  evaporation  of  a 
powder  mixture  of  Si  and  Si02  were  used  as  substrate.  In  order  to  eliminate  contamination,  the  Si 
nanowires  were  put  on  a  mirror-polished  Si  wafer.  The  deposition  process  was  carried  out  in  the 
vacuum  chamber  with  a  base  pressure  of  2x10’^  Torr.  A  mixture  of  methane  (>99.9%),  hydrogen 
(>99.999%)  and  argon  (>99.995%)  was  introduced  into  the  ion  source  as  the  working  gas  with 
the  ratio  of  CH4:H2:Ar=  1:50;  173.  The  total  flow  rate  was  2  seem  and  the  deposition  pressure 
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was  kept  at  about  SxlO"^  Torr.  Ions  generated  from  the  ion  source  were  accelerated  to  bombard 
the  Si  nanowires  with  an  accelerating  voltage  of  200eV.  The  ion  dose  measured  by  a  Faraday  cup 
was  3xl0’^/cm^.  The  substrate  temperature  measured  by  an  infrared  thermometer  was  700^C.  A 
high-  resolution  transmission  electron  microscope  (HRTEM,  Philips  CM200  FEG)  was  used  to 
characterise  the  samples. 

RESULTS  AND  DISCUSSION 


Fig.  1  TEM  images  (at  lower  magnification)  of  Si  nanowires  (a)  and  composite  nanowires  (b).  Inset  shows 
the  corresponding  electron  diffraction  pattern. 

The  transmission  electron  microscope  (TEM)  images  in  Fig.  1(a)  shows  the  general 
morphology  of  Si  nanowires  synthesized  by  the  thermal  evaporation  of  the  powder  mixture  of  Si 
and  Si02'*.  The  nanowires  are  extremely  long  (>10p,m)  with  uniform  diameter  and  smooth 
surfaces.  The  average  diameter  of  the  Si  nanowires  is  20nm.  The  electron  diffraction  pattern 
showed  that  the  wires  are  Si  nanowires.  The  previous  results'*  indicated  that  each  nanowire 
consists  of  a  single  crystalline  Si  core  and  a  very  thin  amorphous  SiOx.  Fig.  1(b)  shows  the  TEM 
morphology  (at  lower  magnification)  of  the  above  Si  nanowires  after  bombardment  of  ion  beam. 
The  diameter  of  the  nanowires  after  treatment  is  about  30-1  OOnm;  it  is  much  larger  than  that  of  Si 
nanowires  before  treatment.  For  some  nanowires,  a  black  core  and  grey  shell  can  be  seen.  The 
diameter  of  the  black  core  is  close  to  that  of  the  Si  nanowires.  We  called  the  nanowires  after 
treatment  as  composite  nanowires. 

Fig.  2  shows  the  bright  field  (Fig.  2(a)),  dark  field  (Fig.  2(b))  TEM  image  at  larger 
magnification  and  the  corresponding  electron  diffraction  pattern  (in  set)  of  the  composite 
nanowires.  From  this  figure,  we  can  see  the  surface  of  the  composite  nanowires  became  very 
ruffle  due  to  the  existence  of  very  small  particle  on  its  surface.  The  electron  diffraction  pattern 
shows  that  very  small  P-SiC  particles  formed  on  the  Si  nanowire  surface.  The  dark  field  image 
proves  that  the  electron  diffraction  pattern  resulted  from  the  very  small  crystallises  on  the  surface 
of  the  composite  nanowires. 


(a)  20j0nni 


(b)  500nm 
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Fig.  2.  Bright  field  (a)  and  dark  field  (b)  TEM  images  (at  larger  magnification)  of  the  composite 
nanowires  and  the  corresponding  electron  diffraction  pattern 


Fig.  3.  High  resolution  TEM  images  of  the  composite  nanowires 

Fig.  3  shows  the  high  resolution  TEM  images  of  some  different  composite  nanowires. 
There  are  only  some  P-SiC  nanopaticles  on  the  surface  of  the  composite  nanowires,  and  these  P- 
SiC  nanopaticles  contact  the  core  of  the  Si  nanowire  directly  (Fig.  3(a)).  For  some  nanowires, 
only  the  P-SiC  nanopaticles  can  be  observed  by  high  resolution  TEM  image  (Fig.  3  (b)).  In  this 
case,  the  thickness  of  the  outer  shell  is  too  thick  and  makes  it  impossible  to  observe  the  core  of 
the  Si  nanowire  by  high  resolution  TEM.  For  some  nanowires,  besides  the  p-SiC  nanopaticles,  an 
amorphous  outlay  on  the  p-SiC  nanopaticles  were  observed  (Fig.  3(c)),  the  EDX  result  indicates 
that  the  amorphous  outlay  should  be  amorphous  carbon  layer.  The  sizes  of  the  p-SiC 
nanocrystallines  showed  in  the  above  figures  are  almost  the  same  (several  nanometers).  All  these 
P-SiC  nanoparticles  are  allied  randomly. 

Based  on  the  present  experimental  data,  the  mechanism  of  ion  bombardment  induced  the 
formation  of  the  composite  nanowires  can  be  attributed  to  both  thermal  diffusion  and  kinetic 
energy  of  interacting  particles.  During  the  treatment  of  ion  beam,  atomic  hydrogen,  hydrogen  ions 
and  CHx  radicals  formed  in  the  ion  source  by  means  of  Ar  plasma  assistance  and  were  abstracted 
from  the  ion  gun  by  the  acceleration  bias.  The  CHx  radicals  with  high  energy  bombarded  the 
silicon  wires  surface  and  decomposed  into  carbon  and  hydrogen  atoms.  The  carbon  atoms 
diffused  into  the  Si  nanowires,  furthermore  reacted  with  the  silicon  nanowires  and  formed  SiC 
nanocrystallines  on  the  surface  of  the  Si  nanowires.  On  the  other  hand,  the  atomic  hydrogen  and 
hydrogen  ions  with  high  energy  reacted  with  the  silicon  nanowires  and  formed  SxHy  radicals  on 
the  Si  nanowires  surface.  The  radicals  SxHy  decomposed  into  silicon  and  hydrogen  atoms.  The 
silicon  atoms  diffused  through  the  outlay,  reacted  with  CHx  radicals  and  also  formed  SiC 
nanocrystallines.  During  the  early  stage  of  the  ion  bombardment  on  Si  nanowires,  SiC 
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nanocrystallines  formed  directly  on  the  surface  of  the  Si  nanowires.  Fig.  3(a)  provides  the  direct 
evidence  of  the  existence  of  the  SiC  nanocrystallines  on  Si  nanowire.  With  increasing  of  the 
thickness  of  the  outlay,  the  quantity  of  the  carbon  and  silicon  atoms  which  transferred  through  the 
outlay  decreased  and  amorphous  carbon  began  to  deposit  due  to  the  decomposition  of  the  CHx 
radicals.  So,  what  we  see  in  Fig.  3(b)  may  be  a  kind  of  a  mixture  of  SiC  nanoparticles  and 
amorphous  carbon  matrix.  When  the  film  covered  the  Si  nanowires  core  was  enough  thick,  the 
silicon  and  carbon  atoms  could  not  diffuse  so  long  distance  and  only  amorphous  carbon  formed 
on  the  out  surface  of  the  composite  nanowires  (Fig.  3(c)).  In  conclusion,  two  type  composite 
nanowires  can  be  produced  by  ion  beam  deposition.  One  is  the  nanowire  which  consists  of  single 
crystalline  silicon  nanowire  core  and  polycrystalline  P-SiC  shall  (Fig.  3(a),  (b)).  The  other  is  the 
nanowire  which  consists  of  single  crystalline  silicon  nanowire  core  and  two  out  shells: 
polycrystalline  p-SiC  and  amorphous  carbon  (Fig.  3(c)). 

CONCLUSIONS 

In  summary,  we  report  and  study  the  synthesis  of  two  kinds  of  composite  nanowires  from 
Si  nanowires  by  ion  beam  deposition.  The  composite  nanowires  consist  of  Si,  P-SiC  or 
amorphous  carbon. 

ACKNOWLEDGMENTS 

Financial  support  by  the  Research  Grant  Council  of  Hong  Kong  under  Grant  No.  9040459 
is  gratefully  acknowledged. 

REFERENCES 

1.  lijima.  Nature  (London)  354,  56  (1991). 

2.  H.  G.  Dai,  E.  W.  Wong,  Y.  Z.  Lu,  S.  S.  Fan,  and  M.  Lieber,  Nature  (London)  375,  769  (1995). 

3.  W.  Q.  Han,  S.  S.  Fan,  Q.  Q.  Li,  and  X.  D.  Hu,  Science  277,  1287  (1997). 

4.  N.  Wang,  Y.  H.  Tang,  Y.  F.  Zhang,  C.  S.  Lee,  I.  Bello,  and  S.  T.  Lee,  Chem.  Phys.  Lett.  299, 
237(1999). 

5.  J.  T.  Hu,  M.  Ouyang,  P.  D.  Yang,  and  M.  Lieber,  Nature  (London)  399, 48  (1999). 

6.  C.  Weissmantell,  in  Thin  Films  From  Free  Atoms  and  Particles,  edited  by  K.  J.  Klabunde 
(Academic,  Orlando,  FL,  1985). 

7.  J.  C.  Angus,  P.  Kiodl,  and  Domitz,  in  Plasma  Deposited  in  Thin  Films,  edited  by  J.  Mort  and  F. 
Jansen  (CRC,  Boca  Raton,  FL,  1986). 

8.  T.  Takai,  Thin  solid  Films  92,  1  (1982). 

9.  D.  Chen,  S.  P.  Wong,  W.  Y.  Cheung,  I.  H.  Wilson,  and  R.  W.  M.  Kwok,  Amorphous  and 
Crystalline  Insulating  Thin  Films,  Oct.  12-14,  Hong  Kong. 


238 


ARC  DISCHARGE  FOR  THE  SYNTHESIS  OF  MONOCLINIC  Gn^O,  NANOWIRES 

YOUNG  CHUL  CHOI*,  DONG  JAE  BAE*,  SEUNG  MI  LEE*,  YOUNG  SOO  PARK*, 
YOUNG  HEE  LEE*,  GYEONG-SU  PARK**,  WON  BONG  CHOI***,  NAE  SUNG  LEE***, 
JONG  MIN  KIM*** 

*  Department  of  Semiconductor  Science  and  Technology,  Jeonbuk  National  University,  Jeonju 
561-756,  R.  O.  Korea,  leeyh@sprc2.chonbuk.ac.kr 
**  Analytical  Engineering  Laboratory,  Samsung  Advanced  Institute  of  Technology,  Suwon  440- 
600,  R.  O.  Korea 

***  Display  Laboratory,  Samsung  Advanced  Institute  of  Technology,  Suwon  440-600,  R.  O. 
Korea 


ABSTRACT 

Monoclinic  gallium  oxide  (P-Ga203)  nanowires  were  catalytically  synthesized  by  electric 
arc  discharge  of  GaN  powders  mixed  with  a  small  amount  (less  than  5  %)  of  transition  metals 
under  a  pressure  of  500  Torr  (80  %-Ar  +  20  %-02).  Scanning  electron  microscope  (SEM)  and 
high-resolution  transmission  electron  microscope  (HRTEM)  images  showed  that  the  average 
diameter  of  the  wires  were  about  30  nm  and  their  lengths  were  as  long  as  up  to  one  hundred 
micrometer,  resulting  in  extremely  large  aspect  ratio,  Fourier  dififractogram  was  indicative  of 
single  crystalline  nature  of  the  p-Ga203  wire.  HRTEM  image  also  showed  p-Ga203  with  twin 
defects  at  the  center  of  the  wire  which  might  play  as  nucleation  seeds.  Both  X-ray  diffiaction 
(XRD)  patterns  and  FT-Raman  spectra  of  the  wires  identified  the  observed  nanowires  as 
monoclinic  crystalline  gallium  oxides. 

INTRODUCTION 

Nanowires  of  various  materials  have  recently  attracted  much  attention  due  to  their 
mesoscopic  phases  that  provide  new  physical  properties  and  strong  application  to  devices. 
However,  from  energetical  point  of  view,  it  is  rather  unusual  to  have  the  nanostructures 
compared  with  bulk  phase.  Nonetheless,  various  nano  wires  are  experimentally  observed  [1-3], 
although  the  formation  mechanism  is  still  far  from  being  clearly  understood.  The  key  issue 
here  is  how  to  compensate  the  energy  penalty  in  forming  P-Ga203  nanowires  and  further 
accelerate  the  formation  of  the  nanowires.  We  focus  in  particular  here  the  role  of  transition 
metals,  which  seems  to  an  essential  ingredient  in  forming  nanowires.  Unfortunately,  the 
transition  metals  play  different  roles  with  different  synthesis  approaches.  Therefore,  a 
comprehensive  understanding  of  a  role  of  transition  metals  for  a  given  synthesis  approach  is 
required  to  control  the  growth  process. 

In  this  study,  we  synthesized  monoclinic  gallium  oxide  (P-Ga203)  nanowires  by  dc  arc 
discharge  method,  and  the  structural  and  optical  properties  of  the  nanowires  were  investigated.  It 
was  found  from  structural  analyses  that  the  arc  discharged  products  were  p-Ga203  nanowires 
with  [001]  direction  of  axis.  Optical  characterization  showed  that  the  indirect  band  gap  of  the 
wires  are  about  3.6  eV, 

EXPERIMENTS 

Conventional  dc  arc  discharge  method  was  used  to  synthesize  P-Ga203  nanowires.  GaN 
powder  (99.999  %,  High  Purity  Chemicals)  with  5  wt%  of  transition  metal  powders  (Ni:Co=l;l 
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and  Ni:Co:Y=4.5:4.5:l)  was  pressed  into  a  small  hole  (diameter:4  mm,  depth:25  mm)  of  the 
graphite  anode  (diameter:6  mm).  DC  current  of  55-65  A  with  a  voltage  of  13-15  V  was  applied 
between  two  electrodes  under  a  total  pressure  of  500  torr  of  argon  and  oxygen  gases 
(PAr:Po2='400:100).  Arching  time  was  typically  5-6  sec.  The  chamber  wall  was  kept  cooled  by 
circulated  water. 

Scanning  electron  microscope  (SEM)  and  high-resolution  transmission  electron 
microscope  (HRTEM)  were  used  to  investigate  the  morphology  and  the  microstructure  of 
nanowires.  X-ray  diffraction  (XRD)  and  Fourier  transformed  (FT)  Raman  spectroscopy  were 
employed  to  confirm  P-GujOj  structure.  UV  adsorption  measurement  was  done  for 
determining  optical  band  gap. 

RESULTS  AND  DISCUSSION 

Nanowires  were  deposited  on  the  cathode,  chamber  wall,  and  in-between  as  a  form  of 
web-like  network.  Bluish  grey  powders  were  obtained  from  three  regions,  although  original 
GaN  powder  was  white  in  color.  In  addition,  small  amount  of  carbon  nanotubes  were  detected 
sometimes  as  a  black  powder.  Therefore,  a  careful  control  of  arcing  time  was  required  to 
minimize  the  production  of  carbon  nanotubes.  The  pressure  is  also  a  very  important  factor  for 
forming  nanowires.  We  could  not  obtain  the  nanowires  at  pressures  under  450  torr.  Bluish  grey 
powders  were  extracted  exclusively  for  characterizations. 
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Fig.  I,  (a)  SEM  image  of  P-Ga203  nanowires,  (b)  HRTEM  image  of  p-GajOj  nanowire,  (c)  Simulated  image  of  P- 
Ga203  nanowires  with  6x6x12  supercell. 


Figure  1(a)  shows  a  typical  SEM  image  from  web-like  network.  A  large  quantity  of 
nanowires  are  formed  with  relatively  uniform  diameters.  The  nanowires  are  straight  and  long, 
resulting  in  large  aspect  ratio.  We  observed  from  cathode  deposits  that  nano  wires  are  as  long 
as  one  hundred  micrometer,  in  some  cases  [4].  In  this  case,  very  pure  nanowires  were  obtained, 
in  contrast  with  carbon  nanotubes  generated  by  arc  discharge  where  large  amount  of 
nanoparticles  were  produced  in  addition  to  carbon  nanotubes  [5].  We  found  that  addition  of 
small  amount  of  yttrium  was  necessary  for  massive  production  of  nano  wires,  suggesting  that 
yttrium  may  play  as  an  effective  catalyst.  Note  that  no  nano  wire  was  formed  without  transition 
metals. 

Figure  1(b)  shows  a  HRTEM  image  of  the  nanowire.  The  image  clearly  illustrates 
crystalline  structure  of  nanowire  with  twin  defects  (twin  angle  of  about  160°)  at  the  center  of  the 
nanowire.  The  nano  wire  reveals  a  smooth  surface  without  step  edges.  The  typical  diameter  of  the 
nanowires  is  about  33  nm.  Note  that  no  amorphous  layer  was  formed  on  the  surface.  The 
inset  shows  the  Fourier  diffractogram  obtained  from  the  HRTEM  image,  indicating  a  crystalline 
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nature  and  the  direction  of  the  nanowire  axis  to  be  [001].  In  order  to  confirm  these,  we 
constructed  a  monoclinic  GajOs  nanowire  and  obtained  simulated  pattern  for  the  HRTEM  image, 
as  shown  in  Fig.  1(c),  again  clearly  demonstrating  the  similar  properties.  The  crystallographic 
directions  in  the  simulated  pattern  agree  with  the  observed  HRTEM  image  with  lattice 
parameters  of  o  =  12,23  A,  6  =  3.04  A,  c  =  5.8  A  (a  =  90^  p  =  103.7°,  y  =  90°).  The 
distance  between  bright  lines  along  wire  axis  is  6.1  A  in  simulated  pattern,  in  good  agreement 
with  about  6  A  in  the  HRTEM  image  (Fig.  1(b)).  The  energy  dispersive  X-ray  spectroscopy 
(EDS)  carried  out  with  high-spatial  resolution  of  a  field-emission  (FE)  TEM  shows  peaks  of  Ga 
and  O  only,  again  indicating  the  formation  of  gallium  oxide  [4]. 
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Fig.  2.  XRD  pattern  of  (l-GazOs  nanowires  and 
relative  XRD  intensities  from  JCPDS  card. 


Fig.  3.  FT-Raman  spectra  of  (3-Ga203  nanowires  and 
powder. 


Figure  2  shows  XRD  pattern  of  nanowires.  The  peak  positions  are  in  good  agreement 
with  those  of  monoclinic  GajOj  powder  obtained  from  JCPDS  card  [6].  However,  the  relative 
intensity  is  different,  which  may  indicate  the  formation  of  quantum  nano  wires.  Strong  peaks  at 
(312)  and  (-512)  planes  are  shown  in  nano  wires,  whereas  the  peak  at  (111)  plane  shows  the 
highest  intensity  in  Ga203  powder. 

Figure  3  shows  FT-Raman  spectra  of  obtained  nano  wires  and  monoclinic  Ga203  powder 
(5N,  Aldrich).  Several  sharp  peaks  at  252,  321,  347,  476,  630,  653,  and  766  cm’’  were 
observed  in  addition  to  the  previously  reported  peaks  at  201  and  417  cm’’  [7].  The  peak 
positions  of  nanowires  are  in  excellent  agreement  with  those  of  powders,  although  the  peaks 
become  narrower,  indicating  good  crystallinity.  We  note  that  neither  GaN  nor  carbon-related 
peaks  are  observed.  It  can  be  concluded  from  these  structural  analyses  that  the  observed 
nano  wires  are  monoclinic  gallium  oxide  (p-Ga203)  with  [001]  direction  of  nano  wire  axis. 

Although  P-GajOj  nanowires  were  clearly  confirmed  from  the  above  analyses,  it  is  still 
not  clear  how  P-Ga203  nanowires  are  formed  from  GaN  powders  both  energetically  and 
kinetically.  Here,  we  evaluate  Gibbs  free  energy  of  the  reaction.  The  reaction  can  be 
expressed  as 


2GaN  +  (3/2+x)02(g) 


Ga203  +  2  NO^(g) 


In  order  for  the  above  reaction  to  occur,  the  standard  Gibbs  free  energy  (AG°)  of  the  reaction 
should  be  negative.  To  calculate  the  AG°  of  the  reaction,  we  chose  NO  gas,  i.e.,  x=l,  as  a 
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produced  gas,  and  the  estimated  reaction  temperature  of  5000  K  [8].  We  observed  through  the 
window  that  bluish  gases  were  formed  during  the  reaction,  suggesting  the  formation  of  NO,  gas. 
This  excludes  the  possibility  of  forming  N2  gas.  AG°  was  then  estimated  by  the  handbook  [9]. 
The  calculated  value,  AG®  =  -  620  KJ/mol,  assures  that  this  reaction  is  energetically  favorable. 
The  standard  Gibbs  free  energy  varies  with  temperature.  This  value  becomes  maximum  (-570 
KJ/mol)  at  2300  K  and  decreases  with  increasing  temperature  [9].  The  reaction  temperature  in 
arc  discharge  is  usually  greater  than  5000  K,  again  ensuring  more  preferable  reaction  to  occur. 
Since  nano  wires  were  not  formed  without  transition  metals,  we  believe  that  transition  metals 
play  a  crucial  role  in  forming  nanowires.  Furthermore,  even  Ga203  powders  were  not  formed 
without  transition  metals,  suggesting  that  transition  metals  promote  catalytically  the  above 
reaction  in  transforming  GaN  powders  into  gallium  oxides.  One  may  believe  that  nickel  oxide 
and  cobalt  oxide  can  be  also  formed  during  the  reaction.  However,  standard  Gibbs  free  energies 
of  the  reactions  for  forming  these  oxides  are  positive  at  arcing  temperature  [9],  excluding  the 
possibility  of  producing  transition  metal  oxides. 


Fig.  4.  (a)  Calculated  band  structures  and  density  of  states  of  P-Ga203.  (The  circles  in  band  structures  indicate 
indirect  band  gap),  (b)  UV  absorption  spectrum  of  P-Ga203  nanowires. 

Figure  4(a)  shows  theoretically  calculated  band  structure  and  corresponding  density  of 
states  of  p-Ga203  We  performed  density- functional  calculations  based  on  the  local  density 
approximation  (LDA)  and  generalized  gradient  approximation  (GGA)  [10].  The  ionic  potentials 
are  described  by  a  norm-conserving  nonlocal  pseudopotential  generated  by  Troullier-Martins 
[11]  in  a  separable  form  of  Kleinman  and  By  lander  [12].  Exchange-correlation  functions 
parameterized  by  the  Perdew-Zunger  scheme  [13]  are  used.  The  energy  cutoff  for  the  plane- 
wave  expansion  of  wavefunctions  is  70  Ry,  and  periodic  boundary  conditions  are  applied. 
Brillouin  zone  integrations  are  done  using  54  special  /:-points  sampling,  as  suggested  by 
Monkhorst  and  Pack  [14].  Our  LDA  calculations  give  indirect  band  gap  Z  to  G,  as  shown  in 
Fig.  4(a).  The  GGA  calculations  also  give  indirect  band  gap.  The  band  gap  was  2.35  eV  and 
2.04  eV,  by  LDA  and  GGA  method,  respectively.  It  is  well-known  that  LDA  and  GGA 
underestimate  the  band  gap. 

Figure  4(b)  shows  UV  absorption  spectrum  of  P-Ga203  nanowires.  It  has  been  reported 
that  band  gap  (Eg)  of  3-Ga203  was  determined  to  be  about  4  eV  from  absorption  measurement 
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by  assuming  direct  band  gap  [15].  If  p-Ga^Oj  has  direct  band  gap,  obtained  p-GajOj  nano  wires 
have  the  band  gap  of  about  4.0  eV,  as  shown  in  Fig.  4(b).  However,  our  LDA  and  GGA 
calculations  demonstrated  that  3-Ga203  has  an  indirect  band  gap.  Thus,  Eg  was  determined  by 


E,=  [(E,-E,)  +  (E3  +  E,)]/2 


,  resulting  in  the  band  gap  of  about  3.6  eV. 

CONCLUSION 

Monoclinic  gallium  oxide  (p-GajOj)  nanowires  were  synthesized  by  dc  arc  discharge  of 
GaN  powders  with  a  small  amount  of  transition  metals  in  a  gas  mixture  of  argon  and  oxygen. 
The  structural  analyses  showed  that  the  observed  nanowires  are  monoclinic  gallium  oxide  (p- 
Ga203)  with  [001]  direction  of  nanowire  axis.  LDA  and  GGA  calculations  revealed  that  p- 
GajOj  has  an  indirect  band  gap.  Using  UV  absorption  measurements,  the  band  gap  of  p-Ga203 
was  determined  to  be  about  3.6  eV. 
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ABSTRACT 

The  room  temperature  structural,  magnetization  and  magnetoresistive  properties  of  Ni- 
nanowires  of  diameters  18,  30  and  78  nm  and  various  lengths,  fabricated  by  electrochemical 
deposition  of  Ni  in  the  nanopores  of  anodic  alumina,  are  investigated.  The  crystallographic 
orientation  depends  on  the  diameter  of  nanowires.  Nanowires  show  perpendicular  magnetic 
misotropy  and  enhanced  coercivity  (He)  and  remanent  magnetization  (Mr)  V2ilues  of  up  to  500 
Oe  and  50%  respectively.  An  electrodeposited  Ni-layer  (5  pm)  on  copper  substrate  shows  in 
plane  magnetic  anisotropy  and  the  He  and  Mr  values  are  97  Oe  and  37%.  Ni-nanowires  and  Ni- 
layer  show  an  anisotropic  magnetoresistive  behaviour. 

INTRODUCTION 

Arrays  of  small  magnetic  particles  show  different  magnetic  interactions  and  anisotropies 
compared  to  the  bulk  state.  The  magnetic  properties  depend  on  the  size  and  shape  of  these 
nanostructured  arrays  [1  -  5].  Arrays  of  discs  and  nanowires  that  are  few  tens  of  nanometers  in 
diameter  may  be  fabricated  by  several  methods.  In  the  template  method,  metallic  nanowires  are 
produced  inside  the  voids  of  nanoporous  nonconducting  host  materials  [6-9].  The  other  method 
uses  the  lithographic  techniques  [10-12],  Fabrication  of  nickel  and  cobalt  nanowires  by 
electrochemical  deposition  of  metals  into  templates  with  nanometer  sized  pores  prepared  by 
nuclear  track  etching  of  polycarbonates  was  reported  [9].  These  nano  wires  show  perpendicular 
magnetic  anisotropy  (magnetization  perpendicular  to  the  substrate  and  parallel  to  the  axis  of 
nanowires)  and  enhanced  coercivity  (He)  and  remanent  magnetization  (Mr).  The  shape 
anisotropy  compels  the  magnetization  to  be  along  the  axial  direction  of  the  nanowires  and  is  a 
consequence  of  the  geometry  of  the  nanowire  arrays.  A  porous  aluminum  oxide  (anodic 
alumina)  layer  is  formed  when  the  aluminum  metal  is  electrochemically  oxidized  in  the  acid 
electrolytes  e.g.  sulphuric,  chromic  and  phosphoric  acids.  The  pores  in  the  anodic  alumina  are 
quite  uniform,  parallel  and  open  only  at  the  oxide-electrolyte  interface.  Metal  can  be 
electrochemically  deposited  into  the  pores  by  transferring  the  preanodized  aluminum  to  an 
appropriate  electrolyte  followed  by  a,c.  electrolysis.  As  the  electrodeposition  continues,  metal 
fills  the  pores  from  the  bottom  upwards.  Metal  nanowires  can  be  fabricated  in  this  manner  with 
different  lengths  and  diameters.  Arrays  of  ferromagnetic  nanowires  fabricated  in  this  way  also 
show  perpendicular  magnetic  anisotropy  and  enhanced  He  and  Mr  values  depending  on  the 
diameter,  length  and  packing  density  of  the  ferromagnetic  nanostuctures  [7].  Earlier  we  reported 
the  fabrication  of  cobalt  and  permalloy  nanowires  by  electrodeposition  into  the  pores  of  anodic 
alumina  and  their  structural,  magnetic  and  magnetoresistive  properties  [13,  14].  These 
nanowires  are  of  potential  applications  in  the  high  density  perpendicular  recording  media  [1 5  - 
17]  and  microsensors  such  as  reading  head  or  high  sensitivity  magnetic  field  sensors  based  on 
the  magnetoresistive  properties. 

In  this  paper  we  report  the  fabrication  of  Ni-nanowires  of  diameters  18,  30  and  78  nm  and 
different  lengths  by  anodic  oxidation  of  (Al-l%Mg)  substrate  and  then  electrodepositing  the 
nickel  into  the  pores  by  a.c.  electrolysis.  The  morphological,  structural,  magnetic  and 
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magnetoresistive  properties  as  a  function  of  the  diameter  and  length  of  the  nanowires  are 
investigated  and  compared  with  an  electroplated  continuous  nickel  layer  of  5  pm  thickness  on 
copper  substrate  and  25  nm  crystallite  size. 

EXPERIMENTAL  DETAILS 

The  fabrication  of  the  Ni-nanowires  consists  of  two  step  process:  First  anodic  alumina  of 
different  pore  diameters  is  obtained  by  electrochemically  oxidizing  an  (Al-1%  Mg)  substrate  in 
electrolytes  at  different  temperatures  and  potentials  e  g.  A:  Pores  of  18  nm  diameter:  7  wt.% 
H2SO4  electrolyte,  25  V  and  0°C;  B:  Pores  of  30  nm  diameter:  10  wt.%  H3PO4, 30  V  and  30°C; 
C:  Pores  of  78  nm  diameter:  3wt.%  CiOb,  40  V  and  40°C.  The  pore  morphology  was  checked  by 
scanning  electron  microscopy. 

Table  I:  Anodic  oxidation  of  (Al-1%  Mg)  in  various  electrolytes  and  the  pore  characteristics 


Electrolyte 

1 

Pore  diameter 

(nm) 

Inter-pore 
distance  (nm)  , 

Wall  thickness 
(nm) 

Pore 

density/cm^ 

1. 

7wt.%H2S04;  25  V; 
0°C 

18 

42 

30 

2. 

10wt.%H3P04;30V; 

30°C 

30 

46 

19 

igiiii^ 

3. 

3  wt.%  Cr03;  40  V; 
40°C 

78 

89 

15 

Biilillll 

The  nickel  nanowires  of  different  diameters  and  lengths  were  deposited  into  the  pores  of  anodic 
alumina  using  a  sulphate  bath  (1 12  g/1  NiS04*6H20  +  40  g/1  H3BO3)  with  a  pH  value  of  3.9  at 
50°C  temperature  using  an  a.c.  voltage  (20  -  40  V;  50  Hz).  A  Ni  layer  of  5  pm  was  also 
deposited  on  a  copper  substrate  using  the  same  electrolyte  and  a  current  density  of  10  mA/cm^. 
The  crystallographic  structure  and  texture  of  the  Ni-nanowires  and  layer  were  checked  by  X-ray 
diffraction  technique  using  CuKa-radiation.  The  crystallite  size  of  the  Ni  layer  was  determined 
using  the  Scherrer  formula:  0.9*X  /  B  *  cos0  [18]  (B  is  the  full  width  at  half  maximum  of  a  (0  - 
20)  diffraction  line  of  Bragg  angle  0  and  X  is  the  wave  length  of  the  CuKa-radiation).  The 
magnetization  measurements  were  made  at  room  temperature  using  a  vibration  magnetometer. 
The  magnetoresistive  measurements  were  made  by  two  point  technique  by  applying  magnetic 
field  parallel  and  perpendicular  to  the  substrate  plane. 

RESULTS  AND  DISCUSSION 

Fig.  1  shows  the  SEM-images  of  anodized  (Al-1%  Mg)  substrate  using  different 
electrolytes.  The  pore  characteristics  are  listed  in  table  I.  The  wall  thickness  decreases  with 
increasing  pore  diameter.  Fig.  2  shows  the  (0  -  20)  X-ray  diffractograms  of  Ni-layer  (5pm)  on  a 
copper  substrate  and  the  Ni-nanowires  of  diameters  18,  30  and  78  nm  in  the  pores  of  anodic 
alumina.  A  crystallographic  preferred  orientation  of  <200>  and  <220>  is  observed  in  the  Ni- 
layer  of  f  c.c.  structure.  The  Ni  crystallite  size  estimated  from  the  Scherrer  formula  is  ~  25  nm. 
The  Ni-nanowires  of  18  nm  diameter  show  only  <220>  crystallographic  orientation,  where  as 
the  30  nm  and  78  nm  diameter  nanowires  show  both  <200>  and  <220>  crystallographic 
preferred  orientations  similar  to  the  Ni-layer  but  with  different  intensities.  This  shows  that  the 
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30  20  (deg.)  100 

Fig.  2  (0  -  29)  Bragg-Brentano  X-ray  diffraction  patterns  of  Ni  layer  of  5  pm  thickness  on  Cu 
substrate  and  Ni  nanowires  of  diameters:  18, 30  and  78  nm 


HlOe! 


H[Oe] 


Fig.  3  Hysteresis  loops  of  Ni  layer  (5  pm)  and  Ni  nanowires  of  diameter  18  nm 
and  length:  0.5, 1.0  and  1.4  pm  with  H  parallel  and  perpendicular  to  substrate  plane 
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Vif  Vi 


Diameter  [nm] 

Fig.  4  Variation  of  the  (Mi/Ms)  ratio  and 
coercivity  He  with  the  diameter  of  Ni 
nanowires 


Length  [nm] 


Fig.  5  (M/Ms)  as  a  function  of  the 
length  of  the  Ni  nanowires  of  1 8, 
30  and  78  nm  diameters 


H[Oel 

Fig.  6  Room  temperature  raagnetoresistance 
curves  of  Ni  layer  (5  pm)  and  Ni  nanowires  with 
magnetic  field  parallel  and  perpendicular  to  the 
cuirent  flow 
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nanowires  of  diameter  larger  than  18  nm  do  not  have  a  single  orientation  perpendicular  to  the 
substrate. 

The  magnetization  hysteresis  loops  of  the  Ni-layer  and  nanowires  of  18  nm  diameter  and 
different  lengths  with  magnetic  field  parallel  and  perpendicular  to  the  substrate  plane  taken  at 
room  temperature  are  shown  in  Fig.  3.  The  easy  axis  of  magnetization  of  Ni-layer  is  parallel  to 
the  surface  (parallel  to  the  substrate)  and  the  He  and  Mr/Ms  (squareness)  values  are  97  Oe  and 
0.37  respectively.  The  easy  axis  of  magnetization  of  Ni-nanowires  is  parallel  to  the  axis  of  the 
nanowires.  The  values  of  He  and  Mt/Ms  are  enhanced  compared  to  the  Ni-layer  and  vary  with 
the  length  e.g.  between  0.5  and  1.4  pm. 

Magnetization  hysteresis  loops  of  Ni-nanowires  of  30  and  78  nm  diameters  and  different 
lengths  were  also  taken  at  room  temperature.  Fig.  4  shows  the  plot  of  He  and  M,yMs  as  a 
function  of  diameter  of  a  nanowire  of  length  0.3  pm.  Maximum  He  and  M^/Ms  values  of  500  Oe 
and  0.45  are  observed  for  the  nanowires  of  30  nm  diameter.  The  lower  values  of  He  of  the  18  nm 
diameter  nanowires  may  be  due  to  the  imperfections  in  the  nanostructure  formation  [9].  An 
enhancement  of  coercivity  with  decreasing  wire  diameter  is  expected.  Because  larger  diameter 
facilitates  the  formation  of  multidomain  structure  and  degradation  of  coercivity.  The 
dependence  of  He  and  Mr/Ms  on  the  length  of  the  nano  wires  of  diameters  18,  30  and  78  nm  is 
shown  in  Fig.  5.  In  general  the  He  and  Mr/Ms  values  increase  with  increasing  length  of  the 
nanowires  except  an  anomaly  is  observed  in  the  case  of  nanowires  of  18  nm  diameter. 

Fig.  6  shows  the  magnetoresistance  (MR%),  AR/R(0)%  =  [R(H)  -  R(0)]  /  R(0)  *  100  where 
R(H)  and  R(0)  are  the  resistances  of  the  nanowires  in  magnetic  field  H  and  without  field  as  a 
function  of  magnetic  field  applied  parallel  and  perpendicular  to  the  axis  of  the  wires  and  current 
flow.  These  nanowires  show  an  anisotropic  magnetoresistance  behaviour  similar  to  the  Ni-layer. 

CONCLUSIONS 

In  summary  we  have  fabricated  the  Ni-nanowires  of  different  diameters  and  lengths.  The 
effect  of  the  diameter  and  length  on  the  He  and  M^/Ms  is  investigated.  And  an  enhancement  of 
He  and  Mr/Ms  in  the  nanowires  of  Ni  compared  to  the  Ni-layer  is  observed.  Ni-nanowires  show 
an  anisotropic  magnetoresistance  behaviour  similar  to  the  Ni-layer.  The  value  of  He  and  Mf/Ms 
depend  on  the  diameter  and  length  of  the  nanowires. 
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Techniques  for  Alloys 


NANOCOMPOSITES  IN  THE  SYSTEMS  Fei-x0-Fe304  and  Mg0-MgFe204 
PRODUCED  BY  MECHANICAL  ALLOYING 
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ABSTRACT 

Wustite-magnetite  and  magnesia-magnesioferrite  nanocrystalline  ceramics  have  been  pre¬ 
pared  by  mechanical  milling  and  spark  plasma  sintering.  As-milled  powders  have  a  nanocrystal¬ 
line  structure  in  both  systems.  Low  energy  milling  gives  rise  to  an  increasingly  higher  volume 
fraction  of  wustite  as  a  function  of  milling  time  in  the  Fei-x0-Fe304  system.  Similar  results  are 
obtained  in  the  MgO-MgFe204  system  with  increasingly  larger  amounts  of  MgFe204  produced  by 
milling.  Composites  of  magnetic  particles  (Fe304  or  MgFe204)  in  a  nonconductive  matrix  (FeO 
or  MgO,  respectively)  are  found  in  the  sintered  samples.  Measurement  of  magnetic  properties  can 
be  used  to  determine  conclusively  the  nature  of  the  developed  phases  and  the  effect  of  grain  size. 

INTRODUCTION 

Oxide  ceramics  are  under  intense  investigation  for  their  technological  advantages  in  mag¬ 
netization,  dielectric  response  and  chemical  stability  in  such  diverse  applications  as  magnetic 
recording  media,  induction  cores  and  microwave  resonant  circuits  [1].  Several  researchers  have 
mixed  iron  oxides  with  other  ceramics  as  MgO,  NiO,  and  ZnO  to  improve  mechanical  and  mag¬ 
netic  properties  [2-5].  In  such  systems,  the  matrix  (NaCl-type  structure)  is  paramagnetic  and  the 
magnetism  is  provided  by  precipitation  of  a  second  phase  with  spinel  structure.  Groves  and  Fine 
[4]  have  shown  that  precipitation  of  coherent  particles  in  a  NaCl-structure  matrix  can  occur 
merely  by  rearrangement  of  the  concentration  of  cations  and  the  interstitial-site  occupancy.  This 
transformation  produces  octahedral  precipitates.  However,  clear  evidence  regarding  the  phase 
transformation  mechanism  in  oxide  ceramics  is  rather  scarce.  Groves  and  Fine  produced  their 
specimens  by  diffusing  Fe  into  a  solid  MgO  matrix.  The  present  investigation  is  carried  out  in 
order  to  produce  and  characterize  nanocomposites  in  the  systems  Fei.x0-Fe304  and  MgO- 
MgFe204.  The  combination  of  a  nonconductive  matrix  and  magnetic  particles  is  interesting  due 
to  the  expected  magnetic  and  physical  properties.  The  spatial  and  size  distribution  of  precipitates 
is  expected  to  affect  the  nanocomposite  properties.  In  addition,  the  expected  effect  of  the  nano¬ 
size  grains  needs  to  be  documented  in  order  to  study  the  relationship  between  nanostructure  and 
magnetic  and  physical  properties  in  oxide  ceramics. 

EXPERIMENTAL  PROCEDURE 

Powders  of  Fei.xO-Fe304  were  produced  by  the  mechanochemical  reaction  of  Fe304+C, 
Fe304+Fe,  pure  Fe304,  Fe203+Fe  and  pure  Fe203  powders.  The  materials  in  the  system  MgO- 
MgFe204  were  obtained  by  milling  MgO  and  Fe203.  Low  and  high  energy  ball  mills  were  used 
(horizontal  and  planetary  mills,  respectively).  All  powder  handling  was  performed  in  an  Ar-filled 
glove  box  with  an  oxygen  content  below  0.01  ppm.  Table  1  gives  the  nominal  composition  of  the 
prepared  samples.  The  consolidation  was  performed  by  spark  plasma  sintering.  Cylindrical  sin¬ 
tered  samples  of  approximately  18  mm  and  13  mm  in  diameter  were  produced  by  sintering  at 
high  temperature  (873-1273  K)  and  low  pressure  (50  MPa)  with  a  carbon  die  and,  at  low  tem¬ 
perature  (673-773  K)  and  high-pressure  (100  MPa)  with  an  inconel  die.  Characterization  is  made 
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by  X-Ray  diffraction  (XRD),  Mossbauer  spectroscopy  (MdS,  Co6o  source),  transmission  electron 
microscopy  (TEM)  and  measurement  of  magnetic  properties  by  means  of  a  vibrating  sample 
magnetometer  (VSM). 


TABLE  1.  CHEMICAL  COMPOSITION  OF  MILLED  POWDERS 


Wiistite-Magnetite  System 

Magnesia-Magnesioferrite  System  | 

Identification 

Added  Powders 

Identification 

Added  Powders 

Fe304  +  C 

Fe304-3  wt.%  C 

MgO-0.5  cat.%  Fe 

MgO-1  wt.%  Fe203 

Fe304  +  Fe 

Fe304-12  wt.%  Fe 

MgO-1  cat.%  Fe 

MgO-2  wt.%  Fe203 

Fe304 

Fe304 

MgO-4  cat.%  Fe 

MgO-7.6wt.%  Fe203 

Fe203  +  Fe 

Fe203-15  wt.%  Fe 

MgO-10  cat.%  Fe 

MgO-18  wt.%  Fe203 

Fe203 

Fe203 

MgO-20  cat.%  Fe 

MgO-33  wt.%  Fe203 

RESULTS  AND  DISCUSSION 

Figure  1  shows  examples  of  XRD  patterns  of  as-milled  powders  in  the  wtistite-magnetite 
system.  The  microstructural  evolution  of  the  powders  after  different  milling  times  (horizontal 
mill)  is  shown  in  this  figure  for  two  samples  i.  e.,  Fe304+Fe  (Fig.  la)  and  pure  Fe304  (Fig.  lb). 
The  angular  positions  corresponding  to  the  pure  phases  are  also  indicated.  In  both  cases,  devel¬ 
opment  of  broad  peaks  in  the  neighborhood  of  the  angular  positions  for  Fej.xO  is  observed.  Some 
of  the  diffraction  maxima  coincide  also  with  positions  expected  for  Fe304.  However,  the  longer 
the  milling  time,  the  better  is  the  match  to  the  FexO  peaks.  The  peak  positions  of  the  as-milled 
powders  are  slightly  different  to  those  of  pure  wiistite.  Such  difference  can  be  interpreted  as  the 
formation  of  a  wiistite  phase  poor  in  iron. 


Fig.  1 .  XRD  patterns  after  mechanical  milling,  (a)  Fe304+Fe  sample,  (b)  Fe304  sample. 

Mossbauer  spectroscopy  is  a  technique  that  allows  identification  of  the  nature  of  iron  phases. 
Fig.  2  shows  an  example  of  MdS  spectra  of  a  pure  Fe304  sample  milled  for  500  h  and  1000  h. 
They  consist  of  two  separate  sextets  (magnetic  effect)  and  one  doublet  (paramagnetic  effect). 
Magnetite  has  a  spinel  (AB2O4)  structure  and  it  can  also  be  written  as  Fe^^[Fe^^Fe^^]04.  The  A 
ions  have  a  regular  tetrahedral  coordination  in  the  oxygen  lattice  and  the  B  ions  are  coordinated 
octahedrically.  The  internal  sextet  (ii)  is  due  to  Fe  ions  at  tetrahedral  sites  (A-type)  and  the  exter¬ 
nal  one  (0  is  due  to  Fe  ions  at  octahedral  sites  (B-type).  Wustite  has  a  NaCl  structure  with  cation 
vacancies  and  the  appropriate  proportion  of  Fe^"^  to  balance  the  charge.  The  doublet  (Hi)  is  due  to 
the  Fe  on  tetrahedral  sites  which  exchange  with  Fe^"^  on  octahedral  sites.  The  asymmetry  of  the 
doublet  (see  arrows)  is  related  to  the  Fe^^  content.  The  spectra  exhibit  a  magnetic  relaxation  as  a 
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Figure  2.  M6S  spectra  of  pure  Fe304  milled 
500  and  1000  h. 
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Fig.  3.  Magnetization  curves  of  Fe304+Fe 
after  mechanical  milling. 
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Fig.  4.  XRD  results  of  pure  Fe304  milled 
500  h  after  sintering. 


function  of  the  milling  time  i.  e.,  the  intensity  of 
the  doublet  (wiistite  phase)  is  higher  for  the  sam¬ 
ple  milled  for  1000  h.  Thus  only  two  phases  can 
be  identified:  magnetite  and  wiistite.  The  amount 
of  Fei-xO  increases  with  longer  milling  times.  In 
addition,  the  spectra  show  a  strong  absorption 
asymmetry  which  can  be  related  to  disordered 
phases  or  nanosized  grains. 

Figure  3  shows  magnetization  curves  of 
Fe304  +  Fe  powders  after  50,  100,  200,  500  and 
1000  h  of  milling.  The  saturation  magnetization 
(Ms)  at  15  KOe  decreases  as  a  function  of  milling 
time.  This  behavior  can  be  explained  by  the  trans¬ 
formation  of  magnetic  phases  into  non-magnetic 
phases  i.e.,  magnetite  and/or  Fe  to  wiistite.  The 
formation  of  this  paramagnetic  phase  produces  a 
reduction  of  Ms.  However  it  is  important  to  notice 
that  1000  h  of  low  energy  milling  are  insufficient 
to  promote  a  full  transformation  to  wiistite. 

Figure  4  shows  representative  XRD  results  of 
the  sintered  samples.  The  pattern  eorresponds  to 
pure  Fe304  milled  for  500  h  and  sintered  under 
different  conditions.  The  angular  positions  for  the 
pure  phases  are  also  indicated.  The  diffractograms 
show  the  formation  of  wustite  with  low  amounts 
of  magnetite  in  all  cases.  Higher  sintering  tem¬ 
peratures  promote  higher  amounts  of  magnetite  as 
shown  by  the  stronger  intensities  of  the  corre¬ 
sponding  diffraction  peaks.  Lower  sintering  tem¬ 
peratures  essentially  preserve  the  powder  micro¬ 
structure  with  larger  volume  fractions  of  non¬ 
equilibrium  wustite  (angular  positions  of  the 
peaks).  The  recorded  broad  peaks  indicate  that  the 
nanosized  grains  of  the  powders  are  retained. 

Figure  5  shows  the  microstructure  of  both  as- 
milled  powders  and  sintered  samples  in  TEM.  Fig. 
5a  shows  nanosized  grains  in  a  sample  of  Fe304 
+Fe  milled  500  h.  The  average  grain  size  is 
smaller  than  20  nm.  The  corresponding  electron 
diffraction  pattern  (Fig.  5b)  shows  reflections 
probably  belonging  to  wustite  and  magnetite. 
However,  this  technique  does  not  allow  to  register 
small  displacements  of  the  intensity  maxima  with 
precision  and  it  is  used  only  for  viewing  the  grain 
size  dimensions.  Figs.  5  c-d  are  dark  field  images 


(same  area)  of  pure  Fe304  milled  1000  h  and  sintered  at  1073  K.  Sintering  at  this  temperature  (as 
discussed  above)  produces  mostly  equilibrium  phases.  Fig.  5c  corresponds  to  the  overlapping 
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reflections  (222)  magnetite  and  (1 1 1)  of  wiistite  while  Fig.  5d  is  obtained  with  the  (220)  reflec¬ 
tion  of  magnetite.  Thus  nanocrystalline  grains  can  be  seen  in  the  specimen,  some  of  them  corre¬ 
sponding  to  magnetite  (Fig.  5d)  with  a  random  spatial  distribution.  An  average  grain  size  of 
150±70  nm  has  been  evaluated  from  this  and  similar  TEM  images.  The  grain  size  obtained  after 
sintering  depends  on  the  processing  temperature.  For  example  powders  milled  for  1000  h  produce 
an  average  size  of  230±120  nm  for  a  sample  sintered  at  1 173  K  while  a  value  of  150±70  nm  is 
found  after  sintering  at  1073  K.  In  general  sintering  below  1073  K  allows  retention  of  the  nano¬ 
crystalline  grain  structure. 


Fig.  5.  (a)  Fe304+Fe  milled  500  h;  (b)  Diffraction  pattern  of  (a);  (c)  Fe304  milled  1000  h  and 
sintered  at  1073  K,  DF-TEM  image  using  the  overlapping  reflections  (222)  Fe304  and  (111)  FeO; 
mostly  FeO  grains  are  seen;  (d)  Same  as  (c)  but  using  the  reflection  (220)  Fe304.  Only  Fe304 
grains  are  seen. 
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Fig.  6.  Magnetization  curves  of  sintered  samples,  (a)  Pure  Fe304  milled  500  h  and  1000  h  and 
sintered  at  1173  K.  (b)  Pure  Fe304  milled  1000  h  and  sintered  at  1073  and  1 173  K. 


Figure  6  shows  representative  measurements  of  magnetic  properties  in  sintered  samples.  Fig. 
6a  shows  results  corresponding  to  pure  Fe304  milled  for  different  periods  of  time  (500  and  1000 
h)  and  sintered  at  1173  K.  The  higher  Ms  value  of  the  sample  milled  for  1000  h  can  be  due  to  two 
effects  i.  e.,  smaller  magnetic  domain  size  and  higher  volume  fraction  of  magnetite.  As  shown 
above  longer  milling  times  promote  the  formation  of  larger  amounts  of  wiistite.  On  the  other 
hand  a  larger  coercivity  can  be  expected  for  smaller  magnetic  particle  sizes.  Thus  Fig.  6a  strongly 


256 


suggests  that  a  finer  distribution  of  magnetic  particles  has  been  achieved  in  the  sample  milled  for 
1000  h  and  sintered  at  1173  K.  Fig.  6b  shows  results  of  two  samples  sintered  at  two  different 
temperatures,  1073  and  1 173  K.  Both  samples  were  produced  from  pure  Fe304  milled  for  1000  h. 
A  higher  magnetization  is  found  for  the  sample  sintered  at  lower  temperature  with  an  important 
increment  of  the  coercitivity.  This  can  again  be  explained  as  a  consequence  of  the  nanostructure 
obtained  i.  e.,  smaller  grain  size.  Therefore  it  is  possible  to  control  the  magnetic  behavior  by 
controlling  the  milling  time  and  the  sintering  temperature. 


Fig.  7.  XRD  patterns  after  mechanical  milling 
(500  h)  of  MgO+FeiOs  in  a  planetary  mill. 


Some  representative  results  are  given  for 
the  Mg0-MgFe204  system.  Fig.  7  shows  XRD 
patterns  of  powders  milled  500  h  with 
different  nominal  compositions  in  a  planetary 
mill.  Low  amounts  of  Fe203  can  be  apparently 
dissolved  into  the  MgO  lattice.  Such  a 
reaction  produces  a  distortion  of  the  MgO 
lattice  which  accounts  for  the  small 
displacement  of  the  diffraction  maxima. 
Samples  with  higher  Fe203  contents  show  still 
some  reflections  corresponding  to  this 
compound  but  also  displaced  MgO  and 
MgFe204  peaks.  It  is  likely  that  the  MgO 
lattice  saturates  with  Fe  and  the 
microstructure  is  formed  by  Mgi.xFexO 
(magnesiowustite),  MgFe204  and  retained 
Fe203  in  these  cases. 


Fig.  8.  Magnetization  curves  of  Mg0-MgFe204  system,  (a)  Mg0-Fe203  milled  500  h  in  a  plane¬ 
tary  mill,  (b)  MgO-40  cat.%  Fe  sintered  at  different  temperatures. 


Figure  8  shows  the  measurement  of  magnetic  properties  of  as-milled  powders  (Fig.  8a)  and 
sintered  samples  (Fig,  8b)  of  the  Mg0-MgFe204  system.  There  is  a  magnetic  response  in  the  as- 
milled  powders  which  indicates  the  formation  of  a  new  magnetic  phase  during  milling  (Fig.  8a). 
The  most  likely  in  this  case  is  MgFe204  as  suggested  by  XRD  too.  Nevertheless  the  magnetic 
response  of  the  as-milled  powders  cannot  be  directly  related  to  the  nominal  Fe  or  Fe203  content. 
Fig.  8a  shows  higher  values  of  Ms  for  mixtures  with  intermediate  Fe  or  Fe203  contents  e.g.  1,  4 
and  10  cat.%  Fe.  This  can  be  related  to  the  efficiency  of  mixing  during  mechanical  milling.  Large 
amounts  of  Fe203  require  higher  milling  energies  to  combine  with  MgO,  thus  relatively  larger 
amounts  of  paramagnetic  MgO  and  Fe203  are  retained.  In  the  case  of  the  sample  containing  0.5 
cat.%  Fe,  the  milling  produces  most  likely  a  total  combination  of  the  original  oxides  but  the  total 
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amount  of  magnetic  phase  is  low  and  the  magnetic  response  becomes  correspondingly  modest. 
The  insert  in  Fig.  8a  shows  an  enlargement  of  the  central  section  of  the  hysteresis  loops.  It  can  be 
seen  that  the  coercitivity  changes  only  for  the  samples  with  larger  Fe203  contents  and  thus  a 
smaller  grain  size  can  be  expected.  On  the  other  hand,  Fig.  8b  shows  that  higher  values  of  Ms  are 
recorded  in  sintered  samples  and  also  that  the  sintering  temperature  has  a  definite  influence  on 
the  magnetic  response.  Apparently  there  is  a  temperature  range  (around  773  K)  that  favors  the 
formation  of  magnetic  phases  (most  likely  MgFe204).  Higher  temperatures  promote  the 
formation  of  paramagnetic  phases  such  as  Mgi-xFcxO.  The  formation  of  Mgi-xFCxO  cannot  be 
considered  deleterious  since  exsolution  of  MgFe204  from  this  phase,  is  thermodynamically 
possible. 

Figure  9  shows  TEM  images  of  MgO-40  cat.%  Fe  milled  500  h  and  sintered  at  873  K.  The 
diffraction  pattern  shows  reflections  belonging  to  MgFe204  and  Mgj.xFexO  as  given  in  the 
inserted  table.  The  bright  field  image  (Fig.  9a)  shows  particles  with  a  cuboidal  shape,  that 
correspond  to  the  magnetic  phase  MgFe204.  The  dark  field  image  (Fig.  9b)  shows  more  clearly 
the  cuboidal  particle  morphology.  This  image  is  obtained  with  a  (311)  reflection  which  in 
principle  overlaps  with  a  (111)  reflection  of  magnesiowiistite.  The  contrast  is  larger  for  the 
particles  but  some  Mgi.xFexO  grains  (irregular  shapes)  can  also  be  seen.  Additionally,  Fig.  9  also 
shows  that  the  sintered  material  has  a  nanocrystalline  grain  size. 


Fig.  9.  TEM  images  of  MgO-40  cat.%  Fe  milled  500  h  and  sintered  at  1073  K.  (a)  Bright  field 
image,  (b)  Dark  field  image  from  MgFe204  (331)  reflection  adn  Mgi.xFexO  (11 1). 


Concluding  Remarks 

Nanocrystalline  materials  of  Fe0-Fe304  and  Mg0-MgFe204  can  be  produced  by  mechanical 
milling  and  powder  sintering  techniques.  The  microstructure  consists  of  nanocrystalline  grains 
with  a  homogeneous  spatial  distribution  of  magnetic  particles  in  an  insulating  matrix.  The 
microstructure  is  very  sensitive  to  the  processing  variables.  Magnetic  properties  are  very  sensitive 
to  the  nature  of  phases  and  to  the  grain  size. 
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ABSTRACT 

Mechanical  alloying  of  ternary  SmFen.xCoxTi  (x  =  0, 0.5,  1,  1.5,  2)  alloys  was  carried 
out  under  an  Ar  atmosphere.  Milled  samples  were  annealed  for  30  min  in  a  vacuum  at  different 
temperatures  Ta  from  650  °C  to  1 150  °C.  The  effects  of  heat  treatment,  on  structure  and 
magnetic  property  changes,  have  been  investigated  by  means  of  x-ray  diffraction  using  the 
Rietveld  method,  Mossbauer  spectroscopy  and  differential  sample  magnetometer.  Tetragonal 
ThMni2-type  structure  is  observed  for  samples  annealed  at  Ta>  900  °C.  For  650<Ta<800  °C  the 
TbCu?  type  phase  was  identified  as  the  major  phase.  Between  these  two  regions  a  mixture  of 
TbCu?  and  ThMnn-type  nanocrystalline  phases  is  obtained  with  a  maximum  of  the  coercive 
field  He  (He  >  5kOe).  The  MOssbauer  spectra  relative  to  the  hexagonal  phase  show  sextuplets 
broadened  by  the  statistical  occupancies  of  the  iron  sites.  An  enhancement  of  the  magnetic 
properties  results  from  the  Co  substitution. 

INTRODUCTION 

Magnetic  nanoparticles  receive  significant  attention  due  to  their  novel  magnetic 
properties  and  potential  technological  applications.  Rare  earth  transition  metal  intermetallic 
compounds  with  magnetocrystalline  anisotropy  are  suitable  systems  for  the  study  of  the  finite 
size  effects.  Mechanical  processing  have  been  successfully  used  in  the  synthesis  of  numerous 
nanosized  material.  Due  to  the  induced  plastic  deformation  high  energy  ball  milling  may  result 
in  solid  state  alloying  producing  in  situ  metastable  structure  but,  depending  on  the 
thermodynamic  of  the  system,  the  inter-diffusion  reaction  to  form  alloy  needs,  often,  a  further 
heat  treatment. 

In  this  paper  we  will  investigate  the  effect  of  thermal  treatment  and  Co  substitution  for 
Fe,  on  the  coercivity  of  tetragonal  SmFenTi  semi-hard  nanocrystalline  alloy,  obtained  after 
mechanical  milling  and  subsequent  annealing  of  elemental  powders.  After  the  structural  study 
which  gives  information  about  the  phase  transformations,  diffraction  domain  size,  lattice  stress 
and  nature  of  minor  phases,  the  recurrent  coercivity  will  be  presented.  Curie  temperature  and 
mean  hyperfine  field  evolution  will  attest  for  the  pertinence  of  the  Fe  substitution.  The  study  of 
the  SmPeii.xCojcTi  series  has  been  limited  up  to  x  =  2  where  the  easy  direction  of  magnetization 
of  the  tetragonal  phase  remains  axial  [1]. 

EXPERIMENT 

Five  alloys  of  nominal  composition  SmFeu-*COxTi  (x  =  0,  0.5,  1,  1.5, 2)  were  prepared. 
Elemental  40  mesh  powders  of  Sm,  Ti,  Fe  and  Co  99.9%  were  milled  in  steel  vials 
hermetically  sealed  in  an  argon  filled  glove  box  with  O2  and  H2O  rate  of  Ippm.  The  high 
energy  ball  milling  process  was  performed  in  a  Fritsch  planetary  ball  mill  (Pulverisette  P7) 
with  five  steel  balls  of  15mm  during  5h.  The  speed  rotation  of  the  vial  was  1500tr/min  and  the 
disk  rotation  speed  was  750tr/min.  Powder  were  subsequently  heat  treated  for  30min  at 
temperature  between  650  °C  and  1150  ®C.  Atomic  emission  spectroscopy  (AES)  was  used  to 
check  the  overall  alloy  composition  of  all  samples.  Energy  dispersed  x-ray  spectrometry 
(EDX)  with  equipment  LINK  ANIOOOO  and  a  beam  size  of  25nm,  mounted  on  a  JEM  100  CX 
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II  microscope,  was  employed  to  analyze  specifically  the  ThMni  2-type  structure  of  all  alloys 
annealed  at  1 150  °C.  The  structure  were  studied  by  means  of  a  Brucker  x-ray  diffractometer 
(XRD)  with  automatic  divergence  slit  (CuKa  radiation  X  =  1.54 178 A).  The  Rietveld  method 
was  used  to  analyze  the  crystal  structures  and  calculate  the  lattice  parameters,  the  diffraction 
domain  size  and  strain  rate.  The  “goodness  of  fit”  indicator  Rb  has  been  calculated  as  in  [2]. 

The  magnetization  has  been  measured  using  a  Manics  differential  sample 
magnetometer  (DSM)  in  magnetic  fields  up  to  18kOe.  Thermomagnetic  data  were  measured 
under  an  applied  field  of  1000  Oe  with  heating  rate  of  10  °C/min.  Curie  temperatures  Tc  were 
determined  from  the  AZ-T  curves  by  extrapolating  the  linear  part  of  the  AZ-T  curve  and  finding 
the  temperature  values  of  the  intersection  with  the  extended  baseline.  When  necessary,  the 
samples  were  sealed  in  silica  tubes  to  avoid  oxidation  upon  heating.  ^^Fe  Mossbauer  spectra 
were  taken  at  room  temperature  with  a  conventional  constant  acceleration  spectrometer.  The  y- 
ray  source  was  ^^Co  in  a  Rh  matrix.  The  calibration  was  performed  with  a-Fe  at  room 
temperature  with  line  width  at  half  eight  equal  to  0.25  mm/s. 

RESULTS 

Structural  Properties 


The  XRD  diagrams  of  the  annealed  material  at  temperature  up  to  800  °C  show  a  main 
phase  contribution  of  about  85  volume  per  cent  for  0<x<  2,  indexed  by  the  disordered  TbCu? 
type  hexagonal  P6/mmm  cell,  in  agreement  with  [3]  for  rapidly  quenched  SmFenTi.  The 
additional  weak  lines  are  assigned  to  b.c.g.  oFe-T,  around  5%,  Fe2Ti  5%,  and  small  amounts  of 
SmO-N  and  Sm203.  For  x  =  2,  extra  lines  are  assigned  to  Sm3(FeCoTi)29. 

Annealing  at  higher  temperature,  800  <  T*  <  900  °C,  leads  to  a  more  ordered  state 
indicated  by  the  emergence  of  extra  reflections  (3 10),  (002),  (202),  relevant  of  the  ThMni2  type 
structure /4//W/WOT.  Moreover,  with  increasing  annealing  temperature,  the  broadening  of  the 
diffraction  peaks  reduces  (Fig.  1). 

For  samples  annealed  at  1 150  °C,  the  agreement  between  theoretical  and  experimental 
XRD  diagrams  related  to  the  ThMnn  phase  has  been  calculated  with  the  Fe/Ti  and  Fe/Co  ratio 
given  by  the  XDS  analysis.  In  the  RFeu-xMx  compounds,  the  Fe  atoms  occupy  three 
crystallographic  non-equivalent  sites,  denoted  Fe(8i),  Fe(8j)  and  Fe(8f).  First,  the  refinement 
was  performed  with  Ti  and  Co  statistically  distributed  among  all  sites.  Such  hypothesis  could 
be  assumed  owing  to  the  out  of  equilibrium  elaboration  process  of  the  material,  possibly 
responsible  for  high  defect  rate.  However,  the  agreement  was  improved  with  Ti  atoms 
distributed  on  i  sites  as  observed  for  bulk  material,  the  Co  atoms  were  assumed  to  occupy  the  f 
site  [4].  Figure  2  shows  such  a  Rietveld  refinement  for  sample  r=0.5.  The  results  concerning 
the  fit  of  the  various  samples  are  given  in  table  I. 

It  appears  that  the  a  parameter  remains  constant  with  increasing  x,  a  noticeable  decrease 
is  observed  for  c.  The  small  trend  to  a  reduction  of  the  diffraction  domain  size  as  the  Co 
content  increases  is  consistent  with  the  disorder  brought  by  the  fourth  element  slowing  down 
the  diffusion  process. 
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Fig.  1.  X-ray  diffraction  diagram  of 
SmFeg.sTiCoi  .s  annealed  at  750  ®C,  870  ®C  and 


Fig.  2.  Rietveld  analysis  for  SmFenTi 
and  SmFeiosTiCoo.s  annealed 
resnectiveiv  at  1 1 50  "C  and  750  ®C. 


Table  I  T  composition  of  the  I4/mmm  phase  as  given  by  EDX  analysis  for  the  various  nominal  composition  x ,  a, 
c  cell  parameters,  D  mean  diffraction  domain  size,  strain  rate  and  factors  from  the  Rietveld  fit  for  Ta  =  1150 

“C. 


x=0 

x=0.5 

X=1 

x=L5 

x=2 

T  atoms 

Fe  10.97 

Fe  10.46 

Fe  9.76 

Fe  9.31 

Fe  8.74 

EDX  analysis 

Ti  1.02 

Ti  1.03 

Ti  1.04 

Ti  1.08 

Ti  1.04 

±5% 

Co  0. 

Co  0.50 

Co  1.19 

Co  1.60 

Co  2.21 

a  nm 

0.8552(3) 

0.8552(3) 

c  nm 

0.4794(3) 

0.4788(3) 

mnsssM 

0.4785(3) 

Dnm 

95 

107 

89 

80 

87 

0.18 

0.26 

0.33 

0.30 

Rr 

3.79 

5.21 

4.94 

7.31 

6.47 

The  Rietveld  refinement  of  the  hexagonal  phase  is  more  complex  than  the  tetragonal 
one,  for  which  the  crystallographic  atom  occupancy  parameter  s  is  always  equal  to  1.  The 
existence  of  the  hexagonal  TbCu?  phase  is  governed  by  the  s  parameter  [5].  In  the  fitting 
procedure,  we  have  taken  into  account  all  the  following  parameters:  a,  c,  the  strain  rate, 
diffraction  domain  size  D,  Debye-Waller  factors,  atom  space-group  position,  and  s. 

Moreover,  the  relative  distribution  of  the  Fe,  Ti,  Co  atoms  was  assumed  according  to 
the  distribution  in  the  ThMnn  structure  and  the  evolution  of  the  crystallographic  families  fi-om 
the  hexagonal  parent  to  the  tetragonal  structure.  The  results  of  the  Rietveld  analysis  of  the 
hexagonal  TbCu?  type  phase  are  given  in  table  n  for  sample  x  =  0,  0.5,  1.5,  and  an  example  of 
a  Rietveld  fit  for  sample  SmFeio.jTiCoo.s  annealed  at  750  °C  is  reported  on  figure  2.  The 
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stoichiometry  of  the  hexagonal  phase  is  1:10  and  the  diffraction  domain  size  are  drastically 
reduced. 

Table  n :  P6/mmm  characteristics  deduced  fiem  the  Rictveld  fit,  s  is  atom  occupancy  parameter. 


x=0 

X=0.5 

x=1.5 

s 

0.406 

0.392 

0.380 

Sm  content  in  P6/mnim  phase 

8.7 

9.0 

9.3 

a  (nm) 

0.4899(3) 

0.4899(3) 

0.4906(3) 

c  (nm) 

0.4225(3) 

0,4232(3) 

0.4232(3) 

D(iun) 

17 

16 

16 

Strain  rate  (%) 

0.45 

1.00 

1.00 

Rr 

3.99 

6.38 

5.57 

Magnetic  Properties 

From  figure  3  it  can  be  seen  that  the  Curie  temperatures  and  the  mean  hyperfme  fields 
increase  monotonously  with  increasing  Co  content  for  both  structures  (ThMnn  and  TbCu?). 
There  are  three  types  of  exchange  interaction  existing  in  RFen-xM*  compounds,  namely  the  R- 
R  interaction  between  the  magnetic  moments  on  the  R-sublattice,  the  T-T  interaction  between 
the  magnetic  moments  on  the  T-  sublattice,  and  the  R-T  intersublattice  interaction.  Among 
them,  the  T-T  interaction  is  the  strongest  and  determines  the  ordering  temperature.  It  is  well 
known  that  the  T-T  interaction  is  very  sensitive  to  the  distance  between  the  transition  metal 
moments.  Hu  et  al  [6]  have  reported  that  Fe  at  the  8i  site  has  the  largest  magnetic  moment 
while  Fe  at  the  8f  site  has  the  smallest  moment.  The  inter-atomic  distances  between  the  near 
neighbors  of  Fe  atoms  at  the  different  sites  are  different.  According  to  Givord  and  Lemaire  [7], 
there  are  two  T-T  exchange  interactions  in  R2Fei7  compounds,  positive  and  negative.  When  the 
distance  of  the  Fe-Fe  pairs  is  smaller  than  2.45  A,  the  exchange  interaction  is  negative;  whereas 
at  larger  Fe-Fe  distances  the  interaction  is  positive.  It  may  be  assumed  that  this  is  also  the  case 
in  1 : 12  systems.  So,  when  the  substitution  of  Co  for  Fe  occurs  at  sites  where  the  distance 
between  Fe-Fe  pairs  is  smaller  than  a  certain  critical  distance,  the  negative  interaction  will  be 
reduced  and  the  total  interaction  will  be  enhanced,  so  that  the  Curie  temperature  and  the 


Fig.3.  Curie  temperature  and  Hyperfine  field  of  TliMni2 
phase  and  TbCu?  phase  as  a  fimction  of  the  Co  content,  x. 
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Fig.  4.  Mfissbauer  spectra  of  SmFeioCoTi 
for  two  annealing  temperatures. 


120  4  '“T  '  r-»  f— ’  I  i  I  i  r 


M  ■  I  ■  I  - . I . t  ■  I  ■  I  ■  i  ■  1 

.20  .15  .10  -5  0  5  10  15  20 


Applied  Field  (kOe) 

Fig.  5.  Hysteresis  loops  of  Sn1Fe9.5C01.5Ti, 
annealed  at  eso^C,  850®C  and  1 150T  from 
top  to  bottom. 


hyperfine  field  will  increase  due  to  the  substitution  of  Co  for  Fe. 

The  Mossbauer  spectra  (Fig.  4.)  relative  to  the  hexagonal  phase  are  broadened 
comparatively  to  those  of  the  tetragonal  one.  Ti  is  located  on  one  crystallographic  position 
while  in  the  hexagonal  structure  it  is  statistically  distributed  over  two  sites. 

The  hysteresis  loops  of  SmFe9.5TiCoi.5  measured  at  room  temperature  are  illustrated  in 
figure  5,  the  effect  of  annealing  temperature  on  magnetic  properties  is  demonstrated  (Table 
in).  The  coercive  field  increases  with  increasing  annealing  temperature  up  to  5.67  kOe  (D  = 
35nm).  The  small  coercivity  for  an  annealing  temperature  of 650  °C  must  be  due  to  an 
unfavorable  microstructure,  probably  resulting  from  a  small  grain  size  containing  many 
defaults.  Furthermore,  it  is  well  established  that  the  coercive  field  He  decreases  with  increasing 
grain  size  i.e.  with  increasing  annealing  temperature,  this  is  the  reason  for  the  small  He  value 
for  samples  annealed  at  Ta  =  1 150  ®C. 


Table  III.  The  coercive  field  He  for  SmFei  i^xCoitTi  annealed  at  650  ®C,  850  “C  and  1 150  °C. 


Hc(kOe) 

Co  contents 

650  ®C 

850  “C 

1150  °C 

0 

0.69 

4.08 

2.00 

0.5 

0.80 

5.45 

2.02 

1 

0.72 

5.57 

1.70 

1.5 

0.68 

5.65 

1.90 

.2 

0.70 

5.67 

1.35 
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CONCLUSIONS 


(i)  High  energy  ball  milling  and  subsequent  annealing  at  T*  >  900  °C  lead  to  a 
continuous  and  homogeneous  substitution  of  Co  for  Fe  in  the  I4/mmm  SmFeuTi 
compound.  The  unit  cell  parameter  a  remains  constant,  c  shows  a  small 
decrease.  The  increase  of  Curie  temperature  Tc  and  hyperfine  field  Hhf  attest  for 
the  Co  continuous  substitution,  corroborated  by  EDX  analysis. 

(ii)  For  Ta  <  800  °C  an  hexagonal  P6/mmm  TbCu7-type  phase,  precursor  of  the 
tetragonal  I4/mmm  SmFeii.xCoxTi  phase,  is  detected  as  the  main  phase.  The 
Rietveld  analysis  gives  a  phase  stoichiometry  described  as  1:10. 

(iii)  For  820  <  T*  <  900  ®C  the  hexagonal  phase  is  transformed  into  the  tetragonal 
phase.  We  suggest  that  this  evolution  is  favored  by  a  recovery  of  stacking  fault 
between  the  hexagonal  phase  and  the  coexisting  b.c.c.  phase. 

(iv)  Coercivity  exhibits  two  antagonist  behaviors  as  a  function  of  annealing 
temperature  Ta.  When  increasing  Ta,  on  the  one  hand,  the  number  of  surface 
defects  are  reduced,  it  results  an  increase  of  He,  on  the  other  hand,  the 
diffraction  domain  size  increases  which  reduces  He.  The  intersection  of  both 
behaviors  occurs  around  850  ®C  where  He  shows  a  maximum.  The  high  He 
value  up  to  5.67kOe  suggests  that  such  samples  are  potential  candidates  for 
magnetic  recording  media  and  eventually  permanent  magnets. 
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ABSTRACT 

The  reduction  in  grain  size  of  a  metal  can  lead  to  significant  improvement  in 
mechanical  properties.  Mechanical  alloying  (MA)  with  a  second  phase  is  a  possible  route  to 
producing  fine-grained,  particulate  reinforced  material.  This  study  describes  the 
microstructural  development  of  Ti-6%A1-4%V  milled  with  increasing  concentrations  of 
boron.  Mechanical  milling  of  Ti-6%A1-4%V  powder  produces  a  nanocrystalline  material. 
MA  of  Ti-6%A1-4%V  with  boron  results  in  the  alloying  of  the  two  to  form  either  a  boride  or 
an  amorphous  phase  when  the  local  concentration  of  boron  is  ~  50  at.%.  During  milling,  the 
boron  tends  to  remain  near  to  its  original  particle  form  and  in  these  boron-rich  regions  TiB  is 
formed.  Beyond  these  regions  small  amounts  of  boron  (a  few  at.%)  mix  with  the  titanium 
matrix  and  reduce  further  the  grain  size  of  the  titanium.  An  increase  in  the  global 
concentration  of  boron  increases  the  volume  fraction  of  boride  produced. 

INTRODUCTION 

To  investigate  the  enhancement  of  the  mechanical  properties  of  titanium  alloys  it  is  of 
interest  to  reduce  grain  size  and  provide  a  grain-refining  phase  that  will  prevent  grain  growth 
during  high  temperature  processing.  Such  a  reduction  in  grain  size  may  be  achieved  using 
high-energy  ball-milling,  which  can  produce  nanocrystalline  material  and  fine  dispersions  of 
a  grain  refining  second  phase  [e.g.,  1,2]. 

Prior  to  this  study,  the  clean  mechanical  alloying  of  gas-atomised  Ti-6%A1-4%V 
(Ti-6-4)  with  0,  and  2  at.%  boron  powder  under  a  purified  argon  atmosphere  has  been  carried 
out  [3].  These  powders  were  consolidated  by  hot  isostatic  pressing  (HIPing)  at  temperatures 
between  600  and  900  °C.  For  the  0  %  boron  alloy,  it  has  been  shown  that  milling  results  in 
nanocrystalline  a-Ti-6-4  (an  hep  phase),  which  on  consolidation  grows  rapidly  (highlighting 
the  low  contamination  levels  in  the  milling  process).  The  addition  of  2  at.%  boron  to  the 
alloy  produces  highly  faulted/twinned  boride  plates  and  needles  on  consolidation 
(e.g.,  Fig.  1).  These  precipitates  do  provide  good  localized  grain  refinement,  however 
unfortunately  they  are  distributed  inhomogeneously  throughout  the  alloy. 

Therefore,  it  is  clearly  of  interest  to  understand  how  the  boron  mixes  in  the  milling 
process  and  so  powder  mixtures  of  gas-atomised  Ti-6-4  with  25  and  50  at.%  boron  powders 
have  been  milled.  Boron  is  known  to  add  intensity  to  the  ball-mill  by  decreasing  the  sticking 
of  material  to  the  vial  [e.g.,  4],  but  it  has  low  solid  solubility  in  titanium  (<  0.2  at.%)  [5]. 
Preliminary  thermodynamic  modelling  of  the  titanium-boron  system  can  be  used  to 
investigate  any  potential  phase  formation  during  milling  (Fig.  2).  Energetically  it  may  be 
possible  for  boron  to  atomically  mix  with  titanium  to  form  an  amorphous  alloy.  However,  a 
mixture  of  a-titanium  and  TiB  with  the  same  overall  composition  as  an  equivalent 
amorphous  alloy  may  have  a  lower  energy  than  the  amorphous  alloy.  So,  given  that  the  MA 
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process  can  provide  nanoscale  mixing  of  the  boron,  there  is  potential  for  either  of  these 
phases  to  be  formed. 

The  present  study  will  describe  the  microstructural  development  of  the  milled  Ti  -  B 
powders  and  investigate  the  mixing  of  the  boron. 


Figure  1,  Energy  filtered  TEM  images  of  a  faulted/twinned  boride  precipitate  in  the  titanium 
matrix  of  the  consolidated  2%  boron  alloy,  a)  Bright  field  image  of  the 
precipitate,  b)  boron  map  (EELS  jump  ratio)  and  c)  titanium  map  (EELS  jump 
ratio).  The  precipitate  shows  boron  enrichment  and  titanium  deficiency  relative 
to  the  matrix. 

Selected  area  electron  diffraction  patterns  of  needle  and  plate  shaped  precipitates 
in  the  2  %  boron  alloy  can  be  indexed  to  TiB  in  either  the  B27  or  the  B/ 
orthorhombic  structures.  TiB  is  expected  to  form  in  the  B27  structure,  however 
twinning  of  this  can  produce  intergrowths  of  the  B/  structure  [6].  Furthermore 
vanadium  boride  forms  in  the  B/  structure  and  so  vanadium  may  stabilize  the  B/ 
precipitates.  It  is  interesting  to  note  that  both  these  structures  are  similar  and  are 
based  on  a  modified  fee  titanium  framework  (^fcc  ~  4.5  A). 


Figure  2,  Gibbs  free  energy 
curves,  at  300  K,  of  the  Ti-B  phases 
that  may  be  formed  during  milling. 
The  energies  of  a-titanium  [7],  an 
amorphous  Ti-B  mixture  [7,  8],  TiB 
and  TiB2  are  plotted  [6].  Mixtures 
with  <  50  %  B  will  have  lower 
energy  when  a  mixture  of  a-Ti  and 
TiB  are  formed  rather  than  when  an 
amorphous  alloy  is  formed.  It  is 
interesting  to  see  if  MA  can 
produce  any  of  these  phases. 


EXPERIMENTAL 

The  initial  powders  used  for  milling  were  a  Ti-6-4,  produced  by  gas  atomization,  with  a 
particle  size  <  250  pm  and  an  amorphous  boron  powder  with  a  particle  size  of  ~  1  pm.  The  0 
and  2  at.%  boron  powder  mixtures  were  mechanically  milled  using  a  proprietary  milling 
process  under  a  purified  argon  atmosphere,  where  the  O2  and  N2  pickup  is  minimal  [9].  The 
25  and  50  at.%  boron  powder  mixtures  were  ground  (for  24  hours)  in  a  Spex  mill  under  a 
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purified  argon  atmosphere.  The  milled  powders  were  prepared  for  TEM  examination  by 
crushing  in  a  pestle  and  mortar  under  acetone  and  then  pipetting  onto  holey  carbon  films. 
The  consolidated  material  was  prepared  for  TEM  by  producing  3  mm  diameter  discs,  100  |i,m 
thick  and  electropolishing  these  at  20  V  and  120  mA  in  a  solution  of  5  %  perchloric  acid  held 
at  -20  ®C.  The  foils  were  examined  in  a  Philips  CM20  TEM  operating  at  200  kV  and  fitted 
with  a  LaBe  filament,  an  Oxford  Instruments  UTW  EDX  detector  and  a  Gatan  666  PEELS 
system.  The  energy-filtered  images  were  obtained  using  a  JEOL  2010  PEG  TEM  and  Gatan 
Imaging  filter.  X-ray  diffraction  data  was  obtained  using  a  Philips  diffractometer  with  Cu 
Ktti  radiation. 

RESULTS 

X-Ray  Diffraction 

X-ray  diffraction  of  the  gas-atomized  Ti-6-4  reveals  only  the  a  phase  and  it  is  expected 
that  the  powder  would  consist  of  martensitic  a  [10],  X-ray  diffraction  patterns  for  all  the 
milled  powders  are  presented  in  Fig.  3.  The  0  and  2  %  boron  powders  show  only  a-Ti-6-4 
reflections  and  size-broadening  analysis  suggests  crystallite  sizes  of  10  -  50  nm  (dependent 
on  strain).  The  25  %  boron  powder  has  a  significant  decrease  in  signal  intensity  but  still 
shows  only  a-Ti-6-4  reflections.  Qualitatively  an  increase  in  line  broadening  can  be  seen. 
The  50  %  boron  powder  also  has  low  signal  intensity  and  yields  a  complex  set  of  reflections 
that  can  be  best  approximated  by  a  mixture  of  a-Ti-6-4,  TiB(B27)  and  TiB2  reflections. 
However,  there  is  little  or  no  amorphous  phase  present  in  any  of  the  samples  as  there  is  no 
broad  diffraction  peak  at  ~  25°  in  the  diffraction  patterns. 


20  25  30  35  40  45  50  55  60  65  70  75  80  85  90 

2-theta 


Figure  3,  X-Ray  diffraction  patterns  of  the  milled  powders  and  the  standard  spacings  for 
a-Ti-6%Al-4%V,  TiB(B27)  and  TiB2.  The  0,  2  and  25  %  B  samples  consist  of  a- 
Ti-6-4  reflections  while  the  50  %  B  sample  is  composed  of  a  mixture  of 
a-Ti-6-4,  TiB  and  TiB2  reflections. 
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Transmission  Electron  Microsco 

The  0  and  2  %  boron  powders  have  a 
metallic  appearance  and  are  agglomerated  into 
particles  ~  1  mm  in  size.  The  crystallites  are 
10  -  50  nm  in  size,  which  is  consistent  with  XRD 
(Fig.  4).  Contamination  analysis  shows  minimal 
oxygen  (1100  ppm),  nitrogen  (110  ppm),  and  iron 
(0.13  %)  content,  which  is  comparable  to  the  as 
received  material.  The  only  phase  observed  by 
electron  diffraction  was  a-Ti-6-4. 

Figure  4,  Bright  field  TEM  image  of  the 
mechanically  milled  Ti-6-4  powder.  The 
polycrystalline  nature  of  the  powders  is  evident 
with  crystallite  sizes  of  10-50  nm.  Electron 
diffraction  yields  a  ring  pattern  that  indexes  to  the 
a  phase. 


The  25  %  boron  powder  also  has  a  metallic  appearance  but  a  slightly  more 
agglomerated  particle  size  of  ~  3  mm.  In  this  powder  two  phases  are  evident;  a-Ti-6-4 
crystallites  with  size  <  10  nm  in  an  amorphous  matrix  (Fig.  5)  and  small  ‘pores’  some  of 
which  contain  TiB  (Fig.  6).  Quantitative  elemental  analysis  using  EELS  shows  that  the 
cx_Xi-6-4  regions  have  Ti:B  atomic  ratios  of  95:5,  while  the  ‘pores’  containing  TiB  to  have 
TiiB  atomic  ratios  of  1.  Furthermore,  the  pores  containing  TiB  exhibit  moire  fringes  from 
the  TiB  crystals  (Fig.  6).  However  there  are  also  ‘pores’  showing  similar  image  contrast  but 
low  Ti:B  ratios,  no  TiB  diffraction  spots  and  no  moir6  fringes  within  the  pore. 


Figure  5,  Dark  field  image  of  Ti-6-4 
matrix  within  the  25  %  B  sample.  The 
crystallites  are  <  10  nm  in  size,  and 
quantitative  EELS  reveals  a  95:5 
atomic  ratio  of  Ti:B  within  the  matrix. 
Electron  diffraction  produces  a  ring 
pattern  that  indexes  to  the  a  phase. 


Figure  6,  Bright  field  image  of  the  25  %  B 
sample  showing  a  ‘pore’  surrounded  by  Ti-6-4 
matrix.  Quantitative  EELS  reveals  a  1:1  atomic 
ratio  of  Ti:B  within  the  pore.  The  corresponding 
diffraction  pattern  shows  rings  from  the  a-Ti-6-4 
matrix  and  spots  from  TiB(B27)  within  the  pore 
(confirmed  by  dark  field  imaging).  Moire  fringes 
from  the  TiB  crystals  can  be  seen  within  the  pore. 
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The  50  %  boron  powder  has  a  ceramic  appearance  and  a  much  finer  particle  size  of 
~  100  |Xm.  Three  phases  are  evident  in  this  powder;  an  amorphous  phase,  a-Ti-6-4 
crystallites  and  titanium  boride  phases  of  varying  crystallinity  (Fig.  7).  The  amorphous 
phase,  is  not  yet  well  characterized  but  EDX  analysis  reveals  silicon  contamination  of 
10  -  80  at  %  as  well  as  the  expected  Ti-6-4  phase;  the  source  of  the  silicon  is  unknown.  In 
the  a-Ti-6-4  phase,  as  for  the  25%  boron  case,  there  are  crystallites  <  10  nm  in  size  in  an 
amorphous  matrix.  Finally  in  the  boride  phases,  which  are  of  varying  crystallinity  but  are  all 
highly  faulted/twinned,  the  only  structure  to  be  identified  by  electron  diffraction  is  TiB(B27) 
(Fig.  8). 


Figure  7,  Dark  field  image  of  the 
50  %  B  sample  showing  amorphous 
regions,  fine  a-Ti-6-4  crystallites  and 
faulted  boride  phases. 


Figure  8,  Bright  field  image  of  50  %  B  sample 
showing  a  faulted  TiB  particle.  The 
corresponding  selected  area  diffraction  pattern 
from  the  precipitate  can  be  indexed  to  TiB(B27). 
Twinning  and  the  similarity  to  fcc-packing  of 
this  orthorhombic  structure  are  evident  in  the 
diffraction  pattern. 


DISCUSSION 

Mechanical  milling  of  Ti-6%A1-4%V  produces  a  phase  powders,  which  have  10  -  50 
nm  grain  sizes.  Mechanical  alloying  (MA)  the  Ti-6%AI-4%V  with  amorphous  boron  (1  |im 
particle  size)  can  result  in  alloying  of  the  two  to  form  either  a  boride  or  an  amorphous  phase 
(Fig.  7). 

It  is  suggested  that  during  MA  the  boron  remains  localized  to  its  near-original  particle 
form  (Fig  6)  providing  limited  sites  for  mixing.  However,  it  appears  that  fine  (possibly 
disordered)  hep  titanium  (c  ~  4.67  A)  produced  during  milling  is  pushed  into  these  boron  rich 
regions  resulting  in  the  production  of  highly  faulted  orthorhombic  TiB  (that  essentially  has  a 
modified  fee  titanium  framework,  a  ~  4.57  A).  Certainly,  within  these  regions  of  high  boron 
concentration  it  is  more  energetically  favourable  for  a  boride  phase  to  form  (Fig.  2).  In  the 
region  surrounding  the  original  boron  particle,  some  of  the  boron  (a  few  at.%)  mixes  into  the 
Ti-6%AI-4%V  matrix,  apparently  adding  intensity  to  the  ball-mill  and  reducing  the  a-Ti-6-4 
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grain  size  to  <  10  nm.  It  would  seem  likely  that  this  boron  is  not  in  solid  solution  with  the 
titanium  but  is  located  at  the  disordered  a-grain  boundaries. 

This  description  of  the  boron  behaviour  during  milling  is  consistent  with  the 
thermodynamic  idea  that  an  atomic  mixture  of  titanium  and  boron,  with  less  than  50  % 
boron,  would  energetically  tend  to  form  as  a  combination  of  a-titanium  and  TiB  (Fig.  2). 
However,  the  high  surface  area  of  a  nucleating  TiB  phase  may  raise  its  Gibbs  energy  and  any 
significant  rise  could  make  it  (energetically)  possible  to  form  either  an  amorphous  phase  or  a 
boride  phase.  The  production  of  amorphous  material  is  evident  in  the  50  at.%  powder.  The 
above  description  of  the  boron  behaviour  suggests  that  boride  and  possibly  amorphous  phase 
formation  occurs  in  all  the  milled  boron  powder  mixtures  and  that  the  boride  and  amorphous 
phase  fractions  simply  increase  as  the  boron  concentration  increases. 

The  localization  of  the  boron  powder  during  milling  probably  contributes  to  the 
inhomogeneous  distribution  of  the  boride  precipitates  in  the  consolidated  2  at.%  boron  alloy 

[3].  Therefore  it  is  suggested  that  mechanically  alloying  Ti-6%Al-4%V  with  ~  2  at.%  boron 
that  is  already  fine-grained  (nanocrystalline)  may  result  in  a  more  even  dispersion  of  boron 
and  may  significantly  reduce  further  the  grain  size  of  the  consolidated  Ti-6%A1-4%V  - 
boron  material. 

CONCLUSION 

Mechanical  alloying  of  Ti-6%A1“4%V  with  amorphous  boron  results  in  the  production  of 
nanocrystalline  powders  with  a-  Ti-6%A1-4%V,  titanium  boride  and  amorphous  phases. 
During  the  milling  the  boron  remains  localized  to  its  near-original  particle  form. 
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ABSTRACT 

The  nature  of  the  steady  state  reached  during  ball  milling  of  CuxAgi.x  powders  (x=35  to  75) 
is  studied  as  a  function  of  the  milling  temperature  (85K^<503K).  The  characterization  of  the 
powders  is  perfomied  by  using  x-ray  diffraction,  differential  calorimetry  and  atom  probe  field 
ion  microscopy.  A  steady-state  phase  diagram  is  built.  Three-phase  coexistence  is  shown  to 
generally  take  place  at  intermediate  milling  temperatures.  Atom  probe  data  reveals  that  the  solid 
solution  stabilized  by  low  milling  temperature  is  nearly  random,  where  as  milling  at  elevated 
temperatures  results  in  the  decomposition  of  the  elements  at  a  lengthscale  of  20-30  nm. 

INTRODUCTION 

High  energy  ball  milling  is  a  process  that  has  gained  wide  interest  in  the  last  decade  since  it 
offers  opportunities  for  synthesizing  a  wide  range  of  alloys  and  microstructures  that  are 
ordinarily  very  difficult  or  even  impossible  to  obtain  by  more  conventional  processing  routes 
[1,2].  Amorphous  phases,  nanomaterials,  metastable  extended  solid  solutions,  e.g.,  in  Ni-Ag 
alloys  [3],  and,  even  more  surprisingly,  unstable  phases  can  be  stabilized,  e.g.,  Fe-Cu  [4]  or  Cu- 
Co  [5]  solid  solutions  that  are  located  deep  within  equilibrium  miscibility  gaps. 

Recently  a  detailed  study  has  been  reported  by  Klassen  et  al  [6]  on  the  effect  of  the  milling 
temperature  on  CusoAgso  powders.  They  show  that  if  the  powders  are  milled  long  enough,  a 
steady  state  is  reached,  and  that  the  nature  of  this  steady-sate  is  independent  of  the  initial  state  of 
the  powders.  At  low  milling  temperatures  (-85K),  the  steady  state  is  found  to  be  a  single  solid 
solution  with  a  lattice  parameter  compatible  with  a  CusoAgso  fee  solid  solution.  At  high  milling 
temperatures  (above  443K),  the  steady  state  consists  of  two  terminal  solid  solutions,  one  very 
copper-rich,  one  very  silver-rich.  Surprisingly,  they  found  that  at  intermediate  milling 
temperatures  (373K  to  423K)  the  central  solid  solution  and  the  two  tenminal  solid  solutions 
coexist  at  steady  state. 

These  results  cannot  be  explained  adequately  by  thermodynamic  approaches,  in  particular 
since  the  central  solid  solution  is  thermodynamically  unstable.  A  theoretical  framework  based  on 
a  kinetic  approach  has  been  developed  in  the  last  decades  to  explain  phase  modifications  in 
alloys  submitted  to  an  external  dynamical  forcing,  as  observed  for  instance  in  alloys  under 
irradiation  or  under  sustained  plastic  defomiation  [7].  In  these  kinetic  models,  atoms  are  assumed 
to  move  because  of  two  dynamic  processes  acting  in  parallel,  a  first  one  thermally-activated  and 
assisted  by  the  migration  of  point  defects,  and  a  second  one  that  results  from  the  external  forcing, 
and  which  produces  forced  motion  of  atoms.  This  approach  provides  a  simple  and  direct 
explanation  for  the  stabilization  of  solid  solutions  at  low  milling  temperatures  [6,7]. 

Recently  experimental  observations  on  Cu-Fe  [8],  Cu-Co  [9]  and  atomistic  computer 
simulations  [10]  indicate  additionally  that  phase  separation  under  ball  milling  may  saturate  at  a 
mesoscopic  scale,  and  that  the  characteristic  length  of  this  decomposition  can  be  tuned  by 
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adjusting  the  experimental  control  parameters.  This  offers  the  possibility  of  synthesizing  new 
microstructures  with  specially  tailored  properties. 

In  this  paper  we  investigate  how  two  milling  parameters,  the  composition  of  the  powders  and 
the  milling  temperature,  affect  the  steady  state  that  is  reached  during  ball  milling  of  Cu-Ag 
powders.  Particular  emphasis  is  put  on  the  analysis  of  the  composition  field  at  the  atomic  scale, 
by  using  the  atom  probe  technique. 

EXPERIMENTS 

Ball  milling  of  Cu  and  Ag  powders  was  performed  following  the  procedure  described  in 
detail  by  Klassen  et  al  [6].  Powders  of  copper  and  silver  were  mixed  according  to  the  desired 
nominal  (atomic)  composition,  CuxAgioo-x,  with  x  ranging  from  35  to  75.  Ball  milling  was 
perfomied  with  a  Spex  8000  mill  at  temperatures  ranging  from  85K  to  503K.  A  purified  argon 
atmosphere  was  used  for  all  temperatures  except  for  liquid  nitrogen  temperature  (LN2)  milling, 
which  was  perfonned  in  air.  The  milling  temperature  was  estimated  to  be  ~85K  for  LN2  milling. 
All  millings  performed  at  a  temperature  different  from  31 5K  were  preceded  by  a  24  hour  milling 
treatment  at  3I5K  so  as  to  alloy  the  initial  powders.  Ball  milled  powders  were  systematically 
characterized  using  x-ray  diffraction  (XRD)  and  differential  scanning  calorimetry  (DSC). 

Atom  probe  field  ion  microscopy  (APFIM)  was  used  to  analyze  the  composition  of  the  ball 
milled  powders  at  the  atomic  scale.  A  new  method  has  been  devised  to  prepare  APFIM  samples 
from  ball  milled  powders,  without  altering  significantly  their  microstructure.  The  CusoAgso  as- 
milled  powders  were  compacted  into  a  copper  tube  with  an  inside  diameter  of  500  microns  and 
then  cold-swaged  down  to  a  diameter  of  200-300  microns.  Optical  and  scanning  electron 
microscopy  indicate  that  the  deformation  during  swaging  takes  place  mostly  in  the  soft  copper 
tubing,  the  copper  becoming  a  binding  agent  of  the  ball  milled  aggregates.  The  swaged  wires 
were  then  electrochemically  polished  to  make  sharp  tips  using  the  micro-zone  electropolishing 
technique  with  a  phosphoric  acid-glycerin  solution. 

RESULTS 

X-rav  analysis: 

Because  of  the  large  lattice  parameter  difference  between  pure  copper  and  pure  silver, 
Aa/a~13%,  identification  of  the  phases  in  presence  after  milling  is  in  principle  possible  by  x-ray 
diffraction.  In  practice,  the  broadening  of  the  peaks  resulting  from  the  formation  of  nanograins 
and  the  presence  of  several  fee  solid  solutions  can  make  the  analysis  challenging  [6].  We  discuss 
here  first  the  results  obtained  for  equiatomic  or  near-equiatomic  compositions,  and  then  address 
the  case  of  silver-rich  and  copper-rich  mixtures. 

For  the  CusoAg.so  powder,  results  very  similar  to  that  reported  by  Klassen  et  al  [6]  are 
obtained  (see  fig.  1  a).  Milling  at  80K  results  in  the  stabilization  of  a  solid  solution  with  a  lattice 
parameter  of  3.89A,  very  close  to  that  expected  for  a  Cu5oAg5o  fee  solid  solution  [11]. 
Intermediate  temperature  milling  (373K<T<423K)  produces  the  coexistence  of  three  fee  solid 
solutions:  in  addition  to  the  Cu.soAgso  phase  identified  at  low  temperature,  two  terminal  solid 
solutions  are  also  present.  Milling  at  elevated  temperatures  (T>453K)  results  in  the 
decomposition  of  the  alloy,  as  shown  by  the  presence  of  only  two  terminal  solid  solutions. 
Similar  results  are  observed  for  other  near-equiatomic  compositions,  Cu55Ag45  and  Cu65Ag35, 
clearly  revealing  the  coexistence  of  three  solid  solutions  at  intermediate  milling  temperatures. 
One  noticeable  feature  is  however  that  the  composition  of  the  central  solid  solution  is  not  fixed: 
for  a  given  nominal  composition,  this  central  solid  solution  has  in  fact  the  same  lattice  parameter 
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as  the  solid  solution  obtained  for  that  composition  by  milling  at  315K.  The  composition  of  the 
central  solid  solution  is  therefore  identical  to  the  nominal  composition  of  the  powder. 

The  analysis  for  the  Cu35Ag65  powder  (see  fig.  lb)  is  more  difficult  because  of  the  strong 
overlapping  of  the  (111)  peaks  for  the  nominal  solid  solution  and  for  the  silver-rich  terminal 
solid  solution.  Only  one  (111)  peak  seems  to  be  present  at  intermediate  milling  temperatures 
(393K  and  423K).  However  one  notices  that  this  peak  is  strongly  asymmetric  and  that  this 
asymmetry  is  reversed  between  these  two  temperatures.  This  behavior  can  be  simply  explained 
by  assuming  the  presence  of  two  fee  solid  solutions,  the  volume  fractions  of  which  are  changing 
when  the  temperature  is  varied.  This  is  in  fact  exactly  what  is  observed  for  the  equiatomic  or 
near-equiatomic  compositions  discussed  in  the  previous  paragraph.  A  copper-rich  phase  is  also 
visible  at  high  temperatures  (423 K  and  45 3 K),  but  it  is  difficult  to  determine  accurately  its  lattice 
parameter. 

In  the  case  of  copper-rich  powders,  Cu75Ag25  (not  shown  here),  the  analysis  is  also  difficult 
because  of  peak  overlapping  problems.  Similarly  to  the  silver-rich  case  the  complex  behavior  can 
be  simply  interpreted  by  the  presence  of  three  solid  solutions  at  intermediate  milling 
temperatures,  the  central  solid  solution  now  having  a  x=  .75  composition. 


30  35  40  45  50  55  60  30  35  40  45  50  55  60 

2-theta  (degree)  2-theta  (degree) 

Fig.  1:  x-ray  diffraction  spectra  of  (a)  CusoAgso  and  (b)  Cu35Ag65  powders  obtained  at  steady 
state  for  various  milling  temperatures.  The  vertical  line  is  a  marker  for  the  central  solid  solution. 


The  above  x-ray  diffraction  analysis  can  be  summarized  by  building  a  steady-state  phase 
diagram  for  the  Cu-Ag  system,  as  shown  in  fig.  2.  Two-theta  values  were  used  to  calculate  the 
lattice  parameters.  When  there  is  a  strong  overlapping,  the  (1 1 1)  peak  positions  were  determined 
by  using  a  least-square  x-ray  fitting  program  [6].  For  the  lattice  parameter,  a  positive  deviation 
from  the  Vegard’s  law  is  expected  due  to  the  positive  heat  of  mixing  [1 1].  So  experimental  data 
from  rapid-quenched  samples  [12]  were  used  as  references  to  determine  phase  compositions.  The 
analysis  of  the  XRD  spectra  obtained  for  silver-rich  and  copper-rich  powders  is  clearly  not 
unique.  However  since  all  spectra  can  be  rationalized  using  the  same  analysis  established  for 
near-equiatomic  compositions,  it  appears  legitimate  to  propose  that  qualitatively  the  same 
sequence  is  obtained  for  all  compositions:  upon  increasing  the  milling  temperature  the  steady- 
state  changes  from  one  central  solid  solution  to  three  phase  coexistence  and  then  to  the 
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coexistence  of  two  terminal  solid  solutions.  The  compositions  of  the  terminal  solid  solutions  are 
essentially  independent  of  the  nominal  composition.  In  sharp  contrast  to  this  result,  the 
composition  of  the  central  solid  solution  is  found  to  follow  the  nominal  composition  of  the  alloy. 


Fig.  2:  Steady-state  phase  diagram 
obtained  from  XRD  analysis  of 
ball  milled  CuxAgi-x  powders 
under  ball  milling.  For  clarity,  the 
temperature  values  of  Cu35Ag65 
and  Cu5oAg5o  are  shifted  up  and 
down  by  5  degrees,  respectively. 
An  error  bar  is  shown  when  there 
is  an  uncertainty  in  the 
determination  of  the  peak  position. 
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Atom  Probe  analysis: 

Three  milling  temperatures  were  studied  for  CusoAgso:  LN2,  315K  and  453K.  A  composition 
depth  profile  at  each  temperature  is  shown  in  fig.  3.  A  block  size  of  100  ions  has  been  chosen, 
and  for  this  study,  one  such  block  corresponds  roughly  to  an  analyzed  depth  of  1  nm.  The 
amplitude  of  the  composition  fluctuations  is  quite  small  for  the  80K  sample  (fig.  3a).  Statistical 
analysis  [13]  indicates  that  the  amplitude  of  these  fluctuations  is  in  fact  just  above  that  expected 
from  a  random  alloy  (binomial  distribution).  A  medium  range  (~50  nm)  composition  fluctuation, 
with  a  small  amplitude,  about  5at.  %,  is  also  present  and  clearly  revealed  by  a  Fourier  analysis. 
In  contrast,  well-defined  and  large  fluctuations  are  observed  for  the  315K  sample  (fig.  3b).  One 
would  argue  that  in  fact  decomposition  has  already  taken  place  at  a  short  scale  in  this  alloy. 
Further  analysis  is  under  progress  to  establish  this  point.  At  higher  milling  temperature  (fig.  3c), 
phase  decomposition  has  clearly  taken  place,  with  a  characteristic  length  scale  of  20-30  nm. 

We  note  that  along  with  Cu  and  Ag,  a  small  amount  of  both  Cu  and  Ag  oxides  were  found 
(<3  at%),  and  that  in  addition  to  the  depth-probe  data  shown,  the  LN2  sample  showed  regions 
with  very  high  (90%)  concentration  of  Cu  and  Ag.  The  exact  origin  of  these  heterogeneities 
remains  unclear.  TEM  observations  under  progress  indeed  confirm  that  LN2  milled  powders 
contain  a  small  amount  of  Cu-rich  and  Ag-rich  regions.  Only  random  mixed  region  is  showed  in 
depth  profile  and  is  used  for  statistical  analysis. 
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Fig.  3:  Atom  probe  depth  profiles 
obtained  for  CusoAgso  powders 
ball-milled  at  (a)  LN2,  (b)  315K, 
and  (c)  45 3 K.  One  block  contains 
100  detected  ions  and  corresponds 
roughly  to  a  depth  of  1  nm. 
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DISCUSSION  AND  CONCLUSION 

Klassen  et  al  [6]  have  shown  that  the  formation  of  a  solid  solution  at  low  milling 
temperatures  can  be  simply  rationalized  by  appealing  to  the  theory  of  driven  alloys  [7].  This 
stabilization  would  result  from  a  forced  dynamics,  which  competes  with  thermally  activated  and 
defect-promoted  atomic  diffusion.  At  low  milling  temperatures,  the  latter  dynamics  is  very  slow 
and  the  forced  dynamics  drives  the  alloy  into  a  solid  solution.  It  has  been  proposed  that  this 
forced  dynamics  originates  from  the  shearing  of  atomic  planes  resulting  from  dislocation  glide 
[10].  The  origin  of  the  three-phase  coexistence  at  intermediate  milling  temperature  was  however 
not  fully  elucidated.  The  systematic  study  undertaken  here  and  summarized  in  the  steady-state 
phase  diagram  (fig.  2)  sheds  light  on  this  question.  Since  the  central  solid  solution  has  a 


275 


composition  equal  to  the  nominal  composition  of  the  powders,  this  coexistence  is  likely  to 
originate  from  the  existence  of  local  variations  in  the  shearing  intensity.  It  has  been  proposed 
(Klassen  [6],  Xu  [14])  that  the  variations  originate  from  a  composition  dependence  of  the 
mechanical  or  diffusional  properties  of  the  ball  milled  powders.  Our  present  results,  however, 
indicate  that  these  variations  may  simply  result  from  the  intrinsically  heterogeneous  nature  of 
deformation  during  ball  milling.  Local  regions  may  experience  different  milling  intensities  at 
different  times.  In  an  XRD  spectrum,  an  average  of  all  these  regions  would  be  made,  giving  rise 
to  a  superposition  of  the  spectra  obtained  for  a  range  of  milling  intensities.  Rather  low  milling 
intensity  would  produce  phase-separated  regions,  where  as  higher  milling  intensities  would 
produce  solid  solutions  with  the  nominal  composition.  To  test  this  explanation,  it  would  be 
important  to  determine  the  scale  at  which  the  three  phases  co-exist.  Transmission  electron 
microscopy  is  under  progress  to  address  this  point. 

The  APFIM  analysis  used  in  this  work  shows  directly  that  low  temperature  ball  milling  of 
moderately  immiscible  elements  can  produce  a  random  solid  solution.  This  conclusion  has  been 
previously  reached  by  using  macroscopic  measurements  (e.g.,  DSC  [6]),  diffraction  techniques 
(e.g.,  EXAFS  for  Cu-Fe  alloys  [15])  or  local  probes,  such  Mossbauer  spectroscopy.  The  present 
technique  provides  however  a  direct  and  unique  evidence  of  the  mixing  at  the  atomic  scale.  It 
also  reveals  the  scale  of  decomposition  at  higher  milling  temperatures,  and  the  existence  of 
medium  range  composition  variations  for  most  temperatures.  Work  is  under  progress  to  use 
quantitatively  the  information  available  in  APFIM  spectra,  and  to  compare  it  with  the 
microstructures  obtained  by  computer  simulations  [10]. 
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ABSTRACT 

METGLAS  alloy  #2826  (Fe4oNi4oPi4B6)  is  a  eutectic  alloy.  Its  melt  can  undergo 
metastable  liquid  state  spinodal  decomposition  deep  in  the  undercooling  regime  AT  defined 
as  AT  =  T|  -  T  where  Ti  is  the  liquidus  of  the  alloy  and  T  is  the  temperature  at  which  the 
decomposition  reaction  takes  place.  Micrographs  of  undercooled  Fe4oNi4oPi4B6  of  AT  =  209, 
260  and  307  K  were  displayed.  All  of  them  exhibit  refined  microstructures,  esp.  the  one  with 
the  largest  AT. 

INTRODUCTION 

Bulk  nanostructured  materials  are  systems  that  comprise  of  grains  of  diameter  d  that 
falls  in  the  range  of  1  <  d  <  100  nm.  They  are  mostly  synthesized  through  two  techniques.  In 
the  first  method  [1,2]  nanometer  powders  are  compacted  together,  sometimes  also  under  an 
elevated  temperature,  to  produce  a  bulk  nanostructured  specimen.  The  main  drawback  is  that 
an  as-prepared  specimen  is  filled  with  flaws,  mostly  microvoids,  serving  to  reduce  the 
mechanical  strength  of  the  nanostructured  material  [3].  Thermal  annealing  is  very  often 
undesirable  for  it  causes  grain  growth  giving  rise  to  wide  grain-size  distribution  [3]. 

In  the  second  method  [4],  a  bulk  amorphous  specimen  is  annealed  at  an  elevated 
temperature.  Nanocrystals  then  emerge.  However,  it  turned  out  the  size  distribution  of  these 
nanocrystals  can  be  quite  wide  that  would  smear  out  the  unique  properties  of  the 
nanostructured  alloys. 

Fe  based  nanostructured  alloy  also  possesses  interesting  magnetic  properties  [2,  5].  At 
very  small  grain  size,  d  <  30  nm,  Fe  based  nanostructured  materials  start  to  exhibit  soft 
magnetic  properties.  At  d  «  15  nm,  the  soft  magnetic  properties  become  very  interesting  and 
they  are  comparable  to  those  of  the  amorphous  alloys  [5].  It  is  however  important  to  keep  the 
size  of  the  constituent  grains  uniform  if  the  attractive  magnetic  properties  are  to  be  kept. 

Recently  it  [6,  7,  8]  was  found  that  when  a  eutectic  alloy  melt  is  undercooled  to  a 
temperature  way  below  its  thermodynamic  melting  temperature,  it  undergoes  metastable 
liquid  state  spinodal  decomposition.  Right  after  the  decomposition  reaction,  the  system 
consists  of  intertwining  undercooled  liquid  networks  of  characteristic  wavelength  X.  The 
magnitude  of  X  depends  on  how  far  the  temperature  T  of  the  decomposition  reaction  is  taken 
place  below  Ti  where  Ti  is  the  liquidus  of  the  eutectic  alloy.  The  extent  below  Tj  is  called 
undercooling  AT  (AT  =  Ti  -  T.).  More  precisely,  according  to  Cahn  [9],  X  oc  {(Ts  -  T)/Tc}'^'^^ 
where  Ts  is  the  temperature  of  the  chemical  spinodal  and  Tc  is  the  critical  temperature  of  the 
metastable  liquid  miscibility  gap. 

It  turned  out  that  when  the  undercooling  is  sufficiently  large,  X  can  enter  the 
nanometer  scale  regime[  10,11].  The  physical  dimension  of  an  as-prepared  nanostructured 
specimen  in  the  shape  of  droplet  can  have  a  diameter  >  1  cm.  Furthermore,  it  is  microvoid 
free  and  the  size  distribution  of  the  constituent  grains  is  narrow.  So  far  the  systems  under 
investigation  are  non-magnetic.  In  this  article,  we  report  the  formation  of  nanostructured 
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Fe4oNi4oPi4B6  alloys,  also  by  means  of  metastable  liquid  state  spinodal  decomposition. 
Fe4oNi4oPi4B6  or  METGLAS  alloy  #2826  was  chosen  for  it  is  a  glass  former. 

EXPERIMENT 

Fe4oNi4oPi4B6  ingots  were  prepared  from  elemental  Fe  (99.98%  pure),  Ni  (99.95% 
pure)  and  B  (99%  pure)  granules,  and  Ni2P  (98%  pure)  powders.  To  prepare  an  Fe4oNi4oPi4B6 
ingot,  Ni2p  powders  were  first  melted  by  a  torch  in  a  clean  fused  silica  tube  to  form  a  Ni2P 
ingot.  Then  the  right  proportions  of  Fe,  Ni,  B,  and  the  Ni2p  ingot  were  put  in  a  clean  fused 
silica  tube.  Alloying  were  carried  out  in  a  rf  induction  furnace  under  Ar  atmosphere.  All  the 
as-prepared  ingots  had  a  diameter  of  ~3  mm. 

It  was  necessary  to  conduct  isothermal  annealing  experiments  at  elevated 
temperatures.  They  were  done  in  a  Transtemp  furnace,  which  consists  of  a  heating  coil 
enclosed  in  a  fused  silica  tube  that  was  coated  with  Au.  The  thin  Au  layer  serves  to  trapped 
heat  from  radiating  away  from  the  chamber  of  the  furnace. 

It  was  demonstrated  that  by  a  fluxing  technique,  molten  metals  could  be  undercooled 
substantially  below  its  thermodynamic  melting  temperature,  for  example,  a  Pd4oNi4oP2o  melt 
[12]  can  be  undercooled  to  its  glass  state  bypassing  crystallization  with  a  cooling  rate  of 
~0.75  K  min*’.  Ge  melt  [13]  can  be  undercooled  as  much  as  342  K  below  its  Ti  also  in  a 
molten  flux  of  B2O3,  In  this  work,  the  fluxing  technique  was  again  employed  with  B2O3  as 
the  fluxing  agent. 

In  the  experiment,  B2O3  was  put  into  a  fused  silica  tube  that  was  connected  to  a 
mechanical  pump  (vacuum  ~10*^  Torr).  Then  it  was  heated  up  by  a  torch  to  -1350  K  for  3  hr. 
The  high  temperature  heat  treatment  serves  to  drive  out  water  in  the  oxide.  Afterward,  a 
Fe4oNi4oPi4B6  ingot  was  dropped  into  the 
tube  and  would  completely  immersed  into 
the  B2O3  flux.  The  high  temperature  heat 
treatment  was  applied  for  a  further  period 
of  4  hr.  to  facilitate  the  removal  of 
impurities  from  the  molten  ingot.  Next  the 
fused  silica  tube  was  transferred  into  the 
Trantemp  furnace  of  temperature  T  that 
was  below  the  T|  of  Fe4oNi4oPi4B6.  It  sat 
on  a  thermocouple  that  was  connected  to  a 
personal  computer  (PC)  (Fig.  1).  The  PC 
first  recorded  a  sharp  increase  in 
temperature  followed  by  a  rapid  drop  in  a 
short  period.  Then  it  fell  steadily  to  T. 

Usually,  it  took  hours  for  a  molten 
specimen  to  crystallize  if  the  undercooling 
AT  =  Ti  -  T  is  small.  On  the  other  hand,  at 
very  large  undercoolings,  a  molten 
specimen  could  hardly  be  sustained  in  the 
molten  state.  In  any  case,  only  those 
undercooled  or  crystallized  specimens  that 
had  stayed  in  the  isothermal  condition  for 
at  least  10  min  were  chosen  for  microstructural  analysis.  When  crystallization  occurred,  the 
PC  recorded  a  spike  in  the  thermal  profile.  After  crysiallization,  the  undercooled  specimen 
was  immediately  removed  from  the  furnace  and  quenched  in  water  to  minimize  grain  growth. 


Valve 


Fig.  1  Schematic  diagram  of  the  experimental 


setup. 
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Microstructures  of  the  undercooled  Fe-Ni-P-B  were  mainly  studied  by  x-ray  analysis, 
scanning  electron  microscopy  (SEM)  and  electron  transmission  microscopy  (TEM).  Both 
SEM  and  TEM  were  equipped  with  EDX  to  conduct  composition  analysis. 

RESULTS 


The  underlying  mechanism  of  the  formation  of  nanostructured  alloys  by  means  of 
metastable  liquid  state  spinodal 
decomposition  have  been  discussed  in 
Ref.  [6,  7,  8].  We  therefore  do  not 
attempt  to  displace  all  microstructures 
of  undercooled  Fe4oNi4oPi4B6  so  as 
demonstrated  that  liquid  state  spinodal 
decomposition  indeed  taking  place, 
but  rather  only  those  microstructures 
with  nanometer  scale  are  shown.  The 
detailed  microstructural  evolution 
would  be  published  elsewhere. 

The  microstructures  of  an 
undercooled  specimen  with  AT  =  209 
K  is  shown  in  the  TEM  micrograph  in 
Fig.  2a.  There  are  roughly  two  types 
of  grains  classified  according  to  their 
sizes.  The  larger  grains  are  fairly 
large,  but  still  of  submicron  scale.  The 
smaller  ones  have  an  average  size  just  Fig.  2a  Microstructures  of  an  undercooled 
less  than  100  nm.  Furthermore,  the  specimen  with  AT  =  209  K. 

size  distribution  of  these  smaller 

grains  is  quite  narrow.  It  is  noted  that  most  of  the  smaller  grains  are  embedded  inside  the 
larger  grains.  Electron  diffraction  patterns  of  a  grain  and  a  precipitate  are  shown  in  Fig.  2b.  It 


(i)  (ii) 

Fig.  2b  Electron  diffraction  patterns  of  the  undercooled  specimen  with  AT  =  209  K, 
(i)  taken  from  a  large  grain;  (ii)  taken  from  a  small  grain. 
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is  difficult  to  determine  the  concentration  of  B  by  means  of  an  EDX.  X-ray  analysis  was  also 
employed.  The  diffraction  pattern  is  shown  in  Fig.  2c.  Combining  the  EDX  and  x-ray  results, 
it  can  be  concluded  that  composition  of  the  grains  and  the  precipitates  shown  in  Fig.  2a  are 
(Fe,Ni)3(P,B)  and  (Fe,Ni),  respectively.  These  phases  are  the  same  as  those  appeared  during 
crystallization  of  glassy 
Fe4oNi4oPi4B6  ribbons  [14].  We 
had  examined  many  parts  of  this 
undercooled  specimen.  Not  a 
single  microvoid  was  found. 

An  undercooled 

specimen  with  AT  =  260  K  is 
shown  in  the  TEM  micrograph 
shown  in  Fig.  3.  The 
microstructures  can  again  be 
described  as  consisting  of  two 
types  of  grains  classified 
according  to  their  sizes.  The 
smaller  grains  with  an  average 
size  of  40  nm  are  again  of 
narrow  size  distribution.  The 
large  grains  exhibit  some 
interesting  features.  They  are  somewhat 
interconnected  and  the  grain  boundaries 
are  wavy.  The  large  and  small  grains 
now  positioned  themselves  differently 
when  compared  with  those  shown  in 
Fig.  2a.  Besides  residing  inside  the 
large  grains,  a  lot  of  them  are  found  at 
the  boundaries  of  the  large  grains.  The 
composition  of  the  large  grains  is 
(Fe,Ni)3(P,B)  while  that  of  the  smaller 
ones  is  (Fe,Ni).  Again,  after  examining 
many  parts  of  this  undercooled 
specimen,  not  a  single  micro  void  could 
be  identified.  For  comparison,  there  are 
two  differences  between  the 
microstructures  shown  in  Fig.  2a  and 
Fig.  3.  First,  the  microstructures 
become  finer  with  increasing  AT, 
which  is  expected.  Second,  more  grains 
of  smaller  size  find  their  way  to  the 
boundaries  of  the  larger  grains. 

The  microstructures  of  an 
undercooled  specimen  with  AT  =  307  K  is  shown  in  Fig.  4a.  It  can  best  be  described  as 
granular.  The  grains  can  be  roughly  divided  into  two  classes  classified  according  to  their 
sizes.  The  larger  ones  have  an  average  size  somewhat  smaller  than  100  nm  while  that  of  the 
smaller  ones  is  ~30  nm.  The  smaller  grains  are  seldom  found  inside  the  larger  ones.  A 
micrograph  of  the  same  undercooled  specimen  shown  in  Fig.  4a  but  of  larger  magnification 
is  shown  in  Fig.  4b  to  illustrate  this  point.  Again  there  are  only  two  different  phases.  The 


Fig.  3  Microstructures  of  an  undercooled 
specimen  with  AT  =  260  K. 


Fig.  2c  X-ray  diffraction  pattern  of  undercooled  specimens 
with  AT  =  209  K. 
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smaller  grains  have  a  composition  of  (Fe,Ni)  while  that  of  the  larger  ones  is  (Fe,Ni)3(P,B)- 
Connectivity  of  the  large  grains  is  less  obvious.  After  examining  many  different  parts  of  the 
undercooled  specimen,  microvoid  was  not  found  at  all. 


Fig.  4a  Microstructures  of  an  undercooled  Fig.  4b  Enlarged  picture  of  the 

specimen  with  AT  =  307  K.  undercooled  specimen  shown  in  Fig.  4a. 


DISCUSSIONS 

It  follows  from  the  microstructures  of  the  three  undercooled  specimens  that  the  larger 
the  undereooling,  the  finer  is  the  microstrueture.  This  is  consistent  with  traditional 
metallurgical  results.  The  undercooled  specimen  with  AT  =  307  K  can  be  called  a 
nanostructured  alloy  for  its  average  grain  size  is  <  100  nm,  which  is  the  conventional 
definition  of  nanostructured  materials. 

It  is  interesting  to  observe  how  the  two  different  kinds  of  grains  distributed 
themselves  differently  at  different  AT.  The  smaller  ones  tend  to  move  to  the  boundaries  of 
the  large  ones  as  AT  increases.  This  behavior  can  be  explained  in  the  framework  of 
metastable  liquid  state  spinodal  decomposition  and  has  been  discussed  in  detail  in  Ref.  [7]. 
At  small  AT,  such  as  AT  =  209  K,  the  liquid  spinodals  of  wavelength  X  formed  after  the 
occurrence  of  metastable  liquid  state  spinodal  decomposition  intertwined  with  each  other. 
Since  the  composition  of  the  liquid  spinodal  is  different  from  (Fe,Ni)3(P,B)  and  (Fe,Ni),  the 
later  austin  (Fe,Ni)  would  precipitate  out  during  the  crystallization  of  the  liquid  spinodal.  The 
best  locations  for  austin  (Fe,Ni)  are  grain  boundaries  of  the  large  grains  so  as  to  reduce  grain 
boundary  areas.  However,  at  AT  =  209  K,  atomic  diffusion  across  a  liquid  spinodal  of  large  X 
to  the  boundary  is  difficult.  This  explains  why  smaller  austin  (Fe,Ni)  grains  precipitate  out 
inside  (Fe,Ni)3(P,B). 

As  undercooling  increases,  X  becomes  shorter.  As  a  result,  some  atoms  can  diffuse  to 
the  boundaries  of  the  crystallized  spinodals  such  as  the  undercooled  specimen  with  AT  =  260 
K.  Finally  for  the  undercooled  specimen  with  AT  =  307  K,  A.  «  100  nm.  Since  diffusion 
distance  is  only  -100  nm,  (Fe,Ni)  prefer  to  diffuse  to  and  nucleate  at  the  boundaries  of 
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(Fe,Ni)3(P,B)  to  reduce  grain  boundary  areas.  For  estimation  purpose,  assume  liquid 
diffusion  D  »  10'^  m^  s'*  (The  value  is  relatively  large  for  Fe4oNi4oPi4B6  is  a  glass  former  and 
AT  =  307  K  is  large.)  and  growth  velocity  U  «  1  m  s'*  (The  liquid/crystal  interface  can  still 
barely  be  seen  during  crystallization).  Then  an  undercooled  liquid  spinodal  (of  X  ~  100  nm) 
would  turn  into  a  crystal  in  5x10'*  s.  During  this  time,  diffusion  distance  is:  x  ~  6  (D  t)'*^^  ~ 
400nm.  This  is  about  the  right  value  to  explain  the  observed  microstructures  shown  in  Fig. 
2a,  3  and  4a. 

Consider  a  system  that  consists  of  liquid  spinodals  of  ^  ~  a  few  hundreds  nm.  It  is 
likely  that  they  would  break  up  into  droplets  driven  by  surface  tension.  It  is  also  expected 
that  the  shorter  the  wavelength,  the  faster  the  spinodals  break  up.  In  Fig.  3,  there  is  still  some 
degree  of  connectivity  left.  This  is  attributed  to  the  somewhat  longer  wavelength  of  the 
spinodals.  On  the  other  hand,  X  of  the  undercooled  specimen  with  AT  =  307  K  is  short, 
leading  to  early  spinodal  break  up  that  results  in  granular  microstructures. 

CONCLUSIONS 

Nanostructured  Fe4oNi4oPi4B6  alloys  were  synthesized  by  metastable  liquid  state 
spinodal  decomposition.  An  as-prepared  specimen  consists  of  two  types  of  grains  classified 
according  to  their  sizes.  The  composition  of  the  smaller  ones  is  austin  (Fe,Ni)  and  that  of  the 
larger  ones  is  (Fe,Ni)3(P,B). 
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ABSTRACT 

We  present  the  characterization  of  supersonic  cluster  beam  deposition  as  a  viable 
technique  for  the  synthesis  of  nanostructured  materials.  Stable  and  intense  cluster  beams  can  be 
obtained  with  a  pulsed  microplasma  cluster  source.  This  technique  has  been  applied  to  produce 
TiNi  nanostructured  thin  films  on  various  substrates  at  room  temperature.  The  morphology  and 
the  structure  of  the  film  are  strongly  influenced  by  the  precursor  clusters.  Films  characterized  by 
crystallite  sizes  of  a  few  tens  of  nanometers  can  be  grown  without  recrystallization  by  thermal 
annealing.  The  stoichiometry  of  the  original  TiNi  alloy  is  maintained. 

INTRODUCTION 

Recently  low  energy  supersonic  cluster  beam  deposition  (LESCBD)  has  gained  a 
considerable  attention  as  a  viable  technique  for  the  synthesis  of  nanostructured  thin  films  [1]. 
The  properties  of  clusters  as  building  blocks  can  be  adjusted  by  changing  their  size  prior  to 
deposition;  if  the  clusters  retain  their  individuality  once  deposited,  it  is  possible  to  synthesize  a 
material  with  tunable  physico-chemical  properties.  An  essential  requisite  for  the  use  of 
LESCBD,  in  alternative  to  more  traditional  synthesis  routes,  is  the  capability  of  producing  beams 
with  high  intensity,  stability  and  tunability  in  terms  of  cluster  mass  distribution. 

Here  we  present  a  source  of  pulsed  supersonic  cluster  beams  able  to  provide  long-time 
stability,  high  deposition  rates  and  control  on  cluster  mass  distribution  suitable  for  an  efficient 
production  of  refractory  material  nanostructured  films. 

We  have  used  LESCBD  to  deposit  TiNi  nanostructured  thin  films.  The  synthesis  of  thin 
films  of  shape  memory  alloys,  with  well-controlled  and  reproducible  properties,  is  a  key  factor 
for  the  development  and  fabrication  of  micromechanical  devices  [2-4].  TiNi  alloys  are  known  to 
exhibit  shape  memory  properties  and  are  considered  promising  candidates  for  a  variety  of 
applications  such  as  microactuators  and  micromachines  [5-7].  The  understanding  and  control  of 
martensitic  transformations  in  thin  films  is  more  difficult  than  in  bulk  samples  mainly  because  of 
the  role  played  by  the  film-substrate  interaction.  Together  with  film-interface  effects  other 
parameters  as  degree  of  crystallinity,  the  stoichiometry  and  the  presence  of  contaminants  affect 
the  martensitic  transformation  [2,  7-9].  The  most  widely  adopted  technique  for  the  deposition  of 
TiNi  thin  films  is  sputtering  under  controlled  atmosphere  [2-4,  10].  This  method  allows  a  good 
control  of  stoichiometry  but  produces  amorphous  films  which  must  be  annealed  (temperature 
range  700-900  K)  during  or  after  deposition  to  induce  the  crystallization  necessary  to  obtain  the 
shape  memory  effect  [2,  3]. 

Compared  to  sputtering,  LESCBD  allows  the  deposition  on  films  characterized  by  a 
nanocrystalline  structure  with  a  substrate  at  room  temperature.  Cluster  mass  distribution  and 
kinetic  energies  influence  nanocrystalline  film  growth.  The  refinement  of  grain  size  can  strongly 
modify  the  structural  and  thermodynamic  properties  of  shape  memory  alloys  [11]. 
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EXPERIMENT 


The  cluster  beam  deposition  apparatus  is  schematically  sketched  in  Fig.  1.  It  consists  of 
three  differentially  pumped  high  vacuum  chambers  separated  by  two  skimmers.  The  cluster 
source  is  located  in  the  first  chamber;  the  second  one  contains  the  substrate  manipulator  to 
intercept  the  beam  for  the  deposition.  The  third  chamber  hosts  a  linear  Time  of  Flight  (TOF) 
mass  spectrometer  for  cluster  mass  distribution  characterization  [12]. 

The  pulsed  microplasma  cluster  source  (PMCS)  is  based  on  the  following  principle:  a  He 
pulse  is  directed  against  a  target  and  it  is  ionized  by  a  pulsed  discharge  fired  between  the  target 
(cathode)  and  an  electrode  (anode).  The  target  ablation  is  obtained  by  He  plasma  sputtering.  The 
PMCS  is  shown  in  Fig.  1,  it  consists  of  a  ceramic  body  with  a  channel  drilled  to  intersect 
perpendicularly  a  larger  cylindrical  cavity.  The  channel  hosts  two  rods  of  the  material  to  be 
vaporized.  A  solenoid  pulsed  valve  faces  one  side  of  the  cavity.  A  removable  nozzle  closes  the 
other  side  of  the  cavity.  For  the  production  of  TiNi  films  we  used  two  6  mm  TiNi  rods,  the 
starting  material  was  manufactured  in  a  graphite  crucible  by  inductive  heating  of  electrolytic  Ni 
and  grade  1-ASTM  Ti.  After  hot  forging,  the  rods  were  obtained  by  electroerosion. 

The  principle  of  operation  can  be  resumed  as  follows: 

-  The  rods  face  each  other  in  a  cavity  of  1.8  cm^  of  volume,  hence  the  discharge  is  not 
constrained  to  fire  into  the  gap  between  the  electrodes  nor  the  carrier  gas  is  constrained  to  flush 
in  the  gap; 

-  the  pulsed  valve  nozzle  does  not  face  the  gap  but  the  cathode  surface  (see  fig.  la); 

-  the  front  plate  of  the  pulsed  valve,  modified  to  be  insulating,  is  few  millimeters  far  from  the 
cathode. 

The  solenoid  valve  backed  with  a  pressure  of  8  bar,  delivers  He  pulses  with  an  opening 
time  of  few  hundreds  of  microseconds.  An  intense  helium  jet  is  formed  towards  the  cathode 
surface  facing  the  valve.  In  this  region  the  gas  density  is  substantially  higher  than  in  the  rest  of 
the  cavity.  During  standard  operation  the  mean  He  pressure  in  the  source  cavity  is  of  roughly 
4000  Pa.  Just  before  the  valve  closing,  a  voltage  ranging  from  500  V  up  to  1500  V  is  applied  to 
the  electrodes,  causing  the  firing  of  the  discharge  and  the  production  of  the  plasma.  The  ablation 
occurs  when  He  plasma  strikes  the  cathode  surface  removing  atoms  via  sputtering.  The  electrode 
surface  where  ablation  occurs  is  very  small  and  comparable  to  what  could  be  obtained  in  the  case 
of  laser  vaporization.  Well-defined  paths  can  be  burned  on  the  cathode,  which  is  constantly 
rotated  along  its  axis  by  a  stepping  motor  external  to  vacuum  to  allow  constant  ablation 
conditions  over  days. 

A  very  important  feature  of  PMCS  is  the  highly  localized  and  efficient  target  sputtering 
process  in  the  source  cavity.  The  ablated  material  does  not  preferentially  accumulate  on  the 
counter  electrode  (the  anode),  since  we  can  select  the  position  of  ablation  by  controlling  where, 
the  helium  jet,  exiting  the  valve,  strikes  the  cathode.  This  position  can  be  chosen  in  order  to 
avoid  the  formation  of  an  anode  deposit  which  would  lead  to  a  short  circuit  of  the  electrodes 
during  source  operation.  This  feature  together  with  the  possibility  of  decoupling  the  cluster 
residence  time,  before  the  expansion,  from  the  target  ablation,  improve  the  beam  intensity, 
stability  and  control  on  mass  distribution. 
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beam  diagnostics  TOF  mass  spectrometer 

n  n  n  ^ 


Fig.l  Schematic  diagram  of  the  apparatus.  The  expanded  view  of  the  PMCS  shows:  1) 
pulsed  valve;  2)  insulating  valve  nozzle;  3)  cathode;  4)  anode;  5)  thermalization  cavity;  6) 
cylindrical  nozzle;  7)  ceramic  main  body. 


RESULTS 
Cluster  beams 


The  main  source  parameters  affecting  the  cluster  intensity  and  mass  distribution  have  been 
studied  with  a  time-of-flight  mass  spectrometer  [13].  Neutral  clusters  have  been  ionized  using 
the  fourth  harmonic  of  a  Nd:Yag  laser  (266  nm).  A  typical  mass  spectrum  is  shown  in  Fig.  2. 
Small  clusters  are  not  detected  due  to  their  high  ionization  potential;  the  atomic  species  in  the 
spectrum  are  probably  due  to  fragmentation  of  larger  clusters.  The  shape  of  the  distribution  can 
be  fitted  with  several  lognormal  functions,  as  it  is  common  for  gas  phase  grown  particles  [14]. 
The  cluster  mass  distribution  is  affected  by  several  parameters  such  as  source  and  nozzle 
geometry  and  by  the  nature  of  the  ablation  process.  In  Fig.  3  we  show  mass  spectra  of  TiNi 
clusters  produced  by  varying  the  pulsed  valve  opening  time  and  hence  the  He  pressure  in  the 
source  during  the  ablation. 

The  cluster  distribution  depends  on  the  gas  pressure  in  the  source  during  the  discharge  and 
in  particular  the  center  of  the  mass  distribution  moves  towards  larger  masses  by  increasing  the 
gas  pressure. 

Thin  film  deposition 

Fig.  4  shows  two  atomic  force  microscope  micrographs  a  film  deposited  with  TiNi  cluster 
beams  on  Si  substrates  at  room  temperature.  The  deposition  rate  was  6nm/min  and  the  film 
thickness  300  nm.  A  portion  of  the  substrate  has  been  masked  in  order  to  produce  a  step  in  the 
film.  Fig.  4A  shows,  at  low  magnification,  the  film  region  near  the  step. 
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Fig.2  Typical  time-of-flight  mass  spectrum  of  neutral  TiNi  clusters  as  exiting  from  the 
source.  The  atomic  species  are  the  product  of  fragmentation  due  to  multiphoton  ionization  of 
small  clusters,  which  are  depleted  from  the  beam. 
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Fig.3  Time-of-flight  mass  spectra  of  TiNi  clusters  produced  with  different  gas  pressure  in 
the  source  during  ablation.  Note  the  evolution  towards  a  multimodal  distribution.  The  mass  of 
the  clusters  ranges  roughly  from  100  TiNi  units  up  to  several  thousands  TiNi  units. 


We  can  observe  a  region  where  the  growth  of  island  is  visible  indicating  that  the  deposited 
particles  have  a  high  mobility  on  the  substrate  and  that  they  can  coalesce.  These  island-like 
structures  have  been  observed  also  in  other  systems  produced  by  LESCBD  of  metallic  clusters 


[15].  Fig  4B  shows,  at  higher  magnification,  the  central  region  of  the  film  characterized  by 
grains  with  a  diameter  of  several  tens  of  nanometers. 

Transmission  electron  microscopy  characterization  [16]  of  nanostructured  TiNi  films 
shows  a  different  structure  depending  on  the  mass  distribution  of  the  precursor  clusters.  Films 
deposited  with  small  clusters  are  basically  amorphous  with  a  diffuse  electron  diffraction  pattern, 
while  film  deposited  with  large  clusters  have  a  nanocrystalline  structure  with  a  diffraction 
pattern  typical  of  TiNi  (B2-ordered  cubic)  and  TiOi  (rutile)  crystalline  phases. 


Fig.  4  A)  AFM  picture  of  the  step  edge  of  a  nanostructured  TiNi.  film  taken  from  a 
micrograph  obtained  with  a  scan  size  of  60  pm  x  60  pm.  B)  AFM  picture  of  the  central  part 
of  the  film  taken  with  a  scan  size  of  500  nm  x  500  nm. 


The  stoichiometry  of  TiNi  films  was  checked  by  energy  dispersive  X-ray  measurements 
[16].  In  the  limit  of  sensitivity  of  the  methods  used,  results  are  consistent  with  the  composition  of 
rods  used  in  the  source.  An  ex-situ  characterization  of  the  oxygen  contamination  of  the  sample 
was  carried  out  by  Auger  and  X-ray  Photoelectron  Spectroscopy.  A  strong  presence  of  Titanium 
and  partial  Ni  oxidation  is  present  on  the  surface  in  all  samples.  The  analysis  of  depth  profiles 
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shows  that  in  several  samples  the  presence  of  oxides  decreases  from  the  surface  towards  the 
inner  parts  of  the  films.  The  combined  effect  of  the  mentioned  presence  of  oxides  in  the  beam 
and  of  the  oxidation  processes  induced  by  air  exposure,  after  the  growth  of  films,  is  very  likely 
the  cause  of  oxygen  contamination. 

CONCLUSIONS 

We  have  shown  that  it  is  possible  to  deposit  nanostructured  TiNi  thin  films  with  LESCBD. 
Deposition  rates  of  6  nm/sec  can  be  achieved  with  very  high  stability.  The  control  of  cluster 
beam  distribution  can  be  obtained  by  varying  the  source  parameters.  Cluster  size  plays  a  major 
role  in  determining  the  film  structure:  large  aggregates  can  induce  the  formation  of 
nanocrystalline  films  on  substrate  kept  at  room  temperature.  Further  work  is  in  progress  to 
investigate  the  influence  of  different  nanostructures,  film  stoichiometry  and  oxygen 
contamination  on  the  mechanical  properties  and  on  the  martensitic  transformation  of  the  films. 
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ABSTRACT 

Highly  mono-dispersed  CdSe/CdS  core-shell  and  CdSe/CdS  composites  have  been 
prepared  by  a  novel  route  involving  thermolysis  in  TOPO  using  Cd(Se2CNMe("Hex))2  and 
Cd(S2CNMe("Hex))2.  The  absorption  band  edge  (652  nm,  1.90  eV)  of  the  CdSe-CdS  core-shell 
structure  is  red  shifted  (22  nm,  0.017  eV)  as  compared  to  the  CdSe  nanoparticles  (630  nm,  1.96 
eV)  whereas  the  absorption  spectrum  of  the  CdSe-CdS  composites  shows  the  absorption  band 
edge  at  (584  nm,  2.12  eV),  blue  shifted  (46  nm,  0.037  eV)  as  expected.  Photoluminescence  (PL, 
^ex.  “  400  nm)  of  both  the  core-shell  (622  nm)  and  the  composites  (588  nm)  show  values  close  to 
band  edge  emission.  A  sharper  emission  maximum  with  a  considerable  increase  of  intensity  is 
observed  for  core-shell  structure  as  compared  to  that  of  CdSe  whereas  the  composite  showed  a 
broader  emission  maximum.  The  TEM  images  of  the  CdSe/CdS  core-shell  nanoparticles  show 
crystalline,  spherical  particles  with  the  average  size  of  53  A  (±7  %),  a  increase  of  8  A  than  the 
average  size  of  CdSe  (45  A)  nanoparticles,  with  a  narrow  size  distribution.  The  High  Resolution 
Transmission  Electron  Microscopy  (HRTEM)  showed  lattice  spacing  intermediate  between  those 
for  CdSe  and  CdS  as  is  observed  by  Selected  Area  Electron  Diffraction  (SAED)  and  X-ray 
patterns  (hexagonal  phase).  As  expected  no  interface  can  be  observed  by  HRTEM  between 
CdSe  core  and  CdS  shell.  The  TEM  image  of  the  CdSe-CdS  composites  show  particles  with  an 
average  size  of  48.7  A  (±10%). 

INTRODUCTION 

Unique  physical  and  chemical  properties  due  to  quantum  confinement  effects  have  been 
reported  for  a  wide  range  of  nano-dimensional  semiconductor  materials.*'^  The  high  surface  to 
volume  ratio  of  these  materials  means  that  their  surfaces  play  an  important  role  in  determining 
their  electronic  and  optical  properties.  Surface  modification  of  these  particles  has  been  the 
subject  of  intensive  investigation.  The  synthesis  of  core-shell  structures,  the  epitaxial  growth  of  a 
second  material  on  a  core  of  another  material  forming  a  heterostructure  has  generated  a  lot  of 
interest.  Conmosite  structures  involving  nanoparticle  passivation  by  organic  ligands  such  as 
thiopyridine,"*  thiolates,^  and  2,2’  bypyrimidine,^  and  core/shell  structures  such  as  CdSe/ZnS,^ 
CdSe/ZnSe,^’^  and  CdSe/CdS*^'*^  have  been  reported.  Such  systems  show  an  increase  in 
photoluminescence  efficiency  and  reduced  fluorescence  lifetimes. 

In  this  paper  we  report  the  synthesis  of  a  CdSe/CdS  core-shell  structure  and  a  CdSe/CdS 
composites  using  the  air  stable  precursors,  [Cd(Se2CNMe(Hex))2]  and  [Cd(S2CNMe(Hex))2]. 
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EXPERIMENTAL 


Chemicals 

Tri-rt-octylphosphine  oxide  (TOPO),  tri-«-octylphosphine  (TOP),  «-methylhexylaniine, 
and  carbon  disulfide  were  purchased  from  Aldrich  Chemical  Company  Ltd  and  methanol  and 
toluene  from  BDH. 

TOPO  was  purified  by  vacuum  distillation  at  ca.  250  °C  (  0.1  torr).  The  solvents  used 
for  air  sensitive  chemistry  were  distilled  ,  deoxygenated  under  a  nitrogen  flow  and  stored  over 
molecular  sieves  (type  4  A,  BDH)  before  use. 

Instrumentation 

Ultra  violet/Visible  (UV/Vis)  Absorption  Spectroscopy:  A  Philips  PU  8710 
spectrophotometer  was  used  to  carry  out  the  optical  measurements  of  the  semiconductor 
nanoparticles.  The  samples  were  placed  in  silica  cuvettes  (  1  cm  path  length). 

Photoluminescence  Spectroscopy:  A  Spex  FluoroMax  instrument  with  a  xenon  lamp 
(150W)  and  a  152  P  photomultiplier  tube  as  a  detector  was  used  to  measure  the 
photoluminescence  of  the  particles.  Good  spectral  data  was  recorded  with  the  slits  set  at  2mm 
and  an  integration  time  of  1  second.  The  samples  were  quantitatively  prepared  by  dissolving  25 
mg  in  10  ml  toluene. 

The  samples  were  placed  in  quartz  cuvettes  (1  cm  path  length)  used  as  blank  for  all 
measurements.  The  wavelength  of  excitation  was  set  at  a  lower  value  than  onset  of  absorption  of 
a  typical  sample. 

X-Ray  Diffraction  (XRD):  X-  Ray  diffraction  patterns  were  measured  using  a  Philips 
PW  1700  series  automated  powder  diffractometer  using  Cu-  K(  radiation  at  40kV/40mA  with  a 
secondary  graphite  crystal  monochromator.  Samples  were  prepared  on  glass  slides  (5  cm).  A 
concentrated  toluene  solution  was  slowly  evaporated  at  room  temperature  on  a  glass  slide  to 
obtain  a  sample  for  analysis. 

Electron  microscopy:  A  Joel  2000  FX  MK  1  operated  at  200KV  electron  microscope 
with  an  Oxford  Instrument  AN  10000  EDS  Analyser  was  used  for  the  conventional  TEM 
(transmission  electron  microscopy)  images.  Selected  area  electron  diffraction  (SAED)  patterns 
were  obtained  using  a  JEOL  2000FX  MK  2  electron  microscope  operated  at  200kV.  The  samples 
for  TEM  and  SAED  were  prepared  by  placing  a  drop  of  a  dilute  solution  of  sample  in  toluene  on 
a  copper  grid  (400  mesh,  agar).  The  excess  solvent  was  wicked  away  with  a  paper  tip  and 
completely  dried  at  room  temperature. 

Synthesis 

All  experiments  were  carried  out  by  using  dry  solvents  and  standard  Schlenck  techniques. 
Glassware  was  dried  in  the  oven  before  use. 

(i)  Preparation  of  CdSe/CdS  core-shell  nanoparticles 

In  a  typical  synthesis,  [Cd(Se2CNMe(Hex))2]  (0.8  g)  was  dissolved  in  tri-«- 
octylphosphine  (TOP)  (15  ml).  This  solution  was  then  injected  into  hot  (250*^  C)  tri-/?- 
octylphosphine  oxide  (TOPO)  (20  g)  and  kept  at  this  temperature  for  30  minutes.  After  this  time 
a  small  amount  of  sample  was  syringed  out  of  the  reaction  mixture  for  characterization  as  the 
CdSe  nanoparticles.  Then  a  solution  of  [Cd(S2CNMe(Hex))2]  (0.5  g)  in  TOP  (10  ml)  was 
injected  into  the  deep  red  reaction  mixture.  The  reaction  was  allowed  to  proceeded  for  a  further 
30  minutes  and  the  resulting  solution  was  cooled  to  ca.  70°  C.  Methanol  was  then  added  and  a 
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flocculant  precipitate  formed  which  was  separated  by  centrifugation.  CdS  and  CdSe 
nanocrystals  were  also  synthesized  as  described  previously, 

(ii)  Preparation  of  CdS/CdS  composites 

[Cd(Se2CNMe(Hex))2]  (0.5g)  and  [Cd(S2CNMe(Hex))2]  (0.5  g)  were  dissolved  in  tri-w- 
octylphosphine  (15  ml^  This  solution  was  injected  into  hot  (250°  C)  tri-«-octylphosphine  oxide 
(TOPO)  (20  g)  and  kept  at  this  temperature  for  45  minutes.  The  resulting  solution  was  then 
cooled  to  ca.  70°  C,  and  excess  methanol  was  added,  forming  a  flocculant  precipitate.  The 
precipitate  was  seperated  by  centrifugation  and  dissolved  in  toluene. 

RESULTS  AND  DISCUSSION 

We  observe  differences  in  the  optical  spectra  of  the  core-shell  type  composites  and  the, 
simple  composites  (Figures  1  and  2).  The  absorption  band  edge  (652  nm,  1.90  eV),  due  to  the 
first  electronic  transition  (Is-ls)  of  the  CdSe-CdS  core-shell  structure  is  red  shifted  (22  nm,  0.02 
eV)  as  compared  to  the  CdSe  nanoparticles  (630  nm,  1.96  eV)  (Figure  1).  This  red  shift, 
consistent  with  relaxation  of  quantum  confinement,  is  due  to  the  growth  of  the  CdS  shell.  The 
overall  shape  of  the  spectrum  is  similar  to  that  of  CdSe,  however  a  slight  sharpening  of  the 
features  at  535  and  613  nm  is  observed  which  may  suggest  a  narrower  size  distribution.  The 
absorption  spectrum  of  the  simple  composites  shows  a  sharp  excitonic  feature  at  (417  nm)  with 
the  absorption  band  edge  at  (584  nm,  2.12  eV)  (Figure  2).  The  blue  shift  of  (46  nm,  0.037  eV)  in 
relation  to  CdSe  is  indicative  of  alloying.^’^^ 
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Figure  1.  Optical  spectra  of  CdSe/CdS 

core-shell  and  CdSe  showing  absorption 
spectra  of  (a)CdSe  (b)  CdSe/CdS  and  PL 
spectra  of  (c)  CdSe  (d)  CdSe/CdS 
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Figure  2.  Optical  spectra  of  the 
composite  CdSe-CdS  and  CdSe 
showing  absorption  spectra  of  (a) 
CdSe  (b)  CdSe-CdS  and  PL  spectra 
of  (c)  CdSe  (d)CdSe-CdS 


Photoluminescence  (PL,  Xex.  =  400  nm)  of  both  the  core-shell  (622  nm)  and  composites 
(588  nm)  show  values  close  to  band  edge  emission.  The  intensity  of  the  emission  maximum  is 
considerably  increased  in  the  core-shell  structure  as  compared  to  that  of  CdSe.  The  emission 
spectrum  of  the  composite  is  broader  than  that  of  CdSe,  which  could  be  due  to  a  broad  size 
distribution.  However  the  sharp  band  edge  and  the  observed  size  distribution  from  the  TEM 
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The  X-ray  diffraction  pattern  of  CdSe/CdS  core/shell  shows  broad  peaks  along  the  (110), 
(103)  and  (112)  planes  that  are  assigned  to  the  hexagonal  phase  of  CdSe  suggesting  that  the 
diffraction  is  predominantly  due  to  the  CdSe  core  (Figure  3c).  The  diffraction  pattern  show  an 
increased  coherence  length,  hence  the  sharper  lines,  an  indication  of  the  epitaxial  growth  of  the 
shell.  Similarly,  in  the  comparison  of  the  SAED  patterns,  the  CdSe/CdS  pattern  is  intermediate 
between  that  for  CdS  and  that  for  CdSe  as  expected.  The  X-ray  diffraction  of  the  CdSe-CdS 
composite  shows  broad  poorly,  defined  peaks  along  the  (110)  and  (103)  planes  (Figure  3d).  The 
shift  in  the  peaks  to  lower  20  values  and  the  blue  shift  in  the  absorption  spectrum  are  evidence 
for  composite  formation.  The  peaks  along  (002),  (100)  and  (101)  planes  shown  in  the  hexagonal 
CdS  diffraction  pattern  are  not  visible  in  the  CdSe  and  CdSe/CdS  patterns  due  to  broadening  of 
the  peak  in  the  region  dO  =  20  -25°. 


Figure  4.  CdSe/CdS  core  shell  nanoparticles  (a)  TEM  image  (b)  particle  size  distribution  and  (c) 
HRTEM  image. 


The  TEM  images  of  the  CdSe/CdS  core-shell  nanoparticles  show  well-defined,  spherical 
particles  (Figure  4a)  with  the  average  size  of  53  A  (±7  %)  with  a  narrow  size  distribution.  The 
average  size  of  CdSe  nanoparticles  is  45  A,  which  indicates  an  increase  of  8  A  due  to  CdS  shell 
in  core/shell  nanoparticles.  The  crystallinity  of  the  core/shell  structure  is  confirmed  in  an 
FIRTEM  image  (Figure  4c)  which  shows  clear  lattice  fringes  for  the  CdSe  core  (hexagonal 
phase).  The  HRTEM  showed  lattice  spacing  intermediate  between  those  for  CdSe  and  CdS  as  is 
observed  by  SAED  and  X-ray  patterns.  As  expected  no  interface  can  be  observed  by  HRTEM 
between  CdSe  core  and  CdS  shell.  The  TEM  image  of  the  CdSe-CdS  composites  show  particles 
with  an  average  size  of  48.7  A  (±10%)  (Figure  5a).  The  ‘darker’  particles  appearing  in  the 
micrograph  are  indicative  of  a  dense  agglomeration  of  particles.  The  standard  deviation  (±10%) 
is  higher  than  that  of  the  eore/shell  sample  (±7%),  however  this  cannot  alone  account  for  the 
broad  emission  spectrum. 

The  ED  AX  pattern  and  the  ICP  analysis  confirmed  the  presence  of  Cd,  Se,  and  S  in  the 
core-shell  and  the  composite  nanoparticles.  The  peak  for  phosphorus  in  each  case  was  due  to  the 
capping  of  the  particles  by  TOPO  which  was  further  confirmed  by  shift  in  IR  band  (from  vl  146 
to  1120  cm'*,  P=0)  for  TOPO.  The  shift  of  the  v(  P=0)  frequency  to  lower  values  is  due  to  the 
binding  of  TOPO  to  Cd^'*'  sites  on  the  CdS  shell. 
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Figure  5.  CdSe/CdS  composite  nanoparticles  (a)  TEM  image  and  (b)  particle  size  distribution. 
CONCLUSIONS 

Highly  mono-dispersed  CdSe/CdS  core-shell  and  CdSe/CdS  composites  have  been 
prepared  by  a  novel  route  involving  thermolysis  in  TOPO  using  Cd(Se2CNMe("Hex))2  and 
Cd(S2CNMe("Hex))2  as  single  molecule  precursors  in  a  one  pot  synthesis.  Clear  differences  have 
been  observed  in  the  optical  spectra  of  CdSe/CdS  core-shell  and  CdSe/CdS  composites 
indicating  the  difference  in  structures.  The  absorption  spectra  showed  a  red  shift  (22  nm,  0.017 
eV)  for  core-shell  and  a  blue  shift  (46  nm,  0.037  eV)  for  composite  structure  in  relation  to  CdSe 
nanoparticles  as  expected.  Photoluminescence  (PL,  =  400  nm)  showed  a  sharper  emission 
maximum  with  a  considerable  increase  in  intensity  for  core-shell  structure  as  compared  to  that  of 
CdSe  whereas  the  composite  showed  a  broader  emission  maximum.  TEM  and  HRTEM  showed 
crystalline  nanoparticles  with  a  narrow  size  distribution  for  both  structures. 
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ABSTRACT 

Magnetocaloric  effect  of  nanocomposites  composed  of  iron-oxide  or  iron-nitride  grains 
dispersed  in  a  silver  matrix  was  studied  by  calculating  magnetic  entropy  change  AS  induced  by 
a  change  in  applied  magnetic  field  H.  These  nanocomposites  were  synthesized  by  the  inert  gas 
condensation  technique  and  nitridation  by  heat  treatment  in  an  ammonia  gas  stream.  Average 
sizes  of  the  iron-containing  grains  were  10-35  nm.  Magnetic  phases  in  the  materials  were 
Fe304  or  7  -  FejO,  for  the  oxide-composites  and  Y  -Fe4N  or  e  -  FcjN  for  the  nitride- 
composites.  Values  of  the  AS  were  obtained  by  applying  a  thermodynamic  Maxwell's  relation, 
(<95  /  dH)j  =  {dM  /  dT)ff ,  to  data  set  of  magnetization  M  measured  at  various  temperatures  T. 
They  clearly  indicated  significant  enhancement  due  to  the  nanostructure  as  predicted. 

INTRODUCTION 

The  magnetocaloric  effect  is  a  process  converting  magnetic  energy  into  thermal  energy, 
which  is  described  by  a  relation  of  <2  =  TAS  where  AS  is  entropy  change  of  magnetic  spins 
contained  in  a  substance  and  Q  is  heat  absorbed  by  it  [1].  This  AS  is  accompanied  by  an  order- 
disorder  transition  of  the  magnetic  spin  system  induced  by  applying  and  removing  external 
magnetic  field.  Most  substance  gives  only  a  trivial  AS  with  an  ordinary  field  strength  at 
ambient  temperatures,  while  some  paramagnets  and  ferromagnets  can  give  significant  AS  and 
work  as  magnetic  refrigerants.  However,  they  still  require  a  large  field  of  several  Tesla  even  at 
cryogenic  temperatures,  lower  than  20K.  In  early  90's,  it  was  predicted  that  some  kind  of 
nanostructured  material  would  show  highly  enhanced  magnetocaloric  effect  and  make  the 
magnetic  refrigeration  system  work  even  with  lower  fields  and  at  higher  temperatures  [2].  The 
required  material  is  such  that  consists  of  ferromagnetic  nanograins  behaving  as  the  unit 
magnetic  moment  in  the  material.  When  the  nanograins  are  single-domained  and  magnetically 
isolated  each  other,  and  their  magnetocrystalline  anisotropy  energies  are  smaller  than  the 
thermal  energy,  the  superparamagnetism  occurs.  This  magnetism  may  be  the  simplest  of  those 
expected  to  occur  in  the  magnetic  nanocomposites,  and  is  reasonably  described  by  the  classical 
Langevin  paramagnetism  model.  Its  magnetocaloric  effect  was  also  described  on  the  basis  of 
this  model  and  thermodynamics,  indicating  a  considerable  enhancement  of  [3]. 

We  have  synthesized  nanocomposites  composed  of  a  silver  matrices  and  10-30  nm 
nanograins  of  iron-oxide  [4]  or  iron-nitride  [5]  by  the  inert  gas  condensation  method,  and 
confirmed  superparamagnetism  to  occur  in  some  of  them.  The  magnetic  species  in  them  was 
mainly  of  y-FCjOj,  /-Fe4N  or  e-FejN.  These  two  nitrides  are  both  of  ferromagnetism  and 
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regarded  as  attractive  magnetic  components  in  the  nanocomposite  because  of  some  advantages 
over  the  iron  oxides  and  metal:  their  magnetic  moments  are  larger  than  those  of  the  oxides  and 
comparable  to  that  of  metallic  iron,  and  these  nitrides  are  chemically  stabler  than  metallic  iron 
especially  in  the  nanophase.  The  y'  -Fe4N  phase  is  practically  stoichiometric  and  in  fee 
structure,  while  the  £  -  Fe3N  phase  has  a  wide  nonstoichiometry  designated  by  the  formula  of 
Fe2.4N  and  in  hep  structure.  This  variety  would  also  provide  versatility  in  magnetism  of  the 
resultant  composites.  We  have  evaluated  AS"  of  our  superparamagnetic  nanocomposites  of 
iron-oxide  and  made  sure  of  the  enhancement  of  their  magnetocaloric  effect  caused  by  the 
nanostructure  [6],  The  purpose  of  this  work  is  to  evaluate  AS"  of  the  nitride  nanocomposites 
and  compare  them  with  those  of  the  oxide  nanocomposites. 

NANOCOMPOSITE  MATERIALS 

The  nanocomposites  composed  of  iron-oxide  grains  and  a  silver  matrix  were  obtained  by 
the  inert  gas  condensation  involving  coevaporation  of  metallic  iron  and  silver  from  resistance 
heated  boats  in  an  ultrahigh  vacuum  chamber  filled  with  a  static  helium  gas.  The  helium  gas 
quenched  the  vapors  just  above  the  boats  to  form  nanoparticles,  which  were  collected  on  the 
surface  of  a  rotating  cylinder  cooled  by  liquid  nitrogen.  Only  iron  particles  were  oxidized  by 
O2  gas  introduced  slowly  to  form  grains  mainly  of  ferrimagnetic  7  -  FOjO^ .  These  iron-oxide 
grains  were  converted  into  nitride  grains  by  a  heat  treatment  at  450oC  in  a  gas  stream 
containing  NH^  after  reduction  in  gas  at  350^0.  Metallic  silver  does  not  react  with  NH^. 
During  nitridation  reaction,  the  nitrogen  potential  was  controlled  by  adjusting  the  flow  rate  and 
adding  Hj  gas  into  the  stream  in  order  to  form  selectively  7'  -Fe4N  or  e  -  Fe^N.  These 
composites  are  abbreviated  as  ONC  (oxide  containing  nanocomposite),  7'  -NNC  (7'  -Fe4N 
containing  -)  and  £  -  NNC  ( £  -  Fe^N  containing  -)  in  the  below. 

The  magnetization  of  the  materials  was  measured  with  a  SQUID  magnetometer  at 
various  temperatures  from  room  temperature  down  to  the  lowest  temperature  (7.5  K)  by 
sweeping  the  applied  field  between  ±5  Tesla.  Grain  sizes  in  the  composites  obtained  were 
determined  by  a  transmission  electron  microscope.  Grain  sizes  in  the  ONC  were  about  15  nm 
and  those  of  NNC  were  about  35  nm.  Their  iron  contents  were  evaluated  by  the  energy 
dispersive  x-ray  fluorescence  spectroscopy  (EDX).  The  present  ONC  contained  9  at%  iron  and 
the  NNCs  6  at%  iron.  Phases  of  oxides  and  nitrides  existing  in  the  composites  were 
determined  by  x-ray  absorption  spectroscopy  technique  [7]. 

EVALUATION  OF  ENTROPY  CHANGE 

In  this  work,  magnetic  entropy  changes,  AS,  of  the  samples  were  evaluated  from  their 
data  sets  of  M-H  relations  measured  at  various  temperatures,  T,  where  M  is  magnetization, 
H  applied  magnetic  field.  By  using  thermodynamic  Maxwell's  relation, 

(dSldH\  =  {dMldT)„,  (1) 

these  data  sets  were  converted  into  A5  accompanied  by  a  demagnetization,  H  ->0,  at  T. 

AS  =  (2) 

This  AS  was  numerically  calculated  by  substituting  the  magnetization  data,  in  which 
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differentials  and  integrals  were  replaced  with  finite  differences  and  trapezoid  areas,  respectively. 
Equation  (1)  is  valid  only  when  M  is  regarded  as  a  state  property  determined  by  independent 
variables  of  T  and  H.  The  ideal  superparamagnet  has  magnetization  described  as  vector  sum 
of  magnetic  moment  vectors  which  are  independent  of  each  other,  which  is  expressed  by  using 
Langevin  function  L(x)  as, 

M^NiiL{x),  (4) 

L(j£:)  =  coth  X  -  1/x,  (5) 

where  x  =  is  the  Boltzmann’s  constant,  fx  is  size  of  the  elemental  moment,  N  is 

number  of  moments  existing  in  the  substance.  By  inserting  eqs.(4)  and  (5)  into  eq.(2), 
formulation  for  AS  of  the  ideal  superparamagnet  is  obtained  as 

AS/  NUq  =-l  +  A:cothA:-ln{(sinhx)/x}.  (6) 


RESULTS  AND  DISCUSSION 

Figure  1  shows  M  vs.  H/T  plots  of  the  present  ONC  and  /-NNC  measured  at 
temperatures  higher  than  each  threshold  temperature,  which  indicates  that  each  plot  sets  fall 
onto  a  single  curve,  and  therefore,  that  the  nanocomposites  may  be  regarded  as 
superparamagnets  in  these  temperature  regions.  At  lower  temperatures,  the  remainder  plots 
considerably  deviated  from  the  curves.  On  the  contrary  the  e  -  NNC  shows  widely  scattered 
plots  even  at  higher  temperatures  as  shown  in  Fig.  2.  These  remarkable  differences  in 
magnetization  behavior  among  the  three  materials  of  similar  iron  concentrations  are  considered 
to  reflect  differences  mainly  in  properties  of  the  magnetic  species  existing  in  them.  The 
saturation  magnetization,  cr^,  possessed  by  an  iron  atom  in  the  relevant  species  are 


Fig.l  M  vs.  H/T  plots  of  ONC  and 
/  -NNC  measured  at  various  temperatures. 
Note  each  has  individual  ordinate  scale. 


Fig.2  M  ys,  H/T  plots  of  e  -  NNC 
measured  at  various  temperatures.  Note 
each  has  individual  ordinate  scale. 
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Fig.3  Temperature  dependencies  of 
magnetzation  under  5  Tesla  of  7'  -  and 
£  -  NNC ,  normalized  to  values  at  7.5  K. 


Fig.4  AS  vs.  H/T  plots  of  ONC  .  The 
curve  is  of  an  ideal  superparamagnet  with 
optimized  parameters. 


CTs(y'  -Fe.N)  =  >  o,(e-Ve,N)  =  LSyUj  >  <T,(r  -  Fe,0,)  = 

where  is  size  of  the  Bohr  magneton.  The  nanograin  in  the  present  7'  -NNC  is  of  the 
magnetically  strongest  phase  and  its  geometric  size  is  also  larger  than  that  in  ONC  because  of 
the  grain  growth,  so  that  its  magnetic  moment  size  is  largest  among  the  three.  These  facts 
account  for  the  largest  M  values  and  the  steepest  increasing  with  increasing  H/T  near  the 
origin  in  Fig.  1.  Since  the  ordinates  in  Fig.l  are  expressed  as  M  for  each  iron  atom  assuming  it 
exists  as  Fe203  or  Fe4N,  M(7'-Fe4N)  should  never  have  exceeded  (75(7’ -Fe^N)  =  2.0/tg. 

This  too  large  moment  size  could  be  due  to  an  uncertainty  in  determining  iron  concentration 
with  EDX. 

The  widely  scattered  plots  found  in  Fig.2  for  €  -  NNC  is  ascribed  to  the  intrinsic 
temperature  dependence  of  (T^(e  -  Fe3N).  Generally,  decreases  with  increasing  temperature 
and  disappears  at  the  transition  temperature,  7^.  The  Curie's  temperatures  of  these  nitrides  are 
reported  as 

rc(7’-Fe4N)  =  761  K  and  7c(^-Fe3N)  =  398  K. 

This  relatively  lower  of  £-  FeiN  has  possibly  caused  the  significant  temperature  dependence 
even  at  the  high  temperatures  as  shown  in  Fig.  2.  Recall  the  reason  why  exhibition  of  an  single 
curve  by  M  vs.  H/T  plots  is  an  evidence  of  the  superparamagnetism  is  based  on  the 
temperature  independency  of  jl  in  eqs.(4-5).  In  fact,  this  temperature  dependence  was  clearly 
observed  on  the  e  -  NNC  as  shown  in  Fig.3,  in  which  M  at  5  Tesla,  M(5T),  measured  at 
various  T  was  plotted  as  values  normalized  with  those  at  7.5  K.  A/(5T)  may  be  regarded  as 
as  the  first  approximation,  because  their  M-H  curves  have  exhibited  considerable  saturation 
under  5  T.  The  e  -  NNC  showed  a  steep  descent  as  temperature  increases,  while  the  7’  -NNC 
showed  an  insignificant  change.  In  this  figure,  values  of  reference  materials  examined  with 
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Fig.5  Magnetic  entropy  changes  of 
7' -NNC  plotted  againist  HIT. 
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0  10  20  30  40  50 

HIT  (xlO"  Tesla/K) 


Fig.6  Magnetic  entropy  changes  of 
e  -  NNC  plotted  againist  HIT. 


XRD  are  plotted  together  and  they  exhibited  behavior  same  with  the  present  samples.  Thus,  the 
present  /  -  and  £  -  NNC  s  really  contains  mono-phased  7'  -  and  £ -nitrides. 

Magnetic  entropy  changes  were  evaluated  by  substituting  these  data  into  eqs.  (1)  -(2)  and 
are  plotted  in  Figs.  4-6  against  HIT  for  the  ONC,  7’  -  and  e  -  NNC,  respectively.  The 
reliability  of  the  present  calculations  was  examined  by  checking  the  reproducibility  of  results  of 
analytical  formula  when  simulated  sparse  data  were  loaded.  Since  M  of  the  ONC  were 
measured  at  small  intervals  both 'm  H-  and  T -domains  so  that  errors  accompanied  with  the 
numerical  calculation  were  insignificant.  However,  those  of  nitrides  nanocomposites  were 
measured  with  larger  intervals,  that  resultant  AiS  were  estimated  to  be  relatively  smaller  than 
true  ones  about  by  20%  at  most. 

It  is  noted  that  A5(ONC)  vs.  HIT  plots  show  a  clear  tendency  of  falling  on  a  single 
curve  especially  at  higher  temperatures  while  not  those  of  7’  -  nor  e  -  NNC .  Equation  (6) 
predicted  such  behavior  for  the  ideal  superparamagnet.  The  shaded  curve  in  the  figure  was 
obtained  by  optimizing  fx  and  N  for  the  plots,  which  corresponds  to  that  the  ONC  is  composed 
of  nanograins  containing  6.7  x  10^  iron  atoms  and  possessing  a  magnetic  size  of  1200 }x^. 
Inconsistency  between  thus  determined  two  values  were  explained  by  taking  account  of 
existence  of  iron  atoms  magnetically  dead.  These  AS(ONC)  values  were  compared  with 

those  of  the  paramagnet,  iron  aluminum  alum  with  Fe^”'',  to  find  that  an  iron  atom  in  the  ONC 
gives  entropy  change  ca.  10  times  as  large  as  that  in  the  alum  in  spite  of  employing 
magnetically  reduced  species,  7  -  Fe203. 

Figures  5-6  show  advantages  of  employing  the  iron  nitrides  as  magnetic  species  of 
nanocomposites  for  magnetic  refrigerants.  A5'(7'  -NNC)  and  A5(£  -  NNC)  were  found  to  be 
further  enhanced;  they  are  larger  than  A5(ONC).  A5  vs.  HIT  plots  of  the  NNCs  shows 
considerable  temperature  dependencies  in  both  the  figures,  indicating  invalidity  of  the  Langevin 
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superparamagnetism  model  to  them.  It  is  noticed  that  A5(r’  -NNC)  are  a  few  times  of 
A*S(ONC)  in  spite  that  its  M  is  almost  one-order  larger.  The  magnetic  moments  in  the 
/  -NNC  could  have  been  too  large  to  be  magnetically  independent  and  agglomerated.  In  fact 
significant  remanences  were  observed. 

Another  remarkable  point  is  that  of  the  e  -  NNC  is  enhanced  so  as  to  be  several 
times  of  the  ONC  in  spite  of  that  its  magnetization  values  are  merely  comparable  to  the  ONC. 

It  is  possibly  caused  by  the  temperature  dependence  of  e  -  Fe^N  as  shown  in  Fig.  3.  According 
to  eq.(l)  this  dependence  of  magnetization,  [dMIdT]^,  of  the  grains  would  have  contributed  to 
entropy  change,  [dSldH\  of  the  composite  as  well.  In  other  words,  A5  of  the  e  -  NNC 
consists  of  two  components;  one  is  that  due  to  the  orientation  of  the  nanograin's  magnetic 
moments  and  the  other  is  that  due  to  temperature  dependence  of  ferromagnetic  coupling  strength 
between  electrons  in  e  -  Fe-,N  phase.  The  latter  is  significant  exclusively  in  £  -  NNC . 

SUMMARY 

We  have  synthesized  nanocomposites  composed  of  nanograins  of  /  -  FcjO^,  /'  -Fe^N  or 
e  -  FejN  dispersed  in  a  silver  matrix,  and  evaluated  their  magnetocaloric  effects  by  calculating 
the  magnetic  entropy  changes  from  their  magnetization  data  sets  measured  at  various 
temperatures.  The  nitride  nanocomposite  showed  entropy  changes  higher  than  that  of  the 
oxide,  almost  by  one  order.  Enhancement  of  magnetocaloric  effect  observed  with  e  -  Fe^N 
gains  was  inferred  as  that  due  to  temperature  dependence  of  the  saturation  magnetization  of  the 
grain-constituting  phase, 
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ABSTRACT 

The  surface  residual  stress  state  induced  by  grinding  and  polishing  an  alumina/silicon  carbide 
nanocomposite  and  monolithic  alumina  has  been  investigated  using  Hertzian  indentation  and 
fluorescence  spectroscopy.  Specimens  were  ground  and  then  polished  with  diamond  slurry  with 
grit  sizes  ranging  between  8  |im  and  1  pm.  The  results  show  that  the  surface  residual  stress  state 
in  the  nanocomposites  is  more  sensitive  to  surface  treatment  than  that  in  the  monolithic  alumina. 
Surfaces  of  both  ceramics  were  examined  in  cross-section  by  TEM  and  direct  observations  were 
made  of  the  plastic  deformation  induced  by  different  surface  treatments.  There  is  a  change  in  the 
predominant  deformation  micromechanism  from  twiiming  in  the  alumina  to  dislocation 
generation  in  the  nanocomposites. 

INTRODUCTION 

In  an  earlier  study  we  used  a  Hertzian  indentation  method  to  show  that  coarse  surface 
grinding  introduced  a  much  greater  residual  stress  level  in  an  A^Os/SiC  nanocomposite  than  in 
an  equivalent  grain  size  AI2O3  polycrystal  [1].  However,  by  using  a  thin  plate  bending  method, 
Chou  etc.  [2]  measured  a  similar  residual  stress  level  on  both  nanocomposite  and  monolithic 
AI2O3  ground  surfaces  machined  under  identical  conditions,  and  found  that  the  stress  level  varies 
from  batch  to  batch.  Here  we  investigate  further  the  machining-induced  surface  residual  stress, 
using  Hertzian  indentation  and  fluorescence  spectroscopy  to  determine  flie  different  behaviour  of 
Al203/SiC  nanocomposites  and  monolithic  polycrystalline  AI2O3  after  grinding  and  polishing. 
We  also  use  cross-sectional  TEM  to  study  the  micromechanisms  of  deformation  in  the  sub¬ 
surface  region  and  so  help  us  interpret  our  results. 

EXPERIMENTS 

A  sub-micron  a-Al203  powder  (AKP53  Sumitomo,  Japan)  was  mixed  with  SiC  particles  (UF 
45,  Lonza,  Germany)  of  about  90  nm  mean  particle  size  by  attrition  milling  in  water  with  a 
dispersant  (Dispex,  Allied  Colloids,  UK).  All  the  material  in  this  study  had  5%  by  volume  SiC. 
The  powder  suspension  was  freeze  dried  and  the  powder  packed  into  a  graphite  die.  Powders 
were  consolidated  by  hot-pressing  at  1650  °C  for  1  hr  under  20-25  MPa  pressure  in  flowing 
argon,  as  was  the  monolithic  alumina  but  with  a  hot-pressing  temperature  of  1500  °C.  These 
conditions  were  chosen  to  ensure  a  final  grain  size  of  about  3  pm  in  both  materials.  Further 
details  of  the  processing  are  presented  elsewhere  [1]. 

All  of  the  hot  pressed  discs  were  first  ground  with  a  150  pm  resin-bonded  diamond  wheel  to 
remove  the  top  surface  on  both  sides  to  achieve  a  sample  thickness  of  about  2.5  to  3.0  mm.  The 
grinding  conditions  were:  wheel  rotation  of  1250  rpm,  table  speed  of  0.8  m/s  and  grinding  depth 
of  12.5  pm  per  pass  of  the  table.  Specimens  for  Hertzian  indentation  and  fluorescence 
spectroscopy  were  cut  from  the  disc.  Surfaces  were  further  finished  as  required  using  the 
following  procedure.  At  least  150  pm  of  material  was  removed  from  the  ground  surface  using  a 
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25  fim  grit  size  diamond  slurry.  This  was  followed  by  the  removal  of  at  least  100  ^m  using  an 
8  |im  slurry,  and  50  |rm  by  a  3  )im  and  a  1  ^m  slurry  in  turn  if  required.  All  polishing  was 
carried  out  on  a  Kemet  polishing  machine  (Engis  Ltd.,  UK)  with  a  rotating  rate  of  about  60  rpm 
and  an  external  load  of  1,5  kg.  The  3  and  8  pm  polishing  operations  were  done  on  hard  plates 
and  1  pm  finishing  was  done  on  a  soft  cloth. 

Hertzian  indentation  tests  were  carried  out  using  a  CKIO  testing  machine  (Engineering 
Systems,  Nottingham,  U.K.).  The  indenter  is  a  5  mm  diameter  polycrystalline  alumina  ball.  For 
every  specimen,  at  least  40  tests  were  made.  After  chemical  etching  and  light  lapping,  optical 
microscopy  was  used  to  check  for  the  presence  of  a  Hertzian  “ring”  crack  around  each  site;  data 
from  tests  with  no  visible  crack  were  not  used. 

Fluorescence  spectroscopy  was  carried  out  on  the  same  surfaces  as  used  for  Hertzian 
indentation.  Fluorescence  spectra  were  obtained  using  an  unmodified  Raman  microprobe  system 
[3].  The  fluorescence  spectra  were  obtained  using  the  632.8  nm  red  line  of  a  15  mW  He-Ne  laser 
with  an  intensity  of  about  1 ,0  mW.  This  beam  intensity  was  found  to  cause  minimum  shift  in  the 
wavenumber  of  the  fluorescence  lines  due  to  heating  effects.  Measurements  were  made  using  a 
x40  microscope  objective  lens  with  a  numerical  aperture  of  0.65,  giving  an  approximate  beam 
diameter  on  the  specimen  of  2  pm.  30  probing  sites  were  randomly  selected  for  measurement  on 
each  specimen. 

The  details  of  TEM  cross-section  specimen  preparation  are  described  in  a  companion  paper 
in  these  proceedings  [4].  The  TEM  observations  were  carried  out  using  JEM  200CX  and  CM20 
microscopes  operated  at  200  kV. 

RESULTS 

Surface  Residual  Stress 


Contact  mechanics  analysis  shows  that  a  given  test  material/indenter  ball  combination,  there 
i  minimum  indentation  load  required  to  produce  Hertzian  fracture  [5,6].  If  indenter  and  test 

material  are  of  elastically  identical 


8P 


3P 


IP 


materials,  and  the  test  surface  is  stress 
free,  this  minimum  fi-acture  load 
depends  only  on  the  Kic,  Young’s 
modulus  and  Poisson’s  ratio  of  the 
material  [6].  Thus  measuring  the 
minimum  fracture  load  can  be  used  to 
determine  Kic.  If  there  is  a  residual 
stress  in  the  test  surface,  the  minimum 
load  to  fracture  will  change  [5],  The 
stress  can  be  calculated  by  using  the 
“apparent  fracture  toughness”  {KJ^) 
derived  from  the  minimum  load  for 
Hertzian  fracture  on  the  stressed  surface. 


Figure  1  Surface  residual  stress  detected  by 
Hertzian  indentation.  Surface  finish  conditions 
include:  machine  grinding  (G),  8  pm  polishing 
(8P),  3  pm  polishing  (3P)  and  1  pm  polishing 
(IP). 


and  the  real  fracture  toughness  ( )  as 
follows: 


where  c*  is  the  surface  crack  depth 
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giving  rise  to  fracture  at  the  minimum  load;  for  a  5  mm  diameter  ball  indenter  on  alumina  c*  is 

7  jxm  [5].  The  calculated  surface  residual  stress  values  are  shown  in  figure  1  for  both  ceramics 
under  a  range  of  surface  finish  conditions.  Here,  we  assume  that  the  1  fxm  polished  alumina 
surface  is  stress  free;  this  is  then  used  to  give  (=3.08  MPa.m^^^).  For  the  nanocomposite,  the 
surface  residual  stress  reaches  the  highest  level  after  machine  grinding  and  decreases  from  the 

8  pm  finish  to  the  1  pm  finish.  With  the  alumina  specimens,  the  level  of  residual  stress  was 
constant  for  the  3  pm,  8  pm  and  ground  surface  finishes. 

It  is  possible  to  use  fluorescence  spectroscopy  to  characterise  surface  residual  stress  in 
appropriate  systems.  In  AI2O3,  a  particular  fluorescence  can  be  excited  from  electronic 
transitions  of  Cr^^  dopants.  The  frequency  shift  (Av)  of  the  characteristic  fluorescence  can  be 
correlated  with  the  stress  tensor  (dy)  as  follows  [7]: 

Av=nijCTij  (2) 

where  Hy  are  the  piezospectroscopic  coefficients.  In  this  paper,  only  shifts  in  R2  fluorescence 
line  are  considered.  The  corresponding  piezospectroscopic  coefficient  used  here  is  3.3  cm'^GPa. 
The  details  of  calibrating  this  value  are  given  in  reference  [8].  The  definition  of  an  absolute 
stress  free  reference  for  the  fluorescence  is  difficult.  Here  we  have  chosen  the  signal  obtained 
from  a  fresh  fracture  surface  as  a  reference  for  alumina  and  nanocomposite.  Thus  our  computed 
stress  values  are  relative  to  this  surface. 

The  measured  surface  residual  stress  values  are  summarised  in  figure  2(a)  and  (b)  for  the 
nanocomposite  and  AI2O3  respectively.  On  each  surface  30  random  positions  were  used  for 
measurement  to  determine  the  average  residual  stress  and  standard  deviation,  minimum  residual 
stress  and  maximum  residual  stress.  The  scatter  observed  is  not  from  any  inherent  error  in  the 
measuring  method,  as  repeated  measurements  at  the  same  location  show  a  typical  error  of  2.5  - 
10  MPa.  The  fluorescence  spectroscopy  results  for  the  nanocomposite  are  in  general  agreement 
with  our  Hertzian  indentation  data  as  ftiey  show  the  surface  residual  stress  to  be  a  maximum  after 
the  machine  grinding  and  to  decease  with  progressive  polishing.  However,  the  magnitude  of 
stress  measured  is  about  half  the  value  obtained  by  indentation.  For  alumina,  the  fluorescence 
spectroscopy  results  are  confusing  because  of  the  large  experimental  scatter.  As  with  the 


a) 


b) 


F  G  8P  3P  IP 


Figure  2  Surface  residual  stress  detected  by  fluorescence  spectroscopy  for  (a)  nanocomposite 
and  (b)  alumina  under  surface  condition:  fracture  surface  (F),  ground  (G),  polished  with 
diamond  of  8  pm  grits  (8P),  3  pm  grits  (3P)  and  1  pm  (IP). 
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nanocomposites,  they  show  a  much  lower  residual  stress  levels  than  found  by  indentation. 
Grinding  appears  to  introduce  a  zero  (or  even  a  slightly  tensile)  mean  stress  but  this  result  is  with 
considerable  scatter. 

Subsurface  Microstructure 


We  have  studied  the  subsurface  deformation  microstructure  of  these  materials  using  cross- 
section  transmission  microscopy.  Results  are  summarised  in  table  1. 


Table  1  The  general  subsurface  microstructure  features  for  machined  surfaces. 


Materials 

Subsurface  deformation  characteristics 

Cracking 

Alumina 

a.  twinning  to  depth  of  whole  grain; 

b.  slip  near  the  top  surface  less  <  1  pm; 

c.  no  defects  between  twins 

Yes 

Nanocomposite 

a.  dislocations  dominate  throughout  the  grains 

b.  a  few  twins 

d.  highly  strained  between  the  twins 

Yes 

Alumina 

Deformation  by  dislocation:  depth  >1.5  pm 

Non  deformed  area  existed 

Visible  near 
top 

Nanocomposite 

Deformation  by  dislocation:  depth  >1.5  pm  to 
whole  grain 

N/A 

Alumina 

Deformation  by  dislocation:  depth  0.5  -  >  1  pm 

None  visible 

Nanocomposite 

Deformation  by  dislocation:  depth  >  1  pm 

None  visible 

1  pm 

Alumina 

Deformation  by  dislocation:  depth  <  0.3  pm 

None  visible 

Nanocomposite 

Deformation  by  dislocation:  depth  0.5-1 .5  pm 

None  visible 

During  machine  grinding,  the  ceramic  surfaces  undergo  severe  damage  from  the  large, 
rapidly  moving  diamond  grits.  In  monolithic  alumina,  subsurface  deformation  occurs  mainly  by 
twinning,  as  shown  in  figure  3(a),  which  is  generally  in  agreement  with  previous  investigators’ 
results,  e.g.  like  Heuer  [9]  and  Inkson  [10]  on  either  single  crystal  or  polycrystalline  AI2O3. 
Some  dislocation  activity  is  also  visible  near  the  top  surface  close  to  Ae  twins.  For  the 
nanocomposites,  there  are  very  few  twins  observed;  instead,  there  is  a  high  dislocation  density 
(see  figure  3b).  This  dislocation  structure  exists  in  the  top  two  layers  of  grains. 
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a) 

Figure  4  Subsurface  deformation  after  polishing  with  3  pm  diamond  in  (a)  alumina  and  (b) 

nanocomposite 

Figure  4  shows  the  deformed  subsurface  microstmcture  for  alumina  and  the  nanocomposite 
finished  with  a  3  pm  diamond  grit.  The  polished  surfaces  of  both  AI2O3  and  the  nanocomposite 
show  similar  deformation  substructures,  especially  at  fine  diamond  grit  sizes,  consisting  of  dense 
tangles  of  near-surface  dislocations.  Generally  the  nanocomposite  was  found  to  have  a  more 
homogenous  dislocation  structure  than  the  AI2O3.  This  suggests  that  dislocation  slip  in  the 
nanocomposite  may  be  easier  and  less  orientation  dependent  than  in  a-Al203. 

DISCUSSION 

The  two  techniques  we  have  used  to  probe  the  subsurface  residual  stress  level,  Hertzian 
indentation  and  fluorescence  piezospectroscopy,  produce  broadly  similar  trends  in  the  effect  of 
grinding  on  stress  level.  However,  the  spectroscopy  method  shows  greater  scatter  and  also 
indicates  a  mean  stress  level  about  a  factor  of  two  lower  than  obtained  from  indentation.  If  a 
single  fluorescence  experiment  was  repeated  at  the  same  spot,  we  found  little  variation  in  the 
measured  stress.  We  thus  believe  that  the  greater  scatter  seen  with  the  fluorescence  spectroscopy 
method  reflects  a  real  variation  in  residual  stress  across  the  microstructure.  The  fluorescence 
technique  probes  the  stress  by  exciting  Cr^^  fluorescence  using  a  2  pm  diameter  illuminated  spot. 
The  depth  of  penetration  of  ihe  fluorescence  technique  is  not  so  clearly  defined,  but  the  beam  is 
likely  to  penetrate  a  few  grain  diameters  into  the  material,  i.e.  ~10  pm.  The  scatter  may  represent 
the  influence  of  local  grain  orientation  on  residual  stress  level  or  alternatively,  as  only  a  small 
quantity  of  material  is  sampled,  may  reflect  the  local  damage  state  (e.g.  local  presence  of  cracks). 
The  Hertzian  indentation  method  measures  a  residual  stress  by  determining  the  minimum  load 
for  crack  extension.  Warren  [6]  has  shown  that  this  minimum  load  is  identified  with  a 
characteristic  crack  length  for  the  indented  system;  for  AI2O3  and  with  the  ball  radius  used  this 
defect  is  about  7  pm  in  length.  Thus  the  Hertzian  indentation  method  measures  the  residual  stress 
state  associated  with  a  crack  of  this  depth;  this  crack  is  the  first  one  activated  by  the  indenter  as  it 
samples  a  large  test  area  (-300  pm  diameter)  with  increasing  load.  The  difference  in  stress 
measured  by  the  two  techniques  may  be  a  function  of  the  depth  sampled  or  may  be  a  more 
fundamental  difference  caused  by  different  components  of  the  stress  tensor  being  sampled. 

Both  methods  of  stress  measurement  found  a  significant  change  in  residual  stress  in  the 
nanocomposite  with  decreasing  diamond  grit  size  and  no  real  effect  of  grit  size  on  residual  stress 
in  the  AI2O3.  The  TEM  results  show  that  in  the  nanocomposite  there  is  a  deformed  zone, 
containing  a  high  dislocation  density,  which  decreases  in  depth  with  decreasing  grit  size.  This 
explains  the  decreasing  stress  levels.  This  is  in  contrast  with  the  twinning  deformation  found  in 
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AI2O3.  However,  why  the  presence  of  relatively  small  quantities  of  SiC  should  so  dramatically 
change  the  deformation  behaviour  of  a-A^Oa  is  not  clear. 

It  has  been  noticed  that  the  interactions  of  twins  or  twin  components  with  grain  boundaries 
can  initiate  crack  nucleation  and  development  in  the  deformed  region  [9,10].  This  may  explain 
why  the  dislocated  nanocomposite  surfaces  appear  to  be  less  sensitive  to  polishing  and  wear 
damage  than  the  twinned  AI2O3  surfaces  [1]. 

CONCLUSIONS 

1 .  The  residual  stress  measured  in  a  nanocomposite  after  surface  machining  is  greater  than  that 
measured  from  an  AI2O3  surface  for  grinding  grits  greater  in  size  than  3  pm.  The  residual 
stress  found  on  a  ground  AI2O3  surface  is  relatively  independent  of  grinding  grit  size  while 
that  from  the  nanocomposite  decreases  with  decreasing  grit  size. 

2,  The  subsurface  deformation  in  the  nanocomposite  occurs  by  dislocation  generation  at  all 
grinding  grit  sizes.  In  the  AI2O3  surfaces  deformation  occurred  by  twinning  at  large  grit  sizes 
but  underwent  a  transition  to  dislocation  mechanisms  at  the  smallest  grinding  grit  sizes  (<  8 
pm). 
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ABSTRACT 

Nematic  liquid  crystal  filled  with  Aerosil  particles  -  prospective  inorganic-organic  nanocom¬ 
posite  material  for  optoelectronic  application  -  has  been  investigated  by  broadband  dielectric 
spectroscopy  (BDS)  and  photon  correlation  spectroscopy  (PCS).  The  aerosil  particles  of  di¬ 
ameter  ~  10  nm  in  filled  nematic  liquid  crystals  form  a  network  structure  with  linear  size  of 
LC  domains  about  250  nm  and  with  random  distribution  of  the  director  orientation  of  each 
domain.  This  material  has  a  very  developed  liquid  crystal-solid  particle  interface  that  makes 
the  role  of  the  surface  layers  of  LC  important  in  the  determination  of  the  properties  of  the 
material.  BDS  provides  information  on  reorientational  motion  of  polar  molecules  of  liquid 
crystal  while  PCS  probes  dynamics  of  collective  modes  associated  with  director  fluctuations. 
We  found  that  the  properties  of  5CB  are  considerably  affected  by  the  network.  Two  bulk-like 
dielectric  modes  due  to  the  rotation  of  molecules  around  short  axes  and  the  tumbling  motion 
were  observed  in  filled  5CB.  Additionally,  a  low  frequency  relaxation  process  and  dispersion 
of  dielectric  permittivity  due  to  conductivity  were  observed.  The  treatment  of  the  surface 
of  filling  particles  has  strongest  influence  on  the  properties  of  the  slow  process  and  it  is  less 
important  for  molecular  modes.  PCS  experiment  shows  that  two  new  relaxation  processes 
appear  in  filled  5CB  in  addition  to  the  director  fluctuations  process  in  bulk. 


INTRODUCTION 

The  heterogeneous  nanoscale  systems  based  on  liquid  crystals  (LC),  such  as  liquid  crystals 
dispersed  in  polymer  matrices  (PDLC)  [Ij  and  in  inorganic  porous  matrices  [2]  as  well  as 
filled  liquid  crystals  are  materials  extremely  important  for  both  applications  and  fundamental 
physics. 

Filled  nematics  (FN)  have  attracted  a  great  deal  of  attention  as  materials  for  display 
applications  [3,4].  These  materials  are  suspensions  of  highly  dispersed  silica  in  the  nematic 
phase  of  a  liquid  crystal  (LC).  Investigations  have  shown  that  the  agglomeration  of  2-3 
volume  percent  of  Aerosil  particles  in  a  nematic  phase  forms  a  three-dimensional  network 
dividing  the  liquid  crystal  into  LC  domains  with  a  linear  size  of  approximately  250  nm  [2] 
and  with  a  random  distribution  of  director  orientation  of  each  domain. 

Filled  liquid  crystals  have  some  similarities  with  other  types  of  liquid  crystal  based  het¬ 
erogeneous  materials:  liquid  crystals  dispersed  in  polymer  matrices  (PDLC)  [1]  and  in  inor¬ 
ganic  porous  matrices  [2] .  These  systems  are  anisotropic  (at  least  at  short  spatial  scales)  and 
heterogeneous  materials  characterized  by  a  very  developed  interface.  The  particles  in  FN 
are  capable  of  changing  their  mutual  arrangement  which  results  in  changes  of  the  network 
structure  at  nanoscale  level  [4]. 

The  investigations  of  filled  nematics  are  in  the  initial  [5-10]  stage  and  have  been  mainly 
concerned  with  static  properties  such  as  the  influence  of  filling  on  the  phase  transitions  [5- 
7]  and  optical  properties  [4,6].  The  first  attempts  to  investigate  the  dynamics  of  director 
fluctuations  were  made  in  Ref.  [8]  and  the  dielectric  properties  of  filled  LC  in  Ref.  [9,10]. 

In  this  paper  we  present  the  results  of  investigations  of  5CB  -  filled  with  Aerosil  particles 
with  hydrophilic  and  hydrophobic  surfaces  by  broad  band  dielectric  and  photon  correlation 
spectroscopies  in  the  nematic  phase  and  the  supercooled  state.  These  two  methods  pro¬ 
vide  complementary  information  on  dynamical  properties  of  material.  Broad  band  dielectric 
spectroscopy  is  a  powerful  technique  for  investiptions  of  condensed  matter.  Relaxation  of 
different  physical  origin  such  as  molecular  reorientation,  dynamics  of  collective  or  surface 
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polarization  modes,  and  conductivity  can  be  investigated  in  different  systems.  Photon  corre¬ 
lation  spectroscopy  applied  to  nematic  liquid  crystal  provides  information  on  the  dynamics 
of  director  fluctuations  determined  by  elastic  and  viscous  properties  of  LC. 


EXPERIMENT 

We  used  liquid  crystalline  5CB  filled  with  Aerosil  particles,  both  hydrophilic  (A200)  as 
well  as  hydrophobic  (R974),  as  materials.  The  volume  concentration  of  the  filling  particles 
was  2.3  %  for  both  samples.  The  hydrophilic  particles  are  made  of  silica  with  OH-groups 
(1.4-2  groups  per  nm^)  on  the  surface.  In  the  hydrophobic  Aerosil  particles,  about  70  %  of 
the  surface  hydrophilic  groups  are  replaced  by  hydrophobic  groups  reducing  the  interaction 
with  the  liquid  crystal  molecules  and  between  particles.  Investigations  have  shown  that 
the  agglomeration  of  2-3  volume  percent  of  Aerosil  particles  in  a  nematic  phase  forms  a 
three-dimensional  network  dividing  the  liquid  crystal  into  LC  domains  with  a  linear  size  of 
approximately  250  nm  [2]  with  random  distribution  of  director  orientation  of  each  domain. 

The  bulk  5CB  has  a  nematic  phase  in  the  temperature  range  of  22.5-35°C.  Measurements 
of  the  real  (e')  and  the  imaginary  (e")  parts  of  the  complex  dielectric  permittivity  in  the 
frequency  range  10“^  Hz  to  1.5  GHz  were  performed  using  two  sets  of  devices.  In  the  range 
from  10“^  Hz  to  3  MHz  we  used  the  Schlumberger  Technologies  1260  Impedance/Gain-Phase 
Analyzer  in  combination  with  Novocontrol  Broad  Band  Dielectric  Converter  and  an  active 
sample  cell  (BDC-S).  For  measurements  in  the  frequency  range  from  1  MHz  to  1.5  GHz  we 
used  Hewlett-Packard  4291A  rf  Impedance  Analyzer. 

Photon  correlation  rneasurements  were  performed  using  a  A  =  0.6328/im  He-Ne  laser  and 
the  ALV-5000/Fast  Digital  Multiple  Tau  Correlator  (real  time)  operating  over  delay  times 
from  12.5  ns  up  to  10^  s  with  the  Thorn  EMI  9130/100B03  photomultiplier  and  the  ALV 
preamplifier.  The  temperature  stabilization  in  both  experiments  was  better  than  O.OrC. 


DIELECTRIC  RELAXATION 

In  the  nematic  phase  of  bulk  5CB  there  are  two  dielectrically  active  relaxation  processes 
of  molecular  origin  [11-15].  For  a  geometry  in  which  the  electric  field  E  is  parallel  to  the 
director  n  i.e.  E||n,  the  Debye  type  process  due  to  the  restricted  rotation  of  the  molecules 
about  their  short  axis  exists.  The  characteristic  frequency  of  this  process  is  ~  5  MHz  and  the 
temperature  dependencies  of  the  corresponding  relaxation  times  obey  empirical  Arrhenius 
equation.  For  the  geometry  in  which  the  electric  field  E  is  perpendicular  to  the  director  n, 
i.e.  E_Ln,  the  most  prominent  relaxation  process  with  a  characteristic  frequency  about  70 
MHz  has  been  attributed  to  the  tumbling  of  the  molecules  [16,17].  No  dielectrically  active 
collective  modes  are  present  in  5CB. 

For  the  quantitative  analysis  of  the  dielectric  spectra  the  Havriliak-Negami  function  [18] 
has  been  used.  For  the  case  of  more  than  one  relaxation  process,  taking  into  account  the 
contribution  of  the  dc  conductivity  to  the  imaginary  part  of  dielectric  permittivity,  the 
Havriliak-Negami  function  is  given  by 


★  ^  6  j  ^  (J 

Coo  +  ^  [1  (i27r/Tj)i-"j]^i  Sttco/”’ 

where  e*  is  the  complex  dielectric  permittivity,  Coo  the  high-frequency  limit  of  the  permittiv¬ 
ity,  Acj  the  dielectric  strength,  Tj  the  mean  relaxation  time,  /  frequency,  and  j  the  number 
of  the  relaxation  process.  The  exponents  and  (5j  describe  the  symmetric  and  asymmet¬ 
ric  distribution  of  relaxation  times.  The  term  accounts  for  the  contribution  of 

conductivity  a,  with  n  as  fitting  parameter. 

The  broadband  spectra  of  filled  5CB  are  different  from  spectra  typical  for  bulk  5CB. 
Figure  1  represents  the  spectra  in  frequency  range  from  10  mHz  to  1  GHz  for  both  filled 
samples  at  T  =  303  K.  Two  more  relaxation  processes  in  addition  to  two  bulk-like  processes 
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Figure  1:  Broad  band  dielectric  spectra  of  filled  nematics  at  T  =  303  K.  Open  circles: 
hydrophobic;  closed  circles:  hydrophilic  Aerosil.  Solid  lines:  fitting  curves  for  low  frequency 
part  of  the  spectra  using  Havriliak-Negami  function.  Dotted  lines  have  been  plotted  after 
subtraction  of  the  contribution  due  to  d.c.  conductivity.  The  arrows  identify  characteristic 
frequencies  of  relaxation  processes.  Inset:  high  frequency  dielectric  spectra  of  bulk  and  filled 
5CB  at  T  =  297  K.  Bulk  5CB  -  opened  diamonds  (right  axis),  filled  with  hydrophilic  and 
hydrophobic  particles  (left  axis). 

as  well  as  dispersion  due  to  contribution  from  conductivity,  were  observed  for  both  systems 
in  the  low  frequency  range  (/  <100  kHz).  The  frequency  dependencies  of  e"  affyr  the 
subtraction  of  the  contribution  from  conductivity  are  represented  by  the  dotfyd  lines  in 
Fig.  1.  These  dependencies  have  relaxation  origin  and  are  quantitatively  described  by  the 
Havriliak-Negami  formula.  The  contributions  from  conductivity  is  perfectly  described  by  the 
second  term  in  formula  (1)  and  their  values  at  T  =  303  K  are:  2.48T0“®  S*cm~^  (hydrophilic) 
and  1.13-10"^  S-cm“^  (hydrophobic).  After  subtraction  of  the  contribution  from  conductivity 
we  observe  a  clear  maximum  (/4)  at  /  «  0.5  Hz.  We  suggest  that  this  low  frequency  process 
is  the  relaxation  of  the  interfacial  polarization  arising  at  the  Aerosil  particle-liquid  crystal 
interface.  The  relatively  faster  process  is  just  a  shoulder  at  /  1  kHz  (/s)  and  is  hard  to 

analyze. 

The  difference  between  the  molecular  relaxation  processes  of  bulk  nematic  5CB  and  filled 
5CB  can  be  seen  by  comparing  curves  in  the  inset  of  Fig.  1  that  represents  the  imaginary 
part  of  dielectric  permittivity  as  a  function  of  frequency  measured  at  297  K.  In  bulk  5CB  the 
observed  process  is  the  relaxation  due  to  the  restricted  rotation  of  the  molecules  about  their 
short  axis.  This  process  is  described  by  the  Debye  relaxation  function  (o;  =  0  and  ^  =  1  in 
formula  (1))  with  a  single  relaxation  time.  In  filled  nematics  the  characteristic  frequencies 
of  the  main  process  are  slightly  changed  from  the  bulk  value  and  the  contribution  from  the 
tumbling  process  in  filled  5CB  is  clearly  observed.  This  is  due  to  the  fact  that  filling  of 
nematic  liquid  crystals  with  Aerosil  particles  introduces  disorder  with  random  orientation  of 
the  director  of  domains.  Therefore  in  filled  5CB  there  are  molecules  oriented  both  parallel 
as  well  as  perpendicular  to  the  direction  of  probing  electric  field  and  both  molecular  modes 
are  detected  in  the  same  experiment.  The  amplitude  of  the  tumbling  mode  in  hydrophilic 
sample  is  greater  than  in  hydrophobic  one. 

Figure  2  shows  the  temperature  dependencies  of  the  relaxation  times  of  the  bulk-like 
processes  due  to  the  flip-flop  reorientation  around  the  short  axis  and  tumbling  motion  of 
molecules.  The  temperature  dependence  of  the  relaxation  time  of  flip-flop  reorientation 
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Figure  2:  Temperature  dependence  of  relaxation  times  for  bulk-like  and  bulk  processes. 
Open  circles  -  hydrophobic;  closed  circles  -  hydrophilic  Aerosil,  open  diamonds  -  bulk  5CB. 
1  -  tumbling  mode;  2  -  flip-flop  reorientation  around  short  axis.  Vertical  solid  lines  indicate 
the  bulk  nematic  temperature  range. 


process  of  bulk  5CB  is  also  presented  in  Fig.  2  for  comparison.  It  should  be  mentioned  that 
all  relaxation  processes  in  filled  5CB  are  not  frozen  even  25  K  below  the  crystallization  point 
of  bulk  5CB. 

In  the  temperature  range  corresponding  to  bulk  nematic  phase  the  relaxation  times  of 
reorientation  motion  around  the  short  axis  in  filled  5CB  are  very  close  to  bulk  values  with 
the  same  temperature  dependence.  In  the  supercooled  state  the  temperature  dependence 
deviates  from  the  bulk  behavior.  The  relaxation  times  of  both  bulk-like  modes  depend  on 
temperature  stronger  in  the  supercooled  state  than  in  the  nematic  phase. 

The  filling  of  5CB  with  Aerosil  particles  as  well  as  the  modification  of  the  surface  of  filling 
particles  has  weak  influence  on  the  dynamics  of  bulk-like  modes  and  it  is  much  stronger  for 
the  low  frequency  relaxation  process. 


PHOTON  CORRELATION  SPECTROSCOPY 

In  the  dynamic  light  scattering  experiment,  one  measures  the  intensity-intensity  auto¬ 
correlation  function 

g,(t)  = 

which  is  related  to  the  dynamic  structure  factor  f{q,t)  of  the  sample  by 

52  W  =  l  +  kp{q,t), 

where  /  is  the  intensity  of  scattered  light,  k  a  contrast  factor  and  q  ~  47rnsin(0/2)/A,  (n  is 
the  refractive  index,  ©  the  scattering  angle  and  A  is  the  wavelength  of  laser  radiation). 

In  bulk  nematic  liquid  crystals  the  main  contribution  to  the  intensity  of  scattered  light 
is  due  to  the  director  fluctuations.  In  the  single  elastic  constant  (K)  approximation,  if  we 
assume  that  the  six  Leslie  coefficients  have  the  same  order  of  magnitude  and  are  ~  5  (5  is 
an  average  viscosity),  then  the  relax:ation  time  of  director  fluctuations  is  [19):  r  =  qlKq^ 
with  order  of  magnitude  ~  10"'^  s.  The  corresponding  decay  function  is  exponential. 

The  autocorrelation  functions  of  filled  nematic  samples  are  strongly  modified  by  the 
network  (see  Fig. 3):  (i)  the  bulk-like  director  fluctuation  process  in  filled  5CB  is  considerably 
slower  than  in  the  bulk  and  (ii)  the  autocorrelation  functions  of  filled  5CB  show  two  slow 
decays.  These  low  frequency  decays  are  more  pronounced  in  5CB  filled  with  hydrophilic 
particles  than  in  the  hydrophobic  sample. 
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Figure  3:  The  intensity/  intensity  autocorrelation  functions  of  5CB  filled  with  hydrophilic 
(1)  and  hydrophobic  (2)  particles  at  293.6  K.  Symbols  -  experiment,  solid  lines  -  fitting. 


The  mode  corresponding  to  motions  of  individual  Aerosil  nanoparticles  was  not  detected. 
This  confirms  that  the  Aerosil  particles  form  a  network  in  the  LC. 

The  intensity-intensity  autocorrelation  functions  of  filled  5CB  measured  in  the  dynamic 
light  scattering  experiment,  have  been  fitted  by  the  superposition  of  three  stretched  expo¬ 
nential  decays: 


‘  m 

^ai-exp(-(i/ri)^0 

.i=l 


(2) 


where  a,:,  n  and  /?,;  are  the  amplitude,  relaxation  time,  and  stretching  exponent  of  relax¬ 
ation  process,  and  m  is  the  number  of  processes. 

We  assign  the  first  decay  to  the  bulk-like  director  fluctuations.  This  relaxation  process 
is  broader  and  slower  {j3  —  0.84,  r  =  0.51  ms  at  293.6  K)  than  in  bulk  5CB  at  the  same 
temperature  (/?  =  1,  r  —  0.14  ms). 

The  second  {1<  t  <  100ms)  relaxation  process  is  most  probably  due  to  the  director 
fluctuations  in  a  thin  LC  layer  in  the  vicinity  of  Aerosil  particles.  The  relative  contribution 
of  this  process  to  autocorrelation  function  in  hydrophilic  sample  is  considerably  ~  0.9) 

higher  than  in  the  hydrophobic  one  (^2/^11  —  0.4)  because  of  higher  number  of  hydrophilic  OH 
groups,  which  has  resulted  in  stronger  modification  of  the  surface  LC  layer.  This  relaxation 
process  is  notably  slower  than  the  bulk-like  director  fluctuations  due  to  higher  viscosity  in  the 
vicinity  of  Aerosil  particle-liquid  crystal  interface  (so-called  surface  viscosity)  and  coupling 
of  molecules  to  the  surface. 

The  third  (slowest)  process  could  be  due  to  a  motion  of  LC  domains  as  a  whole.  However 
this  third  process  is  masked  by  the  first  two  processes  with  much  greater  aptitude  and  the 
quantitative  analysis  of  this  process  is  very  difficult. 


CONCLUSION 

The  dielectric  and  photon  correlation  experiments  show  that  the  filling  of  LC  with  Aerosil 
particles  significantly  changes  the  physical  properties  of  nematic  liquid  crystals.  Filling  of 
nematic  LC  has  resulted  in  the  appearance  of  a  low  frequency  relaxation  process  dependent 
on  the  surface  condition  of  the  filling  particles.  The  low  frequency  relaxation  is  Aerosil 
particle-liquid  crystal  interface  related  phenomena.  It  is  more  pronounced  in  hydrophilic 
samples  since  the  modification  of  the  surface  LC  layer  in  these  samples  is  stronger  than  in 
hydrophobic  one. 

Two  bulk-like  modes  due  to  the  rotation  of  molecules  around  the  short  axes  and  the 
tumbling  motion  are  less  affected  by  filling  or  modification  of  the  surface  of  the  filling  parti- 
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cies.  All  relaxation  processes  in  filled  5CB  are  not  frozen  even  25  K  below  the  crystallization 
temperature  of  bulk  5CB. 
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ABSTRACT 

The  structure  and  surface  properties  of  composites  based  upon  high-surface-area 
framework  zirconium  phosphates  with  supported  WO3,  M0O3  Pi  nanoparticles  were 
studied  by  using  combination  of  structural  and  spectral  methods.  The  effect  of  these  promot¬ 
ers  on  performance  of  zirconium  phosphates  in  the  reaction  of  pentane  and  hexane  isomeriza¬ 
tion  is  considered. 

INTRODUCTION 

Recently  [1-3],  the  procedures  for  synthesis  of  highly  dispersed  mesoporous  frame¬ 
work  zirconium  phosphates  via  hydrothermal  treatment  (HTT)  in  the  presence  of  polyethyl¬ 
ene  oxide  of  amorphous  sols  or  products  of  mechanical  activation  of  the  mixture  of  solid  salts 
were  elaborated.  Genesis  of  samples  real  structure  as  a  function  of  the  preparation  procedure 
and  nature  of  modifying  cations  (La,  Si)  as  well  as  its  impact  on  the  surface  acidic  properties 
and  catalytic  performance  in  the  reactions  of  hexane  isomerization  and  dehydroaromatization 
have  been  studied.  This  work  aims  at  synthesis  of  composite  systems  based  upon  those  zirco¬ 
nium  phosphates  with  supported  WO3,  M0O3  and  Pt  nanoparticles  known  as  promoters  in  the 
reactions  of  paraffins  isomerization,  elucidation  their  microstructural  features  and  surface 
properties  as  related  to  catalysis  of  the  reactions  of  interest. 

EXPERIMENTAL 

Table  1  lists  starting  materials  and  some  details  of  preparation  procedures  similar  to 
those  described  earlier  [1-3].  When  organometallic  precursors  were  used,  1  M  (NH4)2HP04 
water  solution  was  added  under  stirring  to  80%  solution  of  zirconium  butoxide  in  n-butanol  or 
to  its  mixture  with  tetraethylorthosilicate  (Si/Zr~  0.3).  PEG  was  then  added,  and  this  mixture 
was  stirred  at  room  temperature  for  18  hours.  Suspensions  of  sols  or  activated  mechanical 
mixtures  in  distilled  water  with  addition  of  polyethylene  oxide  were  kept  in  bombs  at  175-200 
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"C  for  5-7  days.  After  HTT,  the  solids  were  separated  by  centrifugation,  washed  with  ethanol 
and  distilled  water,  dried  at  120  ‘'C  and  calcined  at  400  "C.  Platinum,  WO3,  and  M0O3  were 
usually  supported  by  the  incipient  wetness  impregnation  methods  from  solutions  of  HjPtCl^, 
ammonium  tungstate  and  molybdate,  respectively,  followed  by  drying  and  air  calcination.  For 
comparison,  in  one  sample  (K-8),  W  was  added  through  the  mechanical  co-activation  of 
crystalline  cubic  zirconium  phosphate  with  solid  ammonium  tungstate  followed  by  air  calci¬ 
nation. 

Table  1.  Parameters  of  synthesis  and  some  properties  of  samples  calcined  at  400  °C. 


Sample* 

Starting  com¬ 
pounds^ 

Specific 

surface 

mVg 

I 

Zr-OH, 
arb.  un. 

[Zr-] 

pmolCO/ 

m^ 

Pt-CO 

pmolCO/m^ 

Phase 

composit 

ion 

(XRD)' 

MA  -2 

LN  +  ZrCl+N3P 

60 

0 

0.27 

C+0 

K-3* 

2%Pt/MA-2 

50 

0.44 

C+0 

K-4 

11.2%W/MA-2 

30 

0 

C+0 

K-4* 

2%Pt/K-4 

30 

0 

0.23 

C+0 

K-5 

3.6%W+9.6%Mo/ 

40 

0 

0.17 

C+0 

MA-2 

K-5* 

2%Pt/K-5 

40 

0 

0.15 

C+0 

K-6 

0.3%Pt/K-4 

C+0 

K-7 

0.3%Pt/K-5 

35 

0 

0.63 

C+0 

K-8'^ 

10%W/MA-2 

20 

C+0 

SiSG-32 

ZrPr+TES+N2P 

187 

160 

0.37 

A 

K-19 

0.3%Pt/SiSG-32 

180 

66 

0.27 

A 

K-32 

10%W/SiSG-32 

140 

A 

K-33 

0.3%Pt/K-32 

110 

A 

K-33* 

2%Pt/K-32 

100 

0.1 

A 

'  SG  and  MA-  samples  prepared  via  sol-gel  and  mechanochemical  methods,  resp. 

'  La(N03)3  6H2O  -LN;  ZrOCl^  SH^O  =ZrCl;  (NH,)3P04  BHp  =  N3P;  (NH4)2HP04=N2P; 

ZrPr — zirconium  butoxide;  TES-tertaetoxysilane; 

^C-cubic;  O-orthorhombic;  A-  amorphous  phases  of  ammonium  zirconium  phosphates. 

^  W  was  added  via  mechanochemical  activation  of  MA-2 

The  bulk  structure  of  samples  was  characterized  by  EXAFS  (spectra  were  acquired  at 
the  EXAFS  Station  of  the  Siberian  Center  of  Synchrotron  Radiation,  Novosibirsk)  combined 
with  the  X-ray  diffraction  (XRD,  CuK„,  an  URD-63  diffractometer)  and  Infra-red  spectros¬ 
copy  (FTIRS,  (FTIRS,  a  Fourier-transform  IFS113V  Bruker)  and  UV-VIS  DRS  spectra  were 
measured  by  Carl  Zeis  spectrometer  Specord-M-40).  The  microstructure  of  samples  was 
studied  using  transmission  electron  microscopy  (TEM,  JEM  2010,  200  kv). 

Surface  properties  were  probed  by  the  IR  spectroscopy  of  surface  hydroxyls 
(Broensted  acid  centers)  and  CO  test  molecule.  CO  was  adsorbed  at  150-160  K  at  5  Torr  on 
samples  pressed  in  wafers  with  densities  4.4-22.7  mg/cm^  vacuum  pretreated  in  the  IR  cell  at 
400  °C  for  1  h. 

Catalytic  transformation  of  n-pentane  and  n-hexane  in  the  pulse  regime  was  studied 
using  a  plug-flow  reactor  loaded  with  a  0.1  g  of  catalysts  pretreated  in  H2  at  350  °C  for  2  h.  A 
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1  mkL  of  liquid  hexane  or  0.15  ml  of  pentane  +  H2  (1:1)  gas  mixture  was  fed  into  flowing 
through  the  reactor  at  velocity  of  14  cmVmin. 

RESULTS 


Microstructural  features 

According  to  TEM  and  XRD,  in  Mo-containing  samples,  M0O3  is  present  as  a  sepa¬ 
rate  bulk-like  phase.  For  W  -supported  samples  thin  W0O3  particles  epitaxially  bound  with 
support  (Fig.  la)  dominate,  though  relatively  big  (200-300  A)  particles  of  cubic  or  hexagonal 
trioxide  phase  are  observed  as  well. 


Fig.  la.  High  resolution 
(x4*10^)  TEM  image  of  hex¬ 
agonal  WO3  particles  (d2oo  = 
3.17  A,  d<jo,=  3.91  A)  on  the 
surface  of  amorphous  NZP-Si 
sample 


Fig.  lb.  High  resolution 
(x4*10^)  TEM  image  of 
small  platinum  clusters  em¬ 
bedded  into  the  surface  of 
MA  sample 


Fig.  Ic.  High  resolution 
(x4*10®)  TEM  image  of  big¬ 
ger  platinum  clusters  embed¬ 
ded  into  the  surface  of  MA 
sample,  du,  spacings  of  Pt 
(2.27  A)  are  resolved 


For  Pt-supported  samples  without  oxide  additives,  Pt  particles  with  a  rather  broad  size 
distribution  were  revealed  (Fig.  lb,  c),  bigger  particles  displaying  the  typical  Pt  (111)  lattice 
spacing.  When  Pt  was  supported  after  W,  Pt  particles  sizes  appear  to  be  bigger. 

The  local  structure  of  Zr,  W,  Mo  and  Pt  was  characterized  by  EXAFS.  Pt  local  coor¬ 
dination  was  studied  only  for  W-free  samples  since  superposition  of  WL2  and  PtLj  edges 
makes  those  measurements  impossible. 

Initial  MA  and  silica  -modified  SG  samples  possess  the  same  type  of  local  zirconium 
environment  typical  for  cubic  NZP  samples  [2,3].  For  crystalline  MA  sample  Zr-0  (R  2.06  A, 
CN  6.6)  H  Zr-P  (R  3.61  A,  CN  4.8)  peaks  are  more  intense  as  compared  with  those  for  the 
amorphous  sample  (Zr-0  (R  2.07  A,  CN  5.6)  and  Zr-P  (R  3.63  A,  CN  2.6),  respectively).  It 
implies  a  more  disordered  and/or  less  rigid  structure  for  the  amorphous  sample.  No  changes  in 
Zr  environment  were  observed  after  addition  of  promoters. 

The  coordination  environment  of  Pt  supported  onto  NZP-  type  systems  (K-5  sample) 
is  the  best  approximated  by  three  spheres  with  distances  Pt-0  (R  2.00  A,  CN  3.4),  Pt-Pt  (R 
2.96  A,  CN  1.1)  H  Pt-Zr(La)  (R  3.68  A,  CN  1.3).  A  decreased  CN  for  the  Pt-0  distance  im¬ 
plies  the  existence  of  two  Pt  species  with  slightly  differing  distances.  The  first  one  corre¬ 
sponds  to  Pt02 ,  while  the  second  can  be  assigned  to  Pt  cations  located  in  the  surface  vacant 
positions  of  the  NZP  structure. 

The  typical  EXAFS  spectra  of  WL2  edge  are  shown  in  Fig.  2.  For  W  supported  on 
amorphous  samples  (K-32,  K-33),  the  oxygen  environment  is  close  to  an  ideal  octahedron 
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with  the  W-0  distance  ca  2.0  A.  The  W — W  distance  is  not  observed,  while  two  new  peaks 
corresponding  to  W-P  and  W-Zr  distances  emerge.  Hence,  a  predominant  part  of  W  is  atomi¬ 
cally  dispersed  at  the  surface  being  located  in  the  same  positions  as  Pt  (vide  supra).. 

Mechanochemical  addition  of  W  (sample  K-8)  has  resulted  in  formation  of  bulk  WO3 
phase  (Fig.  2).  In  agreement  with  TEM  data,  in  sample  K-4  prepared  by  wet  impregnation, 
tungsta  is  present  both  as  bulk  WO3  phase  and  small  clusters  or  nearly  atomically  dispersed 
species.  In  sample  K-5  containing  both  Mo  and  W,  the  former  is  present  as  bulk  M0O3  phase, 
while  the  latter  is  more  dispersed  than  in  sample  IC-4  probably  due  to  location  of  tungsten 
cations  both  on  the  surface  of  zirconium  phosphate  as  well  as  M0O3  particles.  These  conclu¬ 
sions  agree  with  the  results  obtained  by  UV-VIS  (Fig.  3).  For  sample  K-8,  the  spectrum  is 
similar  to  that  of  bulk  WO3  phase,  while  in  K-5  sample,  absorption  at  -14000  cm  typical  to 
M0O3  phase  is  observed.  For  samples  K-32  and  K-4,  the  spectra  differ  considerably  from 
those  typical  for  the  unpromoted  zirconium  phosphate  and  bulk  WO3,  thus  evidencing  a  pro¬ 
nounced  interaction  between  the  promoters  and  support. 

Addition  of  Pt  to  samples  promoted  by  oxides  does  not  change  the  tungsten  environ¬ 
ment  in  K-4  sample.  For  K-5  sample  containing  both  Mo  and  W,  W-Zr  (La)  distances  were 
not  changed  as  well,  while  for  W-0  distances  the  ratio  between  the  peaks  corresponding  to 
long  and  short  bonds  changes  approaching  that  for  bulk  WO3  .  Simultaneously,  the  intensity 
of  peak  corresponding  to  the  Mo-Mo-  distance  declines.  It  implies  a  redispersion  of  molyb- 
dena  due  to  Pt  action,  so  that  new  M0O3  clusters  are  anchored  to  W  cations  incorporated  into 
the  surface,  thus  distorting  their  oxygen  environment. 


Fig.  2.  EXAFS  W-L3  edge  spectra  for  bulk  Fig.  3.  UV-VIS  DRS  spectra  for  samples:  1 

WO3  (a)  and  WO3  -supported  NZP  samples:  -  K-32;  2  -  K-4;  3  -  MA-2;  4  -  K-8;  5  -  K-5 

K-8  (b),  K-4  (c),  K-5  (d)  and  K-33(e). 

Surface  properties 

IR  spectra  of  Pt-containing  samples  are  shown  in  Fig.  4.  A  broad  absorption  in  the 
3000-3600  cm*'  range  corresponds  to  stretching  vibrations  of  ammonia  and  ammonium 
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cation  strongly  bound  with  the  surface  acid  centers.  A  narrow  band  at  ca  1430  cm  '  and  a 
broader  one  at  ~  1608  cm‘‘  can  be  assigned  to  the  asymmetric  deformation  of  NH4'^  and  NHj , 
respectively  [4,5].  Hence,  due  to  strong  acidity  of  the  surface  sites  created  by  supported  tung- 
sta  and  molybdena,  residual  ammonia  species  remain  strongly  bound  with  the  surface  of 
samples  calcined  at  400  “C,  thus  masking  strong  Broensted  centers.  Weakly  acidic  P-OH 
groups  are  not  blocked  by  supported  promoters  (band  at  ~3670  cm  '  typical  for  those  groups 
is  observed).  CO  complexes  with  these  groups  are  revealed  by  band  at  2166  cm’'.  For  all 
promoted  samples,  the  density  of  Lewis  acid  sites-coordinatively  unsaturated  Zr*^^  cations 
sharply  declines  being  detectable  only  for  K-33*  sample  (carbonyl  band  at  2188  cm 


(O 


2000  3000  4000  1900  2000  2100  2200 


Wavenumber,  cm'^ 

Fig.  4.  IR  spectra  of  Pt-containing  samples  with  adsorbed  CO  (enlarged  carbonyls  stretching 
region  shown  on  the  right).  l-K-4*,  2-K-33*,  3-K-3*,  4-K-5*. 

Hence,  both  Broensted  and  Lewis  acid  centers  appear  to  take  part  in  anchoring  clusters  of 
oxidic  promoters  [4]. 

In  the  carbonyl  stretching  region,  bands  at  ca  2090  cm  and  ca  2137  cm  correspond 
to  linear  carbonyl  complexes  with  Pt°  and  Pt^  species,  respectively.  This  result  agrees  with 
EXAFS  data  implying  the  presence  of  oxidic  Pt  species  (vide  supra).  The  absence  of  bridging 
carbonyls  (bands  at  vCO  <  1900  cm  “'. )  is  explained  by  a  small  size  of  Pt  clusters  and  their 
strong  interaction  with  support,  that  correlates  with  low  coordination  numbers  for  the  Pt-Pt 
distance  revealed  by  EXAFS. 

Catalytic  properties 

Promoted  zirconium  phosphates  demonstrated  a  reasonably  good  and  stable  low-  tem¬ 
perature  performance  in  the  reactions  of  pentane  and  hexane  isomerization  (Fig.  5).  Earlier,  in 
these  low-temperature  conditions,  unpromoted  zirconium  phosphates  were  shown  either  being 
inactive  at  low  temperatures  or  revealed  rather  high  yield  of  aromatics  and/or  cracking  prod¬ 
ucts  [1-3].  A  high  isomerization  selectivity  of  promoted  samples  and  their  stability  can  be 
assigned  to  such  factors  as  Pt  enhanced  dehydrogenation/hydrogenation  ability,  generation  of 
strong  Broensted  acidity  due  to  surface  WOx  species  and  suppression  of  coking  via  blocking 
of  Lewis  acid  sites  [4-6]. 
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Fig.  5.  The  temperature  de¬ 
pendence  of  conversion  (x) 
and  isomerization  selectivity 
(S)  for  promoted  zirconium 
phosphate  catalysts  in  the 
reaction  of  pentane  (K-6,  K- 
19)  and  hexane  (K-33)  trans¬ 
formation. 


CONCLUSIONS 

The  microstructure  and  surface  properties  of  nanocomposites  based  upon  crystalline  or 
amorphous  framework  zirconium  phosphates  loaded  with  nanoparticles  of  Pt,  W  and  Mo  ox¬ 
ides  were  shown  to  differ  considerably  from  the  properties  of  bulk  analogs  due  to  effects  of 
mutual  interaction.  Improved  catalytic  performance  of  such  systems  in  the  reactions  of  pen¬ 
tane  and  hexane  isomerization  can  be  explained  by  such  an  interaction. 
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NANOCOMPOSITES  nc-TiN/a-SbNVa-  and  nc-TiSij  WITH 
HARDNESS  EXCEEDING  100  GPa  AND  HIGH  FRACTURE  TOUGHNESS 
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ABSTRACT 

In  course  of  further  development  of  our  generic  concept  for  the  design  of  novel  su- 
perhard  nanocomposites  [1,2]  we  have  recently  developed  new  multi-phase  ultrahard  nano¬ 
composite  coatings  with  Vickers  mirohardness  of  80  to  105  GPa  which  is  in  the  range  of 
natural  diamond.  The  coatings  show  a  high  elastic  recovery  of  up  to  90%  upon  a  relatively 
large  indentation  deformation.  The  hardness  measured  by  the  depth  sensing  technique  agree 
with  those  calculated  from  the  area  of  the  remaining  pseudoplastic  deformation.  The  very 
high  apparent  fracture  toughness  is  illustrated  by  the  absence  of  any  radial  cracks  upon  in¬ 
dentation  with  a  large  load  of  1  N  into  10.3  pm  thick  film  [3].  The  unusual  combination  of 
high  hardness,  elastic  recovery  and  apparent  fracture  toughness  was  attributed  to  the  ample 
possibility  of  cracks  deflection,  meandering  and  termination  during  loading  and  cracks  clo¬ 
sure  upon  unloading  [1,2,4].  The  suggested  nanostructure  of  the  coatings  has  been  elucidated 
on  a  basis  of  a  complex  analysis  by  means  XRD,  EDX,  ERD,  XPS  and  HR  TEM. 

INTRODUCTION 

The  practically  achievable  strength  and  hardness  of  materials  is  orders  of  magnitude 
smaller  than  the  theoretical  one.  It  is  controlled  by  their  microstructure  which  hinders  the 
usual  mechanisms  of  plastic  deformation  and  fracture,  such  as  multiplication  and  movement 
of  dislocations  and  growth  of  microcracks  [5,6].  Grain  boundary  hardening  is  one  of  the  pos¬ 
sibilities  to  control  the  microstructme  in  order  to  increase  the  hardness  (and  strength):  With 
decreasing  crystallite  size  d  the  hardness  of  materials  increases  according  to  the  ‘Hall-Petch’ 
relationship  H(d)  =  Ho  +  k-d^  ^  [5-8]  which  should  be  regarded  as  a  semiempirical  formula 
because  different  mechanisms  yield  a  similar  dependence  [9]  and  also  the  growth  of  mi¬ 
crocracks  in  ceramics  results  in  a  similar  proportionality  (see  [2]  and  references  therein). 
However,  when  the  crystallite  size  decreases  to  about  10  nm,  softening  is  observed  (‘reverse 
Hall-Petch’)  due  to  increasing  grain  boundary  sliding  [10]  (for  review  see  [2,11-13]).  Recent 
computer  simulations  showed  that  the  plastic  deformation  and  finally  a  failure  of  nanocrys¬ 
talline  metals  is  due  predominantly  to  a  large  number  of  small  ‘sliding’  events  of  atomic 
planes  at  the  grain  boundaries  which  can  occur  without  thermal  activation  at  room  tempera¬ 
ture  and  thus  “impose  a  limit  on  how  strong  nanocrystalline  materials  may  become"  [14]. 

Therefore  we  suggested  to  design  new  superhard  materials  by  the  formation  of  a  na¬ 
nocomposite  consisting  of  hard  nanocrystalline  material  imbedded  in  a  thin  amorphous  (or 
coherent)  interface,  when  both  phases  form  a  strong  and  structurally  flexible  interfece  due  to 
a  strong  thermodynamically  driven  segregation  [1].  The  superhardness  of  40-50  GPa  has 
been  achieved  in  various  nanocomposites,  such  as  nc-MnN/a-Si3N4  (M=Ti,  W,  V)  [1,2,15], 
nc-TiN/BN  [16,17],  nc-TiN/TiBx  [18,19],  in  quaternary  nc-(Tii.xAlx)N/Si3N4  [17]  and  vari¬ 
ous  carbides  and  other  materials  combinations  (for  a  review  see  [2])  thus  underlining  the 
universality  of  the  design  principle  [1,2].  In  this  paper  we  report  on  nc-TiN/a-Si3N4/a-  and 
ncTiSia  nanocomposites  with  hardness  of  80  to  more  than  100  GPa  which  corresponds  to 
that  of  diamond.  The  hardness  of  diamond  ranges  between  about  70  and  90  GPa,  depending 
on  its  quality  and  impurity  content  [2,20,21].  For  example,  with  nitrogen  bounded  as  atomic 
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paramagnetic  centers  the  strength  of  synthetic  diamond  crystals  increases  to  a  maximum  at  a 
concentration  of  about  (2  -  3)'10'^  N-Atoms/cm^  [22]. 

EXPERIMENTAL 

Because  reliable  measurement  of  the  hardness  in  the  range  of  >  60  GPa  is  a  difficult 
task  [2],  we  have  carefully  compared  the  measurements  on  our  nc-TiN/a-  and  nc-TiSi2  coat¬ 
ings  with  the  measurements  on  various  diamond  films.  In  this  paper  we  shall  present  a  com¬ 
parison  with  the  hardest  diamond  coatings  which  we  have  received  fi-om  various  laborato¬ 
ries,  namely  with  pure,  single  phase  nanocrystalline  diamond  films  [23].  In  order  to  avoid 
possible  artifacts  which  may  be  associated  with  the  nanoindentation  we  deposited  3  to  1 1  pm 
thick  films,  used  relatively  large  loads  and  performed  at  least  six  to  ten  indentation  meas¬ 
urements  at  each  applied  load.  The  measurements  (indentometer  Fischerscope  100)  were 
done  repetitively  on  many  deposited  coatings  with  the  standard  calibration  (Si,  Sapphire  and 
3C-SiC)  and  measurements  on  the  nc-diamond  in-between  the  measurements  on  our  coat¬ 
ings.  Finally,  the  size  of  the  remaining  “pseudoplastic”  indentation  was  measured  in  scan¬ 
ning  electron  microscope  (SEM)  and  the  hardness  was  calculated  according  to  the  Vickers 
formula  [24].  Measurements  of  the  Vickers  hardness  in  the  range  of  >  80  GPa  are  possible 
because  the  diamond  indentor  is  loaded  mainly  in  compression  whereas  the  “plastic”  defor¬ 
mation  of  the  measured  sample  is  to  a  large  extent  in  shear.  Under  compression,  diamond  is 
about  8  to  10  times  stronger  than  under  shear  [6]. 

The  coatings  were  prepared  by  plasma  chemical  vapor  deposition  (CVD)  in  abnormal 
direct  current  glow  discharge  with  the  substrate  connected  as  cathode  fi-om  TiCU,  Silij  in  a 
large  excess  of  H2  and  N2  at  a  temperature  of  550  °C  [16].  In  our  earlier  work  [1,15]  we  used 
discharge  operating  at  a  high  firequency,  power  density  and  pressure  in  order  to  minimize  the 
energy  of  ions  bombarding  the  surface  of  the  growing  film.  These  films  had  the  composition 
of  nc-TiN/a-Si3N4  [1]  and  their  hardness  showed  a  pronounced  increase  with  decreasing 
crystallite  size  (which  was  controlled  by  the  silicon  content  [1,25])  in  the  range  of  3-10  nm. 
The  minimum  crystallite  size  and  maximum  hardness  of  >  50  GPa  was  achieved  at  a  silicon 
content  of  7-9  at.%  which  corresponds  to  a  content  of  Si3N4  of  16-21  mol.%,  close  to  the 
percolation  threshold  [26].  This  behavior  indicates  that  the  segregated  non-polar  Si3N4  is 
wetting  the  surfaces  of  the  TiN  nanocrystals  which  decreases  the  total  Gibbs  fi-ee  energy  of 
the  system  [4].  In  our  more  recent  work  we  used  the  abnormal  DC  discharge  [16]  in  order  to 
increase  the  ion  bombardment  of  the  film  during  the  deposition.  The  recent  studies  have 
shown,  that  the  hardness  correlates  with  the  Si3N4  content  in  the  same  way  as  found  in  the 
HF  discharge,  but  not  with  the  crystallite  size  when  this  is  decreased  by  the  energetic  ion 
bombardment  at  a  relatively  large  discharge  current  density  of  2.5-3  mA/cm^  [27].  At  such  a 
high  current  density  stoichiometric  nc-TiN/a-Si3N4  with  hardness  in  the  range  of  40  to  60 
GPa  is  formed  in  agreement  with  our  earlier  reports  [1  ]. 

Our  next  hypothesis  was  if  the  formation  of  a  multiphase  nc-TiN/a-Si3N4/a-  and  nc- 
TiSi2  nanocomposite  with  a  strong  TiN/Si3N4  interface  may  be  decisive  for  a  further  increase 
of  the  hardness.  For  these  reasons  we  decreased  the  discharge  current  density  which  gener¬ 
ally  results  in  a  decrease  of  chemical  activity  of  nitrogen  and  resultant  formation  of  TiN  and 
TiSi2  [1,2].  The  coatings  reported  here  were  deposited  under  the  following  conditions: 
T=550  ®C,  substrate  stainless  steel,  current  density  1  mA/cm^,  flow  rate  of  H2  100  seem,  gas 
flow  rate  ratios  H2:N2:TiCl4:SiH4  =  100:10:1:0.1  to  0.9,  total  pressure  5  mbar  and  deposition 
rate  of  about  0.5  nm/sec. 

RESULTS 

The  results  of  extended  investigations  by  means  of  XRD,  EDX  (energy  dispersive 
analysis  of  X-rays),  ERD  (energy  recoil  detection  spectroscopy),  XPS,  SEM,  HR  TEM  and 


322 


measurements  of  the  mechanical  properties  (‘plastic’  Vickers  microhardness,  ‘universal 
hardness’,  elastic  modulus  and  elastic  recovery)  can  be  summarized  as  follows:  At  a  high 
discharge  current  density  of  >  2.5  mA/cm^  the  amorphous  matrix  consists  of  stoichiometric 
Si3N4  as  reported  earlier  [1,2,15]  whereas  at  <1  mA/cm^  a  multiphase  nanocomposite  con¬ 
sisting  of  nc-TiN,  a-Si3N4  and  a-  and  nc-TiSia  is  formed  The  nc-TiN/a-Si3N4  films  are  su- 
perhard  (H  «  40-60  GPa)  whereas  the  nc-TiN/a-Si3N4/a-  and  nc-TiSia  are  ultrahard  (H  >  80 
GPa).  Depending  on  the  total  silicon  content  [Si]  which  was  varied  between  1-2  at.%  and  25 
at.%  two  kinds  of  the  ultrahard  nanocomposites  are  found.  At  [Si]  of  about  5  at.%  nc-TiN/a- 
Si3N4/a-TiSia  nanocomposites  with  hardness  of  80  GPa  are  formed.  The  crystallite  size  of 
TiN  is  about  10  to  11  nm).  Above  about  [Si]  =  10  at.%  the  precipitation  of  nanocrystalline 
nc-TiSia  commences.  At  [Si]  of  about  17  at.®/o,  approximately  3  nm  small  nanocrystallites  of 
TiSia  precipitate  in  the  nc-TiN/a-TiSia  (crystallite  size  of  TiN  4  to  6  nm)  and  the  hardness 
reaches  >  90  GPa.  Hereafter  we  present  an  example  of  such  coatings. 

Figure  1  shows  indentation  curves  into  the  hardest,  single  phase  nc-diamond  (Fig.  la) 
and  into  our  nc-TiN/a-  and  nc-TiSia  (Fig.  lb).  A  comparison  of  elastic  moduli  E,  of  the 
’’universal  hardness”  HU  and  of  the  whole  indentation  curves  clearly  vmderlines  the  reliabil¬ 
ity  of  the  resultant  values  of  the  Vickers  “plastic”  hardness  Hv  (details  of  the  measurements 
[2]).  Of  a  particular  importance  is  the  similarity  of  the  areas  between  the  unloading  (upper) 
and  loading  (lower)  curves  which  is  proportional  to  the  energy  of  the  plastic  deformation. 
Because  it  is  small  as  compared  to  the  total  area  under  the  unloading  curve  in  both  cases, 
both  the  “plastic”  hardness  and  the  elastic  recovery  are  indeed  high  [28].  The  elastic  recov¬ 
ery  of  about  80  %  reported  earlier  for  superhard  (H  «  50  GPa)  nc-TiN/a-Si3N4  and  nc- 
W2N/a-Si3N4  coatings  [1]  increases  to  about  90  %  for  the  present  ones.  The  Vickers  hardness 
calculated  from  the  size  of  indentation  at  100  mN  (Fig.  2a)  of  91  GPa  agrees  with  that  from 
the  indentometer  (Fig.  3). 

Figure  3  shows  the  average  value  of  “plastic”  hardness  of  this  coating  and  of  the  nc- 
diamond  vs.  the  maximum  applied  load.  One  notices  that  at  a  load  of  50-70  mN  the  average 
value  of  the  hardness  of  our  nanocomposites  exceeds  105  GPa.  The  apparent  decrease  at  30 
mN  is  due  to  the  a  surface  roughness  which  is  comparable  to  the  small  indentation  depth.  At 
a  load  of  100  mN  the  indentation  depth  is  about  17  %  of  the  film  thickness  and  the  effect  of 
the  soft  steel  substrate  becomes  apparent  [2].  Nevertheless,  the  depth  sensing  indentation 
measurements  as  well  as  the  determination  of  the  hardness  from  the  area  of  the  remaining 
‘pseudoplastic’  indentation  (Fig.  2a)  yield  the  same  hardness  of  about  90  GPa. 

The  measured  hardness  of  coatings  may  be  increased  by  a  biaxial  compressive  stress 
of  >  5  GPa  caused  by  energetic  ion  bombardment  during  the  deposition  [29,30].  Upon  an¬ 
nealing  to  600-700  °C  this  stress  relaxes  [30]  and  the  hardness  of  the  coatings  decreases  to 
the  usual  value  of  a  given  material  [31].  Such  an  enhancement  can  be  certainly  ruled  out  in 
our  coatings  because  the  biaxial  stress  measured  from  the  bending  of  the  substrate  is  less  that 
0.5  GPa  even  for  10  pm  thick  films.  Furthermore,  the  hardness  remains  constant  after  0.5  hr 
annealing  at  >  600  °C  [27], 

The  fracture  toughness  of  coatings  is  determined  form  the  measured  dependence  of 
the  length  of  “radial  cracks”  on  the  applied  load  [3,32,33].  Figure  2b  shows  typical  example 
of  the  indentation  ‘inverse  pyramids’  obtained  under  a  high  load  of  1000  mN  into  a  some¬ 
what  softer  coating  of  a  thickness  of  10.7  pm.  The  observed  absence  of  any  cracks  at  such  a 
high  load  is  typical  for  both,  superhard  nc-TiN/a-Si3N4  (H  =  40-60  GPa)  and  ultrahard  nc- 
TiN/a-Si3N4/a-  and  nc-TiSb  (H  >  80  GPa)  if  the  film  thickness  exceeds  about  10  pm.  In  the 
case  of  the  3-4  pm  thin  coating  and  load  of  1000  mN  the  film  is  pressed  >  5  pm  into  the  soft 
substrate:  only  circular  but  no  radial  cracks  are  found  within  the  crater.  Our  present  study 
concentrates  on  the  question  if  the  absence  of  radial  cracks  reported  here  is  due  to  either  high 
fracture  toughness  or  to  a  high  threshold  for  crack  initiation  [3,33], 
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Fig.  1:  Example  of  indentation  curves  into  a:  1.5  pm  thick  single  phase  nc-diamond  [23]  and 
^  3.5  |im  thick  nc-TiN/a-Si3N4/a-  and  nc-TiSii  coatings.  The  inserts  show  the  corresponding 
Vickers  “plastic”  hardness  Hv,  elastic  modulus  corrected  for  the  elastic  deformation  of  the 
indentor  E  and  the  “universal  hardness”  HU  (the  elastic  plus  plastic  deformation  under  the 
maximal  load).  Notice  that  a  higher  load  was  used  in  Fig.  b  than  in  a. 


3.5  pm,  100  mN  10.3  pm,  1000  mN 

Fig.  2:  Scanning  electron  micrographs  of  remaining  “plastic”  indentation:  a:  3.5  pm  thick 
ultrahard  coating  from  Fig.  1  after  applied  load  of  100  mN,  a  somewhat  softer  10.7  pm 
thick  coating  after  indentation  with  a  load  of  1000  mN.  The  absence  of  radial  cracks  in  the 
diagonal  direction  shows  the  high  toughness  of  the  material. 
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Fig.  3:  Hardness  of  3.5  pm  thick  nc-TiN/a-S^N^a-  and  nc-TiSii  nanocomposite  and  of  1.5 
pm  thick  single  phase  nanocrystalline  diamond  [23]  vs.  the  maximum  applied  load. 
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CONCLUSIONS 


The  hardness  of  about  105  GPa  reported  here  for  the  nc-TiN/a-  and  nc-TiSii  is  about 
a  toor  of  4  to  5  higher  than  that  of  TiN  and  about  a  factor  of  5.5  higher  than  that  of  Si3N4. 
This  is  within  the  usual  range  of  strengthening  of  engineering  materials  by  an  appropriate 
tailoring  of  their  microstmcture  (see  e.g.  [34]).  Therefore  the  ultrahardness  of  our  nanocom¬ 
posites  in  the  range  of  diamond  is  a  simple  consequence  of  the  appropriate  design  of  their 
nanostructure  and  of  the  TiN/Si3N4  interface  which  avoids  the  grain  boundary  sliding. 

The  high  elasticity  and  toughness  is  also  a  logical  consequence  of  the  nanostructure: 
The  high  elasticity  follows  from  the  absence  of  dislocation  activity  in  <  10  nm  small  nano¬ 
crystals.  The  ‘pseudoplastic”  deformation  observed  under  the  indentation  is  due  to  a  brittle 
fracture,  such  as  observed  in  glasses  and  ceramics.  The  high  hardness  and  toughness  can  be 
understood  in  terms  of  ample  possibilities  for  deflection,  meandering  and  termination  of  na¬ 
nocracks,  all  of  wWch  can  absorb  a  high  energy,  in  the  randomly  oriented  nanocomposite, 
and  in  their  reversible  closure  upon  unloading.  These  superior  mechanical  properties  are  a 
simple  consequence  of  the  appropriate  design  of  the  nanostructure.  These  results  lend  further 
support  to  our  generic  concept  for  the  design  of  superhard  nanocomposites  and  underline  its 
fairly  broad  validity. 
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ABSTRACT 

Alumina/silicon  carbide  nanocomposites  are  known  to  show  their  hipest  strength  levels  after 
surface  grinding  followed  by  annealing.  After  annealing  in  flowing  argon,  nanocomposites  with 
very  coarsely  ground  surfaces  have  strengths  exceeding  those  with  a  finely  polished  surface. 
Specimens  with  lapped  surfaces  also  show  a  small  improvement  in  strength  on  annealing.  TEM 
investigations  of  annealed  cross-sections  show  that  the  annealing  process  leads  to  surface  crack 
healing.  The  chemical  composition  of  the  subsurface  region  has  been  studied,  and  reactive 
products  on  and  close  to  the  nanocomposite  surface  after  annealing  have  been  investigated  by 
energy  dispersive  X-ray  analysis  in  the  STEM. 

INTRODUCTON 

Strengthening  of  Al203/SiC  nanocomposites  after  annealing  was  reported  by  Niihara  et  al. 
[1].  They  found  that  after  annealing  at  1300°C  for  2  hrs  in  argon  or  air,  the  Al203/SiC 
nanocomposite  increased  in  bending  strength  fi’om  1000  MPa  to  1500  MPa.  They  attributed  this 
strengthening  effect  to  the  following  possible  mechanisms:  healing  of  subsurface  cracks, 
relaxation  of  local  residual  stress  originating  from  different  thermal  expansion  coefficients,  and 
the  formation  of  sub-grain  boundaries.  Later  Zhao  et  al.  [2]  also  reported  a  strengthening  effect 
after  annealing  but  with  a  smaller  strength  increase.  They  argued  that  aimealing  had  the  double 
effect  of  diminishing  the  compressive  surface  residual  stress  after  surface  machining  while  also 
healing  the  surface  flaws.  Thompson  et  al.  [3]  investigated  whether  machining  flaws  could  be 
healed  in  Al203/SiC  nanocomposites  during  annealing  by  comparing  the  healing  behaviour  of 
indentation  cracks  in  Al203/SiC  and  AI2O3.  Wu  et  al.  [4]  found  that  a  machine  ground 
nanocomposite,  with  a  severely  damaged  surface,  could  be  strengthened  to  a  level  greater  than 
that  of  a  finely  lapped  nanocomposite.  By  measuring  the  surface  Rayleigh  wave  velocity  with 
line-focus  acoustic  microscopy,  the  results  showed  that  annealing  increases  the  surface  elastic 
modulus  of  the  ground  nanocomposite.  This  surface  stiffiiess  improvement  is  thought  to  be  an 
indication  of  subsurface  crack  healing  during  annealing.  Further  study  indicated  that  chemical 
reactions  occured  on  the  surfaces  during  annealing  although  the  precise  mechanisms  leading  to 
strengthening  were  unclear. 

In  this  paper  we  investigate  further  the  mechanisms  of  strengthening  of  Al203/SiC 
nanocomposites  after  grinding  and  annealing,  using  TEM  of  surface  cross-sections. 

EXPERIMENT 

The  Al203/SiC  nanocomposites  used  in  this  investigation  were  prepared  by  hot-pressing  with 
a  standard  freezing-drying  powder  preparation  method  explained  in  detail  elsewhere  [5],  a-A^Os 
powder  (AKP53  Sumitoma,  Japan)  is  mixed  with  5%  by  volume  SiC  particles  (UF45  Lonza, 
Germany)  of  diameter  «  90  nm  by  attrition  milling  and  then  hot  pressed  at  1650°C  for  1  hour 
under  flowing  Ar.  Two  surface  finishing  conditions  are  investigated  here:  ground  with  a  resin 
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bonded  diamond  wheel  containing  150  jnn  grit,  and  fine  lapped  with  1  pm  diamond  grit.  All 
anneals  were  carried  out  at  1250  °C  in  flowing  Ar  for  10  hours.  Small  test  bars  were  cut  from  the 
hot  pressed  plates  for  4-point  bending  characterisation.  Surface  residual  stresses  in  the  samples 
before  and  after  annealing  were  measured  using  a  Hertzian  indentation  technique  described  in 
detail  elsewhere  and  in  a  companion  paper  [6,  7]. 

All  of  the  TEM  foils  were  prepared  from  the  bend  strength  test  bars.  The  cross  section  TEM 
specimens  were  prepared  in  the  conventional  manner  by  gluing  two  surfaces  together.  The  region 
of  interest  was  dimpled  on  both  sides  to  a  thickness  about  20-50  pm  before  ion  milling  the 
dimpled  specimen  for  TEM  observation.  To  prevent  charging  during  TEM  observation,  some  of 
the  specimens  were  coated  with  carbon. 

TEM  observations  were  carried  out  using  JEM  200CX  and  Philips  CM20  microscopes  at 
200  kV.  Energy  dispersive  X-ray  analysis  (EDX)  was  performed  using  a  Vacuum  Generator  HB 
501  dedicated  scanning  transmission  electron  microscope  (STEM)  with  a  cold  field  emission 
electron  source  (FEG)  configured  to  provide  a  probe  at  the  specimen  with  a  diameter  of 
approximately  2.5  nm.  EDX  spectra  were  recorded  using  an  Oxford  Instrument  LZ5  windowless 
detector  and  AN  10  system.  Concentration  profiles  were  derived  by  conventional  spectral 
processing  using  the  Oxford  Instrument  RTS2  software  package. 

RESULTS 

Bend  Strength  and  Surface  Residual  Stress 

The  4-point  bend  strengths  of  ground  and  fine  lapped  nanocomposites  before  and  after 
annealing  are  shown  in  figure  1.  For  comparison  the  data  for  ground  alumina  are  also  included. 
Annealing  clearly  increases  the  strength  of  the  ground  AhOa/SiC  nanocomposite  but  has  no 
detectable  effect  on  the  ground  AI2O3  specimen.  Figure  2  shows  the  residual  stress  levels 
measured  by  Hertzian  indentation.  These  residual  stress  values  are  relative  to  a  finely  polished 
AI2O3  surface  which  is  assumed  to  be  a  reference  stress-free  surface.  Grinding  introduces  large 
compressive  surface  residual  stresses  which  are  mostly  removed  by  the  polishing  process.  After 
annealing,  both  ground  and  fine  lapped  surfaces  have  a  residual  stress  level  of  about  150  to 
200  MPa.  Thus  annealing  reduces  the  residual  stress  found  on  the  nanocomposite  surface  but 
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Fig.  1  4-point  bending  strength  before  and 
after  annealing  for  nanocomposite  finshed 
with  machine  grinding  (nn/G),  1  pm 
diamond  lapping  (nn/lP)  and  alumina 
with  grinding  (ao/G). 
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Fig.  2  Residual  stress  before  and  after 
annealing  for  nanocomposite  finished  with 
machine  grinding  (nn/G)  and  1  pm  diamond 
lapping  (nn/lP). 
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A)  B) 

Fig.  3  TEM  subsurface  microstructure  of  ground  nanocomposite 

increases  that  of  the  polished  surface.  This  is  unexpected  since  the  slow  cooling  rate  (10  °C/min) 
should  have  little  quenching  effect. 


Subsurface  Microstructure 

Figure  3  shows  a  cross-section  beneath  the  surface  of  a  ground  A^Oa/SiC  nanocomposite.  In 
figure  3A  extensive  cracking  can  be  seen  extending  about  10  pm  beneath  the  surface.  At  higher 
magnifications,  in  figure  3B,  we  can  see  that  the  deformation  substructure  is  dominated  by 
dislocations.  It  is  these  which  are  believed  to  explain  the  high  residual  stress  levels  observed  in 
the  nanocomposite.  Similarly  treated  AI2O3  surfaces  show  twinning  rather  than  such  extensive 
dislocation  structures  [7].  Figure  4 A  is  a  TEM  cross-section  of  the  ground  nanocomposite 
surface  after  annealing:  no  cracks  can  be  seen.  This  is  true  of  many  other  locations  studied  and  is 
consistent  with  other  observations  of  crack  healing  elsewhere  [3,  4].  Figure  4B  shows  a  higher 
magnification  of  the  subsurface  microstructure;  the  dislocation  networks  introduced  by  grinding 
have  been  substantially  removed  by  annealing.  Grain  boundaries  near  to  the  surface  in  the 
annealed  specimens  were  observed  to  contain  a  thicker  interfacial  layer.  This  is  analysed  in  more 
detail  in  the  following  section. 

EDX  Analysis 
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Fig.5  Grain  boundary  in  subsurface  of  as- 
ground  nanocomposite  A)  STEM  image;  B) 
Si  mapping  image;  C)  A1  mapping  image; 

D)  Si  content  profile  cross  the  GB  as  arrowed 
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EDX  elemental  maps  contain  random  statistical  noise,  the  level  of  which  depends  upon  the 
count  rate  at  each  pixel.  In  addition,  it  is  sometimes  difficult  to  understand  how  the  intensities  of 
all  the  elements  at  a  given  pixel  are  inter-related.  These  problems  can  be  addressed  by  applying  a 
multivariate  statistical  analysis  method  to  identify  the  correlation  between  elements  and  to 
separate  them  fi'om  the  noise  [8].  A  program  has  been  adapted  from  software  originally  written 
to  analyse  EDX  spectra  [9,  10].  The  program  outputs  maps  where  the  statistically  significant 
correlations  and  anti-correlations  between  the  elements  are  explicitly  revealed.  Figure  5a  shows  a 
grain  boundary  in  an  un-annealed  nanocomposite;  figures  5b,  c  show  mapped  images  for  Si  and 


Fig.  6  Grain  boundary  in  subsurface  of 
annealed  nanocomposite  A)  STEM 
image;  B)  Si  mapping  image;  C)  A1 
mapping  image;  D)  Si  content  profile 
cross  the  grain  boundary  as  arrowed. 
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A1  elements  respectively;  figure  5d  is  the  Si  content  profile  cross  the  grain  boundary  shown  in 
figure  5a.  Figure  6a  shows  a  grain  boundary  in  an  aimealed  nanocomposite;  figures  6b  and  c 
mapped  images  for  Si  and  A1  element  respectively;  figure  6d  is  the  Si  content  profile  cross  the 
reacted  grain  boundary.  The  method  greatly  enhances  the  visibility  of  elements  present  in  low 
concentration  that  might  otherwise  be  overlooked. 

Figure  5  shows  that  Si  segregates  to  the  grain  boundary  during  processing  even  though  this 
grain  boundary  is  very  narrow,  <  Inm.  The  Si  content  across  this  grain  boundary  shows  a  small 
peak  on  the  boundary.  Note  that  this  does  not  represent  the  real  element  content  as  the  probe  size 
is  bigger  than  the  grain  boundary  width.  After  annealing,  grain  boundaries  becomes  wider  as 
shown  in  figure  6.  The  Si  profile  cross  the  grain  boimdary  now  shows  a  massive  local 
segregation  and  the  almost  total  exclusion  of  A1  from  the  bonding  region. 

Table  1  summarises  our  findings  concerning  the  Si  content  of  grain  boundaries  beneath  the 
ground  and  annealed  nanocomposite  surfaces.  The  region  of  extreme  Si  segregation  at 
boundaries  in  annealed  material  extends  to  a  distance  less  than  20  pm  below  the  surface.  At 
depths  greater  than  this  the  grain  boundary  composition  was  similar  to  that  found  with 
unannealed  specimens.  The  trace  Y  and  Zr  detected  in  the  nanocomposites  is  probably 
contamination  introduced  by  attrition  milling. 


Table  I  Si  and  A1  content  on  the  subsurface  grain  boundaries  before  and  after  annealing 


Sample  condition 

Annealed 

Unannealed 

Detected  GB  position 

Si  (at%) 

A1  (at%) 

Si  (at%) 

A1  (at%) 

Top  surface 

89.49 

10.51 

3.89 

96.11 

20  pm  below  top 

4.88  (+Y,  Zr) 

95.12 

N/A 

N/A 

100  pm  below  top 

4.82  (+Y,  Zr) 

95.18 

N/A 

N/A 

DISCUSSION 

When  the  nanocomposites  are  aimealed  at  1250  °C  in  the  flowing  Ar,  the  damaged  surfaces 
recover.  This  subsurface  integrity  recovery  is  thought  to  be  a  result  of  chemical  reaction  bonding 
between  crack  surfaces  [3].  It  is  difficult  to  identify  the  locations  of  any  healed  cracks  on  an 
annealed  surface  because  they  are  likely  to  be  indistinguishable  from  grain  boundaries.  However, 
features  of  grain  boundaries  which  intersect  the  surface  of  the  annealed  specimens  may  give 
some  clues  to  the  mechanisms  of  crack  healing  and/or  surface  strengthening.  We  note  that  near¬ 
surface  grain  boundaries  in  the  annealed  specimens  show  an  increase  in  thickness  and  a  high  Si 
content  when  compared  to  unannealed  boundaries  or  boundaries  deep  within  annealed 
specimens.  We  propose  that  this  thickening  occurs  by  oxidation  within  the  nanocomposite  driven 
by  diffusion  of  Si  outwards  and  O  from  the  atmosphere  into  the  material  along  the  grain 
boundaries,  with  the  SiC  particles  located  on  grain  boimdaries  within  the  nanocomposite  acting 
as  the  Si  source. 

An  internal  oxidation  mechanism,  with  its  accompanying  volume  expansion,  can  also  explain 
the  residual  compressive  stress  found  in  both  the  ground  and  polished  nanocomposite  specimens 
after  annealing.  It  is  well  known  that  SiC  particles  imdergo  a  volume  expansion  on  oxidation  to 
Si02  and  that  a  further  expansion  occurs  if  the  Si02  reacts  with  AI2O3  to  form  mullite.  All  these 
products  (even  when  amorphous)  have  coefficients  of  thermal  expansion  lower  than  a-Al203. 
Thus  in  addition  to  any  volume  expansion  on  oxidation,  a  surface  compressive  stress  could  also 
be  generated  on  cooling  by  thermal  expansion  mismatch  between  the  surface  and  interior. 
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We  conclude  that  our  results  are  consistent  with  earlier  findings  [3,  4]  that  annealing  results 
in  crack  healing  of  Al203/SiC  nanocomposite  surfaces.  The  most  likely  mechanism  is  driven  by 
oxidation  of  the  SiC  particles  and  that  it  is  this  oxidation  which  results  in  the  relatively  high 
levels  of  retained  surface  compressive  stress  even  after  extensive  annealing. 
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ABSTRACT 


We  have  investigated  the  synthesis  and  the  structural  and  magnetic  properties  of  Fe 
nanoparticles  embedded  in  AI2O3  matrix,  a  granular  nanocomposite  prepared  by  sol-gel 
processing.  Samples  with  volumetric  Fe  content  ranging  from  20  to  62%  were  obtained 
starting  from  A1  nitrate  and  Fe  sulfate  as  precursors  and  the  preparation  method  results 
initially  in  a  mixture  of  Fe-  and  A1  oxides.  The  conversion  of  Fe  oxides  into  metallic  Fe  was 
done  by  calcination  at  800®  C  followed  of  reduction  at  600®  C  for  2  hours,  in  H2  atmosphere. 
Our  results  indicated  the  following  phases  in  the  amorphous  alumina  matrix,  after  reduction: 
a-Fe,  the  main  phase,  a-  and  Y-Fe203,  Fe304  and  some  interstitial  Fe^^  and  substitutional  Fe^"^ 
atoms  in  the  AI2O3  lattice.  For  the  investigated  system,  Fe  reduction  rate  was  very  sensitive  to 
the  sample  porosity  and,  with  the  applied  method,  we  have  obtained  reductions  of  the  Fe 
atoms  into  metallic  Fe  ranging  from  45  to  68%,  preserving  the  mean  diameter  of  the  a-Fe 
nanoparticles  between  55  and  80  nm.  VSM  measurements  at  room  temperature  resulted  in 
coercivity  between  450  and  630  Oe  and  saturation  magnetization  between  40  and  1 10  emu/g. 
Magneto-transport  measurements  in  samples  with  25%  metallic  Fe  (and  51%  total  Fe)  reveal 
AR/R  close  to  2%  at  room  temperature. 


INTRODUCTION 

The  study  of  granular  magnetic  materials,  composites  of  magnetic  nanoparticles 
embedded  in  a  nonmagnetic  matrix,  has  attracted  much  attention  in  the  last  years  since 
granular  solids  have  been  found  to  present  interesting  properties  like  giant  magnetoresistance 
[1-3].  Several  methods  have  been  used  to  prepare  magnetic  granular  Fe  -  ceramic  systems. 
Sputtering  [4],  evaporation  [5],  ball  milling  [6]  and  different  chemical  routes  are  applied.  Sol- 
gel  method  is  one  chemical  route  that  present  the  advantages  of  high  reproducibility  and  easy 
scale  up  from  bench  scale  to  the  processing  of  high  quantities.  Sol-gel  processing  was  applied, 
for  example,  to  obtain  Fe-Si02  [7],  Ni-Si02  [8]  and  Fe-Al203  [9]  nanocomposites.  In  ref.  [7], 
the  applied  reduction  at  350®  C  resulted  in  low  reduction  rate  for  Fe  atoms.  For  Ni-Si02, 
reduction  in  H2  at  a  temperature  range  of  600  -  900®  C  [8]  allowed  the  complete  reduction  of 
Ni  oxides  to  metallic  Ni.  In  a  previous  work  [9],  we  have  investigated  the  sol-gel  synthesis  and 
the  structural  and  magnetic  properties  of  Fe  nanoparticles  homogeneously  dispersed  in 
alumina,  within  a  range  of  low  concentration  of  Fe  (1  -  2.5  vol.%).  For  these  samples,  by 
applying  H2-reduction  at  temperatures  ranging  from  600  to  1000®  C,  we  have  obtained 
conversion  rates  as  high  as  74%  and  a  maximal  coercivity  of  819  Oe.  Granular  Fe-Al203 
powder  prepared  by  ball  milling  within  a  broad  Fe  concentration  range  have  shown  maximal 
coercivity  ranging  from  230  to  550  Oe  [6,  10, 1 1]. 

In  this  paper,  we  extend  our  investigation  of  the  Fe-Al203  nanocomposite  by  increasing 
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the  Fe  content  to  the  range  of  20  to  62%  in  volume.  Moreover,  in  order  to  inhibit  the  particle 
growth  and  maximize  the  Fe  reduction  rate,  by  preserving  the  porosity  of  the  matrix  after 
calcination,  we  have  changed  the  procedures  for  washing  and  drying  the  initial  inorganic 
network  obtained  by  sol-gel  method.  We  present  the  obtained  structural  and  magnetic 
properties. 


EXPERIMENT 

Samples  with  nominal  volumetric  Fe  content  ranging  from  20  to  62%  were  prepared 
starting  from  solutions  with  adequate  concentrations  of  A1(N03)3.9H20  and  FeS04.7H20  as 
precursors,  dropped  slowly  in  a  NH3  solution  (the  precipitating  agent)  under  vigorous  stirring 
and  allowed  to  gel  for  12  h.  This  procedure  leads  to  the  formation  of  complex  Fe  and  A1  salts 
and  oxides  particles  via  sol-gel  transformation.  After  precipitation,  the  ferruginous  gel  was 
submitted  to  distillation  in  an  azeotropic  solution  of  95.6%  ethanol  -  4.4%  H2O  for  remotion 
of  water  from  the  porous  structure  and  than  dried  at  80°C  for  12  hours.  Next,  the  samples  were 
calcinated  at  300,  600  and  800°  C  in  air  and  heat  treated  at  600°  C  in  H2  atmosphere  during  2 
hours  for  the  reduction  of  Fe  oxides  into  metallic  Fe.  After  calcination,  the  total  Fe  content 
was  determined  by  atomic  absorption  spectroscopy  and  the  loss  of  mass  was  determined  by 
thermogravimetry  differential  thermoanalysis  (TG/DTA)  measurements.  The  obtained  powder 
samples  with  final  composition  Fex  -  (Ai203)i.x,  20  <  X  <  62  vol.%,  were  characterized  by 
atomic  absorption,  x-ray  diffraction  (XRD),  employing  Cu-k  radiation,  by  Mossbauer 
spectroscopy  (MS)  and  by  vibrating  sample  magnetometry  (VSM).  XRD  was  used  to  identify 
the  phases  and  also  to  estimate  the  average  particle  size  by  using  the  Scherrer’s  equation. 
Transmission  ^^Fe  Mossbauer  spectra  (20  K  to  room  temperature)  have  been  obtained  on  a 
constant  acceleration  transducer  with  a  ^^Co/Rh  source.  The  Normos  least-squares  fit  program 
was  used  for  data  processing.  After  H2-reduction,  few  powder  samples  were  compacted  at  4 
ton/cm^  and  the  resulting  pellets  (10  mm  diameter)  were  submitted  to  magneto-transport 
measurements  at  room  temperature. 


RESULTS  AND  DISCUSSION 


Fig.  I  shows  typical  x-rays  diffraction  patterns  for  Fe-Al203  samples  in  the  different 
stages  of  the  synthesis  process.  The  insulating  medium  is  amorphous  and  largely  featureless  in 
XRD  during  all  the  process,  as  normally  observed  in  similar  systems.  As-prepared  samples 
(dried  gels)  are  characterized  by  the  absence  of  diffraction  patterns  of  crystalline  Fe-oxides 
(Fig.  La).  Calcination  at  800°  C  results  in  loss  of  mass  of  45%,  due  to  the  decomposition  of 
complex  salts  containing  NH4'^,  S04^  ~  and  Fe  or  A1  ions  and  only  diffraction  patterns  of  a- 
Fe203,  the  predominant  phase,  and  some  Fe304  are  observed  in  the  different  samples  (Fig. 
Lb).  The  elimination  of  NH4'^  and  864^  “  compounds  induces  a  mesoporous  structure  with 
average  diameter  equal  to  9  nm,  as  determined  by  the  BET  method.  After  H2-reduction  at  600° 
C  for  2  h,  only  reflections  due  to  metallic  Fe  and  Fe304  are  detected,  as  shown  in  Fig.  l.c.  The 
average  diameter  of  the  a-Fe  nanoparticles  was  calculated  to  be  in  the  range  55  -  80  nm,  very 
close  to  the  diameter  of  the  precursor  a-Fe203  particles,  demonstrating  that  a  sintering  process 
did  not  take  place  during  the  reduction  heat  treatment. 

Typical  room  temperature  Mossbauer  spectra  are  shown  in  Figure  2,  with  the  results 
for  a  samples  with  51%  Fe.  Although  not  clearly  observed  in  our  XDR  measurements  (Fig. 
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Fig.  1  -  Typical  x-ray  diffraction  patterns 
corresponding  to  the  different  phases  of  the 
synthesis  process  of  granular  Fe  -  AI2O3 
nanocomposite,  illustrated  for  a  sample 
with  51%  Fe  after  drying  at  80°  C  (a), 
calcinated  at  800°  C  (b)  and  after  H2  - 
reduction  at  600°  C  (c).  Fe203  peaks  are 
labeled  in  (b)  and  a-Fe  peaks  are  labeled  in 
(c). 
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Fig.  2  -  Typical  room  temperature 

Mossbauer  spectra  corresponding  to  the 
different  phases  of  the  synthesis  process  of 
granular  Fe  -  AI2O3  nanocomposite, 
illustrated  for  a  sample  with  51%  Fe  after 
drying  at  80°  C  (a),  calcinated  at  800°  C  (b) 
and  after  H2  -  reduction  at  600°  C  (c). 


l.a),  the  as-prepared  samples  have  the  Fe  atoms  distributed  in  Fe304,  y~  and  a-Fe203  and  some 
Fe  in  the  matrix  (Fig.  2.a).  Fe  oxides  are  fitted  as  broad  hyperfine  field  distribution  at  high 
fields  (grey  area)  and  Fe  atoms  in  the  matrix,  whose  Fe^^  and  Fe^"^  doublets  are  here  taken  in 
account  by  the  distribution  at  low  fields  (light  grey  area),  aspect  better  resolved  at  low 
temperature  (see  bellow).  Fe304  and  Y-Fe203  represent  between  70  and  85%  of  the  total  Fe- 
phases  and  these  samples  present  superparamagnetic  behavior,  characterized  by  the  reduction 
and/or  collapse  of  the  magnetic  hyperfine  fields  of  the  nanoparticles.  After  calcination, 
Mossbauer  spectra  are  characterized  by  a  broad  six  line  pattern  due  to  the  superposition  of 
sextets  of  a-Fe203,  the  predominant  phase,  and  some  Fe304  (Fig.  2.b).  Due  to  the  growth  of 
the  particles  size,  the  superparamagnetic  behavior  is  almost  removed.  The  effectiveness  of  the 
applied  H2-reduction  heat  treatment  is  illustrated  in  Fig.  2.c,  where  a-Fe  represents  52%  of  the 
spectral  area. 

Low  temperature  (20  K)  Mossbauer  spectra  are  shown  in  Figure  3  for  samples  with 
different  Fe  content,  measurements  that  allow  a  better  fit  by  resolving  superparamagnetic 
behavior  of  the  nanometric  particles.  The  conversion  rate  of  iron  oxides  into  metallic  iron  is 
nearly  constant  for  the  different  samples,  as  illustrated  in  Figure  4,  where  the  spectral  area  of 
the  Fe-phases  is  plotted  against  the  total  Fe  volumetric  fraction  in  AI2O3  assuming  equal 
Debye-Waller  factors  at  20  K.  The  Fe  oxides  curve  includes  Fe304,  a-  and  Y-Fe203.  The 
Mossbauer  results  indicate  that  -10%  of  the  spectral  areas  can  be  attributed  to  Fe^"^  ions 
occupying  substitutional  (Al^^)  and  Fe^'^  ions  occupying  interstitial  positions  in  the  AI2O3 
lattice  [12,  13],  characterized  by  quadrupole  splittings  close  to  0.85  mm/s  and  1.75  mm/s, 
respectively,  and  represented  by  the  distribution  at  low  fields.  Since  the  particles  diameter 
does  not  change  very  much  for  different  Fe  fractions,  as  determined  by  XRD,  we  could 
speculate  that  the  reduction  of  the  oxide  particles  conduct  to  metallic  particles  with  oxide 
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Fig.  3  -  Mossbauer  spectra  at  20  K  of 
granu  lar  FOe  -  AI2O3  nanocomposites  with 
different  Fe  concentrations:  23%  (a),  40% 
(b)  and  61%  (c)  total  Fe. 
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Fig.  5  -  Room  temperature  saturation 
magnetization  (Ms)  and  coercivity  (He)  of 
the  Fe-Al203  granular  samples,  as  obtained 
by  VSM  measurements. 
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Fig.  4  -  Spectral  area  of  the  different  Fe- 
phases  as  a  function  of  the  Fe  volumetric 
fraction,  as  obtained  by  Mossbauer 
spectroscopy 
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Fig.  6  -  Room  temperature  Magneto¬ 
resistance  of  a  51%  Fe  -  AI2O3  pellet 
sample,  measured  at  10  mA. 


cores  (-40%  ),  instead  of  a  mixture  of  reduced  and  non-reduced  Fe  particles. 

The  saturation  magnetization  at  1  T  and  coercivity  presented  by  the  samples  were 
determined  by  VSM  measurements  at  room  temperature  and  are  shown  in  Fig.  5  as  a  function 
of  the  Fe  content.  The  observed  saturation  magnetization,  ranging  from  40  to  110  emu/g  is  in 
accordance  with  the  expected  value  due  to  a  mixture  of  a-Fe  (218  emu/g),  Fe203  (92  emu/g  ) 
and  Fe304  (76  emu/g  )  diluted  in  a  non-magnetic  matrix.  The  coercivity  presents  a  maximum 
(~  630  Oe)  near  30  -  40  vol.%  Fe,  fraction  that  represents  the  magnetic  percolation  of  the 
particles  and  above  which  the  coercivity  decreases  due  to  formation  of  magnetic  closure 
domains  and,  than,  multidomain  behavior.  The  value  of  630  Oe  is  higher  than  the  coercivity 
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obtained  by  other  authors  for  Fe  -  AI2O3  prepared  by  ball  milling  and  after  long  milling  time 
[6,  10,  11].  Giri  [11],  for  example,  has  obtained  a  maximum  coercivity  of  550  Oe  for  40  %  Fe 
after  42  h.  milling  time. 

Magneto-transport  measurements  were  performed  for  few  samples  as  pointed  above. 
Fig.  6  shows  the  better  result  for  the  room  temperature  magnetoresistance,  1.8%  measured  at 
10  mA,  obtained  for  a  51%  Fe  -  AI2O3  sample  (25%  metallic  Fe).  In  the  plot,  the  observed 
anomalies  near  ±  1500  -  2000  Oe  are  indication  that  the  MR  of  the  sample  can  be  driven  by 
two  different  processes.  The  low  GMR  value  could  be  explained  by  the  relatively  big  particles 
(60-70  nm)  since  tunneling  assisted  GMR  requires  smaller  particles  and  defined  dimensions  of 
the  non-magnetic  spacers.  Equivalent  codeposited  Fe-Al203  thin  films  reveal  higher  GMR 
effects  (MR  =  3%  for  33%  Fe-Al203)  [14].  The  influence  of  the  sample  structure  with  a-Fe, 
a-  and  y-Fe203  and  Fe304  dispersed  in  the  AI2O3  matrix  on  the  observed  MR  behavior  is  not 
clear.  New  experiments  are  in  progress  and  the  results  will  be  presented  elsewhere. 


CONCLUSIONS 


Concluding,  we  have  investigated  the  synthesis  and  the  structural  and  magnetic 
properties  of  granular  nanocomposite  Fe  -  AI2O3  prepared  by  sol-gel  processing.  Samples  with 
volumetric  Fe  content  ranging  from  20  to  62%  were  prepared  by  calcination  at  800°  C 
followed  of  H2“reduction  at  600°  C.  For  the  investigated  system,  Fe  reduction  rate  was  very 
sensitive  to  the  sample  porosity  and,  with  the  applied  method,  we  have  obtained  reductions  of 
the  Fe  atoms  into  metallic  Fe  ranging  from  45  to  68%,  preserving  the  mean  diameter  of  the  a- 
Fe  nanoparticles  between  55  and  80  nm.  Significant  amount  (-35%)  of  a-  and  Y-Fe203,  Fe304 
remains  embedded  in  the  alumina  matrix,  which  present  some  diluted  interstitial  Fe^'^  and 
substitutional  Fe^"^  ions  in  his  lattice.  VSM  measurements  at  room  temperature  resulted  in 
saturation  magnetization  between  40  and  110  emu/g  and  maximal  coercivity  of  630  Oe  for  30 
vol.%  Fe,  a  high  coercivity  due  to  single  domain  nanoparticles  dispersed  in  the  alumina. 
Samples  with  25%  metallic  Fe  (and  51%  total  Fe)  show  giant  magnetoresistance  AR/R  close  to 
2%  at  room  temperature. 


AKNOWLEDGEMENTS 

The  authors  gratefully  acknowledge  the  financial  support  of  the  CNEN,  CNPq, 
FAPEMIG  and  FAPERGS  (Brazilian  agencies). 

REFERENCES 

1.  J.  Q.  Xiao,  J.  S.  Jiang  and  C.  L.  Chien,  Phys.  Rev.  Lett.  68,  p.  3749  (1992). 

2.  A.  Berkowitz,  J.  R.  Mitchell,  M.  J.  Carrey,  A.  P.  Young,  S.  Zhang,  F.  E.  Spada,  F.  T. 
Parker,  A.  Hutten  and  G.  Thomas,  Phys.  Rev.  Lett.  68,  p.  3745  (1992). 

3.  F.  Schelp,  G.  Tosin,  M.  Carara,  M.  N.  Baibich,  A.  A.  Gomes  and  J.  E.  Schmidt,  Appl.  Phys. 
Lett.  61,  p.  1858(1992). 

4.  G.  Xiao  and  C.  L.  Chen,  Appl.  Phys.  Lett.  51,  p.  1280  (1987). 

5.  B.  Abeles,  P.  Sheng,  M.D.  Couts  and  Y.  Arie,  Adv.  Phys.  24,  p.  407  (1975). 


337 


6.  T.  Ambrose,  A.  Gravin  and  C.  L.  Chien,  J.  Magn.  Magn.  Mater.  116,  L31 1  (1992). 

7.  R.  D.  Shull,  J.  J.  Ritter,  A.  J.  Shapiro,  L.  J.Schwartzendruber  and  L.  H.  Bennett,  J.  Appl. 

Phys.  67,  p.  4490  (1990). 

8.  C.  Estournes,  T.  Lutz,  J.  Happich,  T.  Quaranta,  P.  Wissler  and  J.  L.  Guille,  J.  Magn.  Magn. 
Mater.  173,  p.  83  (1997). 

9.  A.  Santos,  J.  D.  Ardisson,  E.  Tambourgi  and  W.  A.  A.  Macedo,  J.  Magn.  Magn.  Mater. 
177-181,  pp.  247-248(1998). 

10.  S.  Linderoth  and  M.  S.  Pedersen,  J.  Appl.  Phys.  75,  p.  5867  (1994). 

11.  A.  K.  Giri,  Mat.  Res.  Bull.  32,  p.  523  (1997). 

12.  S.  K.  Date,  J.  Phys.  Soc.  Japan  30,  p.  1203  (1971). 

13.  P.  Giitlich,  R.  Link  and  A.  Trautwein,  Mossbauer  Spectroscopy  and  Metal  Chemistry, 
Springer,  Berlin,  1978,  pp.  95-99. 

14.  S.  R.  Teixeira,  private  communication. 


338 


CVD  OF  CARBIDE  MULTI-PHASED  COATINGS 


K.E.  Versprille*,  Hua  Xia  Ji*,  C.C. Amato- Wierda*,  PJ.  Ramsey**  ,  D.A.  Wierda*** 

*Materials  Science  Program,  University  of  New  Hampshire,  Durham,  NH  03824 
**  Mathematics  Department,  University  of  New  Hampshire,  Durham,  NH  03824 
***Chemistry  Department,  Saint  Anselm  College,  Manchester,  NH  03102 

ABSTRACT 

TiC  and  Ti-W-C  films  have  been  produced  by  chemical  vapor  deposition  (CVD).  A 
fractional  factorial  design  was  used  to  study  the  effects  of  deposition  temperature,  C:Ti  input, 
H:Ti  input,  reactor  pressure,  and  total  mass  flow  on  TiC  film  composition.  Statistical  models 
were  developed  for  both  titanium  at.%  and  C;Ti  in  the  film.  It  was  found  that  the  most  significant 
affect  on  titanium  at.%  was  the  interaction  of  temperature,  pressure  and  total  mass  flow.  The 
most  important  affect  on  the  C:Ti  in  the  deposited  film  was  the  interaction  C:Ti  input,  H:Ti,  and 
total  mass  flow.  Ti-W-C  films  have  been  deposited  at  1050°C  at  various  (TiCl4+W(CO)6)/CH4 
inlet  ratios  ranging  from  0.53  to  1.01.  The  characterization  of  the  films  revealed  that  the  changes 
in  deposition  rate,  crystallinity,  film  orientation,  and  morphology  of  various  Ti-W-C 
compositions  were  affected  by  (TiCl4+W(CO)6)/CH4  inlet  ratios. 

INTRODUCTION 

Titanium  carbide,  TiC,  belongs  to  the  class  of  materials  known  as  transition  metal 
carbides  known  for  their  refractory  properties  and  high  hardness  [1,2].  Further  improvement  in 
the  mechanical  properties  of  carbide  coatings  exists  by  creating  multiphase  coatings  consisting  of 
two  or  more  carbides.  In  particular,  WC  exhibits  one  of  the  highest  Young’s  moduli  among  the 
transition  metal  carbides;  it  also  has  a  different  crystal  structure  than  the  other  carbides  [1]. 
Therefore,  a  multiphase  coating  consisting  of  TiC/WC  is  expected  to  demonstrate  modulus 
hardening,  especially  if  a  nano-structured  morphology  consisting  of  nanometer-sized  WC  grains 
embedded  within  a  TiC  matrix  is  achieved. 

In  the  study  below,  CVD  is  used  to  deposit  Ti-W-C  films  of  varying  compositions.  The  study 
consists  of  two  parts.  First,  the  effect  of  CVD  processing  parameters  are  modeled  against  TiC 
film  composition  using  a  statistically  significant  factorial  design.  Then,  film  properties, 
including  atomic  composition,  deposition  rate,  crystallinity,  film  orientation,  and  morphology  of 
various  Ti-W-C  compositions  are  reported. 

EXPERIMENT 

TiC  and  Ti-W-C  films  were  deposited  on  440C  steel  by  CVD  using  a  gas  mixture  of 
TiCU,  CH4,  H2,  Ar,  and  W(CO)6  for  W  films.  The  reactor  chamber  was  a  quartz  tube  with  inner 
diameter  of  135mm,  heated  by  a  resistance  fiimace. 

For  the  TiC  deposition  studies,  total  furnace  pressure,  reaction  temperature,  total  mass 
flow,  C:Ti  input  ratio  and  H:Ti  ratios  were  adjusted  for  each  experiment  according  to  the 
fractional  2^‘‘  factorial  design.  The  C:Ti  and  H:Ti  variables  were  the  ratio  of  mass  flow  rates  of 
the  individual  reactants.  A  total  of  22  experiments  were  completed,  16  different  experiments 
varying  the  low  or  high  value  of  each  variable  were  completed  and  6  replications  of  the  mid¬ 
point  experiment  were  completed.  The  software  program  “JMP”  was  used  to  analyze  the 
composition  firactional  factorial  design  [3].  Table  I  lists  the  deposition  variables  and  their  low, 
mid-point,  and  high  values. 
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Table  I.  Deposition  Variables  and  Values 


Factor 

Low  value 

Mid-point 

High  value 

Reaction  Temperature  (°C) 

950 

1000 

1050 

C;Ti  input 

1 

2 

3 

H:Ti  input 

0 

9 

18 

Reaction  Pressure  (Torr) 

50 

175 

300 

Total  Mass  Flow  (seem) 

130 

265 

400 

For  the  Ti-W-C  deposition  studies,  the  reactor  temperature  and  pressure  were  1 050°C  and 
150  Torr  respectively.  The  total  flow  rates  were  varied  in  the  range  of  235-275  seem.  The 
theoretical  inlet  ratio  of  metal  to  carbide  or  (TiCl4+W(CO)6)/CH4  was  determined  by  the  mass 
flow  rates  of  TiCl4,  W(CO)6  and  CH4.  The  films  of  varying  atomic  composition  were  deposited 
by  varying  mass  flow  rate  of  TiCU  while  maintaining  the  mass  flow  rate  of  W(CO)6  at  constant. 

The  thickness  of  the  deposits  was  determined  by  abrasion  through  the  film,  obtained  by 
dimpling  together  with  an  abrasive  agent  (diamond  3 pm).  The  thickness  values  were  calculated 
from  the  diameters  of  the  ring  prints  measured  by  optical  microscopy.  The  deposition  rate  was 
then  obtained  by  the  thickness  divided  by  the  deposition  time.  X-ray  diffraction  was  used  to 
characterize  phase  formation  in  the  films.  The  composition  of  the  films  was  determined  by  auger 
electron  spectroscopy  (AES)  and  by  X-ray  photoelectron  spectroscopy  (XPS).  The  morphologies 
of  the  film  surface  were  observed  with  scanning  electron  microscopy  (SEM).  The  roughness  of 
the  films  was  obtained  by  atomic  force  microscopy  (AFM). 

RESULTS  AND  DISCUSSION 

PART  1-  The  Deposition  of  TiC:  How  Deposition  Variables  Affect  TiC  Film  Composition 
through  Fractional  Factorial  Design 

Titanium  At.% 

The  reactor  pressure,  total  mass  flow,  and  H:Ti  input  exhibit  significant  main  effects  on 
the  amount  of  titanium  in  the  films.  Figure  1  shows  the  prediction  profiles  of  the  main  affects  of 
these  deposition  variables.  The  presence  of  a  slope  in  the  relationship  determines  whether  that 
variable,  by  itself,  is  significant  to  the  titanium  at.%,  while  the  direction  of  the  slope  determines 
how  the  variable  will  affect  titanium  at.%.  Despite  the  observation  in  Fig.  1  that  C:Ti  input  has 
no  main  effect,  its  effect  cannot  yet  be  determined  due  to  a  highly  non-linear  relationship  to  the 
titanium  at.%. 

There  are  several  two-way  interactions  that  are  important  in  determining  the  titanium 
at.%.  They  include  interactions  between  C:Ti  and  total  mass  flow,  reaction  temperature  and 
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Fig.  1.  Titanium  at.%  prediction  profiles  vs.  main  affects  of  the  deposition  variables. 
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Fig.  2.  Interaction  between  C:Ti 
input  and  total  mass  flow  on 
at.%  titanium  in  films 


pressure,  reaction  temperature  and  total  mass  flow,  and  pressure  and  total  mass  flow.  Figure  2  is 
an  example  of  one  of  these  two-way  interactions,  specifically  that  between  C:Ti  input  and  total 
mass  flow. 

The  most  significant  affect  on  titanium  at.%  is  a  three-way  interaction  between 
temperature,  total  mass  flow,  and  reactor  pressure.  This  can  be  seen  from  a  comparison  of  the 
plots  in  Fig.  3.  In  Fig.  3a,  temperature  is  at  its  low  value,  in  Fig.  3b  temperature  is  at  its  mid 
value,  and  in  Fig.  3c  temperature  is  at  its  high  value.  Note  how  the  interaction  of  pressure  and 
total  flow  is  a  function  of  temperature  as  well;  namely  the  relationship  between  total  flow  and 
pressure  changes  according  to  the  temperature  of  the  reaction. 

The  preliminary  theoretical  equation  that  relates  titanium  at.%  to  the  most  important 
deposition  variables  and  their  interactions  is: 

Titanium  at  %  =  33.3322 +(0.26*temperature)+(0.32875*C:Ti  input)+  (0.965 *H:Ti  input) 

+(1 .3337*Pressure)-(0.3475*Temperature*Pressure)+  (1 .3562*Total  Flow)+ 
(0.5175*Temperature*Total  Flow)-  (0.5863*C:Ti  input*Total  Flow)  +  (0.3513*Pressure*Total 
Flow)  +(2.21 17*Temperature*Total  Flow* Pressure)  (1) 

C:Ti  in  the  Deposited  Films 


The  C:Ti  in  the  deposited  films  was  also  studied.  This  modeling  was  more  complicated 
since  the  value  of  C:Ti  in  the  films  will  be  affected  by  the  deposition  of  titanium  and  of  carbon. 
Only  mass  flow  and  C:Ti  input  exhibit  main  effects  on  the  C:Ti  in  the  film,  as  seen  in  Fig.  4. 
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Fig.  4.  C:Ti  in  film  prediction  profiles  vs.  main  affects  of  the  deposition  variables. 
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There  were  also  several  two-way  interactions  as  well  as  a  three-way  interaction  for 
modelling  the  C:Ti  in  the  film.  There  were  two-way  interactions  between  C:Ti  input  and  total 
mass  flow,  C:Ti  input  and  H:Ti  input,  and  H:Ti  input  and  total  mass  flow.  The  significance  of 
these  two  way  interactions  was  highlighted  by  the  three-way  interaction  between  total  mass  flow, 
C:Ti  input,  and  H:Ti  input  as  seen  in  Fig.  5. 

The  preliminary  theoretical  equation  that  relates  C:Ti  in  the  film  to  the  most  important 
deposition  variables  and  their  interactions  is: 

C:Tiin  the  film  =  1.6500  +(0.08546*  C:Ti  input)  +  (0.022 10*H:Ti  input) 

-(0.09672*C:Ti  input*H:Ti  input)  -  (0.16031*  Total  Mass  Flow)  + 

(0.06854*C:Ti  input*Total  Mass  Flow)  +(0.043374*Hi:Ti  input*Total  Mass  Flow)  - 
(0.28099*C:Ti  input*H:Ti  input*Total  Mass  Flow)  (2) 

PART  2-  Deposition  of  Ti-W-C:  Ti-W-C  films  formed  at  various  fTiCU+WfCOWCH^  inlet 
ratios 


Figure  6  shows  the  results  of  the  compositions  determined  by  AES  for  the  six  films  with 
different  (TiCl4+W(CO)6)/CH4  inlet  ratios.  The  actual  ratios  of  Ti/C  and  (Ti+W)/C  are  shown  in 
Fig.  7. 

The  XRD  spectra  of  samples  SI,  S3  and  S6  are  shown  in  Fig.8.  The  films  consist  mainly 
of  Tic  phase  ( PDF:  32-1383).  The  main  reflections  associated  with  TiC  are  the  (1 1 1),  (200)  and 
(220)  at  20=35.998,  41.886  and  60.601°,  respectively.  The  intensity  ratio  of  (200)  to  (111) 
changes  with  (TiCl4+W(CO)6)/CH4  inlet  ratio.  It  has  been  reported  that  the  (111)  orientation  is 
most  common  in  CVD  f  c.c  type  films  [4]. 
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Fig.  6  Composition  of  Ti-W-C  films  determined  by 
AES  as  a  function  of  (TiCl4+W(CO)6)/CH4  inlet  ratios 


Fig.  7  (TiCl4+W(CO)6)/CH4,  actual  Ti/C  and  (Ti+W)/C 
ratios  of  six  samples  from  SI  to  S6 


342 


Fig.  8  XRD  spectra  of  Ti-W-C  films  on  stainless  steel  substrate  showing  variation 
intensities  of  (1 1  l)TiC  and  (200)TiC  with  (TiCl4+W(CO)6)/CH4  inlet  ratios;  Sl=0.53, 
S3=0.668,  S6=1.01 


The  deposition  rate  and  roughness  as  a  function  of  (TiCl4+W(CO)6)/CH4  inlet  ratio  are 
presented  in  Fig.9.  The  change  in  the  deposition  rate  and  roughness  are  associated  with  the 
(TiCl4+W(CO)6)/CH4  inlet  ratios.  The  low  rates  and  smooth  films  are  only  obtained  in  the  range 
between  0.5  and  0.8. 

SEM  micrographs  of  Ti-W-C  films  are  shown  in  Fig.  10.  The  surface  morphologies  are 
also  dependent  on  the  (TiCl4+W(CO)6)/CH4  inlet  ratio.  At  low  and  high  (TiCl4+W(CO)6)/CH4 
inlet  ratios,  large  rounded  and  equiaxed  particles  with  clear  crystal  edge  are  formed  and 
embedded  into  the  films,  as  shown  in  Fig.  10a  and  b.  The  number  of  the  large  equiaxed  particles 
is  increased  slightly  with  the  (TiCl4+W(CO)6)/CH4  inlet  ratio.  In  contrast,  the  large  equiaxed 
particles  no  longer  appear  when  the  (TiCl4+W(CO)6)/CH4  inlet  ratio  is  in  range  of  0.668  -  0.8  ( 
see  Fig.  10c  and  d).  These  smooth  and  dense  films  exhibit  nanometer  scale  features.  These  films 
also  exhibit  preferred  orientation  in  (111)  direction  and  lower  deposition  rates.  Furthermore,  it 
can  be  seen  that  there  are  two  types  of  faceted  particles  formed  at  high  (TiCl4+W(CO)6)/CH4 
inlet  ratio,  as  shown  in  Fig.  lOe  and  f 


Fig.9  Deposition 
rate,  roughness  and 
intensity  ratio  of 
(200)Tic/(lll)Ticfor 
Ti-W-C  films  as  a 
function  of 

(TiCl4+W(CO)6)/C 
H4  inlet  ratio 
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CONCLUSIONS 


The  variables  that  most  affect  the  deposition  of  TiC  have  been  theoretically  modeled. 
Titanium  at.%  in  films  is  affected  by  a  three  way  interaction  between  reaction  temperature, 
pressure,  and  total  mass  flow.  Total  mass  flow  has  a  significant  main  effect  on  C:Ti  in  the 
deposited  films,  whereas  all  other  variables  and  interactions  are  highly  non-linear  relationships. 

Ti-W-C  films  have  been  deposited  at  1050°C  by  the  variation  of  (TiCl4+W(CO)6)/CH4 
inlet  ratio  from  0.53  to  1.01.  Fine  and  uniform  crystal  size  is  obtained  in  the  middle  range  of  the 
explored  ration  range  (TiCl4+W(CO)6)/CH4  inlet  ratio.  The  films  in  this  range  have  preferred 
orientation  in  (1 1 1 )  direction. 
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Abstract: 

This  work  describes  the  study  of  the  surface  reduction  of  ceria  zirconia  mixed  oxides  (CeZrO)  as 
either  thin  films  or  powders,  both  with  and  without  Pt  present.  XPS  was  used  to  measure  the 
composition  of  the  surface  and  the  oxidation  states  of  all  metals  contained  within  the  material. 
The  thin  films  of  CeZrO  showed  little  reactivity  towards  the  reducing  conditions  used.  Grazing 
incidence  angle  XRD  showed  the  presence  of  Ceo.75Zro.25O2.  The  thin  films  prepared  with  Pt 
showed  that  surface  reduction  of  Ce"*^  occurred  under  reducing  conditions.  The  size  of  the  Pt 
clusters  was  also  determined  from  the  data.  The  Pt  was  found  to  always  exist  in  the  metallic 
state.  The  Zr'*^  was  not  seen  to  change  during  all  treatments.  For  the  powder  samples  the  Ce"*^ 
was  readily  reduced  to  approximately  60%.  Pt  was  found  to  be  initially  oxidised  with  the  %  of 
metallie  Pt  increasing  with  reduction  temperature.  Again  no  change  in  the  Zr  was  observed. 

Introduction; 

The  latest  generation  of  automotive  exhaust  three-way  eatalysts  demonstrate  better  catalytic 
performances  due  to  the  supports  containing  ceria-zirconia  solid  solutions  instead  of  pure  cerium 
oxide  [1,2].  These  oxides  have  oxygen  storage  properties  which  are  due  to  the  ability  of  Ce"*^ 
cations  to  be  easily  reduced  to  the  Ce^"^  form.  The  effect  of  the  zirconia  is  to  facilitate  the  bulk 
reduction  of  the  materials  giving  greater  Oxygen  Storage  Capacity  (OSC)  [2].  This  study 
examines  the  surface  reduction  of  both  thin  films  and  powders.  The  thin  films  have  been 
prepared  with  and  without  Pt  deposited  on  the  surface.  The  powders  have  been  wet  impregnated 
with  Pt.  The  work  was  focused  on  the  surface  reduction  of  ceria  under  reducing  treatments  at 
different  temperatures.  The  highest  reducing  temperature  used  was  550°C.  Low  pressures  and 
low  temperatures  were  used  for  the  reduction  of  the  thin  films  to  reduce  the  support-CeZrO 
(ceria-zirconia  mixed  oxides)  interactions.  Structural  studies  of  the  thin  films  have  been  analysed 
using  grazing  incidence  angle  XRD.  The  size  of  the  Pt  particles  deposited  by  evaporation  onto 
the  thin  films  and  the  oxidation  state  of  the  Pt  on  the  powders  have  also  been  calculated. 

Experimental: 

Mixed  CeZrO  samples  as  bare  supports  and  NM  impregnated  supports,  formulated  as 
{xCe02,  (l-x)Zr02},  where  x  is  the  cerium  atomic,  were  prepared  from  nitrate  precursors  by 
Rhodia  in  order  to  obtain  solid  solutions  [3].  NMs  were  impregnated  onto  the  oxides  using 
NM(NH3)4(0H)2.  Samples  are  denoted  as  x/(100-x),  where  x  is  the  metal  ratio  of  Ce.  The  BET 
specific  surface  areas  of  the  powder  was  calculated  to  be  100  m^g‘*.  A  standard  cleaning  pre¬ 
treatment  for  the  elimination  of  the  impurities  was  carried  out  for  the  powder  samples  prior  to 
analysis  [5].  This  pre-treatment  consisted  of  heating  under  5%02/Ar  for  Ih  followed  by 
evacuation.  Reduction  consisted  of  passing  5%  H2/Ar  over  the  sample  and  heating.  Preparation 
of  the  oxide  thin  films  on  silicon  substrates  is  described  by  Galtayries  [4].  Pt  was  evaporated 
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onto  some  of  these  oxide  films  from  a  Pt  wire  wrapped  around  a  hot  W  filament.  The  substrate 
was  not  heated  during  Pt  deposition.  Evaporation  rate  was  about  lO”  atoms  cm'^s"'. 

XPS  measurements  were  performed  on  an  SSX-100  spectrometer  using  a  focused 
monochromatic  A1  Ka  anode  (hv  =  1486.6  eV)  and  a  spot  size  of  1000pm.  Sample  preparation 
details  are  also  contained  in  ref  3 

All  X-Ray  Diffraction  measurements  were  carried  out  on  a  Siemens  D501  instrument  fitted  with 
a  copper  anode  X-ray  tube  operating  at  40KV  and  30mA.  Cu  Kai  radiation,  wavelength  1.54A, 
was  used.  Data  was  recorded  over  the  2-theta  angular  range  22-50°  using  a  step  size  of  0.005° 
and  data  acquisition  time  of  15.0  seconds  per  step.  Incident  angles  of  0.5°,  0.6°,  0.8°,  1.0°  and 
3.0°  were  used. 

Results: 

Prior  to  all  analysis,  CeZrO  thin  film  samples  were  transferred  in  air  resulting  in  the  formation  of 
a  layer  of  contaminants.  Quantitative  analysis  gives  a  surface  ratio  of  Ce/Zr  =  48/52,  close  to  that 
of  the  target  (50/50).  Interfacial  reaction  between  the  Si  substrate  and  the  mixed  metal  oxide 
occurred  forming  SiCeZrO  type  materials.  This  was  seen  by  shifts  in  energy  of  the  Si  2p  core 
level.  Results  for  the  characterisation  of  the  films  and  the  interface  can  be  found  in  greater  detail 
elsewhere  [4,5].  XRD  diffraction  experiments  have  been  conducted  to  determine  the  structure  of 
the  CeZrO  thin  films.  Diffraction  patterns  show  the  presence  of  peaks  that  are  attributed  to  the 
mixed  oxide  phases  of  stoichiometric  compositions  Ceo.75Zro.25O2,  Ce02  and  Zr02. 

Figure  1  shows  the  XPS  core  level  intensities  of  Zr  3d,  Ce  3d,  Ce  4d  and  Pt  4f  core  levels  as  a 
function  of  Pt  deposition  time  for  one  of  the  samples.  The  intensities  have  been  divided  by 
appropriate  sensitivity  factors.  The  Ce  3d  level  decreases  faster  than  the  two  other  substrate  core 
levels  because  of  its  shorter  effective  attenuation  length.  The  ratio  between  Ce  4d  and  Zr  3d  core 
levels  can  be  used  to  determine  the  film  composition.  It  does  not  change  significantly  with 
increasing  Pt  coverage,  indicating  that  the  Pt  does  not  interact  strongly  with  the  oxide.  Based  on 
similar  studies,  it  is  reasonable  to  assume  that  Pt  grows  in  the  Volmer-Weber  mode  [6]  (cluster 
growth).  We  shall  see  later  that  this  is  indeed  consistent  with  the  change  of  the  Pt  4f  binding 
energy  with  Pt  coverage.  As  long  as  the  Pt  cluster  size  is  small  compared  to  the  effective 
attenuation  length  of  the  photoelectrons,  the  Pt  4f  XPS  signal  increases  linearly  with  the  total 


Figure  1:  Intensity  ofZr  3d,  Ce  3d,  Ce  4d  and 
Pt  4f  core  levels  as  a  function  of  Pt  coverage  on 
a  CZO  film  on  Si(l  11).  All  intensities  have  been 
divided  by  appropriate  sensitivity  factors. 


Figure  2:  Binding  energy  of  Pt  4f7/2  core  level 
as  a  function  of  Pt  coverage.  The  binding  energy 
was  measured  using  0  Is  at  529.5  eV  as  a 
reference.  The  solid  line  is  the  calculation 
according  to  equation  2,  with  Ndustcrs  =  3.6  lO'^ 
cm'^. 
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number  of  Pt  atoms.  In  the  limit  of  small  coverage,  one  can  then  determine  the  Pt  coverage 
according  to  the  equation, 

=  (1) 

’sub  ^ Pt 

Nsub  is  the  number  of  cations  in  the  substrate  (calculated  from  the  composition  and  density),  and 
Osub  is  the  corresponding  photoionisation  cross-section.  This  gives  values  of  the  Pt  coverage  in 
the  range  of  5  10*^  -  5  10^^  cm’^.  The  problem  is  then  to  determine  the  distribution  of  these  Pt 
atoms.  This  can  be  done  approximately  because  the  size  of  Pt  clusters  affects  the  apparent  Pt  4f 
binding  energy.  The  shape  of  the  Pt  4f  lines  is  independent  of  Pt  coverage  hence  we  can 
conclude  that  the  oxidation  state  of  Pt  does  not  change  with  Pt  coverage  and  corresponds  to  Pt® 
(metallic  Pt).  The  Pt  4f  binding  energy  changes  with  Pt  coverage  (Figure  2).  This  variation  is 
explained  as  a  cluster  size  effect.  Positive  charge  appears  on  the  Pt  cluster  during  the 
photoemission  process.  This  charge  is  neutralised  between  photoemission  events,  but  does  not 
neutralise  fast  enough  compared  to  the  lifetime  of  the  core  hole.  This  leads  to  a  size-dependent 
electrostatic  potential  on  the  cluster,  which  changes  the  apparent  binding  energy.  For 
hemispherical  clusters,  as  long  as  they  conserve  their  metallic  properties,  the  binding  energy 
shift  is  given  by  equation, 

^  [7]  (2) 

where  r  is  the  radius  of  the  cluster.  For  very  small  cluster  sizes,  the  binding  energy  changes 
because  the  cluster  loses  its  metallic  properties.  This  occurs  when  the  separation  between  energy 
levels  in  the  valence  band  becomes  of  the  order  of  kT.  For  Pt,  the  width  of  the  valence  band  is  of 
the  order  of  6  eV.  Hence  metallic  behaviour  is  expected  for  clusters  with  more  than  ~24  atoms, 
corresponding  to  r  =  5.6A  for  a  hemispherical  cluster.  Using  the  substrate  as  a  reference  we 
obtain  the  shift  of  Pt  core  level  with  coverage  (determined  from  equation  1)  as  shown  in  Figure 
2.  If  we  assume  that  the  transition  from  metallic  to  non-metallic  behaviour  occurs  somewhere 
between  the  first  two  data  points,  the  radius  would  be  at  most  about  5  A  for  the  first  data  point. 
This  corresponds  to  a  number  of  Pt  clusters  of  3.6  x  10^^  cm’^.  Assuming  furthermore  that  the 
number  of  clusters  is  constant  in  the  range  of  coverages  studied  here,  we  can  calculate  their 
radius  as  a  function  of  coverage,  and  then  calculate  the  binding  energy  shift  according  to 
equation  2.  The  result  is  shown  by  the  solid  line  in  Figure  2.  For  the  largest  clusters,  we  obtain 


Table  1:  Conditions  of  redox  treatments 
used  to  study  reactivity  of  Pt/CZO  thin 
films.  All  treatment  lasted  30  minutes.  Pt 
coverage  was  calculated  to  be  in  the  range 
5  10*^  cm'^  to  5  lO'^  cm'^  for  this  film. 


Init  Red#1  Ox#1  F^#2  Q<#2  Qx#3 

Treatments 

Figure  3:  Relative  Ce^"^  and  Ce'*^  concentration 
determined  from  Ce  3d  core  level  spectra,  after 
various  mild  oxidising  and  reducing  treatments 
described  in  table  1 . 


Reduction  #1 

H2,  10'^  Torr,  -350 

Oxidation  #1 

O2,  10'^  Torr,  -350  °C 

Reduction  #1 

H2,  lO"*  Torr,  -350  °C 

Oxidation  #2 

O2,  10'^  Torr,  -350  °C 

Oxidation  #3 

O2,  7.10’^  Torr, -550  °C 
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Figure  4;  Pt  4f  and  Zr  3d  core  level  spectra  recorded  after  various  oxidising  and  reducing  treatments 
described  in  table  1.  The  spectra  have  been  shifted  and  scaled  to  allow  easy  comparison  of  the  line  shape. 
Virtually  no  change  in  lineshape  is  detected,  indicating  that  the  oxidation  state  of  Pt  and  Zr  does  not 
change  during  the  treatments.  This  is  confirmed  by  the  XPS  binding  energies. 

r  =  14  A,  which  is  still  less  than  the  effective  attenuation  length  of  the  Pt4f  photoelectrons. 
Given  the  many  simplifying  underlying  assumptions,  we  do  not  expect  perfect  agreement 
between  the  calculated  curve  and  the  experimental  data.  However,  the  total  variation  agrees  quite 
well.  This  suggests  that  we  can  at  least  determine  the  order  of  magnitude  of  the  cluster  radius. 
With  this  approach,  we  find  the  Pt  particle  size  to  be  in  the  range  of  5  -  25  A  for  different 
samples  and  different  deposition  times.  Again,  these  values  should  be  considered  estimates  of 
the  order  of  magnitude  only. 

For  reactivity  experiments  all  treatments  for  the  Pt  CeZrO  thin  films  were  mild,  compared  to 
those  of  the  powders,  in  order  to  limit  the  interaction  between  the  substrate  and  the  film.  The 
variation  of  the  Ce^^  and  Ce*^^  components  of  the  materials  after  the  treatments,  extracted  from 
the  Ce  3d  spectra,  is  shown  in  Figure  3.  Table  1  shows  the  conditions  used  for  oxidation  and 
reduction.  There  is  no  change  in  the  spectra  until  reduction  is  carried  out  under  H2  at  10"^  Torr, 
the  higher  of  the  two  pressures  used  in  this  study.  These  conditions  caused  some  reduction  of  the 
surface.  The  lowest  Ce^^  concentration  is  about  25  %.  This  is  attributed  to  residual  surface 
reduction  due  to  exposure  to  x-rays  in  UHV. 

The  Zr  3d  and  Pt  4f  core  level  spectra  of  the  thin  films,  recorded  after  oxidising  and  reducing 
treatments,  are  shown  in  figure  4.  From  these  results  it  can  be  seen  that  there  is  no  change  in  the 
state  of  the  Pt  and  the  Zr  for  the  duration  of  the  experiment.  The  Pt  is  all  in  the  metallic  state 
evidenced  by  the  lack  of  change  in  the  peak  shape  and  position  after  reducing  conditions 
(figure  5).  There  is  no  evidence  of  an  oxidised  Pt  4f  component.  The  Zr  3d  peaks  also  show  no 
peak  shape  or  position  changes  indicating  that  Zr  is  not  involved  in  the  reduction  process. 

The  XPS  spectra  of  Ce  3d  core  levels  after  the  oxidative  and  reductive  treatments  of  the  powder 
catalysts  are  shown  in  figure  5.  The  initial  state  of  the  material,  the  fresh  catalyst,  contains 
approximately  16-20%  Ce^""  which  appears  to  increase  to  24%  after  the  pre-treatment.  These 
spectra  were  very  broad  and  this  has  been  attributed  to  charging  effects.  The  application  of  a 
flood  gun  opposed  the  charging,  but  did  not  completely  annul  it.  However,  when  placed  in  a 
reducing  atmosphere,  flowing  H2,  at  a  temperature  <100°C  the  spectrum  recorded  has  greater 
resolution  and  the  degree  of  the  surface  reduction  has  increased  to  38%.  Further  heating  under 
reducing  conditions  causes  the  reduction  to  increase  to  45%  for  250°C  and  to  62%  for 
temperatures  of  550°C.  However,  complete  reduction  of  the  surface  was  never  observed.  This 
could  be  due  to  the  regeneration  of  the  oxidised  surface  by  the  migration  of  oxygen  from  the 
bulk  to  the  surface  causing  the  bulk  to  become  reduced.  Using  the  data  obtained  from  the  peak 
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Fgure  5:  Fitted  Pt  4f  core  levels  for  HL  Pt  CZ 
50/50  LS.  Reduction  temperature  and  calculated 
metallic  Pt  are  shown  above.  All  peaks  are  fitted 
with  a  Pt°  and  a  PtOx  component. 
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Figure  6:  Fitted  Ce  3d  core  levels  levels  for 
HL  Pt  CZ  50/50  LS.  All  peaks  are  fitted  using  5 
sets  of  doublets  corresponding  to  Ce^"^  and  Ce"'^ 
states.  Quantification  results  are  shown  in  table  2. 


fitting  it  is  possible  to  calculate  other  data  also.  This  data  is  summarised  in  table  2.  It  can  be  seen 
that  there  is  little  variation  of  the  surface  composition  during  the  experiment.  The  percentage  of 
ceria  is  close  to  the  expected  value  of  50/50  for  ceria:zirconia.  Also,  it  can  be  seen  that  there  is 
little  variation  in  the  composition  as  a  function  of  depth.  This  is  gained  from  using  the  data  from 
the  Ce  3d  and  4d  core  levels  due  to  the  shorter  effective  attenuation  length  of  Ce  3d  core  level. 
The  XPS  spectra  of  the  Pt  4f  core  levels  are  shown  in  figure  6.  Peaks  were  fitted  with  two 
doublets,  corresponding  to  Pt°  and  PtOx.  The  Pt°  was  fitted  using  a  Duniach-Sunjic  doublet  and 
the  platinum  oxide  with  a  gaussian-lorentzian  mixed  doublet.  Approximate  concentrations  of 
each  phase  was  calculated  from  these  fits,  table  2.  The  resolution  of  the  fresh  and  pre-treated 
spectra  is  poor  with  resolution  increasing  for  reduction  at  higher  temperatures.  The  initial  state  of 
the  NM  is  one  where  there  is  a  large  proportion  of  oxide  present.  Even  reduction  at  low 
temperatures  of  less  than  100°C  causes  a  decrease  in  platinum  oxide  to  32%.  The  presence  of  the 
metallic  form  of  the  metal  dominates  at  temperatures  above  250°C  and  at  550°C  92%  of  metallic 
platinum  was  calculated  to  be  present. 

The  spectra  of  the  Zr  3d  core  levels  show  no  change  with  treatments.  The  Zr'*^  oxidation  state  is 
stable  and  is  not  expected  to  change  with  the  reducing  atmosphere  used.  Figure  7  shows  selected 
spectra  showing  that  there  is  no  gross  changes  in  the  peak  shape  or  position  with  reduction. 

Conclusions: 


It  was  seen  for  the  formation  of  the  ceria  zirconia  thin  films  that  the  thin  films  had  a  composition 
close  to  that  of  the  starting  powder  material.  Depth  profiling  was  used  to  find  the  variation  of 
composition  with  depth  and  to  determine  any  substrate  film  interactions.  XRD  showed  that  there 
existed  crystalline  ceria  zirconia  phases  present.  Qualitative  analysis  indicated  that  probable 
compositions  were  Ceo.75Zro.25O2,  Ce02  and  Zr02. 
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Figure  7:  Fitted  XPS  spectra  of  Zr  3d  core 
levels.  No  change,  apart  from  broadening,  is 
detected  after  reducing  treatments  indicating  no 
change  in  the  state  of  Zr. 


Table  2:  Table  summarising  the  analysis  of  the 
peak  fitting  of  the  Ce  3d  spectra  for  the  Pt 
CeZrO  materials. 


%Ce 

%cea+ 1 

%R’ 

Uhtfomity 

H.RCZ  50/50  LS 
fresh 

50% 

29% 

44% 

0.8 

H.RCZ  50/50  LS 
pre  treatment  (Oxid) 

50% 

37% 

35% 

1.0 

HLRCZ  50/50  LS 
li2<100‘’C1hr 

46% 

41% 

68% 

1.1 

rt.RCZ5(y50LS 
ll2  250“C1hr 

50% 

55% 

75% 

0.9 

HLRCZ  50/50  LS 

H2  550'’C1hr 

48% 

45% 

92%  ; 

1 

1.2 

HLRCZ  50/50  LS 
reoxidation 

12% 

XPS  spectra  were  recorded  after  Pt  deposition  on  the  thin  films.  All  Pt  was  in  metallic  form. 
Analysis  allowed  the  calculation  of  the  size  and  number  of  Pt  particles  deposited.  The  size  was 
determined  to  be  approximately  5-25A  for  the  particles  formed. 

Reactivity  measurements  of  the  thin  films,  under  mild  conditions  of  temperature  and  pressure, 
indicated  that  reduction  of  the  thin  films  did  occur.  Mild  conditions  were  used  to  reduce 
interactions  occurring  between  the  substrate  and  the  oxide  layer. 

Powder  samples  were  submitted  to  more  severe  conditions.  At  low  temperatures,  <100°C,  there 
quantities  of  PtOx  were  observed.  This  was  reduced  as  the  reaction  temperature  was  increased. 
After  temperatures  of  approximately  550°C  there  was  only  8%  oxide  detected.  Maximum  ceria 
reduction  of  62%  occurred  after  reduction  temperatures  of  550°C.  Zirconia  was  not  observed  to 
change  during  all  treatments. 
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ABSTRACT 

The  formation  of  monolithic  and  transparent  transition  metal  containing  aerogels  has 
been  achieved  through  cooperative  interactions  of  high  molecular  weight  functionalized 
carbohydrates  and  silica  precursors,  which  strongly  influence  the  kinetics  of  gelation.  After 
initial  gelation,  subsequent  modification  of  the  ligating  character  of  the  system,  coordination  of 
the  group  VIII  metal  ions,  and  supercritical  extraction  afford  the  aerogels.  The  structures  at  the 
nanophase  level  have  been  probed  by  photon  and  electron  transmission  and  neutron  scattering 
techniques  to  help  elucidate  the  basis  for  structural  integrity  together  with  the  small  entity  sizes 
that  permit  transparency  in  the  visible  range.  They  also  help  with  understanding  the  chemical 
reactivities  of  the  metal-containing  sites  in  these  very  high  surface  area  materials.  These  results 
are  discussed  in  connection  with  new  reaction  studies. 

INTRODUCTION 

There  is  considerable  interest  in  the  formation  and  properties  of  gels  and  aerogels  based 
on  silica.  Some  of  this  arises  from  the  possibility  of  incorporating  metal-containing  species  in 
the  materials  so  that  they  can  be  used  as  precursors  of  catalysts.  The  catalyts  then  would  be 
formed  as  composites  containing  metal  particles  [1  ]  or  metal  oxide  [2  ]  or  other  metal  complex 
compounds.  That  has  led  to  a  range  of  studies  of  transition  metal  species  in  silica  areogels[3,4]. 

In  this  work,  a  general  synthetic  approach  has  been  taken  that  is  designed  to  provide  for 
both  the  incorporation  of  metal  ions  and  the  preservation  of  other  advantageous  features  of 
aerogels.  These  advantages  can  include  more  than  just  low  density  and  high  porosity.  Indeed, 
some  silica-based  aerogels  are  monolithic  structures  with  useful  optical,  thermal  and  electronic 
applications.  Formation  of  transparent,  monolithic  metal  ion  containing  aerogels  potentially 
provides  a  way  to  attain  a  class  of  materials  with  these  attributes  as  well  as  those  imparted  by 
metal  ions. 

The  primary  reported  methods  for  incorporation  reported  to  date  include  adsorption  of 
metals  from  solution  by  functionalized  aerogels.  This  is  a  method  for  the  clean  up  of  metal-ion 
contaminated  sites  [5].  It  also  includes  the  incorporation  of  transition  metal  complexes,  such  as 
copper  amine  complexes  [3].  And,  it  includes  the  formation  of  complexes  in  aerogels  through 
the  reactive  attachment  of  a  complexing  ligand  into  the  sol-gel  structure  [4]. 

The  approach  reported  here  is  to  form  a  silica-and  polymer-based  aerogel  in  which  the 
polymer  can  provide  metal  ion  coordination  sites  for  a  range  of  metal  ions.  In  order  to  be 
transparent,  the  gel  must  be  formed  at  low  enough  pH  to  obtain  nanometer  scale  fundamental 
particle  sizes.  The  polymer  must  have  the  ability  to  strengthen  the  gel  sufficiently  to  allow  for 
the  formation  of  an  aerogel  monolith.  The  polymer  also  must  have  the  ability  to  provide  useful 
metal  ion  coordinating  sites  in  pH  ranges  at  which  the  silica  structure  and  particles  size 
distribution  are  stable. 

It  is  difficult  to  find  materials  and  approaches  to  achieve  this.  The  silica  related 
structures  are  very  small  when  they  are  formed  at  relatively  high  levels  of  acid,  which 
correspond  to  pH  values  of  less  than  5  in  the  aqueous  solution  equivalent  acidities.  However,  at 
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these  levels  of  acidity,  the  coordinating  sites  of  polymers  tend  not  to  be  in  the  forms  that  are 
favorable  for  complexation.  For  example,  amine-sites  usually  have  effective  pKa  values  such 
that  they  are  overwhelmingly  in  the  -NHs^  form  at  pH  less  than  7,  with  typical  pKa  values  of  9  - 
10.  Acid  sites  are  somewhat  more  available  for  ionic  association,  but  their  form  also  is  strongly 
pH  dependent.  Relatively  few  polymers  are  water  soluble  or  soluble  in  the  presence  of  reacting 
TEOS  and  its  hydrolysis  products.  Those  that  are  water  soluble  tend  to  have  pH  dependent 
shapes  and  functionalities.  Finally,  the  polymeric  materials  that  one  can  consider  for  this 
approach  tend  to  be  extractable  from  the  wet  gels  when  supercritical  fluid  extraction  is 
employed,  so  it  is  necessary  to  prevent  that  from  happening. 

The  types  of  polymers  chosen  for  this  study  are  polysaccharides  of  the  type  known  as 
chitosans.  These  are  partially  or  fully  deacylated  forms  of  chitin.  At  the  sites  of  deacylation, 
typically  85%  of  the  acyl  amine  groups  of  chitin,  the  functional  group  is  an  amine.  A 
representation  of  a  fully  deacylated  form  of  chitosan  is  shown  below.  Chitosan  polymers  with 


this  level  of  deacylation  are  soluble  in  aqueous  acetic  acid  solution,  and  can  form  clear  sols  with 
gelling  silica  sources  such  as  tetraethoxysilane  (TEOS).  Chitosan’s  hydroxyl  groups  as  well  as 
its  other  oxygen  atoms  provide  ways  for  it  to  be  solvated  and  for  it  to  interact  with  moieties  of 
the  silicon-containing  species  condensing  to  form  the  gel.  They  and  the  amine  groups  can 
interact  both  with  the  silica-containing  portion  of  a  gel,  and  they  can  interact  with  metal  ions. 

The  amine  groups,  in  particular,  act  as  coordinating  ligands  when  the  pH  is  high  enough. 

As  mentioned  above,  the  typical  amine  has  a  pKa  that  is  well  above  7,  but  it  is  a  special 
characteristic  of  chitosan  that  its  pKa  is  effectively  about  6.5  [6].  Despite  numerous  studies  of 
the  compound,  it  is  not  clear  why  that  is  its  effective  pKa.  It  presumably  results  from  a 
combination  of  factors  involving  the  site  properties,  polyelectrolyte  effects,  and  intermolecular 
hydrogen  bonding  effects.  Because  of  this,  value,  it  is  able  to  have  a  reasonable  fraction  of  its 
amine  sites  in  the  form  of  NH2  at  pH  6.6  or  less.  This  makes  it  possible  for  it  to  complex 
transition  metal  ions  at  pH  values  below  those  at  which  a  silica  network  is  depolymerized  [7]. 

The  combination  of  aqueous  solubility,  functional  groups  that  could  interact  with  a  silica 
network,  and  amine  groups  that  could  provide  general  complexation  sites  for  a  wide  range  of 
transition  metal  ions  made  chitosan  an  interesting  polymer  with  which  to  explore  the  possibility 
of  forming  transparent  monolithic  transition  metal-containing  aerogels  [8-10]. 


EXPERIMENTS 

The  synthesis  of  the  aerogels  described  here  involves  first  the  formation  of  a  solution  of 
chitosan  (Fluka  Biochemika,  Mr  of  about  2,  000,  000,  degree  of  deacylation  84.5%)  in  aqueous 
acetic  acid.  Typically  0.4  g  chitosan  and  0.4  mL  glacial  acetic  acid  were  combined  with  40  mL 
water  [8,9].  The  solution  was  mixed  with  12.5  mL  TEOS  (Tetraethoxysilane,  Fluka  Chemika), 
an  additional  0.9  mL  glacial  acetic  acid  was  added  and  the  mixture  was  stirred  vigorously  . 
After  8  hrs,  the  initially  heterogeneous  mixture  was  a  clear  sol.  Some  of  the  sol  was  placed  in  a 
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container  to  a  depth  of  1-3  mm,  covered  and  allowed  to  gel  and  age  for  another  8  hours.  Then  it 
was  treated  with  dilute  ammonium  hydroxide  in  absolute  ethanol  ( ca.  2-3  drops  of  29%  (w/w) 
ammonium  hydroxide  in  50  mL  ethanol).  This  solution  was  decanted  after  24  hours  and  the  gel 
was  treated  with  absolute  ethanol  twice  over  48  hours  to  replace  the  remaining  water  with 
ethanol.  These  gels  were  dried  with  supercritical  CO2  using  a  CCS  3100-1000  supercritical 
drier.  Series  of  chitosan-silica  areogels  were  prepared  in  this  manner  with  chitosan 
concentrations  ranging  from  5  to  20  %  (w/w). 

In  the  case  of  the  transition  metal  ion-containing  gels,  the  gels  were  reacted  with  a  metal 
salt  dissolved  in  absolute  ethanol.  For  example,  a  0.01  M  solution  of  RuCb  (Strem  Chemicals) 
was  added  to  the  ethanol  exchanged  gel  from  the  initial  procedure.  In  the  case  of  a  2%  (w/w)  Ru 
chitosan  silica  aerogel,  mentioned  below,  the  initial  gel  contained  10%  (w/w  on  solids)  chitosan 
and  90%  (w/w  on  solids)  silica  and  it  was  exposed  to  this  0.0 IM  solution  for  48  hours.  The 
metal  ion  solution  was  replaced  by  an  absolute  ethanol  solution.  Then  the  gel  was  dried  in 
supercritical  CO2.  Other  metal-containing  aerogels  of  this  type  have  been  made  with  Rh(III), 
Co(n),  Ni(II),  Cu(II),  Ptai),  and  Pd(II)  [8-10]. 

Physical  properties  were  measured  as  follows.  The  surface  areas  were  measured  by 
standard  multipoint  BET  methods  using  N2  and  H2  on  a  Quantasorb  surface  area  analyzer. 
Refractive  indices  were  measured  at  632.8  nm  with  a  Metricon  Model  2010  Prism  Coupler  with 
a  He/Ne  laser  and  a  200-P-4  prism.  Infrared  transmission  measurements  were  made  using  an 
IBM/Bruker  FV  130  FTIR  spectrometer. 

Structural  studies  [9,10]  were  carried  out  by  high  resolution  transmission  electron 
microscopy  (TEM)  in  collaboration  with  David  Pickles  of  Corning,  Inc.  The  image  presented 
here  was  measured  on  the  edge  of  a  fractured  piece  of  aerogel.  Small  angle  neutron  scattering 
(SANS)  studies  were  carried  out  at  the  Argonne  National  Laboratory  (ANL).  The  SANS  of  the 
monolithic  aerogels  (placed  between  quartz  windows)  were  measured  with  a  time-of-flight 
instrument,  SAD,  at  the  Intense  Pulsed  Neutron  Source  at  ANL.  SAD  uses  neutrons  from  a  solid 
CH4  moderator  at  24  K  with  a  wavelength  from  5  to  14  Angstroms  (Ang).  This  instrument 
provides  data  in  a  Q  (wavevector)  range  of  0.005  -  0.35  Ang‘*  in  a  single  measurement. 

Chemical  reaction  studies  have  been  carried  out  to  explore  the  reactions  of  these  metal 
ion-containing  aerogels  with  small  molecules,  such  as  CO(g),  H2(g),  and  NO(g),  which  are  of 
interest  in  catalysis  and  gas  detection[10].  Thin  monolithic  aerogels  were  placed  in  a  stainless 
steel  reactor  fitted  with  KBr  windows.  The  temperature  of  the  sample  and  the  composition  and 
pressure  of  the  gases  were  controlled  and  measured.  The  reactions  shown  here  are  those  of 
Ru(III)  chitosan  aerogels  with  the  composition  given  in  the  preparation  described  above.  They 
were  treated  with  according  to  the  procedures  designated  in  the  following  section  and  the 
captions  to  the  figures  in  which  spectral  results  are  shown. 

RESULTS  AND  INTERPRETATION 

The  monolithic  aerogels  produced  by  this  method  have  been  made  in  pieces  of  about  5 
cm  X  5  cm  X  0.2  cm,  although  they  typically  are  prepared  in  a  thinner  form  to  facilitate 
spectroscopic  study.  They  are  clear  and  have  the  low  densities  and  refractive  indices  illustrated 
in  Table  I.  Their  colors  and,  more  fully,  their  visible  spectra  depend  on  the  properties  of  the 
metal  ions  they  contain[8]. 

Structural  studies  were  carried  out  to  discover  two  aspects  of  the  structures  formed  in 
these  materials.  The  most  obvious  aspect  involves  the  question  of  whether  the  chitosan  remains 
in  the  areogel  after  the  various  washing  and  solvent  exchange  processes  and  the  supercritical 
drying  procedure.  A  related  question  has  to  do  with  the  functioning  of  such  chitosan  as  a  metal 
ion-coordinating  ligand.  The  second  main  aspect  of  the  structural  studies  has  to  do  with  the 
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Table  I 

Physical  Properties  of  Typical  Silica-chitosan-metal  ion  Aerogels 


Sample  Name 

Density 

(g/cm^) 

Refractive 
Index  at 
632.8nm 

BET  Surface 

Area  (mVg)* 

Metal 
Content 
(mass  %) 

Silica-chitosan 
aerogel  (10%(w/w) 
chitosan) 

0.25 

1.14 

600 

Co(II)  silica- 

chitosan 

aerogel* 

0.26 

1.14 

800 

0.7% 

Rh(III)  silica- 

chitosan 

aerogel* 

0.27 

1.17 

950 

0.5% 

Ru(III)  silica- 

chitosan 

aerogel* 

0.27 

1.17 

800 

2.0% 

*(all  based  on  initial 
90%  silica/ 10% 
chitosan  dry  mass 
ratio  compositions) 

*observed  from 

500  to  given 
value  on  range  of 
measurements 

morphology.  Specifically,  the  questions  here  concern  the  sizes  of  the  ultimate  nanoscale  objects 
and  how  they  are  joined  or  collected  together. 

The  first  aspect  can  be  addressed  spectroscopically.  The  infrared  spectra  of  three 
chitosan-silica  aerogels  without  metal  ions  are  shown  in  the  ca.  1325  -2200  cm’*  range  in  Figure 
1.  The  growth  of  the  amine  related  band  marked  on  the  spectrum  shows  that  the  chitosan  content 
in  the  aerogel  grows  with  its  content  in  the  initial  sol-gel.  The  FTIR  spectrum  of  a  chitosan- 
silica  aerogel  and  an  analogous  aerogel  with  Ru(III)  but  otherwise  the  same  composition  is 
shown  in  Figure  2.  Clearly,  the  band  associated  with  the  free  amine  in  the  aerogel  without  metal 
ions  is  reduced  when  the  metal  ions  are  present.  Moreover,  the  band  assigned  to  the  metal  ion- 
coordinated  amine  is  present  in  the  case  of  the  Ru(III)-containing  aerogel.  The  first  issue  seems 
to  be  resolved  with  these  and  analogous  FTIR  and  ultraviolet-visible-near  infrared  spectral 
studies  [8-10].  The  chitosan  is  present  and  does  participate  in  the  coordination  of  the  Ru(III)  ions 
in  this  case.  The  details  of  the  coordination  vary  with  metal  ion,  since  each  has  a  unique  set  of 
thermodynamic  and  kinetic  properties. 

The  second  aspect  has  been  addressed  by  a  combination  of  TEM  and  SANS  studies. 

They  are  informed  initially  by  the  fact  that  the  aerogels  are  clear,  so  there  are  not  ultimate 
particles  larger  than  about  0.2  microns.  The  TEM  images  show  that  the  ultimate  particle  sizes 
are  much  smaller  than  that  [10].  The  TEM  image  for  the  chitosan-silica  with  10%  chitosan  is 
shown  in  Figure  3.  As  shown  there,  the  fundamental  particles  are  quite  small.  The  scale  makes 
it  clear  that  they  are  much  less  than  10  nanometers  in  breadth.  It  is  clear  on  close  examination 
that  this  breadth  is  on  the  order  of  1  to  2  nm.  However,  it  also  seems  that  there  might  be  a 
somewhat  larger  scale  order  in  which  the  fundamental  particles  are  connected.  The  images  are 
of  high  enough  resolution  only  to  permit  speculation  that  such  connected  structures  could  have  a 
coherence  that  extends  over  a  few  of  the  fundamental  objects.  This  would  correspond  to  about  3 
to  8  nm. 
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The  SANS  experiments  are  a  powerful  complement  to  the  TEM  images,  since  they  also 
probe  on  the  nanometer  scale.  The  SANS  scattering  data  measured  on  a  series  of  the  transparent 
monolithic  chitosan-silica  aerogels  with  varied  chitosan  content  but  without  metal  ions  are 
shown  in  Figure  4.  The  aerogels  containing  transition  metal  ions  also  have  been  studied  by 
SANS  [10].  The  analysis  of  SANS  data  proceeds  through  a  model  fitting  approach,  as  has  been 
widely  discussed  [11-13].  In  this  work,  the  data  have  been  fitted  with  a  small  particle  mass 
fractal  model  equation  derived  from  the  Teixeira  model  for  mass-factal  aggregates  of  spheres 
[11].  The  scattering  function  used  here  is  given  by  the  following  equation,  where  Ioa  is  the 


1(Q.ID,.)=Ioa 


sin((Df -l)arctan(g|)]  , 

jtj  _l  ^  Background 


overall  intensity  scattered  by  the  aggregate  extrapolated  to  Q  =  0,  Dp  is  the  mass-fractal 
dimension,  ^  is  the  exponential  cutoff  for  the  aggregate,  and  Isackground  is  the  background 
intensity.  The  detailed  differences  between  this  and  the  Teixeira  model  are  discussed 
e!sewhere[10].  Briefly,  the  model  is  a  valid  approximation  when  the  scattering  from  the  form 
factor  for  the  fundamental  sphere  is  not  visible  or,  alternatively,  whenever  4  »  R  (the  radius  of 
the  spheres  in  the  Teixeira  model)  and  Q,mxR«l,  where  Qmax  is  the  value  of  Q  at  which  the 
power  law  scattering  fades  into  the  background  scattering. 

The  analysis  in  terms  of  this  model  in  the  case  of  the  chitosan-silica  aerogels  without 
metal  ions  results  in  fractal  dimensions  of  2.60  for  5%  chitosan  to  2.52  for  the  10%  chitosan 
aerogel.  This  compares  to  the  dimensionality  of  2.85  for  the  aerogel  prepared  without  chitosan 
but  with  all  other  synthetic  conditions  held  constant.  The  20%  and  additional  weight  percentage 


Figure  4.  Small  Angle  Neutron  Scattering  data  for  chitosan-silica  aerogels  with  0,  5,  10 
and  20%  by  weight  of  chitosan;  as  indicated  by  the  symbols,  the  curves  are  in  order  of 
concentration  from  bottom  to  top. 
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chitosan  aerogels  remain  under  study.  The  fractal  dimensionality  decreases  on  going  from  the 
silica  to  the  silica-chitosan  aerogels,  however  the  exponential  cutoff  length  increases  quite 
significantly  from  3.25  nm  to  5.74  nm  in  the  10%  chitosan  aerogel.  The  metal  ion-containing 
materials  based  on  10%  chitosan  content  initial  gels,  including  Ru-,  Rh-  and  Co-  containing 
aerogels,  typically  have  fractal  dimensions  in  the  2.45  to  2.60  range.  The  corresponding 
exponential  cutoff  lengths  are  in  the  5.8  to  7.9  nm  range.  These  lengths  are  exponential  cutoff 
lengths  and  are  not  directly  object  dimensions,  but  it  is  interesting  to  note  that  they  are  on  the 
order  of  3  to  6  times  the  diameter  of  the  smallest  fundamental  objects  seen  by  TEM. 

Chemical  reaction  studies  have  been  carried  out  to  ascertain  the  extent  to  which  these 
aerogels  in  the  form  of  group  VIII  metal  ions  would  be  suitable  for  catalytic  and  gas  absorption 
applications.  The  primary  attention  has  been  devoted  to  those  containing  either  Rh(III)  or 
Ru(III)  ions  coordinated  to  the  chitosan  and,  to  some  extent,  to  the  available  sites  on  silica-rich 
moieties  of  the  aerogels[9].  They  display  an  extensive  chemistry.  Not  only  do  the  metal  ions 
and  added  gases  react,  but  the  water  associated  with  the  aerogel  can  play  an  important  role.  This 
is  shown  by  the  following  reactions  of  Ru(III)  aerogels,  which  have  extensive  precedent  in  the 
reactions  of  other  supported  Ru(III)  systems  [14-17]. 

The  availability  of  large  thin  monolithic  aerogels  makes  it  possible  to  measure  the 
infrared  spectra  of  the  aerogels  and  their  reaction  products  directly  by  transmission  spectroscopy. 
Because  of  the  compositions,  the  region  of  about  1500  to  about  2600  cm'‘  has  low  enough 
absorbance  to  act  as  a  window  to  observe  reactions  involving  CO(g),  H2(g),  and  NO(g)  as  well  as 
some  of  the  effects  of  water  and  oxygen. 

When  a  hydrated  Ru(ni)  aerogel  is  formed  in  the  reactor  by  exposing  the  aerogel  to  water 
vapor  at  20®C  for  10  minutes,  it  reacts  with  CO  to  form  metal  carbonyls  with  bands  at  2081  and 
2018  cm**,  as  well  as  a  band  at  1972  cm'*.  This  is  shown  in  curves  A  and  B  of  Figure  6.  On  the 


Figure  5.  Infrared  spectra  of  Ru(III)  chitosan 
-silica  aerogel  with  2%  Ru(III)  and  its  reaction 
products  where: 

A.  initial  sample,  dehydrated  at  95°C  for  7 
hr  in  vacuo 

B.  A  exposed  to  0.4  atm.  CO;  1 1  hr  at  20°C 

C.  B  exposed  to  1.0  atm.  H2  ;  24  hr  at  95^C 

D.  C  exposed  to  0. 1  atm  CO;  4  hr  at  95°C 


Figure  6.  Infrared  spectra  of  Ru(III)  chitosan 
-silica  aerogel  with  2%  Ru(III)  and  its  reaction 
products  where: 

A.  initial  sample,  hydrated  at  20®C  for  10 
min.  in  saturated  H2O  vapor. 

B.  A  exposed  to  0. 1  atm.  CO;  12  hr  at  20°C 

C.  B  dehydrated  for  2  hr  at  95°C 

D.  C  exposed  to  0. 1  atm  CO;  3  hr  at  95°C 
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other  hand,  the  reaction  of  a  dehydrated  Ru(III)  aerogel  with  CO  under  essentially  the  same 
conditions  but  with  a  much  higher  CO  pressure  does  not  yield  the  1972  cm**  band.  Thus,  curves 
A  and  B  of  Figure  5  do  not  show  such  a  band.  The  fact  that  it  is  formed  when  water  is  present 
and  not  when  it  is  absent  is  quite  interesting. 

One  reasonable  hypothesis  to  explore  is  that  water  reacts  with  CO  at  these  metal  sites  to 
form  hydrogen  through  a  form  of  the  water  gas  shift  reaction.  The  hydrogen  would  then  reduce 
the  metal  and  the  reduced  metal  would  form  the  new  carbonyl  associated  with  the  1972  cm*‘ 
vibration.  The  CO-reacted  dehydrated  Ru(III)  aerogel  sample  was  next  reacted  with  hydrogen 
for  24  hours  at  95®C  in  order  to  achieve  the  reduction  without  water.  However,  no  significant 
change  occurred  in  the  carbonyl  region  of  the  spectrum  (see  Figure  5  C).  Thus,  the  sample  was 
again  reacted  with  CO,  and  the  spectrum  shown  in  Figure  5  D  was  observed.  It  does  not  provide 
strong  evidence  for  a  1972  cm'*  band.  Meanwhile,  the  species  giving  rise  to  the  1972  cm**  band 
is  quite  stable,  as  shown  by  its  presence  throughout  heating  and  CO  reaction  processes  in  Figure 
6  C  and  D. 

These  two  sets  of  reactions  show  that  the  Ru  ions  are  reactive.  There  appear  to  be  at  least 
two  types  of  metal  carbonyls  formed.  The  2082  and  2018  cm**  bands  appear  together  at  constant 
relative  intensity.  They  are  assigned  to  the  same  species,  which  probably  is  a  dicarbonyl.  The 
1972  cm**  band  is  assigned  to  a  carbonyl  vibration  on  a  reduced  Ru.  The  spectra  both  show 
bands  near  2140  cm**  due  to  adsorbed  CO. 

These  assignments  are  consistent  with  known  carbonyl  chemistry  and  extensive  catalysis 
literature  [14-17],  However,  they  do  not  answer  the  question  posed  by  these  results:  why  does 
hydrogen  from  the  water  gas  shift  reaction  reduce  Ru(III)  while  hydrogen,  added  in  the  reaction 
sequence  followed  here  does  not?  This  appears  to  be  quite  unusual,  and  it  may  be  due  to 
another  feature  of  the  hydrated  aerogel  structure.  That  structure  has  a  mechanism  for  forming 
and  possibly  transporting  hydrated  protons,  a  reduction  reaction  product.  This  could  favor  the 
reduction  reaction  in  the  hydrated  aerogel  case.  That  hypothesis  and  others  related  to  water  in 
the  coordination  sphere  of  the  Ru(III)  ion  are  under  study. 

It  is  clear  from  a  number  of  the  studies  on  these  aerogels  that  the  Ru  can  assume  a  range  of 
environments  and  oxidation  states.  The  spectra  of  Ru(III)  aerogels  reacted  with  NO  and  CO,  in 
sequence,  show  the  significance  of  such  changes.  The  reaction  of  a  dehydrated  Ru(III)  aerogel 
with  NO  leads  to  the  product  whose  spectrum  is  given  as  Figure  7  B,  with  a  metal  nitrosyl 
vibration  at  1894  cm**.  The  subsequent  addition  of  CO  leads  to  metal  carbonyl  bands  at 
frequencies  near  their  positions  in  Figure  5.  Thus,  they  are  at  2026,  2085  and  2140  cm**  vs. 

2018,  2080  and  2140  cm**,  respectively.  The  subsequent  addition  of  NO  leads  to  a  significant 
change,  however,  since  the  bands  shift  to  2036,  2092  and  2154  cm**.  These  shifts  together  with 


Figure  7.  Infrared  spectra  of  Ru(III)  chitosan 
-silica  aerogel  with  2%  Ru(III)  and  its  reaction 
products  where: 

A.  initial  sample,  dehydrated  at  95°C  for  6 
hr  in  vacuo 

B.  A  exposed  to  0. 1  atm.  NO;  0.5  hr  at  20°C 

C.  B  exposed  to  0.2  atm.  CO  ;  18  hr  at  95°C 

D.  C  exposed  to  0.05  atm  NO;  3.5  hr  at  95°C 
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the  symmetrical  shapes  of  the  bands  indicates  that  the  NO  addition  had  the  effect  of  increasing 
the  effective  oxidation  state  of  the  Ru(III)  in  at  least  the  case  of  the  dicarbonyl,  to  which  the 
2036  and  2092  cm‘‘  bands  are  assigned.  The  interpretation  is  more  tentative  in  the  case  of  the 
2154  cm‘*  band.  It  may  not  be  due  to  physically  adsorbed  CO,  as  was  suggested  for  the  ca.  2140 
cm'^  band  in  Figures  5  and  6.  In  Figure  7,  the  2154  cm'*  band  is  stronger  relatively,  and  it  is  at  a 
quite  high  frequency  relative  to  the  vibration  of  free  CO.  The  tentative  assignment  of  this  band 
is  to  a  Ru(ni)  monocarbonyl  whose  bonding  mode  is  primarily  through  dative  interaction  of 
Ru(III)  with  the  sigma  antibonding  orbital  of  CO.  This  type  of  interaction  can  serve  to 
strengthen  the  CO  bond  relative  to  that  in  CO  itself. 


CONCLUSIONS 

The  incorporation  of  chitosan,  a  functional  polymer  that  is  able  to  form  a  clear  sol 
with  hydrolyzing  TEOS  and  to  interact  with  both  the  silica  and  added  metal  ions,  has  been 
shown  to  lead  to  the  formation  of  monolithic,  transparent  silica-based  aerogels  of  low  density 
and  refractive  index,  and  high  surface  area.  They  have  ultimate  particle  sizes  of  less  than  about  2 
nm,  as  judged  from  TEM  observations.  The  study  of  their  structure  by  SANS  indicates  that  they 
are  more  generally  described  by  a  fractal  model  with  dimensionality  between  2.45  and  2.60  and 
exponential  cutoff  lengths  of  5  to  8  nm.  These  may  be  compared  to  the  values  of  2.85  and  3.25 
nm  for  silica  aerogels  made  under  the  same  conditions.  The  metal  ion  containing  aerogels 
exhibit  an  extensive  reaction  chemistry,  as  illustrated  by  the  reactions  of  Ru(III)  aerogels  with 
CO,  H2,  no  and  H2O. 
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ABSTRACT 

Sol-gel  method  was  used  to  prepare  nickel  oxide-silica  and  iron  oxide-silica 
nanocomposites  materials  in  form  of  aerogels  and  xerogels.  The  samples  were  characterized  by 
thermal  analysis.  X-ray  diffraction,  N2  physisorption  and  transmission  electron  microscopy 
techniques.  The  variation  of  the  supercritical  solvent  extraction  conditions  gives  rise  to 
differences  in  the  morphological  characteristics  of  the  aerogels.  These  differences  influence  the 
size  of  the  nickel  oxide  nanoparticles  in  nickel  containing  aerogels.  On  the  other  hand  they  do 
not  affect  the  structure  and  size  of  the  iron  oxide  nanoparticles  in  iron  containing  aerogels.  The 
differences  between  the  xerogel  and  aerogel  nanocomposites  are  discussed. 

INTRODUCTION 

The  sol-gel  process  has  shown  to  be  a  valid  method  for  the  preparation  of  nanocomposite 
materials  constituted  of  nanometric  metal  or  metal  oxide  particles  embedded  in  amorphous 
silica. These  materials  present  a  variety  of  interesting  magnetic,  electric  and  catalytic 
properties  which  depend  on  the  dimensions,  distribution  and  concentration  of  the 
nanoparticles."^^ 

It  is  well  known  that  the  sol-gel  process  allows  a  good  control  of  composition,  texture  and 
structural  characteristics  of  the  final  products.^  In  particular,  the  drying  step  plays  an  important 
role  in  determining  the  final  properties  of  the  materials.  In  fact,  if  the  drying  step  is  performed 
under  supercritical  conditions,  aerogels  with  a  high  surface  areas  and  pore  volumes  can  be 
obtained,  while  xerogels,  in  which  the  original  pore  structure  of  the  alcogels  is  lost,  are  obtained 
by  slowly  removing  the  solvent. 

Ni0-Si02  nanocomposites  in  form  of  aerogel  seems  to  be  particularly  attractive  since  they 
can  be  easily  converted  into  the  corresponding  Ni-Si02  nanocomposites,  useful  materials  for 
catalytic  applications.^  Fe203-Si02  nanocomposites  have  shown  to  be  able  to  stabilize  the  y- 
Fe203  phase  (maghemite),  which  has  attractive  magnetic  properties.’^  In  this  case  it  is  of  interest 
to  study  the  influence  of  the  porous  structure  on  maghemite  formation  and  stabilization. 

In  this  paper  the  effects  of  different  drying  procedures  on  the  structural  and  morphological 
properties  of  Ni0-Si02  and  Fe203-Si02  nanocomposites  in  form  of  aerogels  and  xerogels  are 
studied  using  TGA/DTA,  XRD,  N2  physisorption  and  TEM  techniques. 


EXPERIMENT 

Nickel  oxide-silica  (17%  wt  of  nickel  oxide)  and  iron  oxide-silica  (23%  and  33%  wt  of  iron 
oxide)  nanocomposite  materials  were  prepared  by  sol-gel  method  using  TEOS  and  either  nickel 
nitrate  or  iron  nitrate  as  precursors.^’  Tlie  obtained  alcogels  were  submitted  to  two  different 
procedures  of  solvent  drying.  Xerogels  were  obtained  by  slow  heat  treatments  in  static  air  while 
aerogels  were  obtained  by  high  temperature  supercritical  drying  performed  in  an  autoclave. 

Four  different  conditions  of  supercritical  drying  were  used  to  obtain  the  Ni0-Si02  aerogels 
(Al,  A2,  A3,  A4)  by  varying  the  heating  ramp,  the  solvent  used  to  fill  the  autoclave  and  the 
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initial  pressure  in  the  autoclave,  as  reported  in  Table  I.  After  supercritical  drying,  aerogel 
samples  were  calcined  at  500  °C  for  4  h.  In  order  to  obtain  the  xerogel  sample,  the  fresh  gel  was 
powdered  and  directly  calcined  at  500  °C  for  4  h. 

Three  different  conditions  (Al,  A4,  A5)  of  the  supercritical  drying  were  used  to  obtain  the 
Fe203-Si02  aerogels,  as  reported  in  Table  I.  After  supercritical  drying,  aerogel  samples  were 
heat  treated  with  steps  of  50  °C  from  300  °C  up  to  500  °C  and  of  100  °C  up  to  900  °C,  being 
kept  for  30  min  at  each  temperature.  In  order  to  obtain  the  xerogel s,  the  fresh  gels  were 
powdered  and  kept  for  24  h  at  150  °C.  The  samples  were  then  brought  to  higher  temperatures 
with  steps  of  50  °C  up  to  500  °C  and  of  100  °C  up  to  900  °C,  being  kept  for  30  min  at  each 
temperature. 


Table  I.  Supercritical  drying  conditions 


Heating  ramp 

P, 

Solvent 

Al 

RT  250“C  5°Omin,  250°C  Tf  1  °C/min 

1 

EtOH  95% 

A2 

RT  -4  250°C  l°C/min,  250°C  Tf  0.5°C/min 

EtOH  95% 

A3 

RT  -4  250°C  ]  °C/min,  250°C  ^  Tf  0.5°C/min 

1 

EtOH  99% 

A4 

RT  ^  2.50“C  1  °C/min,  250°C  ^  Tf  0.5°C/min 

7 

EtOH  99% 

A5 

RT  ^  250°C  IX/min,  250°C  -4  Tf  0.5°C/min 

45 

EtOH  99% 

RESULTS 

In  Fig.  1  the  TGA  curves  and  the  corresponding  DTA  curves  are  reported  for  the  fresh 
alcogel  and  for  the  four  aerogels  obtained  using  different  supercritical  drying  conditions. 
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Figure  1 .  TGA  and  DTA  curves  for  the  fresh  alcogel  ( — )  and  for  the  four  NiO-Si02  aerogels 


The  fresh  gel  shows  a  remarkable  weight  loss  up  to  400  °C  which  corresponds  to  a  broad 
endothermic  peak  in  the  DTA  curve.  The  weight  loss  is  due  to  solvent  removal,  decomposition 
of  organics  and  of  nickel  nitrate.  For  higher  temperatures  the  weight  loss  is  very  limited.  The 
four  aerogels  show  a  much  smaller  weight  loss,  as  expected.  Al  and  A2  samples  show  a  larger 
weight  loss  in  the  low  temperature  range  compared  to  A3  and  A4  samples  showing  that  the  use 
of  EtOH  99%  to  fill  the  autoclave  is  more  effective  in  removing  the  solvent  during  supercritical 
extraction.  The  weight  loss  in  the  250-500  °C  range  which  corresponds  to  exothermic  peaks  in 
the  DTA  curves  is  due  to  the  combustion  of  organics.  The  exothermic  peak  at  lower  temperature 
can  be  ascribed  to  the  combustion  of  the  most  superficial  organics  while  the  one  at  higher 
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temperature  to  the  organics  in  the  inner  pores.  The  different  intensity  of  the  exothermic  peaks 
suggests  the  presence  of  a  different  porous  structure  in  the  four  aerogel  samples. 

The  XRD  spectra  for  the  four  aerogel  are  reported  in  Fig.  2(a)  and  those  of  the  same  samples 
after  calcination  at  500  °C  are  reported  in  Fig.  2(b)  together  with  that  of  the  xerogel  sample. 


29  20 

Figure  2.  XRD  spectra  (MoKa)  for  (a)  the  four  Ni0-Si02  aerogels  and  (b)  the  aerogel  and  xeroge! 
samples  after  calcination  at  500  °C.  (*)  Ni(N03)2-2Ni(0H)2,  (o)  Ni(OH)2,  (♦)  NiO,  (•)Ni3Si205(0H)4. 


All  the  spectra  show  a  broad  halo  due  to  amorphous  silica.  In  the  spectra  of  A1  sample  peaks 
due  to  both  Ni(N03)2-2Ni(0H)2  and  Ni(OH)2  are  also  detectable  while  in  the  other  spectra  only 
the  peaks  due  to  Ni(N03)2-2Ni(0H)2  are  present  and  they  become  broader  going  from  A2  to  A4 
sample.  After  calcination  at  500  °C  all  the  spectra  show  the  peaks  due  to  NiO  which  become 
broader  going  from  A1  to  A4  sample  showing  that  the  crystallite  size  becomes  smaller.  Peaks 
are  slightly  broader  in  the  xerogel  sample  compared  to  A4.  In  A1  and  A2  spectra  some  faint 
peaks  due  to  Ni3Si05(0H)4  are  also  discernible. 

In  Tab.  II  the  specific  surface  area  and  pore  size  distribution  obtained  from  N2  Adsorption- 
Desorption  measurements  at  77K  are  reported. 

Table  II.  Surface  area  and  pore  size  distribution  for  the  4  aerogels  and  the  aerogel  and  xerogel  samples 

after  calcination  at  500  °C. 


SAMPLE 

SURFACE  AREA 
mVg 

(♦=BET;  +=Dubinin) 

PORE  SIZE  DISTRIBUTION  i 

%  (Vol) 
micropores 

%  (Vol) 
mesopores 

%  (Vol) 
macropores 

method 

Al 

700(4) 

11 

86 

2 

BJH 

A2 

610  (■O') 

84 

16 

HK 

A3 

780  (-O') 

45 

54 

HK 

A4 

540  (■» 

94 

6 

HK 

Al  500°C 

940(4) 

11 

84 

5 

BJH 

A2  500°C 

600  (-S-) 

r  78 

22 

HK 

A3  500°C 

750  (■^) 

62 

37 

1 

HK 

A4  500°C 

470  (■^) 

85 

15 

HK 

X500°C 

250  (-fr) 

100 

HK 

As  expected,  all  the  aerogel  samples  show  a  very  large  surface  area  even  after  calcination  at 
500  C.  The  xerogel  sample  after  calcination  exhibits  a  surface  area  smaller  than  the  aerogel 
samples  and  a  wholly  microporous  structure.  The  isotherms  for  the  aerogel  samples  range  from 
type  IV  isotherm^  with  a  type  HI  hysteresis’®  for  A1  sample  to  a  type  I  isotherm  for  sample  A4, 
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and  the  same  trend  is  observed  in  the  calcined  aerogels.  These  data  show  that  variations  of  the 
supercritical  extractions  conditions  leads  to  Ni0-Si02  aerogels  with  different  porous  structure, 
from  A1  sample,  typically  mesoporous,  to  A4  sample  which  is  microporous. 

The  influence  of  the  supercritical  drying  conditions  on  the  porous  structure  of  the  aerogel 
samples  is  confirmed  from  TEM  observations.  In  Fig.  3  the  TEM  micrographs  for  samples  A1 
and  A4  are  reported  as  an  example. 


Figure  3.  TEM  micrographs  (x  100000)  for  (a)  A1  and  (b)  A4  NiO-Si02  samples. 

A  similar  influence  of  the  supercritical  drying  conditions  on  the  porous  structure  was 
observed  on  the  Fe20rSi02  aerogel  samples  on  the  basis  of  their  TGA/DTA,  N2  physisorption 
and  TEM  results.  However,  the  evolution  of  the  Fe20.vSi02  aerogel  samples  with  thermal 
treatment  is  exactly  the  same  regardless  of  the  different  conditions  of  the  supercritical  extraction 
and  also  the  iron  oxide  content  does  not  seem  to  have  any  influence. 

In  Fig.  4  the  XRD  spectra  for  A5  sample  containing  33%  Fe203  at  different  temperatures  are 
reported  as  an  example;  exactly  the  same  evolution  was  observed  for  all  the  other  aerogel 
samples. 


Figure  4.  XRD  spectra  for  A5  Fe20ySi02  aerogel  sample  containing  33%  Fe202  after  extraction  and 
after  thermal  treatment  at  increasing  temperature.  (♦)ferrihydrite,  (■)  a-Fe203,  (□)  7-Fe203,  (❖)e-Fe203 

The  spectrum  after  supercritical  extraction  shows  an  amorphous  halo  and  some  broad  peaks 
which  can  be  attributed  to  6-line  ferrihydrite,  a  poorly  crystalline  ferric  oxyhydroxide.  After 
thermal  treatment  at  500  °C  some  new  peaks  begin  to  appear  and  they  grow  with  increasing 
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temperature  up  to  900  °C  when  a  mixture  of  different  iron  (III)  oxides  (a-Fe203,  Y-Fe203,  8- 
Fe203.)  are  present  together  with  ferrihydrite  which  shows  to  be  stable  up  to  high  temperature. 

On  the  other  hand,  a  different  evolution  with  thermal  treatment  was  observed  for  the  xerogel 
samples  depending  on  the  iron  oxide  content,  as  it  can  be  inferred  from  the  XRD  spectra  which 
are  reported  in  Fig.  5. 


Figure  5.  XRD  spectra  for  Fe203-Si02  xerogels  heat  treated  at  increasing  temperatures. 

(a)  23%  and  (b)  33%  wt  of  iron  oxide.  (♦)ferrihydrite,  (■)  a-Fe203,  (□)  7-Fe203,  (❖)£-Fe203 

Xerogel  samples  heat  treated  at  300  °C  show  an  halo  due  to  amorphous  silica  and  two  very 
broad  peaks  due  to  2-lines  ferrihydrite.  No  significant  changes  appear  in  the  XRD  spectra  up  to 
700  °C  while  the  thermal  treatment  at  900  °C  induces  the  formation  of  new  crystalline  phases. 
The  xerogel  sample  containing  23%  wt  iron  oxides  at  900  °C  mainly  shows  peaks  due  to 
maghemite  while  the  sample  containing  33%  wt  iron  oxide  show  a  very  similar  pattern  to  the 
aerogel  samples  treated  at  the  same  temperature,  indicating  the  presence  of  a  mixture  of 
different  iron  (III)  oxides.  However,  TEM  observations  show  that  the  iron  oxide  nanoparticles 
are  homogeneously  distributed  within  the  amorphous  silica  matrix  in  the  xerogel  sample  while 
arrays  of  nanoparticles  arranges  in  filars  randomly  oriented  are  often  observed  in  the  aerogel 
samples  (see  Fig.  6). 


Figure  6.  TEM  micrographs  (x  100000)  for  (a)  xerogel  and  (b)  aerogel  Fe203-Si02  nanocomposites 
containing  23%  wt  iron  oxide  heat  treated  at  900  ®C. 
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CONCLUSIONS 


NiO-SiOi  e  Fe203-Si02  nanocomposites  were  obtained  in  form  of  aerogels  and  xerogels 
starting  from  the  same  alcogel.  As  expected,  the  surface  area  of  the  nanocomposite  aerogel  is 
much  higher  than  that  of  the  corresponding  xerogel. 

Moreover,  the  porous  structure  of  the  aerogel  samples  can  be  tailored  by  properly  choosing 
the  experimental  conditions  of  the  supercritical  drying.  This  is  particularly  beneficial  in  the 
Ni0-Si02  aerogels  whose  properties  are  very  interesting  for  catalytic  applications.  In  fact, 
specific  surface  area,  pore  size  distribution,  and  crystallite  dimensions  strongly  vary  depending 
on  the  supercritical  drying  conditions.  In  particular,  one  aerogel  sample  calcined  at  500°C 
presents  very  small  NiO  crystallites,  similarly  to  the  corresponding  xerogel  sample  and,  at  the 
same  time,  the  aerogel  sample  retains  a  much  higher  surface  area  than  the  corresponding 
xerogel. 

The  supercritical  extraction  conditions  also  influence  the  porous  structure  of  iron  containing 
aerogels  but  the  structural  evolution  with  thermal  treatment  is  exactly  the  same  in  all  the 
samples  and  the  final  aerogel  samples  always  present  a  mixtures  of  different  iron  oxides.  The 
iron  content  does  not  give  rise  to  any  difference  in  the  evolution  of  the  iron  containing  aerogel 
samples  but  it  has  an  influence  on  the  xerogel  samples.  In  particular,  the  final  xerogel  sample 
with  the  highest  iron  content  shows  very  similar  results  to  the  final  aerogel  samples,  while  the 
final  xerogel  sample  with  the  lowest  iron  content  mainly  presents  7-Fe203.  However,  very  recent 
results  indicate  that  the  preparation  condition  of  the  alcogel  is  the  most  important  parameter  in 
determining  the  amount  of  maghemite  formation  in  the  final  nanocomposites  both  in  form  of 
xerogels  and  aerogels. 


ACKNOWLEDGMENTS 

This  work  was  carried  out  within  the  project  "Materiali  Speciali  per  Tecnologie  Avanzate  II" 
of  the  Italian  Consiglio  Nazionale  delle  Ricerche. 


REFERENCES 

1.  S.  Roy,  A.  Chatterjee,  D.  Chakravorty,  J.  Mat.  Res.  8,  689(1993). 

2.  J.P.  Wang,  H.-L.  Luo,  J.  Appl.  Phys.,  75, 7425  (1994). 

3.  C.  Cannas,  D.  Gatteschi,  A.  Musinu,  G.  Piccaluga,  C.  Sangregorio,  J.  Phys.  Chem.  B,  102, 
7721  (1998). 

4.  S.  Komameni,  J.  Mater.  Chem.  2,  1 2 1 9(  1 992). 

5.  R.E.  Newnham,  S.E.  McKinstry,  H.  Ikaua,  Mater.  Res.  Soc.  Symp.  Proc.  175,  161  (1990). 

6.  X.  Gang,  C.L.  Chien,  Appl.  Phys.  Lett.  51,  1280(1987). 

7.  C.J.  Brinker,  G.W.  Scherer,  Sol-gel  Science^  Academic  Press,  San  Diego,  1990. 

8.  G.  Ennas,  A.  Mei,  A.  Musinu,  G.  Piccaluga,  G.  Pinna,  S.  Solinas,  J.  Non-Cryst.  Solids 
232-234,587  (1998). 

9.  S,  Brunauer,  L.S.  Deming,  W.S.  Deming  and  E.  Teller,  J.  Amer.  Chem.  Soc.,  62,  1723 
(1940). 

10.  lUPAC  Manual  of  Symbols  and  Terminology,  Appendix  2,  Pt.  1,  Colloid  and  Surface 
Chemistry,  Pure  Appl.  Chem.  31,  578  (1972). 


368 


FIBER  REINFORCED  EPOXY  RESIN  COMPOSITE  MATERIALS  USING 
CARBOXYLATE-ALUMOXANES  AS  CROSS-LINKING  AGENTS 

CULLEN  T.  VOGELSON  a  YOSHIHIRO  KOIDEa,  AND  ANDREW  R.  BARROm^* 

®  Department  of  Chemistry,  Rice  University,  Houston,  Texas  77005 
^  Department  of  Mechanical  Engineering  and  Materials  Science,  Rice  University,  Houston, 
Texas,  77005 


ABSTRACT 

Chemically  functionalized  alumina  nanoparticles  (carboxylate-alumoxanes)  are  used  as  the 
inorganic  component  of  a  new  class  of  inorganic-organic  hybrid  materials.  Lysine-  or  para- 
hydroxybenzoic  acid-derivatized  alumoxanes  are  readily  prepared  from  the  reaction  of  boehmite, 
[Al(0)(0H)]n,  with  the  appropriate  carboxylic  acid.  The  peripheral  organic  hydroxides  and 
amines  of  these  carboxylate-alumoxanes  either  react  directly  with  epoxide  resins,  such  as  the 
diglycidyl  ether  of  bisphenol-A  (DER  332),  to  form  a  hybrid  material,  or  in  the  presence  of  an 
organic  resin  and  hardener  system  to  form  a  composite  material.  SEM  and  AFM  show  a  uniform 
distribution  of  alumina  nanoparticles  within  the  resin  matrix.  The  properties  and  cure  times  of  the 
alumoxane  hybrid  and  composite  materials  are  distinct  from  both  the  pure  resins  and  from  a 
physical  blend  of  the  resins  with  traditional  ceramic  fillers.  A  significant  increase  in  thermal 
stability  and  tensile  strength  is  observed  for  both  the  hybrid  and  composite  resin  systems.  In 
addition,  both  carbon  fiber  and  carbon/Kevlar®  matting  have  been  successfully  incorporated  into 
the  hybrid  resin  systems  resulting  in  further  property  improvements. 


INTRODUCTION 

Traditional  organic  epoxy  resin  materials  have  great  industrial  use  for  numerous 
applications  due  to  their  easy  processability  and  synthetically  controllable  physical  properties.  ^  A 
limitation  to  the  use  of  purely  organic  resins,  however,  involves  their  inherent  brittleness. 
Traditional  methods  of  increasing  the  strength  of  organic  polymers  and  resins  have  involved  the 
addition  of  glass  fibers,  and  more  recently  carbon  and/or  Kevlar®  fibers  and  mattings.  These 
fiber  reinforced  resins  are  used  in  a  wealth  of  applications  in  the  automotive,  nautical,  and 
aeronautical  industries  due  to  their  advantageous  combination  of  both  high  tensile  and  torsional 
strengths.2 

In  addition  to  the  use  of  fibers  as  epoxide  reinforcements,  ceramic  particles  are  commonly 
added  as  fillers  to  many  polymer-based  products.  Ceramics,  in  general,  have  excellent 
mechanical  properties  such  as  heat-resistance,  wear-resistance  and  strength,  however,  they  are 
typically  brittle  and  difficult  to  form  into  complex  shapes.  In  addition,  phase  segregation  often 
occurs  in  ceramic  included  resins  which  can  be  deleterious  to  the  physical  strength  of  the  organic 
phase.3  For  example,  the  presence  of  ceramic  fillers  provides  a  point  for  crack  initiation  to  occur. 
Further,  the  rational  chemical  design  of  new  ceramics  (and  inorganic  materials  in  general)  is 
poorly  understood.'^’^ 

The  performance  of  polymer-filler  composites  is  strongly  dependent  on  the  particle  size  of 
the  filler,  and  the  interaction  between  the  polymer  and  filler.  The  ideal  filler  then,  is  stable, 
hydrophobic,  nano-sized,  and  covalently  bound  to  the  matrix.  It  has  long  been  the  goal  of 
materials  synthesis  to  prepare  inorganic-organic  hybrid  composite  materials  that  combine  the 
properties  of  an  organic  polymer  with  that  of  a  ceramic.  For  example,  it  would  be  desirable  to 
rationally  design  a  hybrid  material  that  is  easily  processable  and  that  has  a  high  torsional  strength. 
It  is  towards  this  end  that  the  present  research  is  aimed. 


*  Author  to  whom  correspondence  should  be  addressed. 
(http://python.rice.edu/~arb/Barron.html) 
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We  have  previously  reported  that  aluminum-oxide  nanoparticles  (5  to  80  nm)  may  be 
prepared  by  the  reaction  of  the  mineral  boehmite  with  carboxylic  acids.^  The  identity  of  the 
carboxylic  acid  appears  to  control  the  size  of  the  nanoparticles7  These  materials  are  termed 
carboxylate-alumoxanes  and  may  be  prepared  with  an  almost  limitless  variety  of  functional 
groups. 

One  of  the  more  common  classes  of  organic  resins  is  the  epoxide-based  materials.  Epoxy 
resins  are  easily  extruded  and/or  molded,  have  moderate  strength,  and  low  hardness.^  Common 
resin  systems  usually  consist  of  two  parts,  a  resin  and  a  hardener,  which  are  mixed  and  cured  at 
elevated  temperatures  (50  -  1(X)  °C).^The  resin  component  is  often  a  bi-functional  epoxide  while 
the  hardener  contains  a  cross-linking  agent  along  with  a  catalyst.  Using  such  commercial  resin 
systems,  two  classes  of  alumoxane-based  materials  are  possible.  First,  a  chemically 
functionalized  carboxylate-alumoxane  may  be  incorporated  as  an  additional  cross-linking  agent 
into  an  existing  resiti/hardener  system.  Second,  the  chemically  functionalized  carboxylate- 
alumoxane  may  be  used  in  place  of  the  hardener  (cross-linking  agent).  We  have  investigated  both 
classes  of  material.  In  the  present  case  two  carboxylate-substituted  alumoxanes  were  investigated: 
those  derived  from  para-hydroxybenzoic  acid  (I)  and  lysine  (II). 


O 


(I)  (ID 

We  have  investigated  two  classes  of  epoxy-alumoxane  materials.  First,  a  chemically 
functionalized  carboxylate-alumoxane  was  directly  cross-linked  with  a  common  epoxy  resin,  the 
diglycidyl  ether  of  bisphenol-A  (Dow  Chemical  DER  332,  III).  This  material  has  been  termed  a 
“hybrid  alumoxane  resin.”  The  second  class  of  material,  referred  to  as  a  “composite  alumoxane 
resin,”  is  formed  by  the  incorporation  of  the  functionalized  carboxylate-alumoxane  into  a 
commercially  available  resin/hardener  system.  Our  results  in  these  areas  are  reported  herein. 


(HI) 


RESULTS  AND  DISCUSSION 

Hybrid  Epoxy-Alumoxane  Resins 

The  diglycidyl  ether  of  bisphenol-A  (DER  332,  III)  may  be  cross-linked  directly  with 
either  para-hydroxybenzoate-alumoxane  (p-HB-alumoxane)  or  lysine-alumoxane  in  the  presence 
of  a  suitable  base  catalyst  (e.g.,  1-methylimidazole).  By  comparison  with  known  epoxide 
reactivity  and  model  compound  studies!!  jt  proposed  that  the  hydroxy  group  in  p-HB- 
alumoxane  and  the  amine  groups  in  lysine-alumoxane  undergo  a  ring  opening  reaction  with  the 
epoxide  groups. 

By  reacting  varying  quantities  of  p-HB-  and  lysine-substituted  alumoxanes  with  DER  332 
an  optimal  weight  ratio,  based  on  a  qualitative  assessment  of  the  physical  properties  of  the  cured 
materials,  was  found  to  be  1  part  alumoxane  to  2  parts  resin.  Variations  of  this  ratio  were  found 
to  yield  cured  materials  with  different  properties  ranging  from  extremely  solid  to  almost 
"rubbery”  in  form.  Neither  p-HB-alumoxane  or  lysine-alumoxane  are  soluble  in  DER  332, 
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however,  uniform  mixtures  may  be  readily  prepared  by  stirring  with  a  mechanical  blender. 
Although  reaction  occurs  over  extended  times  at  room  temperature,  some  segregation  occurs 
prior  to  complete  reaction.  Thus,  it  was  found  that  more  uniform  materials  are  obtained  by 
heating  the  samples,  due  to  the  reduced  cure  times.  SEM,  and  AFM  (Figure  1  and  2, 
respectively)  analyses  of  the  hybrid  resins  are  consistent  with  a  uniform  distribution  of  the 
carboxylate-alumoxane  particles  throughout  the  material. 


Figure  1,  An  SEI  micrograph  of  the  surface  of  the  lysine-alumoxane  hybrid  resin. 


Figure  2.  An  AFM  image  of  the  surface  of  the  lysine-alumoxane  hybrid  resin. 

The  cure  time  for  the  hybrid  alumoxane  resin  (with  an  alumoxane:DER  332  ratio  of  1:2) 
was  found  to  be  10  hours  at  50  °C,  or  2  hours  at  150  The  set  times  were  determined  by 
differential  thermal  analysis  (DTA)  and  found  to  be  6  minutes  for  the  lysine  hybrid  materi^  at  50 
°C  versus  almost  20  minutes  for  the  same  resin  cross-linked  with  ethylenediamine 
(H2NCH2CH2NH2,  used  for  comparison).  Thus,  both  set  times  and  temperatures  are 
significantly  lower  for  the  alumoxane  hybrid  resins  than  traditional,  "purely  organic,"  resins. 

Post  curing,  both  lysine-  and  p-HB -alumoxane  hybrid  resins  have  superior  physical 
properties  than  were  found  for  a  purely  organic  resin  system  using  ethylenediamine.  While  the 
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hardness  of  the  hybrid  resins  is  found  to  be  similar  to  one  another,  the  lysine-alumoxane  resin 
was  found  to  be  qualitatively  stronger  than  the  p-HB-alumoxane  resin.  Tensile  strength  data,  as 
seen  in  Table  1,  show  a  seven  fold  increase  in  the  peak  load  and  peak  stress  observed  with  the 
use  of  the  alumoxane  cross-linking  agents.  This  should  be  compared  to  a  slight  decrease 
observed  with  the  addition  of  an  "inert"  filler  such  as  boehmite.  It  should  also  be  noted  that  the 
tensile  strength  of  the  alumoxane-based  resins  are  between  that  of  concrete  (2  MPa)  and 
aluminum  (90  MPa),  but  with  a  lower  modulus  than  either.  In  fact,  while  the  modulus  (1000  - 
1700  MPa)  is  significantly  higher  than  the  purely  "organic"  resins  (36  -  90  MPa),  it  is  still  lower 
than  that  of  concrete  (23  GPa)  or  bone  (16  GPa). 


Table  1.  Summary  of  tensile  strength  measurements  for  various  epoxy  resin  systems. 


formulation 

peak  load 
(kN) 

peak  stress 
(MPa) 

modulus 

(MPa) 

"blank"  DER  332^ 

0.111 

2.083 

36.2 

"blank"  DER  332  +  boehmite 

0.108 

1.811 

42.1 

p-HB-alumoxane  +  DER  332 

0.750 

15.378 

1058 

"blank"  Resin  Services  (RS)  system^ 

0.451 

8.937 

905 

p-HB -alumoxane  +  RS 

2.251 

68.022 

1762 

^  The  "blank"  DER  332  system  is  composed  of  the  Dow  resin  cross-linked  with  ethylenediamine. 
^  The  Resin  Services  system  is  a  composite  composed  of  a  commercial  resin  and  hardener. 


The  thermal  stability  of  the  hybrid  resins  is  also  significantly  enhanced. 
Thermogravimetric  and  differential  thermal  analysis  (TG/DTA)  indicates  that  the  p-HB- 
alumoxane/DER  332  hybrid  resin  decomposes  at  400  °C,  without  any  prior  mass  loss.  In 
contrast,  the  "blank"  resin  decomposes  at  345  °C,  but  also  shows  mass  loss  above  180  °C.  The 
lower  temperature  mass  loss  is  possibly  due  to  the  volatilization  of  either  unreacted  or  short  chain 
species  which  are  clearly  not  present  in  the  alumoxane-based  resin. 

Composite  Epoxy -Alumoxane  Resins 

In  practical  applications,  it  is  unlikely  that  an  epoxy  resin  system  will  utilize  a 
functionalized  carboxylate-alumoxane  as  its  sole  cross-linking  agent.  As  a  result,  it  is  important 
to  investigate  the  effect  of  the  as  synthesized  alumoxanes  on  traditional  two-part  resin  systems. 
To  that  end,  lysine-  and  p-HB -alumoxanes  were  incorporated  into  a  self-curing,  commercially 
available  epoxy  resin  system:  Resin  Services  Resin  HTR-212  with  hardener  #874.  The  epoxide 
base  of  the  Resin  Services  Resin  HTR-212  is  the  Dow  DER  332  resin  making  for  a  ready 
comparison  with  the  hybrid  materials. 

The  sequential  addition  of  different  ratios  of  the  carboxylate-alumoxanes  into  the  resin 
system  (similar  to  the  procedure  performed  for  the  hybrid  system),  yielded  an  optimal  weight 
ratio  of  incorporation  found  to  be  2:5:1  for  the  alumoxane:resin:hardener.  For  comparative 
purposes,  unreacted  boehmite  was  added  in  the  same  ratio  to  the  resin  system,  and  a  "blank" 
sample  of  the  resin  was  also  prepared  without  any  additives  (i.e.,  neat). 

The  neat  resin  and  the  resinA)oehmite  combination  required  full  cure  times  of  4  hours  at 
50  °C.  The  presence  of  either  carboxylate-alumoxane  significantly  lowered  both  the  cure  time  (30 
mins,  at  50  °C)  and  the  required  temperature  (2  hours  at  35  °C).  The  set  times,  however,  were 
unaffected  by  the  addition  of  either  alumoxane  (8  min.  at  25  °C).  The  hardness  (scratch 
resistance)  and  strength  of  the  resin  composites  are  significantly  increased  by  the  presence  of  the 
carboxylate-alumoxanes,  and  these  trends  follow  the  order  lysine-alumoxane  resin  >  para- 
hydroxybenzoate-alumoxane  resin  »  neat  resin  >  boehmite-impregnated  resin.  In  addition,  as 
may  be  seen  from  Table  1,  the  tensile  strength  of  the  alumoxane  composite  materials  is 
significantly  greater  than  the  "blank"  commercial  resin.  The  peak  load  and  peak  stress  are  both 
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increased  by  a  factor  of  five  and  seven,  respectively.  As  with  the  hybrid  system,  the  SEI 
micrograph  of  the  lysine-alumoxane  resin  shows  that  the  alumoxane  particles  are  uniformly 
distributed  throughout  the  composite.  These  results  indicate  that  the  carboxylate-alumoxanes  are 
not  simply  acting  as  traditional  ceramic  fillers  in  the  epoxy  resin  but  are  chemically  bound  to  the 
organic  backbone. 

Fiber  Incorporation  into  a  Hybrid  Epoxy-Alumoxane  Resin 

Fibers  and  mattings  are  commonly  incorporated  into  epoxy  materials  due  to  their  low 
mass  and  high  tensile  strength.  1®’ ^3  xhe  advantages  of  fiber  incorporation  are  most  prominently 
seen  in  the  automotive,  nautical,  and  aeronautical  industries  where  strong,  lightweight  epoxy- 
based  materials  serve  numerous  functions. Both  carbon  fibers  and  carbon/Kevlar®  mattings 
were  incorporated  into  a  p-HB-alumoxane  hybrid  resin  prior  to  curing. 

SEI  micrographs  of  a  cleaved  sample  show  that  the  fibers  reside  within  the  epoxy  matrix, 
see  Figure  2.  Thus  the  resin  wets  the  fiber  tow  or  mat  allowing  for  full  infiltration  of  the  resin 
(i.e.,  no  void  spaces  are  observed)  showing  that  the  presence  of  the  alumoxanes  does  not  alter 
the  processability  of  the  commercial  resin  systems.  Unlike  previously  reported  studies, the 
morphology  of  the  alumoxane-based  resins  is  unaffected  by  the  presence/absence  and  identity  of 
the  fibers.  No  large  particles  or  agglomerates  were  observed.  As  may  also  be  seen  from  Figure  2, 
some  fibers  have  pulled  out  of  the  matrix,  leaving  holes,  whereas  other  fibers  are  clearly  visible 
protruding  from  the  epoxide.  The  opposing  face  of  this  purposely  failed  material  shows  fiber 
pull-out  holes  where  the  exposed  fibers  exist  on  the  original  face.  This  demonstrates  that  Ae 
alumoxane  cross-linking  agents  do  not  effect  fiber  pull-out  in  an  appreciable  manner  while 
increasing  the  strength  of  the  matrix.  This  is  near  an  ideal  situation,  since  it  shows  that  the  fibers 
are  not  bound  to  the  epoxy  resin.  Normally,  it  would  take  a  great  deal  of  force  to  pull  a  fiber  from 
the  matrix,  however,  upon  impact,  energy  is  transferred  from  the  resin  to  the  fiber,  allowing  it  to 
“slip”  from  the  matrix.  The  result  of  this  energy  transfer  upon  collision  is  that  the  epoxide  is  left 
relatively  intact  while  the  fibers  are  fully  exposed  thus  creating  a  less  disastrous  material  failure. 
Hence,  the  functionalized  carboxylate-alumoxane  hybrid  resins  are  able  to  benefit  from  the 
incorporation  of  fibers  and  mats  while  at  the  same  time  allowing  for  a  reasonable  degree  of  fiber 
pull-out. 


Figure  2.  SEI  micrographs  of  the  surface  of  a  purposely  failed 
para-hydroxybenzoate-alumoxane  composite  resin  containing  fibers. 


EXPERIMENTAL 

The  functionalized  carboxylate-alumoxanes,  and  both  the  hybrid  and  composite  resins 
were  prepared  using  the  methods  published  previously.  The  various  alumoxanes  and  resins 
have  been  characterized  by  IR,  TGA,  and  solid  state  NMR.  For  fiber  incorporation,  an  aluminum 
molded  plate  was  placed  flat  on  a  countertop  and  coated  with  a  mold-release  agent.  The  pre-cured 
hybrid  resin  was  then  poured  onto  the  surface  of  the  plate,  and  fibers  or  matting  were  then 
layered  across  the  surface  of  the  resin.  Additional  fiber  and  resin  layers  were  then  added  as 
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desired.  A  top  mold  plate,  identical  to  the  bottom  plate,  was  placed  on  top  of  the  “sandwich”  of 
materials  and  held  in  place  with  C-Clamps,  The  entire  mold  was  wrapped  in  aluminum  foil  to 
prevent  spillage  of  the  resin  during  cure.  The  mold  was  then  placed  in  an  oven  at  150  °C  for  2 
hours  to  ^low  the  resin  to  completely  cure. 


CONCLUSIONS 

We  have  demonstrated  that  functionalized  carboxylate-alumoxanes  can  readily  be 
incorporated  into  both  hybrid  and  composite  epoxide  resin  systems  in  which  the  presence  of  the 
alumoxanes  improves  the  overall  cure  times,  temperatures,  and  physical  properties  of  the  organic 
resins.  Unlike  neat  organic  resins,  the  carboxylate-alumoxane  composite  resins  do  not  undergo 
significant  mold  shrinkage,  and  the  density  of  the  resultant  composites  is  uniform  and 
comparable  to,  or  higher  than,  that  of  the  neat  organic  resin. 
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ABSTRACT 

Replacing  the  current  on-chip  dielectric  materials  such  as  silicon  dioxide,  which  has  a 
dielectric  constant  of  approximately  4.0,  with  low  dielectric  constant  materials  can  greatly 
improve  the  performance  of  high  density  VLSI  device  by  reducing  crosstalk  and  capacitive 
delay.  Polytetrafluoroethylene  (PTFE)  has  the  lowest  dielectric  constant  (k  <  2.0)  of  any  full 
density  material,  which  makes  it  a  promising  candidate  for  this  IC  application.  Pure  PTFE  thin 
films  cast  from  PTFE  nanoemulsion  containing  sub-20nm  PTFE  particles,  though  thermally 
stable,  have  some  inherent  sub-optimal  properties.  These  include  adhesion  to  other  inorganic 
materials  and  mechanical  strength  at  high  processing  temperatures.  In  order  to  improve  these 
properties,  we  have  developed  a  PTFE  /  silicon  compound  nanocomposite  material.  Initial  tests 
have  shown  that  this  nanocomposite  material  has  significantly  improved  high  temperature 
mechanical  properties  and  interfacial  properties  between  the  composite  and  inorganic  materials 
such  as  silicon,  silicon  oxide,  silicon  nitride  and  some  metals.  The  surface  roughness  of  the  thin 
film  coatings  is  also  reduced  compared  to  pure  PTFE  thin  film  coatings.  The  coatings  require  no 
separate  adhesion  promoter  to  be  applied  to  the  substrate  prior  to  deposition.  Characterization 
work  has  been  carried  out  with  different  techniques  such  as  DMA,  ToF-SIMS,  XPS  and  AFM 
with  hydrofluoric  acid  (HF)  selective  etching,  in  order  to  understand  this  novel  nanocomposite 
and  its  surface  and  interfacial  properties. 

INTRODUCTION 

As  the  microelectronics  industry  continues  its  trend  towards  progressively  more  demanding 
applications,  the  need  for  low  dielectric  constant  materials  has  become  more  important  than  ever. 
Since  as  the  size  of  the  semiconductor  device  features  shrinks  without  an  accompanying 
reduction  in  die  size,  the  RC  delay  associated  with  materials  and  processes  used  in  interconnects 
contributes  an  increasingly  large  delay  to  signal  propagation  speed.  To  allow  the  industry  to 
realize  continued  device  performance  improvements,  two  basic  approaches  to  RC  time  constant 
reduction  have  been:  reduction  of  “R”  by  the  transition  from  aluminum-based  to  lower  resistivity 
copper-based  interconnect  metallization;  and  reduction  of  “C”  by  introduction  of  low  dielectric 
constant  materials  to  replace  SiOa.  In  many  cases,  both  paths  are  being  taken  simultaneously  to 
afford  the  largest  possible  benefit. 

PTFE  is  well  known  for  its  ultra  low  dielectric  constant  at  full  density,  which  makes  it  a 
promising  candidate  low-k  material.  Since  1995,  W.  L.  Gore  &  Associates,  Inc.  has  been 
developing  a  proprietary  PTFE  nanoemulsion  (SPEEDFDLM^^)  for  ultra  thin  film  coating 
applications.  Previous  work  has  proved  that  PTFE  thin  films  cast  from  the  Gore  PTFE 
nanoemulsion  have  very  good  thermal  stability  up  to  400®C,  excellent  electrical  properties,  as 
well  as  good  chemical  compatibility  with  all  known  chemicals  currently  used  in  the 
semiconductor  industry However,  there  were  also  some  noticeable  problems  with  the  first 
generation  pure  PTFE  material.  For  example,  in  some  occasions  the  instability  of  Si02  caps 
layered  on  top  of  pure  PTFE  thin  film  coatings,  such  as  blistering  and  wrinkling  during  high 
temperature  annealing,  has  been  observed.  In  addition,  an  adhesion  promoter  is  required  prior  to 
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coating  pure  PTFE  onto  Si  substrates.  This  extra  coating  step  not  only  complicates  the  coating 
process  but  also  increases  the  chances  of  contaminating  wafers. 

In  order  to  improve  the  high  temperature  mechanical  property  and  interfacia!  integrity  and 
simplify  the  coating  process,  a  PTFE/siloxane  nanocomposite  material  was  developed.  Unlike 
previous  composite  materials,  however,  there  are  some  constraints  that  limit  the  possible  types  of 
composites  that  could  potentially  be  produced.  First,  the  dielectric  constant  must  remain  low, 
preferably  below  2.2.  Second,  phase  separation  must  be  avoided,  because  the  materials  are 
intended  for  integration  into  very  fine  metal  structures,  where  line  to  line  pitches  could  be  less 
than  0.5  microns.  Any  inhomogeneity  could  degrade  the  performance  of  the  IC  devices  and  thus 
is  unacceptable.  Therefore,  a  composite  that  is  homogeneous  at  molecular  level  must  be 
developed. 

A  new  PTFE/siloxane  composite  material  has  been  developed  by  adding  a  small  amount  (< 
3wt%)  of  a  siloxane  into  the  Gore  PTFE  nanoemulsion  during  formulation.  Once  added,  the 
siloxane  undergoes  a  series  of  reactions  in  the  nanoemulsion.  The  color  change  from  clear  to 
yellow  is  one  of  the  most  noticeable  effects.  However,  the  emulsion  remains  stable  at  either  low 
(8°C)  or  high  temperature  (50®C)  for  weeks.  These  accelerated  aging  processes  indicate  that  the 
shelf  life  of  the  emulsion  could  be  months  at  room  temperature.  A  series  of  tests  have  proved  that 
an  adhesion  promoter  is  no  longer  needed  for  coating  this  new  PTFE/siloxane  nanoemulsion. 
Tests  have  also  shown  that  coated  films  have  higher  per  pass  crack  resistance  (>  Spm,  without 
adhesion  promoter)  compared  to  the  first  generation  pure  PTFE  coatings  (~  1.5pm,  with  adhesion 
promoter).  Improved  high  temperature  mechanical  properties  and  better  interfacial  integrity 
between  the  PTFE  and  SiOi  hard  masks  have  also  been  demonstrated. 

EXPERIMENTAL 

Several  nanoemulsion  samples  with  different  PTFE/siloxane  concentrations  were  prepared 
together  with  control  samples  of  pure  PTFE.  Then  sub-micron  thickness  PTFE  and 
PTFE/siloxane  films  were  spin  coated  onto  Si  wafers.  Coatings  were  done  on  a  SVG  8868  coater 
track.  Coated  Si  wafers  were  then  scanned  with  a  di-3100™  AFM  after  250®C  soft  bake  and 
390®C  sintering.  Both  soft  bake  and  sintering  were  performed  on  the  same  SVG  coater’ s  hot 
plate  in  air.  A  thin  layer  of  SiOa  was  deposited  in  a  PlasmaTherm’s  plasma  enhanced  chemical 
vapor  deposition  (PECVD)  tool.  The  stacked  Si02/PTFE  or  PTFE  composite  samples  were  later 
annealed  on  a  400®C  hot  plate  for  up  to  120  minutes  or  when  failure  occured.  Typical  failures  for 
these  type  of  stacks  include  blistering  and  haze  caused  by  Euler  buckling.  AFM  scans  combined 
with  HF  selective  etching  and  XPS  depth  profiling  were  performed  to  investigate  the  surface  and 
interfacial  properties. 

ToF-SEMS  and  HF  selective  etching  were  combined  to  reveal  possible  microphase  separation 
inside  the  PTFE/siloxane  thin  film  coatings. 

Dynamic  mechanical  analysis  (DMA)  is  a  typical  small  strain 
experiment  for  measuring  linear  viscoelasticity  of  polymer  melts. 

As  depicted  in  the  drawings  in  Figure  1,  a  polymer  sample  is 
sandwiched  between  two  parallel  plates.  At  the  set  temperature  a 
sinusoidal  strain  is  introduced  onto  one  plate,  while  the  response 
stress  is  recorded  from  the  other  plate.  Usually  within  a  few  cycles 
of  start-up,  the  stress  will  also  oscillate  sinusoidally  at  the  same 
frequency  but  in  general  will  be  shifted  by  a  phase  angle,  5,  with 
respect  to  the  strain  wave.  The  stress  and  strain  relationship  is 
shown  graphically  in  Figure  2  and  described  by  the  following 

mathematical  expressions;  Figure  1.  Parallel  plates 

y and  T  =  TQS\n{o)t +S  )  (1)  and  polymer  melt. 
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The  stress  wave  may  be  decomposed  into  two 


waves  of  the  same  frequency,  thus: 

r  =  r'  +  r"=r'oSinft)f +  r"oCOS6)f  (2) 

tan^  =  r"o/r'o  (3) 

Here  we  get  two  dynamic  moduli, 

G'  =  r'o  /  /q  ,  the  in-phase  elastic  modulus.  (4) 
G"=  r"o  / /q  ,  the  out-of-phase  viscous  modulus.  (5) 
Also  the  tan  of  phase  angle  can  be  re-written  as, 
tan<J  =  G'7G'  (6) 


Normally  a  DMA  experiment  is  performed  in  a 
certain  temperature  range  to  obtain  the  temperature 
dependent  mechanical  responses  of  the  test  materials. 
For  linear  crystalline  polymers  a  typical  elastic 
modulus  response  curve  is  illustrated  in  Figure  3. 
Characteristic  transitions  that  can  be  observed  are;  the 
glass  transition  (Tg),  the  crystalline  phase  melting 
transition  (Tm)  and  the  melt  flow  transition  (Tf).  DMA 
is  also  sensitive  to  picking  up  crosslink  effects. 


Time 

Figure  2.  Strain  (y)  and  stress 
wave  curve  (t),  component  stress 
wave  curves  (x’  and  x”)  and  strain 
rate  curve  (y). 


temperature 

Figure  3.  Schematic  showing  typical  elastic  modulus  vs.  temperature  curve  of  a  linear 
crystalline  polymer  with  characteristic  transitions  and  the  effects  of  crosslinking.  The 
shaded  area  is  the  actual  test  region. 


For  DMA  measurements  on  pure  PTFE  and  PTFE/siloxane  composite  materials, 
nanoemulsion  samples  were  baked  sequentially  at  105  ®C,  250  ®C  and  390  ®C  to  simulate  a 
standard  coating  process.  Final  powder  samples  were  then  pressed  into  thin  disks  for  DMA 
experiments.  A  Meometric  Scientific  ARES-LS-M  rheometer  with  25  mm  parallel  plates  at 
about  0.8  mm  gap  was  used  to  measure  the  viscoelastic  properties  of  the  PTFE  and 
PTFE/siloxane  melts  in  the  temperature  range  from  270  ®C  to  400  ®C. 


RESULTS  AND  DISCUSSION 

AFM  scans  in  Figure  4  show  dramatic  surface  morphology  changes  due  to  the  siloxane 
addition.  After  a  soft  bake  at  250  ®C,  pure  PTFE  shows  rod-like  PTFE  aggregations,  while  the 
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PTFE/siloxane  composite  samples  show  no  such  phenomenon.  The  surface  difference  becomes 
more  obvious  after  high  temperature  sintering.  The  roughness  of  the  composite  sample  is  greatly 
reduced,  which  was  also  observed  and  confirmed  using  optical  microscopy. 


»*  * 

.  V. 
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Figure  4.  AFM  scans  of  PTFE,  PTFE/siloxane  coatings,  a).  Pure  PTFE  after  250®C 
soft  bake;  b)  pure  PTFE  after  390®C  sintering;  c)  PTFE/siloxane  after  250*C  soft 
bake;  d)  PTFE/siloxane  after  390®C  sintering. 

Optical  micrographs  taken  after  the  Si02  capping  and  annealing  procedures  of  both  PTFE 
and  the  PTFE/siloxane  composite  coatings  are  shown  in  Figure  5  below.  In  both  cases,  CVD 
oxide  caps  about  300nm  thick  were  layered  on  the  top  of  pure  PTFE  or  PTFE  composite  thin 
films.  The  PTFE  and  PTFE  composite  films  are  about  SOOnm  thick.  The  Si02/pure  PTFE  stack 
actually  failed  (became  hazy)  after  20  minutes  of  annealing  at  400®C,  while  the  Si02/PTFE 
composite  stack  survived  even  after  120  minutes.  A  6;1  buffered  HF  solution  was  used  to  partly 
remove  the  Si02  cap  from  the  stack  samples  to  expose  the  underlying  PTFE  or  PTFE  composite 
surface.  A  Tencor  profilometer  was  used  to  profile  both  the  Si02  and  PTFE  or  PTFE  composite 
surfaces  yielding  arithmetic  roughness  values  of  33nm  for  the  pure  PTFE  sample  and  5nm  for 
the  PTFE  composite  material. 


Figure  5.  a)  Optical  micrographs  of  a  Si02/pure  PTFE  stack  taken  after  annealing  for  20 
minutes  at  400®C.  b)  Si02/PTFE  composite  stack  after  annealing  for  120  minutes  at 
400®C.  Oxide  cap  of  both  samples  (shown  on  the  left  side  of  each  figure)  was  removed 
using  HF. 

DMA  measurements  on  both  pure  PTFE  powder  and  PTFE  composite  powder  samples 
quantified  the  differences  observed  in  the  oxide  cap  annealing  test.  As  plotted  in  Figure  6,  DMA 
data  of  both  samples’  elastic  moduli  indicates  that  both  samples  have  a  melting  transition  at 
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320‘’C,  which  is  normal  for  the  specific  PIPE 
material.  The  pure  PIPE  sample  starts 
viscous  flow  at  360®C  (elastic  modulus  drops 
several  orders  of  magnitude),  while  the  PTPE 
composite  material  can  still  maintain  some 
elasticity  at  even  400®C,  which  is  the  upper 
temperature  limit  of  the  instrument.  Based  on 
the  sketch  in  Pigure  3,  it  may  be  observed 
that  the  PTPE  composite  material  has  a 
moderately  crosslinked  structure. 

Interestingly,  the  PTPE  composite  and  an 
ultra  high  molecular  weight  (UHMW)  PTPE 
sample  have  comparable  modulus  values  at 
400®C.  It  should  be  pointed  out  that  the 
UHMW  PTPE  has  Mn  of  60x10^  [g/mol], 
while  our  nanoemulsion  PTPE  has  Mn  of 
0.4x10^  [g/mol].  The  improvement  of  high 
temperature  mechanical  properties  of  the  nanoemulsion  PTPE  given  the  relatively  low  level  of 
siloxane  additions  is  remarkable. 

With  the  above  DMA  results,  it  is  possible  to  explain  what  was  observed  in  the  Si02  capping 
test.  PECVD  Si02  typically  has  a  residual  compressive  stress.  When  the  film  stack  is  annealed 
above  the  melt  flow  temperature  of  the  PTPE,  the  PTPE  can  flow  viscously.  Over  time,  in  this 
case  about  20  minutes,  this  viscous  flow  permits  Euler  buckling  of  the  compressed  Si02  film.  In 
the  case  of  the  PTPE/siloxane  composite  film,  the  melt  flow  temperature  has  been  raised  above 
400®C  and  no  flow  occurs. 

Optical  micrographs  taken  after  a  HP  selective  etch  results  on  pure  PTPE  and  PTPE 
composite  thin  films  are  shown  in  Pigure  7.  The  pure  PTPE  sample  shows  no  changes  following 
the  treatment.  The  slight  edge  lift  is  due  to  HP  attack  at  the  adhesion  promoter  present  at  the 
Si/PTPE  interface.  The  PTPE  composite  material  surface  shows  micron-sized  craters.  This 
indicates  the  presence  of  silica-like  material  in  the  thin  films.  APM  was  attempted  to  reveal 
possible  mechanisms  for  the  appearance  of  craters,  such  as  microphase  separations  caused  by 
silica  clusters  embedded  in  the  PTPE  matrix,  but  no  such  microphase  separation  was  observed. 
The  craters  are  about  60nm  deep  on  500nm  PTPE  composite  thin  films. 


Figure  7.  Optical  micrographs  taken  after  HP  selective  etching  on  both  pure  PTPE 
(a)  and  PTPE  composite  (b)  thin  films. 


To  investigate  the  possible  microphase  separation  inside  the  PTPE  composite  films,  ToP- 
SIMS  surface  elemental  analysis  was  carried  out.  Results  are  summarized  in  Pigure  8.  Por  as- 
received  sample  surface  mapping,  hydrocarbons,  fluorocarbon,  and  silicon  were  monitored 
(Pigure  8a).  The  PTPE  composite  surface  is  almost  100%  fluorocarbon.  The  trace  amounts  of 


temperature  ["C] 

Figure  6.  Elastic  modulus  measurements  of 
pure  PTPE,  PTPE  composite  and  Ultra  high 
molecular  weight  (UHMW)  PTPE. 
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hydrocarbon  are  likely  caused  by  surface  contamination  during  shipping  and  handling.  A  shallow 
crater  of  about  50nm  is  then  sputtered  into  the  composite  thin  film.  ToF-SIMS  elemental 
mapping  of  fluorocarbon,  carbon  and  silicon  is  then  performed  on  the  bottom  of  the  etched  crater 
(Figure  8b).  Uniformly  distributed  silicon  signal  is  detected  inside  the  FIFE  composite.  The  scan 
is  100  microns  by  100  microns.  No  microphase  separation  is  observed.  Quantitative  XPS 
analysis  on  the  bottom  gives  surface  concentration  of  silicon  of  2%,  which  further  confirmed  the 
ToF-SIMS  observation. 


Total  ions  Hydrocarbon/C  Fluorocarbon  Si 

Figure  8.  ToF-SIMS  surface  elemental  mapping  on  as  received  PTFE  composite  thin  film 
surface  (a)  and  50nm  deep  inside  the  thin  film  (b). 


CONCLUSIONS 

A  novel  PTFE/siloxane  nanocomposite  material  has  been  successfully  developed  with  very 
low  inorganic  material  concentration.  The  new  composite  material  shows  much  improved  high 
temperature  mechanical  properties  demonstrated  by  Si02  capping  and  annealing  tests  and  DMA. 
Unlike  other  composite  materials,  this  PTFE/siloxane  composite  is  a  true  molecular  level 
composite  material.  No  microphase  separation  is  detected.  A  complete  set  of  thin  film 
characterization  relative  to  the  IC  dielectric  applications  is  underway.  More  detailed  results  will 
be  published  in  several  forthcoming  papers. 

ACKNOLEDGEMENTS 

The  authors  acknowledge  special  contributions  by  fellow  Gore  associates  Jami  Riggs,  John 
Bartz,  Huey  Wu,  Mike  Zumbrum,  Jack  Hegenbarth.  Thanks  also  go  to  Dr.  Ken  Batzar 
(consultant),  Scott  Krahn  (intern),  Dr.  Paul  Vlasak,  John  Newman  and  Jim  Gibson  at  Physical 
Electronics,  Inc. 

REFERENCES 

1.  S.  C.  Sun  in  Low-Dielectric  Constant  Materials  II,  edited  by  Andr6  Lagendijk,  et  al,  (Mater. 
Res.  Soc.  Proc.  443,  Pittsburgh,  PA,  1997),  p.  85-90. 

2.  C.  T.  Rosenmayer,  in  Low-Dielectric  Constant  Materials  III,  edited  by  Carlye  Case,  et  al, 
(Mater.  Res.  Soc.  Proc.  476,  Pittsburgh,  PA,  1997),  p.  231-236. 

3.  C  .  W.  Macosko,  Rheology  Principles,  Measurements,  and  Applications,  (Wiley- VCH,  1994). 


380 


Proton  Conducting  Organic/Inorganic  Nanocomposite  Polymer 
Electrolytic  Membrane  Synthesized  by  Sol-Gel  Process 

I.  Honma,  *S.  Nomura  and  H.  Nakajima 

Energy  Fundamental  Division,  Electrotechnical  Laboratory,  AIST,  Umezono,  Tsukuba,  Ibaraki,  305- 
8568,  Japan,  ihonma@etl.go.jp 

*  Minase  Research  Institute,  Sekisui  Chemical  Co., Ltd.,  Osaka  618-8589,  Japan 


ABSTRACT 

In  this  paper,  new  synthetic  routes  have  been  investigated  for  the  preparation  of  Organic/inorganic 
nanocomposite  polymer  membranes  consisting  of  Si02  /PTMO(polytetramethylene  oxide)  hybrids 

and  novel  proton  conducting  materials.  These  materials  have  been  synthesized  through  sol-gel 
processes  in  flexible,  ductile,  free-standing  thin  membrane  form.  The  hybrid  membrane  has  been 
found  to  be  thermally  stable  up  to  160  C  and  possesses  proton  conductivities  of  approximately 

10'^  S/cm  from  a  room  temperature  to  160  C. 

INTRODUCTION 

Recently,  new  synthetic  routes  have  been  developed  for  the  preparation  of  organiiVinorganic 
hybrid  materials  as  realistic  ionic  conducting  membranes  for  electrochemical  devices  such  as  fuel  cells 

and  batteries^ In  those  materials,  the  structure  of  the  hybrid  has  been  designed  at  a  molecular 
scale  to  possess  fast  proton  as  well  as  Lithium  ion  conduction  through  mostly  manipulating  organic 

ligand  to  inorganic  surfaces^ 

In  this  paper,  a  new  class  of  organic/inorganic  nanocomposite  membranes  consisting  of 
Si02  /  Polymer  (PEO:  Polyethylene  Oxides;  PPO:  polypropylene  oxide;  PTMO:  polytetrapropylene 

oxide)  hybrids  have  been  synthesized  through  sol-gel  processes.  Membranes  doped  with  an  acidic 
moiety  such  as  12-phosphotungstic  acid  (PWA)  show  high  proton  conductivities  at  temperatures  up 

to  160  and  were  found  to  be  flexible,  as  well  as,  thermally  stable  due  to  the  closs-linking  with 
temperature  tolerant  polymer  frameworks  in  the  hybrids.  The  effect  of  molecular  structure  and 
molecular  weight  of  the  polymers  have  been  studied  on  the  thermal  stability  and  proton  conducting 
properties  of  the  membranes. 


EXPERIMENT 

Molecular  Design  of  the  Hybrid  Membrane 

Molecular  precursors  designed  for  organic/inorganic  hybrid  membranes  have  been  developed 

in  our  previous  papers^^"^^^.  Organic  polymers  of  polyethylene  oxide  (PEO),  polypropylene  oxide 
(PPO),  and  polytetramethylene  oxide  (PTMO)  have  been  closs-linked  with  alkoxysilanes  through 
isocyanato  coupling.  These  precursors  then  hydrolyze  and  condense  to  form  macromolecules  of 
flexible,  glassy  hybrid  materials  as  shown  in  fig.  1.  In  the  present  work,  the  molecular  weight  of 
PEO,  PPO,  and  PTMO  have  been  systematically  changed  to  control  the  thermal  stability  and  proton 
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conductivity  of  the  hybrid  electrolyte  membranes.  In  particular,  PEO600  (molecular  weight  of  PEO  is 
600),  PPO700,  PTMO250,  PTMObSO  and  PTM02000  (Wako  Pure  Chemical)  have  been  used  for 
studying  the  effects  of  molecular  structure  and  molecular  weight  on  the  thermal  and  conductive 
properties  of  the  membrane. 

Membrane  Synthetic  procedure 

Figure  2  inset  shows  a  synthetic  route  of  the  production  of  a  silica/PTMO  hybrid  membrane. 
Endcapped  precursor,  i.e.,  triethoxysilane  derivatized  PTMO  250,  650,  2000,  was  made  by  reacting 
icocyanatopropyltriethoxysilane  with  polytetramethyleneglycol  (PTMG),  separately.  Then  it  is 
dissolved  in  isopropanol  solution  and  stirred  for  1  hour.  Propylene  carbonate  (PC)  and  PWA  were 
then  added  to  the  above  solution  and  further  stirred  for  20  minutes.  The  doping  amount  of  PC  and 
PWA  was  changed  from  0  %  (non-doped)  to  100  %  by  weight.  The  solutions  were  cast  in  a  flat 
vessel  and  annealed  in  a  dry  atmosphere  overnight.  The  first  step  annealing  was  conducted  at  60  C , 
for  12  hours  to  allow  condensation  of  the  membrane,  while  the  second  step  annealing  was  conducted 
at  140  C  for  3  hours.  This  second  step  was  also  performed  to  further  strengthen  the 
organic/inorganic  hybrid  network.  Propylene  carbonate  (PC)  molecules  are  also  incorporated  to 
dissolve  protons  from  PWA  clusters. 

Conductivity  measurements 

Electrical  conductivity  of  hybrid  electrolyte  membrane  was  measured  by  two  terminal 
impedance  spectroscopic  method  using  a  computer-aided  frequency  response  analyzer  (Solartron 
1260)  at  frequency  range  IHz  ~2MHz  at  various  temperatures,  pressures  and  humidities.  When  the 
conductivity  of  the  membrane  was  measured  above  lOOC,  the  total  pressure  was  elevated.  Humidity 
against  membrane  was  controlled  by  the  temperature  of  the  humidifier  units,  where  the  humidifier 
cell  temperature  was  kept  10  degree  higher  than  the  measuring  cell,  and  saturated  water  vapor  was 
supplied  to  the  measuring  cell  even  at  temperatures  above  lOOC.  For  example,  the  cell  was 
pressurized  to  6  atm  at  160C  measurement.  The  protonic  conductivities  were  measured  in  the  typical 
frequency  region  (~  lO^Hz)  of  relaxations  for  usual  proton-conducting  polymer  electrolytes.  The 
measuring  system  was  same  as  our  previous  papers^^"^^’^^^. 


RESULTS  AND  DISCUSSIONS 

The  membranes  were  synthesized  as  transparent,  flexible,  homogeneous  materials  in  a  large 
concentration  range  of  PWA  and  PC  concentration  with  doping  rate  up  to  100  wt%.  Thermal 
stability  of  the  hybrid  membranes  were  studied  in  two  annealing  steps  of  60C  for  12  hours  and 
140C  for  3  hours. 

In  spite  of  the  heavy  doping,  PWA  have  never  leaked  out  from  the  hybrid  membrane, 
suggesting  that  all  the  doped  PWA  was  chemically  incorporated  into  the  organic/inorganic  hybrid 
network  (fig.3).  While  the  PWA  doping  into  silica  has  been  studied  through  sol-gel  processes, 
PWA-silica  interface  interactions  were  studied  elsewhere  and  it  is  suggested  that  PWA  is  stabilized 
within  the  silica  skeleton  and  the  two  forms  of  entrapped  PWA  in  nanophases  of  silica  can  be  existing; 

one  is  in  contact  with  silanol  groups  of  the  silica  and  the  other  is  silica  matrix^ 

Figure  4  shows  the  effects  of  PC  doping  concentration  on  the  membrane  (synthesized  by 
PTMO650  and  PWA  of  50%  annealed  at  140  C)  proton  conductivities  for  (a)  0%,  non-doped,  (b)  25 
wt%  and  (c)  50  wt%,  respectively.  Although  the  conductivity  increases  with  temperature  for  these 
samples,  The  conductivity  with  higher  PC  doped  membrane  has  larger  proton  conductivity.  This  is 
probably  due  to  the  enhanced  proton  dissociation  and  mobility  by  PC  incorporations.  Water  molecules 
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C2H5O— Si~(CH2)3~N~C-0-(-(CH2)n“0)-C-N— (CH2)3— Si— OC2H5 
OC2H5  OC2H5 


Figure  1.  A  molecular  design  of  silica  (Si02)/polymer  nanocomposites,  where  the  PEG, 

PPG,  PTMG  were  end-capped  by  triethoxysilane  or  trimethoxysilane  through  isocyanato 
coupling.  The  chain  length  of  the  polymer  part  can  be  controlled  by  molecular  weight. 


Figure  2 .  A  synthetic  route  to  the  production  of  a  silica/PTMO  hybrid  membrane. 
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I  Hydrolysis  and  Condensation 


Figure  3.  Organic/inorganic  hybrid  precursors  hydrolyze  and  condense  at  PWA 
surfaces  with  structural  water  to  form  a  proton  conducting  membrane. 


Temperature  /  °C 

Figure  4 .  Effects  of  PC  doping  concentration  on  the  membrane  (synthesized  by 
PTMO650  and  PWA  of  50%  annealed  at  140  C)  conductivities  for  (a)  0%,  non-doped, 
(b)  25  wt%  and  (c)  50  wt%,  respectively. 
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are  incorporated  in  the  membrane  by  humidity  conditions,  however,  PC  might  be  used  as  proton 
carriers  for  possessing  large  dielectric  constant  for  dissociation,  similar  to  that  of  water.  The 
conductivity  of  approximately  10'^  S/cm  was  achieved  at  160  C  in  these  doped  membranes. 

These  results  show  that  the  general  feature  of  the  conductivity’s  change  is  not  the  same  as 
that  of  other  proton  conducting  polymer  membranes  such  as  Nafion.  Nafion  has  almost  identical 
proton  conductivity  in  a  wide  temperature  range  from  R.T.  to  100  C  when  it  is  fully  humidified, 
while  our  hybrid  membrane  has  thermally  activated  proton  conductivity  from  R.T.  to  160  C.  As 
temperature  is  increased,  the  conductivity  increases  at  logarithmic  scale  even  with  saturated 
humudities.  This  is  probably  due  to  the  fact  that  the  protons  on  the  PWA  surfaces  need  thermally 
activated  processes  for  dissociation  to  hydrated  forms  such  as  H^O'^'and  The  conduction 

mechanism  is  quite  similar  to  the  novel  fast  proton  conduction  in  inorganic  ion-exchange 

compounds^^^"^^l  The  thermal  stability  is  enhanced  for  hybrids  with  PTMO  250  and  PIMO 
650,  as  no  discernible  chemical  change  or  mechanical  degradation  was  observed  after  several  hours. 
The  hybrid  membrane  was  much  stable  than  Nafion  at  elevated  temperature  range  higher  than  100  C. 


CONCLUSION 

High  temperature  proton  conducting  polymer  membranes  have  been  synthesized  through  the 
sol-gel  processing  of  organic/inorganic  nanocomposites  consisting  of  Si02  /polymer  hybrid 

materials.  The  hybrid  membrane  doped  with  12-phosphotungstic  acid  (PWA)  shows  good  proton 
conductivities  at  temperatures  above  100  ®C.  The  proton  conductivities  of  10'^  -  10'^  S/cm  at  160 

®C  has  been  achieved  under  humid  conditions.  These  organic/inorganic  hybrid  membrane  can  be 
identified  as  a  remaricable  family  of  proton  conducting  solid  polymer  electrolytes  which,  potentially, 
provides  new  technological  applications  for  high  temperature  electrochemical  devices  including 
polymer  electrolyte  fuel  cells,  water  hydrolysis,  chemical  sensors  and  other  electrochemical  devices. 


References 

1.  L.Depre,  J.Kappel  and  M.Popall,  Electrochimica  Acta,  43,  1301  (1998) 

2.  M.Popall  andH.Durand,  Electrochimica  Acta,  37,  1593  (1992) 

3.  F.Croce,  G.B.Appetecchi,  L.Persi  and  B.Scrosati,  Nature,  394,  456  (1998) 

4.  G.R.Goward,  F.Leroux  and  L.F.Nazar,  Electrochimica  Acta,  43,  1307  (1998) 

5.  J-Y.Sanchez,  A.Denoyelle  and  C.Poinsignon, 

Polymers  for  Advanced  Technologies,  4, 99  (1993) 

6. 1.Gautier-Luneau,  A.Denoyelle,  J.Y. Sanchez  and  C.Poinsignon, 
Electrochimica  Acta,  37,  1615  (1992) 

7.  Y.Charbouillot,  D.Ravaine,  M.Armand  and  C.Pomsignon, 

J.  Non-Crystalline  Solids,  103, 325  (1988) 

8.  G.Vaivars,  J.Kleperis,  A.Azens,  C.G.Granqvist  and  A.Lusis, 

Solid  State  Ionics,  97,365  (1997) 


385 


9. 1.  Honraa,  S.  Hirakawa,  K.  Yamada  and  J.M.  Bae, 

Solid  State  Ionics,  118,  29  (1998) 

10. 1.  Honma,  S.  Hirakawa  and  J.M,  Bae 

Proceeding  MRS  Fall  meeting,  Nov.30,  1998  Boston  MA,  USA 

11. 1.  Honma,  S.  Hirakawa  and  J.M.  Bae, 

Proc.  Electrochemical  Society  194th  meeting,  Nov.  4.  1998  Boston  MA,  USA 
12.  J.M.  Bae,  S.Hirakawa  and  I.  Honma 

Proc.  lUMRS-ICEM,  August  25,  1998  Cheju  Island,  Korea 
13.0.  Nakamura,  T.  Kodama,  I.  Ogino  and  Y.  Miyake, 

Chem.  Lett.  1979,  17 

14.  M.Tatsumisago,  H.Honjo,  Y.  Sakai  and  T.  Minami, 

Solid  State  Ionics,  74,  105  (1994) 

15.  U.B.Moic,  S.K.Milonjic,  D.Malovic,  V.Stamenkovic,  Ph.  Colomban, 

M.M.Mitrovic,  R.Dimitrijevic,  Solid  State  Ionics  97,  239  (1997) 

16. 1.  Honma,  Y.  Takeda  and  J.M.  Bae, 

Solid  State  Ionics,  120, 255  (1999) 

17.  W.A.  England,  M.G. Cross,  A.Hamnett,  P.J.Wiseman  and  J.B.  Goodenough, 

Solid  State  Ionics,  1, 231  (1980) 

18.  K.D.  Kreuer,  Solid  State  Ionics,  94,  55  (1997) 

19.  K.D.Kreuer,  A.Fuchs,  M.Ise,  M. Spaeth  and  J.Maier, 

Electrochimica  Acta,  43,  1281  (1998) 

20.  Y.Sone,  A.Kishimoto  and  T.  Kudo, 

Solid  State  Ionics,  66,  53  (1993) 


386 


MODIFIED  SOL-GEL  SYNTHESIS  OF  VANADIUM  OXIDE  NANOCOMPOSITES 
CONTAINING  SURFACTANT  IONS 


ARTHUR  DOBLEY,  PETER  Y.  ZAVALIJ,  AND  M.  STANLEY  WHITTINGHAM. 

Chemistry  Department  and  Materials  Research  Center,  State  University  of  New  York  at 
Binghamton,  Binghamton,  New  York  13902-6016,  U.S.A. 

ABSTRACT 

Recently,  there  has  been  much  interest  in  creating  new  layered  transition  metal  oxides. 
Vanadium  oxides  may  be  used  as  sorbents,  catalysts,  and  cathodes  in  lithium  batteries.  The 
modified  sol-gel  technique  allows  for  some  control  towards  the  final  structure  of  the  compound. 
Using  this  technique,  a  new  layered  vanadium  oxide  compound  - 1,  containing  the  surfactant 
dodecylphosphate,  has  been  synthesized.  After  the  removal  of  the  organic  ligand  a  new 
compound  -  II  is  formed  which  might  be  hexagonal.  The  compounds  were  analyzed  using  XRD, 
TGA,  SEM,  and  NMR.  V02P03(0H)Ci2H25(H20)n  is  the  general  formula  of  the  layered  product 
I  with  a  layer  spacing  of  about  40  angstroms.  II  appears  to  be  hexagonal  with  a  =  43A.  The 
synthesis,  composition,  and  structure  of  these  compounds  are  discussed. 

INTRODUCTION 

Since  the  diseovery  at  Mobil  [1,2]  of  MCM-41,  a  mesoporous  structured  aluminum 
silicate,  there  has  been  a  great  interest  in  extending  the  research  to  include  transition  metals  [3, 4]. 
However,  very  little  of  this  work  has  targeted  vanadium  oxides.  This  is  surprising  as  many 
vanadium  oxide  compounds  are  of  particular  interest  as  they  have  many  potential  commercial 
applications  such  as:  molecular  sieves,  sorbents,  catalysts,  and  energy  storage  devices.  Vanadium 
oxides  have  a  particularly  rich  structural  chemistry  [5]  and  have  also  been  found  to  form  a  wide 
range  of  inorganic/organic  materials  [6].  Along  with  the  quest  of  discovering  new  materials 
analogous  to  MCM-41,  new  techniques  are  being  used  to  synthesize  these  compounds.  One  of 
the  techniques  is  the  modified  sol-gel  method.  Sol-gel  synthesis  involves  a  sol  (a  fluid  colloidal 
system)  turning  into  a  gel  (jelly-like  mass  with  3D  system).  This  occurs  by  a  metal  alkoxide 
undergoing  hydrolysis  and  polymerization.  Further  drying  yields  a  xerogel.  Organics  present  in 
produet  make  it  a  ‘modified’  sol-gel.  Templating,  done  by  surfactants,  forms  micelles  (shapes)  in 
solution.  Metal  oxides  can  be  fashioned  to  a  particular  shape  (i.e.  tunneled,  layered  structures) 
around  these  micelles.  Then  the  surfactants  can  be  removed  to  leave  behind  the  metal  oxide  in  the 
desired  shape.  Earlier  work  in  our  laboratory  showed  that  vanadium  oxide  surfactant  materials 
were  not  mesoporous,  despite  TEM  indications  of  a  40A  lattice,  but  rather  Keggin-like  vanadium 
oxide  clusters  [7,  8].  Single  crystal  X-ray  diffraction  confirmed  the  presence  of  clusters  and  of 
organic/inorganic  system  swellable  by  a  wide  range  of  solvents  [9]. 
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EXPERIMENTAL 

A  modified  sol-gel  method  [10]  was  used  to  react  a  vanadium  alkoxide  with  the  surfactant 
dodecylphosphate.  The  air  sensitive  reagents  required  the  use  of  a  double  manifold  system  with 
vacuum  and  argon  gas  lines,  together  with  ground  joint  glassware.  Also  a  means  of  cooling  the 
violent  or  exothermic  reactions  is  needed,  and  water  or  slush  baths  were  used  for  this  purpose,  A 
reflux  set  up  was  used  with  a  cooling  bath  of  ice  water  to  react  5  grams  of  sodium  metal  (Aldrich) 
with  300  ml  of  isopropanol  (Aldrich)  in  300  ml  of  diethyl  ether  (Aldrich).  After  completion  of 
the  reaction  the  alcohol  and  ether  were  removed  by  vacuum  to  leave  the  white  needle  like  crystals 
of  NaOCH(CH3)2.  The  following  synthesis,  of  the  vanadium  alkoxide,  was  modified  from  that  of 
Turevskaya  [1 1],  About  250  ml  of  dry  diethyl  ether  was  added,  and  a  dry  ice  acetone  bath  was 
applied.  3.4  ml  of  VCU  (Aldrich)  was  added  slowly  via  a  syringe  to  the  reaction  vessel.  The 
resulting  NaCl  was  removed  along  with  the  ether  to  leave  V[OCH(CH3)2]4.  Vanadium  (IV) 
isopropoxide  was  then  reacted  with  acetylacetone  (also  known  as  2,4-pentanedione  from 
Aldrich)  with  a  1 :1  molar  ratio  in  isopropanol.  Acetylacetone  acts  as  a  chelating  agent  to  slow 
down  the  hydrolysis  reactions  of  the  metal  alkoxide.  If  hydrolysis  occurs  too  fast  then 
amorphous  phases  will  be  obtained.  The  isopropanol  (iPrOH)  was  removed  by  vacuum.  A  3.4 
wt%  aqueous  solution  of  the  surfactant  was  prepared  by  dissolving  dodecylphosphate,  from 
Lancaster,  into  pH5  adjusted  water  (with  concentrated  HCl).  The  reactants,  in  the  molar  ratio  1 
V[0CH(CH3)2]4  :  1  acetylacetone  (acac) :  1  surfactant  :1  KCl  were  mixed  and  then  heated  at  80®C 
for  5  days,  washed  with  water,  then  dried  at  120‘’C  for  Iday.  The  product  obtained  will  be  called 
Material  I.  After  drying  the  product  was  black  in  color  suggesting  partial  reduction  of  the 
vanadium.  This  synthesis  scheme  is  shown  on  the  next  page. 

Samples  were  characterized  via  X-ray  powder  diffraction  on  a  Phillips  PW3040-MPD 
powder  diffractometer  using  CuKfx  radiation,  fitted  with  an  Anton  Paar  heating  stage  model 
HTK-10  calibrated  to  the  m.p.  of  lead.  Thermal  gravimetric  analysis,  to  determine  water  and 
organic  content  as  well  as  overall  stability,  was  done  on  a  Perkin  Elmer  TGA  7.  Magic  angle 
spinning  NMR  analysis  was  performed  on  a  Bruker  AC-300  MHz  instrument  set  up  for  solids; 
concentrated  phosphoric  acid  (aq)  used  as  a  reference  for  ^'p  NMR.  Electron  Microprobe 
analyses  and  SEM  photographs  were  obtained  on  a  JEOL  2000  Electron  Microprobe. 

RESULTS  AND  DISCUSSION 

Material  I  upon  drying  was  a  black  hardened  gel  with  small  variations  in  color,  after 
grinding  it  became  gray.  Initial  results  from  XRD  indicated  the  presence  of  NaCl  and  KCI  salts, 
byproducts  of  the  synthesis.  These  were  removed  by  washing  the  sample  with  reverse  osmosis 
water.  Thermal  gravimetric  analysis  was  performed  in  both  oxygen  and  nitrogen  gas  (fig  1)  which 
revealed  a  weight  loss  of  9.25%  for  H2O,  and  42.6%  for  the  hydrocarbon  chain  of  the  surfactant. 
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Table  1.  Synthesis  Scheme 


Na(s)  +  isopropanol 

jo°c 

NaOCH(CH3)2  +  H2  (g)  +  heat 

I  \ 


vacuum 


4  NaOCHCCH^  +  VCU  +  Et20 
|-78°C 

V[0CH(CH3)2]4  +  4  NaCl  (s) 

^  Filter  salt,  vacuum 
V[0CH(CH3)2]4  (s) 


i 

1  V[0CH(CH3)2]4  (iPrOH)  +  1  acetylacetone  (acac) 

V[OCH(CH3)2]3(acac)  +  HOCH(CH3)2 
i  Vacuum  off  iPrOH 


i' 


V[OCH(CH3)2]3(acac)  +  surfactant  (aq)  +  KCl  ->  Product 
(Heat  80°C  for  5  days,  wash  with  water,  120°C  for  Iday) 


Figure  1 .  TGA  curve  of  material  I  in  an  oxygen/nitrogen  atmosphere. 
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The  TGA  of  the  surfactant  itself  showed  a  steep  weight  loss  around  200°C,  which  is  also  seen  in 
the  TGA  of  the  sample.  The  surfactant  was  removed  by  calcination  in  air  to  400°C  giving  a  new 
compound  -  Material  II.  This  then  absorbs  water  from  the  atmosphere  and  upon  heating  shows 
about  5%  wt.  loss.  This  supports  a  molecular  formula  of  V02P03(0H)Ci2H25  2H2O  for  I. 

The  electron  microprobe  images  showed  a  layered  morphology  for  Material  1.  The  image 
for  Material  II  showed  that  the  layering  no  longer  existed  and  that  a  new  organization  was  seen. 
Elemental  analysis  by  EDS  (energy-dispersive  spectroscopy)  exhibited  the  strong  presence  of  V 
and  P,  with  small  traces  of  Na  and  K  in  both  materials. 

The  XRD  pattern  of  Material  I,  shown  in  figure  2a  is  consistent  with  a  layered  structure 
with  d  values  at  40A,  20A,  12.3  A.  and  9.7A.  This  lattice  spacing  of  40A  is  consistent  with  a 
bilayer  of  surfactant  molecules  sandwiched  between  two  sheets  of  vanadium  oxide.  No  evidence 
for  residual  NaCl  or  KCl  was  observed.  After  the  removal  of  organic  this  simple  layered  structure 
was  changed.  Material  II  showed  just  two  peaks,  shown  in  figure  2b,  with  d  spacing  values  of 
37A  and  22A.  These  are  consistent  with  a  hexagonal  lattice  with  a=43  A,  but  do  not  prove  the 
hexagonal  symmetry. 


Figure  2.  X-ray  diffraction  patterns  (a)  for  I  the  as-prepared  sample,  and  (b)  for  II  the  calcined 
sample. 

The  ^^PMAS  NMR  spectrum  of  material  I  is  shown  in  figure  3.  Concentrated  aqueous 
phosphoric  acid  was  used  as  the  phosphorus  reference.  The  phosphorus  in  the  surfactant 
dodecylphosphate  showed  no  shift  relative  to  phosphoric  acid.  Figure  3  shows  two  peaks  for 
Material  I  at  about  0  and  -10  ppm;  the  latter  suggests  one  OH  on  the  phosphorus.  While 
Material  II  showed  no  peaks  even  after  running  over  night.  Additional  data  is  being  obtained  on 
material  II  as  well  as  on  the  vanadium  nuclei. 
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150 


Figure  3.  The  MAS  NMR  spectrum  of  Material  I,  suggesting  two  phosphorus  sites. 
CONCLUSIONS 


From  the  data  Material  I  is  a  bilayer  of  surfactant  molecules  aligned  with  their 
hydrophobic  hydrocarbon  ‘tails’  together,  and  their  phosphate  ‘heads’  sticking  out  and  bonded 
to  or  in  a  layer  of  vanadium  oxide  giving  a  40A  interlayer  distance.  The  TGA  is  consistent  with 
the  empirical  formula  of  V02P03(0H)Ci2H25  2H2O.  Interestingly  when  Material  I  is  heated  in 
air  to  400°C  the  compound  undergoes  a  phase  change.  At  this  temperature  the  hydrocarbon 
portion  of  the  surfactant  has  combusted  with  only  the  phosphate  remaining  with  the  vanadium 
oxide.  Phosphates  are  tetrahedra  which  may  have  an  oxygen  bonded  to  a  proton.  The  ^’P  MAS 
NMR  of  Material  I  is  not  very  clear  but  the  signal  at  -lOppm  can  be  interpreted  as  one  proton 
being  on  the  phosphate.  As  for  Material  II  the  V  to  P  ratio  should  still  be  1  to  1  from  the  molar 
ratio  of  reagents,  the  chemistry  and  TGA.  But  now  the  structure  has  changed  to  what  looks  like 
a  hexagonal  phase  with  a=43  A;  37A  (100)  and  Ilk  (110).  More  evidence  is  needed  for  the 
elucidation  of  the  unit  cell  for  both  materials.  Further  NMR  experiments  and  additional  elemental 
analysis  will  help  determine  the  structure. 
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ABSTRACT 

Diamine  vanadium  oxide  nanotubes  (DA-VOx-NTs)  have  been  prepared  in  high  yields 
applying  two  different  synthesis  routes,  namely  either  a  sol-gel  reaction  followed  by  a 
hydrothermal  treatment  or  an  exchange  reaction.  The  first  route  is  analogous  to  the  well-known 
preparation  of  VOx-NTs  containing  monoamines:  a  vanadium(V)  alkoxide  is  mixed  with  an  a,co- 
diamine  (H2N[CH2]nNH2  with  12<n<20),  the  resulting  adduct  is  hydrolyzed,  and,  after  aging,  a 
hydrothermal  treatment  leads  to  the  nanotubes  in  pure  form.  The  exchange  of  the  monoamine 
template  in  VOx-NTs  against  diamines  represents  an  alternative  access  to  DA-VOx-NTs.  This 
reaction  occurs  readily  and  is  also  applicable  for  diamines  with  short  CH2  chains  like,  e.g.,  in 
ethylene  diamine.  The  TEM  characterization  of  the  DA-VOx-NTs  confirms  the  tubular 
morphology  which  is  widely  preserved  in  the  products  of  the  exchange  reactions.  The 
characteristic  feature  of  as-synthesized  DA-VOx-NTs  is  a  thick  tube  wall  with  many  VOx  layers 
while  the  exchange  products  are  tubes  comprising  thin  walls  or  bent  packs  of  layers. 

INTRODUCTION 

The  recently  discovered  vanadium  oxide  nanotubes  (VOx-NTs)  [1-4]  represent  a  further 
example  for  nano  phases  crystallizing  with  a  tubular  morphology  [5]  and,  moreover,  contribute  to 
the  multitude  of  vanadium  oxide  derivatives  [6,7].  This  novel  vanadate  with  mixed  valency 
has  been  obtained  as  the  main  product  of  a  sol-gel  reaction  followed  by  hydrothermal 
treatment  from  vanadium(V)  precursors  and  primary  monoamines  (CnH2n+iNH2  with  4<n<22).  In 
the  course  of  the  synthesis,  which  provides  an  easy  access  to  large  quantities  of  this  material,  the 
amines  act  as  structure-directing  templates.  Furthermore,  a,co-diamines  (H2N[CH2]nNH2  with 
12<n<20)  are  also  applicable  as  templates  [4],  In  this  contribution,  we  present  an  alternative 
synthesis  route  for  diamine-containing  nanotubes  and  discuss  the  structural  properties  in 
comparison. 

EXPERIMENT 

Synthesis 

A  solution  of  vanadium(V)  triisopropoxide  and  a  template  (molar  ratio  of  2:1)  in  absolute 
ethanol  was  stirred  under  inert  atmosphere  for  1  hour.  Primary  monoamines  (CnH2n+iNH2  with 
4<n<22)  or  a,co— diamines  (H2N[CH2]nNH2  with  12<n<20)  can  be  used.  The  resulting  yellow 
solution  of  the  alkoxide-amine  adduct  was  hydrolized  with  water  under  vigorous  stirring,  and, 
after  aging  (12-96  h),  a  vanadium  oxide-surfactant  composite  was  obtained.  The  hydrothermal 
reaction  of  this  composite  in  an  autoclave  (180*^0;  7  d)  yielded  a  black  product.  After  washing 
with  ethanol  and  hexane,  the  product  is  phase-pure,  consisting  of  tubes  only. 

The  exchange  reactions  were  performed  by  stirring  a  suspension  of  monoamine  tubes  (about 
100  mg)  in  25  ml  ethanol  with  an  excess  of  the  exchanging  diamine  H2N[CH2]nNH2  with  n  =  2, 
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Table  I:  Exchange  Reactions.  The  inter-layer  distances  (XRD  data)  of  as-synthesized  mono¬ 
amine  VOx-NTs  before  exchange  and  of  diamine  VOx-NTs  after  exchange  with  a,(0- 
diamines  are  listed.  The  composition  of  some  exchange  products,  as  determined  by 
elemental  analysis,  are  also  given  and  compared  to  that  of  the  monoamine  Ci2-VOx-NTs 
(see  text). 


As-synthesized 
monoamine  Cn- VOx-NTs 

Diamine  exchanged  VOx-NTs: 
Cn-DA-VOx-NTs 

CnH2„.lNH2 

Distance 

H2NCnH2nNH2 

Composition 

Distance 

n 

[nm] 

n 

inml 

4 

1.66 

2 

- 

1.58 

6 

2.00 

2 

- 

1.3 

11 

2.62 

2 

- 

1.62 

16 

3.35 

2 

- 

1.5 

16 

3.35 

6 

- 

1.52 

6 

2.00 

12 

- 

1.84 

11 

2.62 

12 

- 

1.83 

16 

3.35 

12 

- 

1.86 

8 

2.24 

20 

- 

3.1 

12 

2.60 

2 

VO2.40iC2H10N2l0.27 

1.55 

12 

2.60 

6 

V  02.4o[C6H  1  8N2]o.  1 7 

1.4 

12 

2.60 

12 

V  O2.40[C  1  2H3oN2]o.  1 8 

1.9 

12 

2.60 

14 

VO2.40iC14H34N2l0.2i 

2.6 

12 

2.60 

VO2.40lC12H28Nlo.27 

6,  12,  14,  or  20  (about  2/3  mol  equivalent  with  respect  to  the  amount  of  monoamine  in  the  tubes) 
for  12-24  hours  at  room  temperature  (Table  I). 


Structural  Characterization 

X-ray  powder  diffraction  (XRD)  diagrams  were  measured  in  the  transmission  mode  on  a 
STOE  STADI-P2  diffractometer  (CuKaj  radiation).  Transmission  Electron  Microscopy  (TEM) 
investigations  were  performed  on  a  CM30ST  microscope  (Philips;  LaB6  cathode,  operated  at  300 
kV).  For  the  investigation  of  the  longitudinal  shape  and  structure,  the  nanotube  material  was 
deposited  onto  a  perforated  carbon  foil  supported  on  a  copper  grid.  In  order  to  observe  the 
structure  perpendicular  to  the  tube  axis,  a  cross-sectional  preparation  technique  was  applied  as 
described  elsewhere  [4]. 

RESULTS 

As-svnthesized  DA-VOv-NTs 

The  product  of  the  final  hydrothermal  treatment  consists  almost  exclusively  of  nanotubes  as 
revealed  in  TEM  images.  The  tube  length  is  up  to  10  pm.  The  tube  ends  are  usually  open  (Figure 
la).  Like  in  the  case  of  monoamine-containing  VOx-NTs  [4],  the  tube  walls  are  built  up  of 
crystalline  vanadium  oxide  layers  with  the  template  embedded  in  between.  These  VO*  layers 
appear  as  dark  lines  in  the  TEM  images  (Figure  1).  The  intercalation  of  the  template  molecules 


394 


Figure  1.  TEM  images  of  as-synthesized  C2o-DA-VOx-NTs.  (a)  A  nanotube  with  an  open  end 
in  longitudinal  projection,  (b)  Cross-sectional  view.  A  small  tube  consisting  of  four  concentric 
layers  is  present  besides  multi-layered  scrolls  with  large  diameters. 


between  the  VOx  layers  is  evident  from  the  increase  of  the  inter-layer  distance  with  increasing 
CH2  chain  length;  e.g.,  Ci2-DA-VOx-NTs:  1.91  nm  and  C2o-DA-VOx-NTs:  2.9  nm  (XRD 
results). 

The  outer  diameters  of  the  DA-VOx-NTs,  typically  ranging  from  100  to  150  nm  (Figure  1), 
are  larger  than  those  of  monoamine  VOx-NTs.  Their  comparatively  thick  walls  generally 
comprise  10-30  VOx  layers.  Cross-sectional  TEM  investigations  of  C20-DA- VOx-NTs  clearly 
reveal  that  by  far  most  of  the  tubes  are  formed  by  serpentine-like  scrolls  of  VOx  layers  (Figure 
lb).  Interestingly,  there  are  packs  of  about  five  scrolled  VOx  layers  while  in  the  case  of 
monoamine  tubes  mostly  single-  or  double-layered  scrolls  have  been  observed  [4].  Concentric 
tubular  arrangement  of  layers  like  in  carbon  nanotubes  are  rarely  present.  An  example  of  such  an 
ideal  tube  comprising  four  closed  concentric  VOx  layers  can  be  seen  in  Figure  lb. 

Exchange  Reactions 

The  treatment  of  VOx-NTs  with  an  excess  of  alkyl  diamines  leads  to  an  easy  and  fast 
exchange  of  the  intercalated  monoamine  templates  against  diamine  molecules.  TEM  images 
(Figure  2)  demonstrate  that  the  tubular  morphology  has  been  widely  preserved  during  this 
reaction.  The  obtained  tubes  have  a  well-ordered  layer  structure,  and  the  inter-layer  distances  are 
uniform  throughout  the  tube  length  (Figure  2a).  In  average,  the  inner  diameters  of  these  tubes  are 
larger  and  the  numbers  of  layers  inside  the  walls  are  lower  than  in  the  case  of  as-synthesized  DA- 
VOx-NTs.  On  the  other  hand,  it  becomes  evident  from  cross-sectional  TEM  images  (Figure  2b), 
that  only  a  part  of  the  tubes  appears  as  intact  scrolls.  Frequently,  there  are  bent  packs  of  ~3-7 
VOx  layers  which  sometimes  occur  as  half  open  circles.  However,  all  arrays  exhibit  a  well- 
ordered  arrangement  of  parallel  VOx  layers,  and  the  tube  walls  are  without  those  distortions  that 
are  frequently  observed  in  VOx-NTs  with  monoamines  as  templates  [4].  This  characteristic 
indicates  a  stiffening  of  the  layer  structure  in  the  tube  walls  by  the  diamine. 


Figure  2.  TEM  images  of  exchange  products,  (a)  C2-DA-VOx-NTs,  obtained  from  C||-VOx- 
NTs.  A  -1.5  mm  long  tube  is  present  which  has  an  outer  diameter  of  -100  nm  and  a  relatively 
large  inner  core  of  -50  nm.  (b)  Ci2-DA-VOx-NTs,  obtained  from  Cn-VOx-NTs.  Two  almost 
perfect  scrolls  can  be  seen  on  the  upper  left  side.  Bent  packs  of  layers  occur  frequently. 

Figure  3  shows  the  XRD  patterns  of  as-synthesized  Cn-VOx-NTs  and  of  C2-DA-VOx-NTs 
obtained  by  a  template  exchange  reaction.  Two  independent  sets  of  reflections  appear  in  both 
diffractograms:  the  reflections  indexed  with  001  are  caused  by  the  regular  distance  between  the 
nearly  parallel  VOx  layers  while  the  reflections  hkO  are  generated  by  the  structure  of  the 
crystalline  VOx  layers.  This  indicates  the  presence  of  a  two-dimensional  square  lattice  with  a  = 
0.61  nm.  The  positions  of  the  reflections  hkO  are  the  same  for  both  tube  types,  the  starting 
monoamine  Ci2-VOx-NTs  as  well  as  the  resulting  C2-DA-VOx-NTs.  In  fact,  the  positions  of 
these  reflections  are  independent  of  the  template  size  and  the  actually  applied  preparation 
procedure  [4].  This  gives  unambiguous  evidence  that  the  VOx  layers  always  have  the  same 
structure.  In  contrast  to  that,  the  reflections  001  change  with  the  length  of  the  alkyl  chain  of  the 
template,  and  they  accordingly  shift  during  the  exchange  reaction.  In  the  course  of  the  exchange 
reaction  of  Ci2-VOx-NTs  with  ethylene  diamine,  the  inter-layer  distance  shrinks  from  2.6  nm  to 
1.6  nm  (Figure  3).  On  the  other  hand,  substituting  octylamine  in  Cs-VOx-NTs  by  1,20- 
eicosandiamine  leads  to  a  widening  of  the  layers,  i.e.,  the  distance  increases  from  2.24  nm  to  3.1 


Figure  3.  XRD  patterns  of  Ci2-V0x-NTs  (below)  and  of  C2-DA-VOx-NTs  (above).  The  C2- 
DA-VOx-NTs  have  been  obtained  from  C^-VOx-NTs  by  a  substitution  of  the  monoamine  by 
ethylene  diamine.  An  enlargement  of  the  region  in  the  diffractogram  of  Ci2-VOx-NTs  which 
contains  the  characteristic  reflections  hkO  is  shown  as  well.  In  contrast  to  the  stationary 
reflections  hkO,  the  reflections  001  of  the  C|2-VOx-NTs  (OOIC12)  are  shifted  in  respect  to  those 
of  C2-DA-VOx-NTs  (OOlex). 


nm.  Generally,  a  shrinkage  as  well  as  a  widening  of  the  inter-layer  distance  can  be  achieved  by  an 
appropriate  selection  of  the  size  of  the  monoamine  and  of  the  exchanging  diamine  (cf.  Table  I). 

The  exchange  of  the  intercalated  monoamines  by  diamines  occurs  readily  and  fast  even  at 
room  temperature.  This  indicates  that  the  DA-VOx-NTs  are  thermodynamically  favored  and 
represent  a  more  stable  arrangement  compared  to  monoamine  tubes.  This  assumption  is  further 
supported  by  the  irreversibility  of  these  exchange  reactions.  In  a  simple  model  (Figure  4),  the 
monoamine  molecule  is  embedded  in  a  paraffin-like  arrangement  between  the  VOx  layers. 
According  to  XPS  results  [4],  the  NH2  group  is  protonated.  This  positive  charge  counterbalances 
the  negative  one  of  the  VOx  layers.  Most  likely,  this  proton  is  transferred  in  the  first  reaction  step 
from  the  intercalated  monoamine  to  the  diamine  which  subsequently  substitutes  the  monoamine. 
The  importance  of  this  proton  exchange  is  demonstrated  by  the  fact  that  less  basic  diamines  (e.g., 
benzidine)  cannot  substitute  the  monoamine.  Since  bulky  diamines  (e.g.,  a,a -diamino-p-xylene) 
do  neither,  steric  effects  seem  to  be  important,  too. 


Figure  4.  Schematic  representation  of  the  exchange  of  two  amine  molecules  by  a  diamine 
molecule. 
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The  determination  of  the  compositions  of  the  exchange  products  (Table  I)  exemplifies  that 
approximately  one  diamine  molecule  substitutes  two  monoamine  molecules.  This  creates  an 
increase  of  entropy  which  contributes  to  the  driving  force  of  the  exchange  reaction.  The  molar 
ratio  amineA^  decreases  considerably  from  amineA^  =  0.27  for  the  starting  monoamine  Ci2-VOx- 
NTs  to  0.17-0.21  for  Cn-DA-VOx-NTs  (n=6,12,14).  The  exchange  by  ethylene  diamine  is 
exceptional  since  this  ratio  stays  almost  constant  (Table  I).  Furthermore,  the  inter-layer  distance 
is  much  too  large  if  a  monolayer  of  ethylene  diamine  molecule  is  present  between  the  layers. 
Therefore,  a  double  layer  has  to  be  considered. 

CONCLUSIONS 

The  two  independent  routes  to  DA-VOx-NTs  allow  us  to  control  the  tube  properties  to  some 
extend:  DA-VOx-NTs  synthesized  on  the  conventional  route  by  a  reaction  of  vanadium(V) 
precursors  with  diamines  are  characterized  by  thick  walls  with  many  VOx  layers  and  by  narrow 
cores.  On  the  other  hand,  the  exchange  products  resemble  more  or  less  the  as-synthesized 
monoamine  VOx-NTs,  and  they  typically  have  thin  walls  and  wide  tube  cores.  Remarkably,  the 
exchange  reactions  with  ethylene  diamine  or  other  small  diamines  lead  to  DA-VOx-NTs  that 
could  not  been  obtained  by  the  alternative  route  until  now  and  consequently  extends  the  area  of 
existence  for  diamine-containing  tubes.  The  scroll-like  structure  of  the  VOx-NTs  appears  to  be 
highly  flexible,  and  it  promotes  the  feasibility  of  exchange  reactions  without  a  destruction  of  the 
tubular  morphology. 
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ABSTRACT 

Poly(methyl  methacrylate)  (PMMA)  based  orthopaedic  bone  cements  contain  1-3  pm  size 
radiopacifier  particles.  Incomplete  dispersion  of  these  particles  leads  to  the  presence  of  50- 
200  pm  size  agglomerates.  These  large  defects  are  sites  of  high-stress  concentration  that  reduce 
the  fracture  toughness  of  PMMA.  In  this  study,  the  micrometer-sized  radiopacifying  particles 
of  a  commercial  bone  cement  were  replaced  by  nanosized  fillers.  Both,  commercial  and 
nanocomposite  PMMA  bone  cements  were  characterized  using  ultra-small  angle  x-ray 
scattering  and  low  voltage  scanning  electron  microscopy;  mechanical  properties  were  evaluated 
using  ASTM  standard  tensile  testing.  The  results  showed  a  substantial  reduction  of  particle 
agglomerate  size  and  a  significant  increase  in  tensile  properties  of  the  nanocomposite  over  that 
of  the  standard  microcomposite  bone  cement. 

INTRODUCTION 

Poly  (methyl  methacrylate)  (PMMA)  based  bone  cement  is  widely  used  for  the  fixation  of 
orthopaedic  implants.  These  cements  contain  1-3  pm  size  filler  particles  of  either  barium 
sulfate  or  ceramic  particles  such  as  zirconium  oxide.  The  purpose  of  adding  fillers  is  to 
radiopaeify  the  cement,  thereby  enabling  the  orthopaedic  surgeon  to  monitor  the  cement  using 
radiographs.  A  problem  associated  with  the  use  of  1-3  pm  diameter  radiopacifier  particles  is 
that  incomplete  dispersion  of  the  particles  during  mixing  of  the  monomer  and  powder 
components  results  in  the  formation  of  particle  agglomerates  of  50-200  pm  diameter.  These 
large  defects  are  sites  of  high  stress  concentration  that  reduce  the  fracture  toughness  of  PMMA 
cements,  leading  to  early  fracture  of  the  cement  [1,2]  and  loosening  of  the  implant,  ultimately 
necessitating  early  revision  surgery  to  replaee  the  implant.  Previous  studies  have  investigated 
this  mechanism  of  failure  by  demonstrating  a  two-fold  decrease  in  impact  strength  of  bone 
cement  with  the  addition  of  micro-meter  size  radiopacifying  particles  [3]. 

In  this  study,  the  micrometer  size  radiopacifying  particles  in  PMMA  bone  cements  were 
replaced  by  commercially  available  nanophase  aluminum  oxide  particles.  These  nanocomposite 
PMMA  bone  cements  were  thereafter  characterized  using  ultra-small  angle  x-ray  scattering 
(USAXS)  at  the  UNICAT  beamline  of  the  Advanced  Photon  Source,  Argonne  National 
Laboratory.  Low- voltage  scanning  electron  microscopy  (LVSEM)  was  performed  on  the 
fracture  surfaces  of  tensile  specimens  and  on  both  micro-  and  nano-sized  filler  particles.  These 
experiments  provided  the  average  inter-particle  or  inter-agglomerate  distance  between  adjacent 
radiopacifier  particles  present  in  the  eured  cements.  The  nanocomposite  and  control  PMMA 
bone  cements  were  also  subjected  to  ASTM  standard  tensile  tests  to  determine  their  mechanical 
properties. 
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EXPERIMENT 


Specimen  composition  and  preparation 

Commercially  available  PMMA  bone  cement  used  in  orthopaedic  surgery  is  commonly 
provided  as  a  two  component  system;  a  powder  component  consisting  of  pre -polymerized 
PMMA,  radiopacifying  particles  (Barium  Sulfate  or  Zirconium  Oxide,  10  wt.%)  and  Benzoyl 
Peroxide  (BPO,  2  wt.%)  as  initiator;  and  a  liquid  component  consisting  of  Methyl-Methacrylate 
(MMA)  monomer,  Hydroquinone  (25  ppm)  as  stabilizer  and  N,N-Dimethyl-p-toIuidine 
(DMPT,  2  wt.%)  as  reaction  promoter.  Both  components  are  mixed,  commonly  in  a  vacuum 
mixing  device  to  reduce  air  introduction,  initiating  a  polymerization  process  with  an  average 
setting  time  of  10-15  min. 

For  the  experiment,  Osteobond'’''^  [J]  (Zimmer  Inc,  Warsaw,  IN)  bone  cement  containing 
BaS04  radiopacifying  particles  of  1-3  pm  diameter  was  purchased  as  control.  A  separate 
PMMA  powder  component  without  radiopacifiers  (Zimmer  Inc,  Warsaw,  IN)  was  used  for  the 
nano-composites.  Acrylic-coated  aluminum  oxide  particles  of  60  nm  average  diameter 
dispersed  in  ethanol  were  purchased  (Nanophase  Technologies  Inc,  Burr  Ridge,  IL).  The 
particles  were  dried,  re-dispersed  in  MMA,  and  mixed  with  PMMA  for  a  final  volume  fraction 
of  filler  particles  identical  to  that  of  radiopaque  cements. 

Specimens  for  USAXS  were  molded  as  thin  sheets  of  0.5  mm  thickness,  while  tensile 
testing  utilized  Type  V  dumbbell  shaped  samples  as  specified  in  ASTM  D638-97  [4]. 

Mechanical  Testing 

An  Instron  4201  tensile  tester  was  used  to  perform  ASTM  D638-97  standard  tensile  tests  on 
all  cement  samples  to  determine  their  ultimate  stress,  ultimate  strain  and  work-of-fracture 
(defined  by  the  area  under  the  stress-strain  curve).  Testing  was  performed  at  a  crosshead-speed 
of  1  mm/s  using  a  5  kN  load-cell.  A  minimum  of  4  specimens  were  tested  for  each  cement 
composition  as  required  by  ASTM  standards.  Means  and  standard  errors  were  calculated  for  all 
parameters;  a  Fisher  test  was  performed  for  analysis  of  variance  and  the  unpaired  Student’s  t- 
test  for  equal  or  unequal  variances  was  chosen  accordingly  to  test  for  statistical  significance. 

Morphological  Investigations 

A  JEOL  6320FV  low  voltage  scanning  electron  microscope  (LVHRSEM)  operating  at  1  kV 
and  a  working  distance  of  3  mm  was  used  to  examine  each  type  of  radiopacifier  particles  and 
freeze- fractured  samples  of  the  cured  cements.  Cements  were  also  subjected  to  ultra-small 
angle  x-ray  scattering  (USAXS)  at  the  UNICAT  beamline  of  the  Advanced  Photon  Source, 
Argonne  National  Laboratory.  The  available  range  of  the  scattering  vector,  q  =  (47T/A,)sin0,  was 
0.00016  -  0.1  A'\  where  X  =  1.299  A  was  the  synchrotron  x-ray  wavelength  used  and  0  is  one- 
half  the  scattering  angle.  The  x-ray  source  was  collimated  using  slits  to  produce  a  square  beam 
size  of  2  mm  x  2  mm.  The  detector  (scintillation  counter  with  5  mm  x  5  mm  window)  also 
contributed  to  smearing  effects. 

RESULTS 
Mechanical  Testing 

Statistical  analysis  revealed  significant  increases  in  work-of-fracture  (WOF),  elongation-to- 
break  (ETB)  and  ultimate-tensile-stress  (UTS)  (p<0.05  each)  when  nano-composite  samples 
were  compared  to  the  control  (Figure  1).  The  reduction  in  particle  size  increased  the  means  of 
work-of-fracture  by  74  %,  elongation-to-break  by  35  %  and  ultimate-tensile-stress  by  25%. 


^  The  use  of  commercial  designations  or  company  names  is  for  identification  only  and  does  not  indicate 
endorsement  by  the  National  Institute  of  Standards  and  Technology. 
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Figure  1:  Comparison  of  Work-of- 
Fracture  (WOF),  £longation-to- 
Break  (ETB)  and  Ultimate-Tensile- 
Stress  (UTS)  for  control  and  nano¬ 
composite  bone  cement. 
(mean±standard  error) 


USAXS  experiments  performed  on  cements  filled  with  barium  sulfate  showed  substantially 
higher  scattering  intensity  at  ultra-low  angles  compared  to  that  of  the  alumina  filled  cements 
(Figure  2).  In  both  cases,  the  scattering  curves  were  broad  and  sharp  peaks  were  absent.  This 
indicates  that  there  was  a  large  polydispersity  in  size  and  spacing  of  the  scatterers,  i.e.  that  there 
was  a  large  variation  in  particle  agglomerate  size  and  inter-agglomerate  spacing.  This  was  in 
agreement  with  the  LVHRSEM  observations.  In  the  case  of  the  nanocomposite,  the  USAXS 
curve  showed  an  increase  in  intensity  in  the  ultra-low  angular  region,  suggesting  that  there  was 
an  additional  source  of  scattering  at  higher  length  scales,  beyond  the  resolution  of  USAXS.  The 
source  of  scattering  at  such  high  length  scales  is  probably  the  PMMA  powder  particles  against 
the  regions  to  which  the  alumina  filler  is  confined  (see  Figure  5a).  Since  the  powder  particles 
are  on  the  order  of  20-40  pm,  the  scattering  peak  is  beyond  the  resolution  of  USAXS.  The 
inter-agglomerate  distance  estimated  using  Bragg's  law  (see  Eq.  1)  was  larger  than  5  pm  for 
barium  sulfate  agglomerates  while  the  inter-agglomerate  distance  was  approximately  0.2-0. 1 
pm  for  precoated  alumina  agglomerates. 


nX  =  2d  sinO  (1) 

for:  d=inter-agglomerate  distance,  X  =  wavelength,  0  =  scattering  angle. 


Morphological  analyses  of  barium  sulfate  particles  using  LVHRSEM  showed  that  barium 
sulfate  particles  were  of  0.5-3  pm  size  and  were  of  various  shapes  (Fig:  3).  A  majority  of  the 
alumina  nanoparticles  were  less  than  0.2  pm  in  size,  and  were  predominantly  spherical  in  shape 
(Fig.  4).  Investigation  of  ffeeze-fractured  samples  containing  micro-sized  fillers  revealed 
agglomerates  of  30-70  pm  (Figure  5a  and  5b),  while  nano-composites  showed  no  agglomerates 
larger  than  1  pm  in  size  (Figure  6a  and  6b). 
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Figure  2:  USAXS  scattering 
intensities  for  nano-composite 
and  control  samples. 


DISCUSSION 

The  results  of  this  study  demonstrate  that  a  reduction  in  size  of  particle  agglomerates  by 
reduction  in  particle  size  and  by  precoating  of  particles  increases  the  ultimate  tensile  properties 
of  PMMA  bone  cement.  LVHRSEM  and  USAXS  confirmed  that  particle  agglomerates  were 
drastically  reduced  in  size  when  precoated  200  nm  size  (60  nm  alumina  particles  with  70  nm 
acrylic  coating)  alumina  particles  were  used  as  a  filler.  While  LVHRSEM  provided  images  to 
confirm  particle  size,  USAXS  was  particularly  useful  in  providing  more  quantitative 
measurement  of  morphological  parameters  such  as  inter-agglomerate  distance.  USAXS  has 
distinct  advantages  over  conventional  SAXS  in  that  the  angular  range  of  scattered  synchrotron 
x-rays  enables  the  morphology  to  be  quantitatively  characterized  over  a  large  range  of  length 
scales,  from  approximately  4  micrometer  down  to  2  nanometer.  Since  the  source  of  scattering 
was  agglomerated  particles  against  the  PMMA  matrix,  higher  scattering  intensity  at  ultra-low 
angles  indicated  that  the  inter-agglomerate  distance  was  larger  for  barium  sulfate  cements.  A 
larger  inter-agglomerate  distance  implies  a  larger  agglomerate  size  since  all  cements  contained 
the  same  volume  fraction  of  fillers.  Therefore,  the  precoated  nanophase  fillers  mixed  into 
PMMA  cements  resulted  in  agglomerates  of  smaller  size  than  barium  sulfate  agglomerates. 
Mechanical  tests  revealed  that  tensile  properties  were  strongly  affected  by  a  reduction  in 
particle  size. 

In  conclusion,  surface  treated  nanophase  filler  particles  showed  significant  increases  in 
tensile  properties  of  PMMA  cement  due  to  prevention  of  the  formation  of  large  size  particle 
agglomerates.  These  results  are  in  agreement  with  a  previous  study  [5],  suggesting  that  uniform 
dispersion  of  micrometer-size  radiopacifier  particles  in  current  acrylic  bone  cements  can 
improve  the  mechanical  performance  of  PMMA  cements. 
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Figure  3:  BaS04  radiopacifying  particles  as  used  Figure  4:  Aluminum  oxide  nanoparticles  used  in 
in  commercial  bone  cements  (SEM,  bar  denotes  the  nanocomposite  cement  (SEM,  bar  denotes  1 

10  pm)  pm) 


Figure  5a:  Agglomerated  BaS04  particles  in  Figure  5b;  Detail  of  agglomerated  BaS04  particles 

control  cement  tSEM.  bar  denotes  10  uml  tSEM.  bar  denotes  1  uml 


Figure  6a:  Nanocomposite  cement.  Dark  round  Figure  6b:  Nanocomposite  cement  in  detail, 

shapes  are  pre-polymerized  PMMA  particles.  Dispersed  filler  particles  between  fracture  lines 

(SEM,  bar  denotes  10  pm)  (SEM,  bar  denotes  1  pm) 
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ABSTRACT 

We  have  investigated  the  photophysical  properties  of  surface  capped  CdS  and  CdS:Mn 
nanoparticles  in  the  form  of  spin  coated  thin  films  of  the  pure  nanoparticles  and  nanoparticle  - 
polymer  blends.  The  organic  capping  reagent  was  p-thiocresol. 

Electroluminescence  (EL)  devices  were  fabricated  and  characterized  by  their  current/voltage 
characteristics  and  EL  emission  performance.  This  is  to  our  knowledge  the  first  report  on  Mn 
doped  CdS  nanoparticles  applied  in  EL  devices  with  a  single  layer  device  structure 
(ITO/CdS:Mn/Al).  Photoluminescence  (PL)  and  PL  excitation  measurements  were  performed  on 
CdS:Mn  nanoparticles  in  pyridine  dispersion  and  on  thin  films.  The  PL  excitation  spectrum 
shows  a  narrow  peak  at  3^0nm.  Excitation  at  this  wavelength  yields  a  broad  PL  spectrum 
spanning  from  about  450  to  700nm,  which  is  dominated  by  a  strong  emission  band  at  585nm. 

This  emission  is  attributed  to  transitions  involving  Mn  levels  in  previous  works. 

The  EL  emission  peak  is  shifted  to  the  red  compared  to  the  PL  emission  spectra.  The 
characteristics  and  performance  of  these  new  types  of  EL  devices  will  be  presented  and 
discussed. 

INTRODUCTION 

The  photophysical  properties  of  semiconductor  nanocrystals  have  been  in  the  focus  of  scientific 
interest  during  the  past  decade.  Typically,  the  size  of  these  crystallites  is  in  the  range  from  1  to 
lOOnm.  In  this  size  regime,  quantum  effects  determine  the  physical  properties  and 
semiconducting  nanocrystals  have  been  the  first  real  examples  for  quantum  dots  [1,2].  The 
possibility  of  tuning  the  bandgap  of  nanostructured  materials  makes  them  extremely  attractive  for 
applications  in  optoelectronic  devices  like  light  emitting  diodes  (LED)  or  solar  cells  [3-6]. 
Another  approach  to  influence  the  optical  properties  of  semiconducting  materials  is  doping, 
which  has  been  utilized  in  optoelectronics  for  many  years.  However,  by  now  there  is  relatively 
little  work  on  doped  nanocrystals  [7-10].  One  of  the  most  intensively  studied  aspects  is  the 
influence  of  the  surface  on  the  absorption  and  emission  of  nanosize  particles,  since  a  considerable 
fraction  of  atoms  forming  the  crystallites  is  located  at  the  surface.  Consequently,  the  passivation 
of  surface  lone  pairs  by  chemical  encapsulation  in  an  organic  or  inorganic  shell  is  a  major  task  in 
this  field.  Up  to  now,  a  variety  of  methods  has  been  reported.  Additionally,  organic  surface 
ligands  offer  the  possibility  of  effectively  dispersing  nanocrystalline  powders  in  appropriate 
solvents.  As  a  consequence,  organic/inorganic  composite  devices  can  be  fabricated  relatively 
easily  and  there  already  exists  a  large  number  of  publications  on  such  hybrid  materials  [11-15]. 

EXPERIMENTS 

The  synthesis  of  the  CdS  and  CdS:Mn  nanocrystals  used  in  this  work  is  based  on  the  method 
reported  by  Wang  et  al.  [15,16].  In  the  initiation  phase  of  the  synthesis,  a  solution  containing 
cadmium  ions  generated  from  cadmium  acetate  is  introduced  into  a  solution  containing  S^'  and 
RS'  in  the  form  of  sodium  sulfide  and  p-thiocresol.  Crystal  growth  competes  with  the  growth- 
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terminating  reaction  of  the  thiolate  with  the  particle  surface.  As  a  consequence,  size  control  is 
possible  by  choosing  an  appropriate  ratio  of  sulfur-ions  S^'  and  RS’,  or,  in  the  present  case,  the 
molar  ratio  of  sulfide  and  p-thiocresol  (S:SH).  In  case  of  CdS;Mn  nanocrystals,  manganese  is 
introduced  as  manganese  acetate,  which  is  mixed  with  cadmium  acetate. 

Photoluminescence  and  electroluminescence  spectra  were  taken  with  a  Shimadzu  RF  5301 
spectrofluorophotometer  or  with  a  glass  fiber  waveguide  connected  to  an  Oriel  Instaspec  CCD 
spectrometer.  PL  spectra  were  recorded  from  dispersions  of  nanocrystals  in  pyridine,  from  thin 
nanogranular  films  and  from  powders.  In  the  latter  case,  the  powder  was  scattered  on  a  black 
non-luminescent  double  stick  tape. 

Absorption  spectra  were  taken  with  a  Shimadzu  UV-3  lOlPC  spectrophotometer  from  dispersions 
in  pyridine  using  a  1cm  quartz  cuvette. 

Electroluminescence  devices  were  fabricated  by  spin  casting  a  film  of  nanoparticles  on  a 
glass/ITO  substrate  from  dispersion.  Composite  devices  were  made  by  separately  preparing  a 
solution  of  m-LPPP  and  a  dispersion  of  nanocrystals  and  blending  prior  to  spin  coating.  The 
back  electrode  (aluminum)  was  deposited  at  high  vacuum  mbar)  from  a  tungsten  boat.  W 
characteristics  were  measured  with  a  Keithley  236  Source/measure  unit.  The  light  output  was 
detected  simultaneously  with  an  integrating  sphere  and  a  photodiode.  The  complete  setup  is 
controlled  by  a  PC. 

Short  circuit  photocurrent  as  a  function  of  the  wavelength  of  the  incident  light  was  measured  with 
a  setup  comprising  a  xenon  lamp,  a  monochromator,  a  light  beam  chopper,  a  lock-in  amplifier 
and  a  controlling  PC. 

RESULTS 


The  result  of  photoluminescence  studies  on  CdS  nanocrystals  is  depicted  in  Fig.  1.  These  spectra 
were  recorded  from  a  powder.  Here,  the  excitation  wavelength  was  386nm  and  the  emission 
wavelength  for  the  excitation  spectrum  was  534nm.  The  absorption  spectrum  of  the  same  sample 
(S:SH=1:2)  is  also  shown. 
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Fig.  1.  Absorption-,  PL  excitation- 
and  emission  spectra  of  CdS 
nanoparticles  (S:SH=1:2).  The 
excitation  wavelength  was  386nm, 
the  emission  wavelength  for  the 
excitation  spectrum  was  534nm. 
Photoluminescence  spectra  were 
recorded  from  a  powder,  the 
absorption  spectrum  was  measured 
on  a  dispersion  of  the  same  CdS 
nanoparticles  in  pyridine. 


wavelength  [nm] 


The  emission  spectrum  is  relatively  broad  and  ranges  from  about  450nm  to  650nm  peaking  at 
534nm.  Apart  from  the  main  peak,  there  is  also  a  shoulder  at  about  480nm,  indicating  the 
presence  of  a  second  emission  band.  The  excitation  spectrum  confirms  this  assumption,  since  a 
distinct  second  peak  can  be  seen  at  428nm.  Excitation  at  this  wavelength  yields  an  emission 
spectrum,  which  is  dominated  by  a  peak  at  480nm  (not  shown).  So  the  emission  spectrum  mainly 
consists  of  two  emission  bands.  Compared  to  the  absorption  and  excitation  spectra,  there  is  a 
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considerable  red-shift  of  the  emission  spectrum.  No  band  to  band  luminescence  is  observed,  but 
the  emission  is  governed  by  deep  trap  states.  We  attribute  these  traps  to  surface  states, 
energy  [eV] 
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Fig.  2.  Electroluminescence  (EL)  spectrum  of  a 
nano-CdS  device.  The  bias  voltage  was  lOV.  For 
comparison,  a  photoluminescence  (PL)  spectrum 
recorded  from  the  same  CdS  powder  is  also 
shown. 
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Electroluminescence  devices  have  been  fabricated  with  the  same  CdS  powder,  which  had 
previously  been  used  for  photoluminescence  measurements.  DC  bias  in  the  range  from  5-1 5  V 
was  applied.  The  electroluminescence  spectrum  along  with  a  photoluminescence  spectrum  can  be 
seen  in  Fig.  2.  It  should  be  noted  that  a  considerable  influence  of  the  S:SH-ratio  on  the 
performance  of  electroluminescence  devices  was  observed.  The  best  results  were  achieved,  if 
samples,  which  had  been  synthesized  at  a  S:SH-ratio  of  1:1  or  1:2,  were  used.  More  capping  (e.g. 
1:5)  resulted  in  totally  insulating  layers.  On  the  other  hand,  it  is  hardly  possible  to  fabricate 
smooth  nanocrystalline  layers  with  less  capped  particles,  since  the  S:SH-ratio  significantly 
influences  the  solubility  of  the  powder.  In  the  present  case,  the  ratio  was  1:1.  The 
electroluminescence  spectrum  ranges  from  about  450nm  to  650nm  and  there  is  a  peak  at  535nm 
(Fig.  2).  It  perfectly  matches  with  the  photoluminescence  spectrum.  Apparently,  the  emission 
processes  are  the  same  for  both,  photo-  and  electroluminescence.  These  data  are  in  good 
agreement  with  the  results  reported  by  Narayan  et  al,  [6],  who  was  working  with  significantly 
larger  CdS  nano-particles  (~44A)  capped  with  1-thioglycerol,  which  implies  that  the  influence  of 
the  particle  size  on  the  emission  properties  of  this  kind  of  materials  is  relatively  low. 

Similar  experiments  were  performed  on  manganese  doped  CdS  nanocrystals.  Fig.  3  shows  PL 
spectra  of  CdS:Mn  nanoparticles,  recorded  from  a  powder  and  a  dispersion  of  the  same  powder  in 
pyridine.  The  excitation  wavelength  for  the  emission  spectra  was  390nm,  emission  wavelength 
energy  [eV] 
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Fig.  3.  Photoluminescence  spectra  of  CdS:Mn 
nanocrystals  recorded  from  a  powder  and  a 
dispersion  in  pyridine,  respectively.  The 
excitation  wavelength  was  390nm.  An  excitation 
spectrum  measured  on  the  dispersion  is  also 
shown.  The  emission  wavelength  was  568nm. 
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for  the  excitation  spectrum  was  568nm.  It  can  be  seen  that  the  PL  excitation  spectrum  is 
essentially  the  same  as  for  undoped  CdS  particles.  Compared  to  undoped  CdS  nanocrystals,  the 
spectrum  is  shifted  to  the  red  by  about  50nm.  The  spectrum,  which  was  recorded  from  a 
dispersion,  has  a  maximum  at  568nm.  An  emission  band  at  this  spectral  position  has  previously 
been  reported  in  CdS:Mn  and  ZnS:Mn  nanocrystals  and  it  was  attributed  to  the  internal  Mn^"" 
transition  '^Ti  ->  ^Ai  [7].  But  there  is  also  a  small  contribution  to  the  overall  spectrum  at  470nm. 
As  mentioned  above,  this  emission  band  was  also  observed  for  undoped  samples, 
energy  [eV] 
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Fig.  4.  EL  spectrum  of  a  CdS:Mn  device.  For 
comparison,  a  PL  spectrum,  measured  on  the 
same  device,  is  also  shown. 
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The  powder  spectrum,  however,  has  a  peak  at  590nm,  which  indicates  the  presence  of  a  second 
emission  band  at  a  higher  wavelength,  which  is  more  pronounced  for  the  powder  spectrum. 
Electroluminescence  experiments  clearly  confirm  the  presence  of  this  second  emission  band. 
Moreover,  the  EL  spectrum  has  a  maximum  at  665nm,  as  seen  in  Fig.  4.  A  photoluminescence 
spectrum  recorded  from  the  same  EL  device  is  also  depicted.  Again  the  excitation  wavelength 
was  390nm.  Note  the  small  shoulder  in  the  PL  spectrum  at  about  660nm.  Moreover,  there  is  a 
considerable  second  peak  at  470nm,  similar  to  the  dispersion-spectrum.  Obviously,  the  red 
emission  band  at  665nm  is  more  pronounced  a)  for  closely  packed  particles  than  for  particles 
dispersed  in  a  solvent  and  b)  for  EL  than  for  PL.  Since  no  emission  at  this  spectral  position  was 
found  for  undoped  particles,  it  is  evident  that  it  is  dopant-related.  Furthermore,  it  is  clear  that  the 
luminescence  processes  are  totally  different  for  PL  and  EL  in  CdSrMn  nanoparticles,  as  opposed 
to  pure  CdS  crystallites,  where  the  respective  spectra  are  identical. 
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Fig.  5.  IfV  characteristic  of  a  typical 
ITO/CdS:Mn/Al  electroluminescence 
device. 
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The  W  characteristic  of  a  ITO/CdS:Mn/Al  device  is  depicted  in  Fig.  5.  Light  emission  starts  at 
about  15  V.  The  shape  of  the  W  curve  is  almost  symmetric,  although  a  slightly  rectifying 
behavior  is  observed.  All  the  transitions  contributing  to  the  emission  spectra  of  CdS:Mn 
nanoparticles  are  illustrated  in  an  energy  graph  (Fig,  6).  To  determine  the  energetic  positions  of 
the  band  edges,  the  theoretical  model  of  Lippens  and  Lannoo  was  applied  [18].  Assuming  an 
average  particle  size  of  16 A,  the  electron  affinity  is  3.2eV  and  the  ionization  potential  is  7eV,  so 
the  resulting  band  gap  is  3.8eV.  Since  no  band  to  band  luminescence  was  observed  in  any 
spectrum,  all  the  transitions  are  involving  gap  states.  The  transition  at  the  right  hand  side  in  Fig.  6 
represents  the  internal  Mn^"^  transition  mentioned  above. 
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Fig.  6.  Schematic  diagram  to  illustrate  the  energetic 
levels  and  transitions  which  are  relevant  for  the 
luminescence  properties  of  CdS:Mn  nanocrystals.  All 
energy  values  are  given  in  eV.  The  workfunctions  of  the 
electrode  materials  used  in  EL  devices  are  also  shown 
(Oito~4 . 7 eV ;  OAi=4.2e V) . 


The  others  are  based  on  transitions  between  shallow  electron  traps  and  deep  hole  traps,  as 
previously  reported  [19].  The  energetic  positions  of  electron-  and  hole  traps  in  case  of  the  low- 
energy  transition  (1.9eV)  explain  the  symmetric  shape  of  the  W  curve,  assuming  that  charge 
carrier  injection  directly  into  the  gap  states  is  possible.  Since  the  energetic  barrier  between  the  A1 
electrode  and  the  electron-traps  is  about  the  same  as  between  the  ITO  electrode  and  the  deep 
hole-traps,  injection  of  electrons  and  holes  requires  about  the  same  electric  energy  for  both, 
forward  and  reverse  bias. 
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Fig.  7.  Short  circuit  photocurrent  as  a 
function  of  the  wavelength  of  the 
incident  light,  measured  on  two 
CdS:Mn/polymer  blend  devices  with 
different  nanoparticle  content.  For 
comparison,  the  photocurrent 
spectrum  of  a  pure  CdSrMn  device  is 
also  shown. 
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Photocurrent  measurements  have  been  performed  on  CdS:Mn  nanocrystalline  samples  and  on 
CdS:Mn/polymer  blends.  The  polymer  matrix  was  m-LPPP,  a  conjugated  polymer  which  has 
been  studied  intensively  in  the  last  years  [20].  The  devices  were  illuminated  through  the  ITO 
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contact.  In  Fig.  7  the  results  are  depicted  for  two  blend  devices  with  different  particle-content  and 
for  one  entirely  nanocrystalline  device. 

CONCLUSIONS 

The  photophysical  properties  of  CdS  and  CdS:Mn  nanoparticles  capped  with  p-thiocresol  were 
studied.  Pure  CdS  particles  show  a  broad  PL  emission  spectrum,  which  is  dominated  by  defect 
states  introduced  by  the  surface.  For  CdSrMn,  the  PL  spectrum  consists  of  mainly  two  emission 
bands  and  both  of  them  are  dopant-related.  By  spin  coating,  EL  devices  could  be  fabricated  and 
the  EL  spectrum  perfectly  matches  the  PL  for  undoped  nano-CdS.  PL  spectra  of  manganese 
doped  CdS  particles  are  determined  by  an  internal  Mn^^  transition,  whereas  the  EL  spectrum  is 
dominated  by  dopant-related  defect  states.  Current/voltage  characteristics  of  ITO/CdS:Mn/Al 
devices  show  only  slight  rectifying  behavior  and  the  W  curves  are  almost  symmetric.  This  was 
explained  by  a  direct  injection  of  charge  carriers  into  shallow  and  deep  trap  states.  Finally,  results 
of  photocurrent  measurements  on  pure  nanocrystalline  and  nanocrystal/polymer  blend  devices 
were  presented.  The  photocurrent  of  blend  devices  was  found  to  be  significantly  higher  than  for 
pure  nanocrystalline  samples  and  the  efficiency  of  blend  devices  is  enhanced  by  a  higher  particle 
content. 
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ABSTRACT 

Sol  “  gel  technology  is  used  to  prepare  sub-micron  to  micron  size  particles  of  Chromium 
(IV)  doped  materials.  These  materials  show  strong  luminescence,  as  single  crystals,  in  the 
1-2  pm  range.  Such  materials  include;  Cr  (IV):  (Ca2Ge04,  Mg2Si04,  LiScGe04).  The 
optically  active  particles  are  dispersed  into  glassy  matrixes  to  form  optical  composites. 
Ongoing  research  is  aimed  at,  a)  reducing  the  size  and  the  size  distribution  of  the  optically 
active  particles,  and  b)  finding  suitable  matrix  materials. 

INTRODUCTION 

There  is  a  need  to  develop  new  classes  of  improved,  ultra-small,  optoelectronic  devices, 
displays  and  emitters,  based  on  the  use  of  nano/micro-scale  materials  and  structures.  Nano¬ 
crystals  of  Cr  (IV)  doped  silicates  and  germanates,  of  the  olivine  type  structure,  dispersed 
in  a  glassy  matrix  could  be  employed  in  laser  fiber  amplifier  applications  [1].  The  same 
materials  could  also  be  used  as  near  infrared  sources  and  displays. 

We  were  successful  in  growing  large,  1cm  diameter,  single  crystals  of  Cr  (IV)  doped 
ceramics  [2]  and  we  also  mastered  the  technique  of  preparing  “sandwiches”  of  un-doped 
and  doped  single  crystal  materials  by  liquid  phase  epitaxy  [3]. 

Large  single  crystals  are  rather  expensive  to  produce.  Furthermore  they  are  difficult  to 
“shape”  into  forms  usable  as  device  components.  Therefore  a  large  fraction  of  our  research 
effort  has  shifted  toward  developing  processes  to  obtain  these  materials  in  the  form  of 
optical  composites. 

An  optical  composite  is  a  dispersion  of  an  optically  active  material  in  a  transparent  matrix. 
The  matrix  material  may  be  either  inorganic  or  organic.  The  crucial  issue  is  the  matching 
of  the  properties  of  the  optical  and  matrix  components  to  minimize  scattering  losses  [4]. 
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WORK  IN  PROGRESS 


Synthesis  of  the  Optical  Nano-Particles 

We  have  chosen  the  sol  -  gel  technique  for  the  preparation  of  the  nano  and  micro-sized 
particles,  A  sol  is  a  colloidal  suspension  of  particles  in  a  liquid.  A  gel  is  an  interconnected, 
rigid  network  with  pores  of  sub-micron  dimensions  and  polymeric  chains  whose  average 
length  is  greater  then  a  micrometer.  The  sol  -  gel  process  involves  a  number  of  steps. 

1)  The  mixing  of  the  colloidal  particles  or  the  liquid  alkoxide  precursors  to  form  a  sol. 
In  case  of  the  metal  alkoxides,  the  reactions  are,  hydrolysis,  condensation,  and 
poly-condensation  to  form  the  sol. 

2)  Gelling.  With  time,  the  colloid  particles  and  condensed  metal  species  link  together 
to  become  a  three  dimensional  network.  At  the  gellation  point  the  viscosity 
increases  sharply  and  a  solid  or  semi-solid  “gel”  is  formed. 

3)  Aging,  drying  and  densification.  Aging  (synersis)  means  keeping  the  system  in  the 
gel  state  for  a  period  of  time  to  allow  the  poly-condensation  to  continue.  This 
increases  the  strength  of  the  gel.  During  the  drying  stage  water  s  removed  from  the 
interconnected  pore  network.  Heating  the  porous,  dehydrated,  gel  at  high 
temperature  causes  densification  to  occur.  This  third  step  is  crucial,  because,  here  is 
where  particle  size  ad  particle  size  distribution  can  be  controlled. 

We  used  the  method  to  prepare  “nano  and  micro  particles”  of  Cr  (IV):  Ca2Ge04, 

Cr  (IV):  Li2CaGe04  and  Cr  (IV):  Mg2Si04.  Using  a  simultaneously  recording  differential 
scanning  calorimeter  and  thermo  gravimetric  analyzer  (TA  Instruments  SDT  2960),  we 
observed  the  sequence  of  events  occurring  during  the  process.  This  information  is 
extremely  useful  for  the  planning  of  the  third  step  of  the  sol  -  gel  process.  For  instance,  we 
see  that  formation  of  the  Cr  (IV)  does  not  take  place  below  650  °C.  Such  thermal  scans 
also  allow  the  quantitative  study  of  the  chemistry  of  the  particular  process. 

Comparing  the  emission  spectra  of  Cr  (IV):  Ca2Ge04  prepared  as  single  crystal  and  by  the 
sol  -  gel  method  indicates  that  there  is  no  difference  between  the  optical  properties  of  the 
two  materials. 

Optical  microscopy  indicated  that  the  size  of  the  powder  produced  ranged  from  sub-micron 
to  microns.  Control  of  particle  and  its  distribution  during  the  synthesis  stage  must  take  into 
account  two  factors:  1)  Germanium  alkoxide  [Ge  (OCH3)4]  hydrolyses  extremely  fast. 

2)  The  gels  must  be  heat  treated  at  640  -  700  ®C  to  obtain  Cr  (IV)  luminescence. 

Due  to  the  extremely  fast  hydrolysis  rate,  control  of  particle  size  by  controlling  the  pH  of 
the  reaction  medium  is  not  feasible.  We  can  obtain  transparent  gels,  indicating  very  small 
particle  size,  at  low  temperatures  but  the  high  temperature  heat  treatment  leads  to  particle 
size  coarsening.  There  are  at  least  two  approaches  available  to  overcome  the  particle  size 
problem. 
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One  method  is  to  add  a  salt  (NaCl)  solution  to  the  reaction  mixture,  wash  the  product  from 
the  700  °C  heat  treatment  with  water  to  remove  the  salt.  Using  a  mortar  and  pestle  crush 
the  remaining  solid  and  add  more  water  and  filter  out  the  particles.  The  particles  have  the 
proper  color  and  are  smaller  in  size.  Two  drawbacks  to  this  approach:  The  remaining  solids 
tend  to  agglomerate.  The  filter  liquid  is  turbid  and  green  in  color,  signifying  that  we  must 
have  a  significant  portion  of  the  fines  in  a  colloidal  suspension.  This  will  need  to  be 
recovered  (ultra-centrifuge  and/or  dehydration  under  vacuum).  A  more  worrisome  concern 
is  that  the  salt  may  not  be  fully  removed  by  the  several  washings. 

The  second  alternative  for  particle  size  control  is  to  change  the  heat  treatment  procedure. 
Rather  than  heat  up  and  keep  the  aged  and  dried  gel  at  high  temperature,  the  heat  treatment 
could  be  done  in  a  spray  drier  or  using  a  high  temperature  fluidizing  gas  in  a  fluid  bed 
dryer. 

Preparation  of  the  Matrix  Materials 

The  optically  active  nano  -  particles  must  be  dispersed  into  a  supporting  matrix  for  the 
preparation  of  device  components.  The  matrix  material  must  be  optically  transparent  to  the 
nano  -  particles.  Thus  the  refractive  index,  at  the  appropriate  wavelength  and  its 
temperature  coefficient,  of  the  matrix  must  be  matched  to  the  optical  material  to  minimize 
scattering  losses. 

The  sol  ~  gel  route  for  the  preparation  of  the  matrix  material  is  one  avenue  of  approach. 
The  sol  -  gel  method  of  making  glasses  was  intensely  investigated  during  the  1970’s.  The 
main  difficulty  lay  in  the  lengthy  gellation  time  required  to  make  glass  “blocks”  free  of 
flaws  (inclusions  and  micro-cracks).  But  controlling  the  composition  and  the  heat 
treatment  could  easily  control  the  refractive  index  and  porosity  of  the  glass. 

Tix  Sii-x  O2,  glass  is  readily  be  made  by  the  sol  -  gel  technique.  Ti  (IV)  -  isopropo  -  oxide 
reacts  faster  with  water  than  with  Si  -  alkoxide  (TEOS).  Acid  conditions  are  required  to 
avoid  hydrolysis  and  to  slow  the  condensation  reaction.  The  gellation  time  is  inversely 
proportional  to  the  TiOi  content.  We  need  a  refractive  index  of  «1 .64.  This  implies  a  Ti02 
content  of  about  30%,  hence  a  gellation  time  of  approximately  500  hours.  However  it  must 
be  pointed  out  that  in  obtaining  the  gellation  time  versus  composition  data  we  used  a  great 
excess  of  water  to  complete  the  hydrolysis  reaction.  The  densification  heat  treatment  can 
be  used  to  fine  -  tune  the  value  of  the  refractive  index. 

Preparation  of  the  Optical  Composites 

We  have  two  avenues  of  composite  formation  under  investigation. 

We  start  with  the  sol  -  gel  process  to  make  the  matrix  material  and  drive  it  to  incipient 
gelling.  Than  we  add  the  sol  for  the  optical  component,  and  bring  the  whole  system  to  the 
gelling  temperature  of  the  optical  component.  The  idea  being  that  the  optical  nano  ~ 
particles  will  form  in  the  void  spaces  of  the  matrix  gel.  The  problem  we  ran  into  was  that 
when  the  composite  gel  was  heat  treated  at  700  °C  and  cooled,  the  resulting  product  did 
not  luminescence  at  the  expected  wavelength.  Modification  of  the  technique  is  being 
pursued. 
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In  preliminary  experiments  the  nano  -  particles  were  dispersed  into  a  Na20  -  Si02  glass 
forming  mixture.  The  mixture  was  melted  at  1000  °C  and  the  melt  was  poured  into  a  form 
to  obtain  a  glass  block.  The  glass  block  was  from  the  optical  point  of  view  of  high  quality. 
However  the  glass  luminosity  was  not  at  the  Cr  (IV)  wavelength  but  at  the  Cr  (III) 
wavelength.  This  indicates  [5]  that  the  Cr  (IV)  via  a  redox  reaction  converts  to  Cr  (III)  and 
Cr  (VI).  We  need  temperatures  in  the  range  of  640  to  700  °C  to  convert  the  initial  Cr  (III) 
dopant  to  stable  Cr  (IV)  in  the  olivine  structure,  hence  finding  a  “glass”  with  a  melting 
point  below  some  critical  temperature,  will  alleviate  the  problem. 
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ABSTRACT 

We  report  the  synthesis  of  a  nanocomposite  materials  consisting  of  gallium  nitride  (GaN) 
confined  in  the  well  ordered  mesoporous  transparent  matrix  MCM-41  with  the  help  of  the 
metalorganic  single  source  precursor  triazido(trimethylamine)gallium  using  solution 
impregnation  technique.  The  loading  of  the  pores  of  MCM-41  with  GaN  was  confirmed  by 
chemical  analysis,  XRD,  TEM,  BET,  NMR  and  optical  spectroscopy  (PL  and  PL-excitation 
spectroscopy).  The  composites  exhibit  a  blue  shift  of  the  bandgap  of  GaN  due  to  quantum 
confinement. 


INTRODUCTION 

In  the  beginning  of  the  nineties,  gallium  nitride  has  been  changed  from  a  laboratory  obscurity 
into  a  rapidly  increasing  field  of  research.  This  has  been  due  to  some  interesting  properties: 

For  example  the  direct  bandgap  of  about  3.4  eV  which  makes  this  semiconducting  III-V 
compound  suitable  for  optoelectronic  devices  operating  in  the  blue  region  of  light  with  high 
quantum  efficiencies.  Blue  light  emitting  diodes  and  laser  diodes  based  on  thin  films  of  GaN 
are  commercial  available  products.  The  technology  for  producing  these  devices  is  well 
established  using  chemical  vapour  deposition  methods  [1]. 

In  the  case  of  nanoparticles  of  GaN,  no  such  well  established  chemical  practicability  is 
available.  Reliable  chemical  approaches  for  nanoparticles  of  II-VI  semiconductors  cannot  be 
transferred  to  GaN  because  of  different  properties.  Most  of  the  chemical  pathways  leading  to 
nano  confined  GaN  are  transformations  of  solid  precursors,  like  the  thermal  decomposition  of 
polymeric  gallium  imide,  gallium  amide  or  the  detonation  of  derivates  of  triazido  gallium  [2  a, 
b].  With  all  these  conversions,  one  is  fighting  against  problems  like  particle-agglomeration 
leading  to  a  broad  size  distribution,  and  it  is  difficult  to  get  access  to  particle  size  control.  In 
addition,  a  uniform  arrangement  of  the  particles  is  almost  impossible. 

To  overcome  these  problems,  we  decided  to  grow  GaN  nanoparticles  in  a  well-ordered  porous 
matrix.  We  chose  the  silica  mesoporous  molecular  sieve  MCM-41  which  can  be 
characterisized  by  its  porous  system  consisting  of  hexagonally  arranged  hollow  cylinders  [3]. 
The  molecular  sieve  will  act  as  a  template  according  to  the  GaN  particles  which  will  be  grown 
in  the  pores:  the  pore  diameter  of  MCM-41  will  limit  the  particle  size  leading  to  a  small  size 
distribution.  The  hexagonal  pore  arrangement  will  be  transferred  to  the  arrangement  of  the 
GaN  particles. 

The  application  of  triazido(trimethyIamine)gaUium  1  as  precursor,  whose  successful 
transformation  into  GaN  was  recently  described  by  our  group,  combines  several  advantages  [2 
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b]:  the  donator  stabilization  with  trimethylamine  leads  to  a  nonexplosive  decomposition  of 
triazido  gallium  into  GaN  and  volatile  compounds  under  low  heating  rates  in  ammonia 
atmosphere  in  a  temperature  region  below  500  °  C  where  the  host  matrix  MCM-41  is  still 
intact.  The  precursor  1  is  transferred  into  gallium  amide  2  and  polymeric  gallium  imide  3  (fig. 
1).  The  conversion  of  these  two  compounds  into  GaN  is  well  understood  and  described  in 
several  papers  [2  a].  In  addition,  the  donator  causes  solubility  of  the  monomeric  precursor. 
This  leads  to  high  mobility  of  the  precursor  which  therefore  gets  access  to  the  hosts  porous 
system  via  impregnation  taking  advantage  of  capillary  diffusion.  Besides,  the  desired  gallium- 
nitrogen-bonding  is  a  structural  feature  of  the  precursor,  and  the  volatile  leaving  compounds 
lead  to  high  purity  GaN. 
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Fig.  1:  hypothetical  mechanism  of  the  transformation  of  the  precursor  triazido- 
(trimethylamine)gallium  1  into  gallium  amide  2,  gallium  imide  3  and  gallium  nitride  (GaN). 


EXPERIMENT 

We  prepared  two  different  composites  of  GaN  containing  MCM-41.  In  contrast  to  other 
groups,  which  synthesized  nano  confined  indium  phosphide  and  gallium  arsenide  with  the 
help  of  MCM-41  using  vapor  infiltration  techniques,  we  used  the  solution  impregnation 
method  for  synthesizing  GaN  in  MCM-41  [4].  The  problem  of  the  vapour  infiltration 
technique  is  that  the  desired  material  could  also  randomly  be  deposited  on  the  outer  surface  of 
MCM-41  besides  filling  the  pores. 

0.5  g  of  vacuum-dried  MCM-41  molecular  sieve  with  a  pore  diameter  of  2.7  nm  (synthesized 
according  to  [5])  were  combined  with  a  solution  of  0.5  g  of  triazido(trimethylamine)gallium  1 
in  30  mL  of  toluene.  This  mixture  was  then  stirred  overnight  to  allow  for  loading  the  pores  of 
MCM-41  with  the  precursor  1  by  capillary  diffusion.  After  filtration  two  different  procedures 
led  to  two  different  composites: 

One  sample  was  washed  twice  with  toluene  before  further  treatment.  This  sample  is  called 
washed  composite.  The  other  sample,  called  unwashed  composite,  was  directly  heated  in  an 
atmosphere  of  flowing  ammonia  up  to  300  °C,  and  after  turning  off  the  gas  heated  again  up  to 
500  °C  and  kept  at  that  temperature  for  10  hours. 

Both,  the  washed  and  the  unwashed  composite,  were  obtained  as  pale  grey  powders. 
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RESULTS  AND  CONCLUSIONS 

The  loading  of  the  composite  material  with  gallium  and  nitrogen  was  confirmed  by  chemical 
analysis  (CHN  and  ICP)  revealing  10.3  wt-%  of  Ga  and  2.8  wt-%  of  N  for  the  unwashed 
composite  and  11.2  wt-%  of  Ga  and  11.2  wt-%  of  Ga  and  1.9  wt-%  of  N  for  the  washed 
composite.  This  leads  to  a  molar  ratio  of  Ga  :  N  of  0.7  :  1  for  the  unwashed  composite  and  1.1 
:  1  for  the  washed  composite  [6]. 

Gas  sorption  measurements  were  carried  out  to  calculate  the  surface  area  of  the  empty  MCM- 
41  and  the  composites  according  to  the  BET-theoiy.  The  surface  area  of  the  empty  molecular 
sieve  was  about  983  m^/g  and  the  surface  area  of  the  composites  were  about  290  m^/g 
(unwashed  composite)  and  about  226  m^/g  (washed  composite)  [7].  The  decrease  of  the 
surface  area  in  the  case  of  the  composites  is  consistent  ivith  filling  of  the  pores  of  the 
molecular  sieve. 

The  powder  XRD-pattem  of  the  empty  MCM-41  consists  of  seven  reflections  in  the  small 
angle  region  (2  Theta  =  1-10®)  which  can  be  indexed  on  the  basis  of  a  hexagonal  symmetry 
(fig.  2a)  [8].  This  symmetry  results  from  the  regular  periodic  variation  of  the  electron  density 
between  the  empty  pores  and  the  silicate  wall  leading  to  a  scattering  contrast.  If  the  pores  are 
filled  with  material,  the  scattering  contrast  will  decrease,  i.  e.  the  intensity  of  the  reflections 
will  decrease,  too  (fig.  2a)  [5].  Having  a  look  on  the  high-angle  region  (2  Theta  =  10-80°,  fig. 
2b),  the  XRD  pattern  of  the  unwashed  composite  exhibits  the  reflections  of  hexagonal  GaN 
broadened  due  to  small  particle  size  (of  about  10  nm  evaluated  by  Rietveld  analysis).  The 
high-angle  pattern  of  the  washed  composite  does  not  show  any  feature  of  GaN.  This  indicates 
very  small  (2-3  nm)  or  amorphous  particles  of  GaN. 


Fig.  2  a:  the  low-angle  region  XRD  pattern 
of  empty  MCM-41  and  the  composites. 
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Fig.  2  b:  the  high-angle  region  XRD-pattem 
of  empty  MCM-41  and  the  composites. 


The  transmission  electron  microscope  (TEM)  investigations  on  the  materials  confirm  1.  the 
uniform  and  hexagonal  arrangement  of  the  pores  of  the  empty  MCM-41  and  2.  the  porous 
system  still  being  intact  after  the  filling  procedure  [9].  In  addition,  the  washing  cycles  led  to  a 
clean  surface  of  the  washed  composite  without  particle-deposits  whereas  the  surface  of  the 
unwashed  composite  contains  particle-deposits  of  about  10  nm  that  cause  the  reflections  of 
GaN  in  the  XRD-pattem. 

Solid  state  ’^Ga-NMR  spectra  were  measured  on  the  composites  and  a  commercial  bulk 
powder  sample  of  GaN  (FLUKA)  [10].  The  bulk  GaN  powder  sample  shows  a  typical 
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Fig.  3:  Transmission  electron  micrographs.  Left:  empty  MCM-41,  middle:  unwashed 
composite,  right:  washed  composite. 

quadrupole  resonance  at  350  ppm  (FWHM  =  550  ppm).  The  washed  composite  exhibits  only 
a  broader  gaussian-type  signal  at  145  ppm  (FWHM  =  450  ppm).  In  contrast,  the  spectrum  of 
the  unwashed  sample  consists  of  two  signals:  an  intense  (95  %)  Gaussian-type  signal  at  170 
ppm  (FWHM  =  400  ppm)  and  a  weak  (5  %)  quadrupole  signal  at  290  ppm  (FWHM  =135 
ppm).  The  broad  Gaussian-type  resonances  of  the  composites  are  likely  to  be  attributed  to 
very  small  particles  without  an  extended  crystalline  order  being  inside  the  pores  of  MCM-41. 
The  quadrupole  signal  belongs  to  bulk  GaN  which  is  deposited  on  the  outer  surface  of  the 
unwashed  composite. 
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Fig.  4:  solid  state  ^^Ga- 
NMR  spectrum  of  bulk 
GaN  powder  and  the 
composites  (performed 
in  static  mode  with  122 
MHz  resonance  frequen¬ 
cy  and  Hahn-echo-  tech¬ 
nique. 


With  the  washing  cycles,  precursor  molecules  deposited  on  the  outer  surface  of  MCM-41  will 
be  removed  leading  to  a  composite  with  gallium  nitride  being  only  inside  the  pores  (washed 
composite).  In  the  case  of  the  unwashed  composite  we  expected  gallium  nitride  being  inside 
the  pores  and  deposited  on  the  outer  surface  of  MCM-41 . 

Photoluminescence  (PL)  spectra  were  taken  at  room  temperature  from  the  commercial  bulk 
GaN  powder,  the  empty  MCM-41  matrix,  and  the  washed  and  unwashed  composites  (fig.  5) 
[11].  The  spectrum  of  the  bulk  GaN  powder  consists  of  the  expected  features:  the  typical 
yellow  luminescence  at  about  2.1  eV  caused  by  defects  and  impurities,  and  a  weak  blue 
emission  at  about  3.4  ev  that  corresponds  to  the  band  edge  luminescence  [12].  The  empty 
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matrix  shows  no  luminescence  at  all.  The  transparency  of  the  empty  MCM-41  is  confirmed  by 
the  absence  of  any  absorption  down  to  200  nm  (results  not  shown).  In  contrast,  the  composites 
show  broad  and  featureless  bands  peaking  at  about  2.5  eV. 

In  addition,  room  temperature  excitation  spectra  of  the  bulk  GaN  powder  and  the  composites 
were  performed  (fig.  6)  [13].  Again,  the  bulk  GaN  shows  the  expected  spectrum:  a  sharp  peak 
at  about  3.4  eV  belonging  to  the  C-exciton  and  the  band-band-transition  (indicated  by  dotted 
line)  of  about  3.4  eV  agreeing  with  literature  data.  The  excitation  onset  of  the  composites  is 
shifted  to  higher  energies  (3.7  eV).  This  blue-shift  can  be  attributed  to  quantum  confinement 
of  the  GaN-particles  being  inside  the  pores  of  MCM-41:  by  applying  the  simple  model  of  a 
semiconductor  sphere  (equation  1)  and  assuming  the  pore  diameter  of  2.7  nm  as  GaN  particle 
size  a,  a  blue  shift  of  about  0.255  eV  results  [14]. 


A£=- 


m 


hj 


equation  (1) 


Despite  the  simple  model,  the  agreement  with  the  experimental  data  obtained  from  the  two 
composites  is  surprisingly  good.  A  detailed  clarification  of  the  involved  effects  leading  to  this 
perfect  agreement  needs  further  studies  on  the  materials  and  is  beyond  the  scope  of  this  paper. 
In  the  spectrum  of  the  unwashed  composite  a  small  peak  remains  at  about  3.4  eV.  This  can  be 
attributed  to  the  GaN  deposits  on  the  outer  surface  of  this  material. 

In  summary,  we  have  shown  the  synthesis  of  quantum  confined  GaN  particles  in  MCM-41 
with  the  help  of  a  metalorganic  single  source  precursor  using  solution  impregnation  technique. 
This  pathway  can  include  washing  cycles  that  remove  precursor  material  deposited  on  the 
outer  surface  of  the  matrix  leading  to  composites  with  nanoparticles  of  GaN  being  only  inside 
the  pores  of  MCM-41.  Latter  acts  as  a  template  according  to  the  size  and  arrangement  of  the 
nanoparticles. 


Photon  Energy  [eV] 


Fig.  5:  Photoluminescence  spectrum 
of  bulk  GaN  powder  and  the 
composites.  The  peak  at  about  2.5 
eV  is  second  order  light  due  to  grid 
monochromator  (Excitation  5  eV). 


Photon  Energy  [eV] 

Fig.  6:  Excitation  spectrum  of  bulk  GaN 
powder  and  the  composites.  The  onset  of 
the  composites  is  blue-shifted  due  to 
quantum-confinement  of  GaN  in  the 
pores  of  MCM-41. 
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Parameters  of  equation  (1)  a:  particle  size  and  and  effective  electron  and  hole 

mass,  respectively,  =  0.27  wq,  mh  =  0.8  mo  (data  from  bulk  GaN)  and 

mo  =  9.1095  •  10  kg  being  the  electron  rest  mass. 
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ABSTRACT 

We  synthesized  the  highly  ordered  mesoporous  thin  films  with  alkyltrimethyl-ammonium 
(CnTMA+).  The  arrangement  of  mesopores  was  depend  on  the  Si/surfactant  ratio.  The 
hexagonal(P6mm)  arrangement  was  observed,  when  Surfactant/Si  ratio  was  1/10.  Increasing 
the  Surfactant/Si  ratio  to  1.6/10,  the  cubic  (Pm3n)  arrangements  were  observed.  A  steel  vessel 
for  the  measurement  of  the  nitrogen  adsorption  isotherms  of  thin  film  on  the  substrate  was 
designed.  It  was  found  that  mesopore  arrangements  in  the  film  is  more  regular  than  that  in  the 
powder  samples  prepared  by  the  same  acidic  synthesis  conditions. 

INTRODUCTION 

Recently  developed  mesoporous  materials  such  as  FSM-16[1],  MCM-41[2,3]  are  expected  to 
realize  new  field  of  nano-material  science.  The  mesopore  structure  is  controllable  in  nanometer 
range  and  accessible  for  outer  guest  molecules.  We  can  use  mesopore  space  as  a  Host  to  make 
nano-sized  materials.  Same  efforts  have  done  in  the  field  of  crystalline  aluminosilicate,  zeolites. 
Zeolites  can  be  a  host  material  to  make  sub-nanometer  clusters  such  as  CdS[4],  K[5],  and  so  on. 
But,  zeolites  are  difficult  to  form  thin  film  configuration  with  no  crack  or  defect.  That  is  coming 
from  the  nature  of  zeolite  crystal.  On  the  contrary,  mesoporous  materials  has  amorphous  wall 
structure  and  periodic  pore  structures  and  continuous  film  formation  is  expected.  Former  work 
in  this  area  by  Ogawa  with  sol-gel  method  could  make  optically  transparent  mesoporous  silicate 
thin  films,  but  in  micron-range  it  has  many  defects  and  low  stability [6].  In  this  work,  we  try  to 
make  mesoporous  silica  thin  film  structure  without  defects  and  cracks.  Another  important  point 
of  Host  material,  orientation  control  must  be  required.  Many  efforts  have  been  done  with 
various  technique[7-10].  We  developed  relatively  simple  one  based  on  the  nature  of  template 
micell. 


EXPERIMENT 

All  thin  films  have  been  made  with  surfactants  alkyltrimethylammonium  chloride 
Cx-TMA-Cl  (e.g.  Cethyl-Trimethyl-ammonium-chloride)  with  chain  length  x  of  12-18.  As  a 
silica  source,  tetramethylorthosilicate(TMOS)  was  used.  At  first,  organic/silica  complex 
solution  as  precursor  for  thin  films  has  prepared  in  the  molar  ratio  of  0.1  TMOS,  0.25  H2O  and 
0.0002  HCl.  The  mixture  has  stirred  for  1  hour.  Then  surfactants  (0.01-0.02  mol)  were  added 
with  stirring  under  control  of  pH  in  the  range  1-3  for  10  minutes.  Finally  water  (30-50ml) 
added  to  decrease  viscosity.  The  thickness  could  be  changed  in  the  range  of  100-500nm  by 
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viscosity  and  dipping  speed.  This  organic/silica  complex  solution  was  transparent  and  stable  for 
about  3  days. 

This  organic/silica  complex  solution  could  be  coated  on  various  substrates  by  dip-coating  or 
spin-coating  method.  For  example,  mesoporous  silica  film  has  prepared  on  glass  plate  ( coaning 
7059  )  with  dip-coating  at  room  temperature.  To  remove  surfactants,  samples  were  dried  at 
373K  for  1  hour  and  calcined  at  773K  in  air  for  6  hours. 

The  pore  orientation  on  a  substrate  could  be  controlled  with  use  of  semiconductor  micro 
fabrication  technique  (  Si-semiconductor  photolithography:  Fig  1.).  A  Si  substrate  and 
photo-resist  tapered  pattern  with  stripe  shape  was  prepared  using  standard  UV  exposure 
processes.  The  resist  thickness  were  1.5  /m  and  width  of  stripe  pattern  were  1  /m.  The 
dip-coating  method  was  applied  for  pore  orientation  control  in  the  arrangement  of  matching  the 
dipping  direction  and  resist  stripes.  Following  the  drying  process  at  373K  for  1  hour,  lift-off 
process  has  been  carried  out  in  acetone  or  methylethylketone  with  use  of  supersonic  mixer. 
Finally,  Calcinations  at  773K  in  air  has  done  for  removal  of  surfactants. 


RESULTS  AND  DISCUSSION 


The  structure  of  mesoporous  silica  thin  films  was  studied  with  SEM,  TEM  and  XRD.  The 
orientation  controlled  silica  mesoporous  thin  film  in  stripe  shape  was  shown  in  Fig.  2.  Two 
different  type  of  pore  morphology  were  observed  ( Fig.  3).  The  pore  type  could  be  changed  by 
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pre-bake  at  363K 
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Mesoporous  silica  film 

Dip  coating  of  mesoporous  silica 
film,  dried  at  373K 
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\ 


Resist  lift-off  (acetone  or  methylethylketone) 
calcined  at  removal  of  surfactant 


Mesoporous  silica  film 


Fig.  1  Preparation  of  orientation  controlied 
mesoporous  silica  films. 


Fig  2.  TEM  and  SEM  images  of  the  mesoporous 
silica  thin  film  on  Si  substrate. 
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Fig  3  TEM  images  of  the  mesoporous  silica  thin  films  on  glass  plate 


Si/Surf=1/0.1 


Si/Surf=1/0.16 


Fig  4.  XRD  patterns  of  mesoporous  silica  thin  films  on  glass  plate, 
(a)  Si/surf.=1/0.1  (b)  Si/Surf.=1/0.16 


Si/Surf=1/0.1 


Si/Surf=1/0.16 


Fig  5.  XRD  patterns  of  mesoporous  silica  thin  films  on  Si  substrate, 
(a)  Si/surf. =1/0.1  (b)  Si/Surf.=1/0.16 
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Si/surfactant  ratio,  Hexagonal(P6mm) 
type  were  obtained  at  Si/surfactant 
=1/0.1  and  Cubic(Pm3n)  type  at  1/0.16. 

The  results  of  X-ray  diffraction 
measurement  with  2  0/  0  scan  for 
continuous  thin  films  on  glass  plate 
were  shown  in  Fig.  4.  It  was  good 
agreement  with  former  results  at  hydro 
thermally  grown  Hexagonal  and  Cubic 
type  mesoporous  powders.  In  the 
hexagonal  samples  on  glass  plates, 

(110)  peak  did  not  observed.  XRD 
patterns  for  the  patterned  films  on  Si 
substrate  were  measured  in  two 
geometries,  in  which  X-ray  scattering 
vector  was  parallel  to  the  stripe 
direction  in  one  geometry  and 
perpendicular  in  another  one.  (Fig  5). 

The  results  of  XRD  suggested  that  the 
mesopore  channels  are  running  parallel 
to  the  stripe  direction.  That  was  also 
confirmed  by  TEM  cross-sectional  observation  (Fig.  2).  These  orientation  control  must  be  come 
from  the  self-assembly  nature  of  micells  formed  in  precursor  solutions  on  the  substrate. 

The  adsorption  isotherms  of  N2  were  measured  with  specially  designed  steel  vessel  for  thin 
film  samples  by  means  of  volumetric  method  (Fig  6)  ,  Measurements  have  carried  out  on  ten 
pieces  of  glass  plate  (  76  X  26  X  1mm)  inserted  to  the  vessel.  Both  surfaces  of  the  glass 
substrates  were  coated  by  the  silica  thin  films  with  about  500nm  of  thickness  by  dip-coating. 
Fig  7a,  7b  shows  N2  adsorption  isotherm  and  BJH  pore  distribution  analysis  of  Hexagonal  film, 
Cubic  film  and  bulk  samples.  The  bulk  samples  were  prepared  with  same  process  that  has  not 
coated  on  substrate  and  dried  to  make  optically  transparent  bulk  sample.  The  bulk  sample  had 
mesopores  near  2nm,  but  did  not  have  periodic  arrangement  of  pores  like  Hexagonal  films.  The 
diameter  of  pores  derived  was  about  2.7nm  at  C18-TMA-C1  that  is  relatively  smaller  than 
FSM-16  or  MCM-41  with  use  of  same  surfactant.  The  pore  size  control  of  thin  films  by 
variation  of  alkyl-chain  length  has  evaluated  (Fig  8a,  8b).  TTie  pore  size  could  be  control  from 
1.5-3.0nm. 


the  N2  adsorption  isotherms  of  thin  film  with 
the  substrates.  The  vessel  is  set  in  the  liquid 
nitrogen. 


Fig  7.  N2  adsorption  isotherms  and  pore  distributions  of  the  mesoporous  silica  thin  films  on  glass 
plate.  (Cib-TMA*) 
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Pore  diameter  /  nm 

Fig  8.  N2  adsorption  isotherms  and  pore  distributions  of  the  mesoporous  silica  thin  films  on  glass  plate. 
(C18-TMA+  ,Ci4-TMA+,Ci2-TMA+) 


In  this  work,  highly  ordered  silica  mesoporous  thin  films  were  derived  with  simple  method 
using  stabilized  organic/silica  complex  solutions.  The  important  points  in  this  method  are  the 
control  of  viscosity  and  pH  during  the  preparation  of  the  precursor.  Organic/Silicate  composite 
is  stabilized  with  acidic  condition  (pH=l'^2)  and  secondary  addition  of  solvent  (H2O  or 
organic  solvent)  lowered  the  viscosity  , which  cause  quick  rearrangement  of  micells  during 
drying  process.  And  the  high  ordering  makes  thermal  stability  of  mesoporous  silica  films  up  to 
973K(Hexagonal),  773K(Cubic).  Previous  work  by  Lu  et  al.[10]  reported  the  sol-gel 
dip-coating  thin  films,  which  had  a  few  different  phases  in  cross-sectional  direction  of  the  film. 
They  proposed  cooperative  assembly  mechanism  concerning  with  drying  process  of 
organic/silica  solutions.  The  same  mechanism  may  influence  on  our  thin  films,  but  good 
reproducibility  and  uniform  formation  of  large  area  (  up  to  10cm  diameter  Si  wafer)  is  possible 
with  this  procedure. 


CONCLUSIONS 

The  mesoporous  silica  thin  film  process  with  low  viscosity  and  low  pH  can  make  highly 
ordered  mesopore  structure  with  good  reproducibility.  Uniform  structure  of  hexagonal  (P6mm) 
and  cubic(Pm3n)  pore  arrangement  was  observed  at  Surfactant/Si  ratio  1/10, 1.6/10  respectively. 
The  photolithographic  technique  can  control  the  orientation  of  pore  direction  inside  the  stripe 
shape  film.  N2  adsorption  measurements  suggested  that  the  mesopores  in  the  films  did  not 
closed.  We  are  going  to  use  this  procedure  to  catalytic,  optical  and  electrical  future  applications. 
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ABSTRACT 

The  mesostructured  vanadia/surfactant  composites  are  synthesized  by  self  assembled  processes 
and  phase  transition  has  been  investigated.  The  lamellar  mesostructure  of  the  vanadia/surfactant  has 
been  shifted  to  monoclinic  and  hexagonal  mesophase  by  low  temperature  annealing,  possibly  due  to 
the  change  of  the  inorganic/surfactant  ratio. 

INTRODUCTION 

The  discovery  of  the  mesoporous  silicate  and  aluminnosilicate  by  Beck  etal.[\]  have  opened  up  new 
synthetic  route  of  self-assembled  materials  and  numerous  papers  have  been  reported  to  examine  the 
advantages  of  micelle  templated  approach  and  mechanism  of  the  self-organization  processing. [2] 
Processing  methods  of  mesoporous  materials  have  been  studied  mainly  for  the  silica-surfactant 
system.  The  self-assembling  surfactant  micelle  plays  on  roll  for  structure-directing  agents  of 
mesoporous  silicates  and  other  inorganic  frameworks.  The  mesostructure  of  the  product  has  been 
controlled  by  molecular  structure  of  surfactant  and  other  synthetic  conditions  such  as 
surfactant/silicate  ratio,  concentrations  and  temperatures.  The  materials  are  calcined  to  open  the 
mesopores  at  a  dimension  of  few  nanometers. 

Vanadium  oxide  has  been  studied  for  a  long  term  because  of  its  potential  application  to  the 
electrode  materials.  Zhou  and  Honma  recently  reported  that  spin-cast  vanadate-surfactant  composite 
film  can  change  its  mesostructure  by  low  temperature  annealing[3].  The  mesophase  of  the  film 
prepared  from  propyl  vanadate(V)  and  Cj^TMABr  on  glass  substrate  showed  lamellar  structure 
initially  and  transformed  to  hexagonal  (p6m)  after  the  heat  treatment  at  160  for  12.5  h,  while, 
between  lamellar  and  hexagonal  phase,  cubic  phase,  appears  as  an  intermediate  phase  for  transition. 
In  this  paper,  we  have  investigated  a  mesophase  transformation  of  vanadate/surfactant  composite  that 
can  be  controlled  by  low  temperature  annealing  and  the  structural  change  behavior  of  the  composite  is 
discussed. 
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EXPERIMENT 

The  surfactant-templated  approach  has  been  used  for  synthesizing  mesostructured  vanadate, 
reported  elsewhere[4].  In  our  method,  a  surfactant  solution  was  prepared  by  dissolving  3.84  g  of 
CjgTMACl  in  50  mL  of  water.  An  inorganic  solution  was  prepared  in  another  bottle  by  dissolving 
1.17  g  of  ammonium  vanadate(V)  (NH^VO-^)  in  50  mL  of  sodium  hydroxide  aqueous  solution  (1.0 
N).  After  stirring  the  inorganic  solution  for  2  h,  hydrochloric  acid  (1.2  N)  was  added  drop  wise  until 
its  pH  was  decreased  to  6.5.  The  surfactant  solution  was  added  to  the  inorganic  solution,  yielding 
soon  a  yellow  precipitate  of  vanadate-surfactant  composite.  The  composite  was  filtered,  washed  with 
ethanol  and  water,  and  then  dried  at  65  for  10  h.  The  purified  composite  powder  (0.33  g  in  a 
sample  bottle)  was  annealed  in  a  furnace  with  the  following  heating  program:  increasing  temperature 
up  to  objective  temperature  with  the  heating  rate  of  1  ‘C/min.,  holding  temperature  for  1-64  h,  and 
then  furnace  cooling  for  2  h.  The  annealing  experiments  were  carried  out  in  two  ways:  one  is  heating 
for  2  hours  at  different  temperatures,  the  other  is  at  160  'C  for  various  hours.  The  samples  before  or 
after  heat  treatment  was  characterized  by  low  angle  X-ray  diffraction  (XRD)  peaks.  XRD 
measurements  were  performed  by  a  Rigaku  RINT  2400  diffractometer  using  CuK^  line.  Thermal 
analysis  (TG-DTA  measurement)  was  performed  to  study  phase  transformations  at  elevated 
temperatures  and  associated  structural  change. 

RESULTS 

The  mesophase  of  the  as-prepared  composite  was  lamellar  structure  as  in  the  XRD  pattern 
shown  in  Fig.  1.  There  are  three  peaks  of  lamellar  phase  observed  at  scattering  angle  (2q)  of  3.6,  7.3, 
1 1°  which  is  assigned  a  d-space  of  2.4  nm.  Although  the  synthetic  condition  of  the  solution  pH  and 
CigTMACl/NH^VO^  molar  ratio  (0.1 -1.2)  has  been  widely  changed,  the  products  have  been  made 
only  for  lamellar  phase  with  the  same  d-spacing  value.  Figure  2  shows  a  change  of  low-angle  XRD 
pattern  of  the  composite  annealed  at  temperatures  from  150  °  to  400  TH  by  the  interval  of  50  X!. 
Below  200  Tl,  low-angle  XRD  pattern  preserved  to  show  mesostnicture  of  the  product,  however,  the 
materials  start  destroying  at  annealing  temperatures  above  250  X:  and  completely  deformed  at  400  3C. 
This  is  due  to  the  removal  of  the  surfactants  in  the  lamellar  structure;  the  mesophase  can  not  survive 
without  lamellar  surfactant,  otherwise,  hexagonal  or  cubic  phase  should  be  stabilized  by  calcination. 

The  mesostructure's  phase  transformation  has  been  also  examined  at  low  temperature 
annealing  at  160  V.  for  various  hours,  which  is  shown  in  fig.  3  (a).  From  this  experiment,  it  was 
found  that  this  vanadate-surfactant  composite  system  displayed  the  following  sequence  of  the  phase 
transformation:  lamellar  (as-prepared  sample)  JE  two-dimensional  monoclinic,  p2  (samples  annealed 
for  1,  2  and  4  h)  hexagonal,  p6m  (aimealed  for  over  8  h).  We  indexed  XRD  peaks  as  shown  in 
Figs.  3  (b)  and  (c).  Two-dimensional  monoclinic  phase  (usually  referred  to  as  a  “oblique”[5])  was 
identified  in  the  meso-structured  materials.  This  phase  is  not  the  three-dimensional  monoclinic  one 
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Fig.  1 

Fig.  1 

Low-angle XRD  pattern  of  the  as-prepared  vanadia/surfactant  composites. 


Fig.  2 

Fig.  2 

Low-angle  XRD  patterns  of  the  samples  annealed  at  various  temperatures  for  2  h. 
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Fig.  3 

(a)  Low-angle  XRD  patterns  of  the  samples  annealed  at  160  °C  for  various  hours,  (b)  the  sample 
(annealedfor  2  h.)  of  two-dimensional  monoclinic  (/72)  mesostructure  and  (c)  the  sample  (annealed 
for  8  h.)  of  hexagonal(/?6w)  mesostructure  are  shown. 
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which  was  discovered  in  the  tungstate-Cj^TMA  system  by  Stein  et  al.[6].  Auvray  et  d.  investigated 
mesophase  diagrams  of  CjgTMABr  and  polar  solvents  such  as  water,  formamide  and  glycerol,  and 
found  pi  phase  exists  in  the  region  between  hexagonal  and  bicontinuous  cubic.  [7]  The  transformation 
sequence  of  our  vanadate-C ^^TMA  system  seems  to  be  a  reasonable  result,  although  we  could  not 
find  a  cubic  mesophase. 

As  the  driving  force  of  the  phase  transformation  and  deformation  can  be  enumerated  by  two 
possibilities:  one  is  atomic  diffusion  at  the  crystallization  of  vanadium  oxide,  and  the  other  is 
interfacial  tension  applied  when  the  surfactant  is  baked  out.  The  former  possibility  is  easily  denied 
from  a  consideration  of  the  crystallization  temperature.  We  measured  high  angle  XRD  patterns  of  all 
the  annealed  samples  (no  data),  and  confirmed  that  only  the  400  Tl-calcined  one  consisted  of 
vanadium(V)  oxide  crystals.  As  shown  in  Fig.  2,  the  mesostructure  was  deformed  by 

annealing  at  lower  temperature  than  the  crystallization  tempemture.  The  latter  possibility  is  explained 
as  follows;  at  the  heating  treatment,  the  surfactant  is  baked  out  with  interfacial  tension,  which  drives 
all  components  of  the  vanadate-surfactant  composite  to  transfer,  until  the  mesostructure  stands  in  a 
certain  region  of  liquid  crystal  phase  diagram,  corresponding  to  the  vanadate/surfactant  ratio.  This 
discussion  includes  doubt  because  the  melting  point  of  Cj^TMABris  227-235  ‘CLS];  so  we  may  not 
comfortably  accept  that  the  surfactant  is  really  baked  out  by  the  annealing  at  160  . 

The  chemical  reaction  of  the  vanadate-surfactant  composite  at  the  annealing  process  was 
studied  by  TG-DTA  measurement.  The  heating  treatment  from  room  temperature  to  600  XI  has  three 
sequential  reactions:  one  endothermic  reaction  up  to  160  X,  followed  by  two  exothermic  reactions 
from  160  to  320  X,  and  above  320  X.  All  of  the  reactions  involve  weight  loss,  suggesting  that  those 
reactions  correspond  to  desorption  of  adsorbed  water,  baking  out  of  the  surfactant,  and  crystallization 
accompanied  with  desorption  of  water  in  vanadate  framework,  respectively. 

We  found  that  the  weight  of  residual  surfactant  decrease  with  both  increasing  annealing 
temperature  and  annealing  time.  The  deformation  of  the  composite  mesophase  was  induced  by  the 
removal  of  the  surfactant,  i.e.  the  change  of  vanadia/surfactant  ratio  which  is  the  mesophase 
determining  parameter  of  the  self-assembling  systems.  However,  the  transformation  during  the 
annealing  at  160  cannot  be  discussed  simply  in  the  same  way.  Assuming  the  alkyl  chain  of  the 
surfactant  in  the  composite  fractionally  degrades  and  the  head  group  keeps  on  binding  with  the 
vanadate  framework  at  the  heating  treatment,  it  is  realistic  to  consider  that  change  of  the  packing 
parameter[9,10]  of  the  average  surfactant  formula  caused  phase  transformation,  rather  than  the  change 
of  the  concentration  did.  Namba  et  d.  synthesized  porous  silica  with  single  hexagonal  mesostructure 
from  silica  and  the  mixture  of  C j^TMABr  and  Cj2TMABr.[l  1]  In  addition,  Huo  et  d.  reported  that 
self-organization  silica  products  obtained  from  a  mixture  of  two  distinct  surfactants  vary  from  cubic 
{laid)  to  three-dimensional  hexagonal  through  hexagonal  (p6m)  as  the  fraction  of  one  of 

the  surfactant  increases  in  the  mixture.  [9]  The  above  discussion  of  the  packing  parameter  cannot  be 
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regarded  as  a  reckless  one.  We  could  not  decided  from  the  present  data  whether  a  variation  of  the 
surfactant  concentration  or  that  of  the  average  packing  parameter  is  only  the  factor  of  the  mesophase 
transformation  during  the  annealing  treatment  at  160  The  origin  of  the  mesophase  transformation 
might  be  a  variation  of  the  concentration  of  the  surfactant,  that  of  the  packing  parameter,  or  both  of 
them. 

CONCLUSIONS 

The  mesostructured  vanadate/surfactant  composites  have  been  synthesized  by  the  surfactant 
templated  approach.  The  phase  transition  of  the  structure  by  low  temperature  was  studied  and  the 
lamellar  to  hexagonal  phase  shift  has  been  observed  by  the  surfactant/vanadia  composition  ratio. 
Monoclinic  phase  was  also  founded  in  between  lamellar  and  hexagonal.  The  product  loses  its 
mesostructure  at  high  temperature  annealing  above  250  ‘C. 
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ABSTRACT 

Thermally  stable  alumina  and  zirconia  pillared  clays  loaded  with  copper  and  cobalt 
cations  and  silver  nanoparticles  were  synthesized.  The  structural  and  surface  features  of  these 
nanosystems  were  studied  and  compared  with  those  of  bulk  analogs  -partially  stabilized  zir- 
conias  and  y-alumina  loaded  with  the  same  active  components.  Specificity  of  the  catalytic 
properties  of  nanocomposites  in  the  reactions  of  nitrogen  oxides  reduction  by  propane,  pro¬ 
pylene  and  decane  in  the  excess  of  oxygen  appears  to  be  determined  both  by  the  degree  of 
interaction  between  pillars  and  active  components  and  the  type  of  reducing  agent. 

INTRODUCTION 

Alumina,  zirconia  and  titania-pillared  clays  cation-exchanged  with  copper,  iron,  co¬ 
balt,  cerium,  silver  and  gallium  were  recently  shown  to  be  reasonably  active  and  stable  in  the 
presence  of  water  in  the  reaction  of  NO^  reduction  by  ethylene  in  the  presence  of  oxygen  [1]. 
However,  factors  determining  catalytic  activity  of  these  nanostructured  systems  still  remained 
unclear.  In  part  it  can  be  assigned  to  a  lack  of  comparison  between  the  properties  of  these 
systems  and  more  extensively  studied  bulk  prototypes  such  as  transition  metal  ox¬ 
ides/precious  metals  supported  onto  alumina  and/or  partially  stabilized  zirconia.  This  work 
aims  at  covering  this  gap  by  using  our  early  experience  in  dealing  with  catalysis  of  NO^  re¬ 
duction  by  hydrocarbons  (SCR-HC)  on  stabilized  zirconia  (PSZ)  [2],  alumina  [3,4]  and  ZSM- 
5  [3]  based  systems. 

EXPERIMENTAL 

Alumina-  and  zirconia-  (zirconia-ceria)  pillared  clays  were  synthesized  using  a  Ca- 
montmorillonite  clay  (CaO  content  2  wt.%)  from  the  Kazakhstan  Tagansk  deposit  with  the 
cation-exchange  capacity  90  meq/lOOg  clay  containing  ~  66  wt.%  Si02  and  25%  wt.%  AljOj. 
To  synthesize  pillaring  macrocations,  0.1  M  ZrOClj  8  HjO  (0.05  M  solution  of  cerium  nitrate 
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was  added  when  required)  and  0.1  M  AICI3  starting  solutions  were  used.  The  pillaring  solu¬ 
tions  obtained  following  earlier  described  procedures  [5]  as  well  as  their  suspensions  with 
clay  particles  were  aged  at  60  °C  for  16  h.  By  pillaring,  up  to  15  wt.%  of  alumina  and  ca  20 
wt.%  of  zirconia  (or  Ce0-Zr02  solid  solution  with  ~  1:1  ratio)  were  incorporated.  Copper 
and  cobalt  cations  were  added  using  either  cation  exchange  with  corresponding  nitrates  solu¬ 
tions  as  in  [1,  3]  or  impregnation.  Silver  was  loaded  either  by  wet  impregnation  or  by  the 
photoassisted  deposition  from  nitrate  solution  using  an  ultraviolet  radiation  (a  high  pressure 
Hg  lamp).  Typically,  up  to  4  wt.%  of  Cu.  1%  of  Co  and~l-2  wt.%  of  Ag  were  added  to  PILC. 

Bulk  samples  of  highly  dispersed  (specific  surface  area  ~  ISOmVg)  mesoporous 
tetragonal  Zr02  partially  stabilized  by  Ca,  Sr  and  Ba  (Me^^  content  ~  3  at.%)  were  prepared  by 
the  ammonia  coprecipitation  from  corresponding  mixed  nitrate  solutions  followed  by  the  hy¬ 
drothermal  treatment  at  100  °C  in  the  presence  of  polyvinyl  alcohol,  drying  and  calcination  at 
600  “C.  As  bulk  analog  of  alumina  pillars,  earlier  studied  [3]  commercial  y-Al202  (A-1  type) 
with  the  specific  surface  area  ~  180  mVg  was  used.  First  copper  (up  to  1-4  wt.%)  and  cobalt 
(up  to  1%)  cations,  then  silver  (up  to  1-2%)  were  supported  on  the  surface  of  these  bulk  sys¬ 
tems  from  nitrate  solutions  by  a  standard  wet  impregnation  procedure  or  photoassisted  depo¬ 
sition  from  nitrate  solution  followed  by  drying  and  calcination  at  600  °C. 

Samples  were  characterized  using  TEM  (Jeol  200  C,  200  kv),  EXAFS  (spectra  were 
acquired  at  the  EXAFS  Station  of  the  Siberian  Center  of  Synchrotron  Radiation,  Novosibirsk) 
combined  with  the  X-ray  diffraction  (XRD,  CuK„,  an  URD-63  diffractometer)  and  X-ray 
Small  Angle  Scattering  (SAXS,  a  KMP-1  camera  with  CuK^  radiation,  nickel  filter  and  an 
amplitude  analyzer).  Adsorption  characteristics  were  measured  on  a  Micromeritics  ASAP- 
2400  installation  by  N2  adsorption  at  ~  77  K.  Surface  properties  were  probed  by  the  Infra-red 
spectroscopy  of  adsorbed  CO  test  molecule  (FTIRS,  a  Fourier-transform  IFS  113V  Bruker 
spectrometer).  Temperature-programmed  desorption  of  NO^  (TPD)  was  carried  out  following 
procedures  earlier  described  in  details  [2,  3]. 

Catalytic  properties  in  the  NO^  SCR  -HC  and  NO  oxidation  to  NO2  by  O2  were  tested 
in  the  flow  microreactors  using  earlier  described  procedures  [2-4]  at  GHSV  12000/h  (0.1% 
CjHg+O.P/o  NO  +1%02  in  He),  18000/h  (0.2%C3H6  +  0.2%  NO  +  2.5%  Oj  in  N2),  11200/h 
(0.05%  C10H22  +  0.15%  NO  in  air)  and  30000/h  (1%  NO  +  1%  O2  in  He). 

RESULTS 

Pore  structure  of  pillared  days 

According  to  XRD,  for  all  PILC  the  basal  (001)  spacing  is  in  the  range  of  17-19  A, 
which  corresponds  to  the  gallery  height  ~  8-9  A.  The  micropore  volume  estimated  from  the 
nitrogen  adsorption  isotherms  (Fig.  1)  was  found  to  be  ~  0.1  cmVg,  while  the  BET  surface 
area  was  in  the  range  of  200-320  mVg,  both  values  decreasing  due  to  incorporation  of  transi¬ 
tion  metal  cations  and  silver.  The  hysteresis  loop  nearly  identical  for  all  samples  is  due  to 
mesopores  (mean  diameter  ~45  A)  created  by  defects  in  the  clay  sheets  stacking. 

Structural  features 


A  typical  spectra  for  Zr  K  edge  are  shown  in  Fig.  2.  In  all  samples,  Zr  environment 
corresponds  to  that  in  the  tetragonal  zirconia  phase.  Here,  a  set  of  close  Zr-0  distances  exists 
thus  decreasing  the  average  Zr-0  coordination  number  (CN).  For  bulk  samples,  the  nature  of 
stabilizing  alkaline-earth  cation  has  a  negligible  effect  on  the  Zr  coordination  sphere.  As  fol- 
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lows  from  Table  1,  where  the  data  are  shown  only  for  Ca-ZrOj  as  a  typical  support,  Cu,  Co 
and  Ag  loading  has  not  changed  the  Zr  environment  as  well.  For  pillars  (Table  1),  the  struc- 
tura  differ  considerably  from  that  for  the  bulk  zirconia:  Zr-0  distance  and  CN  were 


Fig.  1 .  Typical  nitrogen  adsorption  iso-  Fig.2  RDA  jfunction  for  Zr-K  in  5%Cu/  SrO- 
therms  for  the  initial  clay,  Al-PILC  and  Zr02-(upper  curve)  and  Cu/Zr-Ce-PILC. 

Cu  and  Co-exchanged  Al-PILC. 

bigger,  while  for  the  Zr-Zr  sphere,  these  parameters  were  smaller.  It  suggests  a  more  symmet¬ 
ric  oxygen  environment  around  each  Zr  with  a  more  disordered  packing  of  Zr-0  polyhedra  in 
the  nanosized  pillars.  These  effects  are  less  developed  for  pillars  comprised  of  CeO-ZrOj  spe¬ 
cies  due  to  known  Ce  ability  to  stabilize  a  cubic  zirconia  phase.  As  the  result,  copper  insertion 
has  a  negligible  effect  on  their  structure  (Table  1),  while  changing  appreciably  the  structural 
features  of  pure  zirconia  pillars.  For  both  types  of  pillars,  silver  incorporation  has  a  pro¬ 
nounced  effect  on  their  structure.  These  results  imply  location  at  least  a  part  of  promoters  on 
the  pillars.  This  conclusion  agrees  with  the  identical  square-planar  coordination  of  copper 
cations  by  the  oxygen  atoms  situated  at  1.99  A  distance  for  both  bulk  zirconia  supported 
samples  and  Cu/Zr-PILC  found  in  this  work.  These  Cu  cations  are  mainly  isolated  since  no 
Cu-Cu  distance  was  observed.  The  appearance  of  two  Cu-Zr  (Ce)  distances  at~3.0  and  4.0  A 
implies  the  incorporation  of  copper  into  the  surface  layer  of  bulk  samples  or  into  the  bulk  of 
pillars.  No  bulk  phases  of  copper  or  cobalt  oxides  were  detected  by  TEM  and  XRD.  EXAFS 
spectra  of  silver  not  shown  here  for  brevity  have  a  very  high  noise  level  suggesting  that  a 
considerable  part  of  Ag  exists  as  isolated  cations  with  low  Ag-0  CN.  Certainly,  a  consider¬ 
able  part  of  Ag  in  PILC  is  in  the  form  of  rather  big  particles  located  either  in  mesopores 
(diameters  up  to  30-35  A;  SAXS)  or  on  the  surface  of  PILC  platelets  (50-100  A,  Fig.  3)  and 
bulk  supports  (SAXS  mean  diameter  ~  15  A,  -200-300  A  particles  revealed  by  TEM,  Fig.  4). 

The  interaction  between  silver  and  oxidic  promoters  is  visible  as  a  “mushroom”-type 
Ag  particles  (Fig.3)  or  thin  layers  extended  around  them  in  zirconia  supported  samples  pro¬ 
moted  by  Cu  and  Co  (Fig.  4) 

Surface  properties 

As  follows  from  the  data  of  adsorbed  CO  test  molecule  (Fig.  5,6),  the  state  of  transi¬ 
tion  metal  cations  supported  onto  the  bulk  supports  or  incorporated  into  the  PILC  greatly 
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depends  upon  the  support  nature  and  presence  of  silver.  Usually,  silver  addition  was  found  to 


Table  1.  EXAFS  parameters  for  Zr-containing  samples 


Sample 

Sphere 

Coordination 

number 

Distance,  A 

Debye- Waller 
factor  2ct^ 

ZrOj-CaO 

Zr-0 

3.8 

2.10 

0.010 

Zr-Zr 

6.4 

3.66 

0.016 

5%  Cu/Zr02-Ca0 

Zr-0 

3.9 

2.10 

0.010 

Zr-Zr 

5.4 

3.65 

0.015 

CeZr-PILC 

Zr-0 

4.8 

2.15 

0.017 

Zr-Zr 

0.9 

3.52 

0.016 

Zr-PILC 

Zr-0 

5.1 

2.15 

0.019 

Zr-Zr 

0.5 

3.51 

0.011 

Cu/CeZr-PILC 

Zr-0 

5.1 

2.14 

0.017 

Zr-Zr 

0.9 

3.48 

0.014 

Cu/Zr-PILC 

Zr-0 

4.7 

2.15 

0.017 

Zr-Zr 

0.6 

3.52 

0.013 

Cu(5%)+Ag(2%)/ 

Zr-0 

4.7 

2.15 

0.014 

CeZr-PILC 

Zr-Zr 

0.6 

3.49 

0.011 

Cu(5%)+Ag(2%)/ 

Zr-0 

5.2 

2.14 

0.021 

Zr-PILC 

Zr-Zr 

0.5 

3.47 

0.004 

Fig.  3.  Typical  TEM  image  (x300000)  of  Fig.  4.  A  typical  TEM  image  of  silver  parti- 
silver  particles  photodeposited  into  the  cles  supported  onto  5%  Cu/Ca-ZrOj  sample. 

Co/Al-PILC  Dark  bulky  particles- Ag,  thin  transparent 

platelets  around  them  -mixed  oxidic  phase 

increase  the  density  of  coordinatively  unsaturated  surface  centers  capable  to  retain  CO,  while 
the  spectral  features  typical  for  the  metallic  silver  (absorption  band  at  -  2100  cm  *)  were  not 
observed.  Copper  and  cobalt  cations  appear  to  screen  a  part  of  support  coordinatively  unsatu¬ 
rated  centers  (Zr  or  alkaline  earth  cations  for  PSZ,  A1  cations  for  alumina)  or  surface  hydrox¬ 
yls  (band  at  2166  cm‘‘  for  hydrogen-bonded  CO)  while  creating  new  centers.  As  judged  by 
the  relatively  high-frequency  band  position  [3],  copper  and  cobalt  cations  are  mainly  isolated 
and/or  incorporated  into  the  support.  Appearance  of  the  low-frequency  band  for  CO  adsorbed 
on  Cu/zirconias  as  compared  with  Cu/PILC  suggests  a  higher  degree  of  copper  clustering  for 
the  case  of  bulk  zirconia  supports.  Due  to  high  reactivity  of  surface  oxygen  in  such  clusters, 
Ag-promoted  Cu/zirconia  systems  are  capable  to  oxidize  CO  even  at  77  K,  which  was  mani¬ 
fested  by  emergence  of  a  band  at  ~  2340  cm'*  corresponding  to  adsorbed  CO2.  Similarly,  as 
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compared  with  Cu/Al-PILC,  Cu/Zr-PILC  have  a  higher  degree  of  clustering  and  an  order  of 
magnitude  higher  density  of  CO  adsorption  centers. 


2000  2050  2100  2150  2200 

Wavenumbers  cm''' 

Fig.  5.  Typical  ER.  data  for  CO  adsorbed  at  77 
K  and  13  Torr  for  zirconia  -based  samples. 


Fig.  6.  Typical  IR  data  for  CO  adsorbed  at  77 
K  on  the  surface  of  Zr-PILC 


Catalytic  properties 

In  general,  the  systems  studied  here  possess  a  rather  good  and  stable  performance  in 
NO^  SCR-HC  comparable  with  or  exceeding  that  of  the  reference  Cu-ZSM-5  system  [3],  and 
the  best  samples  based  upon  PILC  or  bulk  zirconia  supports  are  certainly  of  a  practical  inter¬ 
est  (Fig.  7,8;  Table  2).  For  the  same  active  component,  the  catalytic  performance  was  found 
to  depend  strongly  upon  the  type  of  support.  Thus,  zirconia  and  Zr-PILC  based  Cu  catalysts 
have  a  higher  level  of  the  low-temperature  activity  as  compared  with  systems  based  upon 
alumina  or  Al-PILC.  In  part,  it  can  be  assigned  to  a  higher  degree  of  Cu-Cu  clustering  for  the 
former  systems.Similarly,  too  strong  interaction  of  cobalt  cations  with  alumina  pillars  makes 
Co/Al-PILC  catalysts  inactive,  though  Co  supported  on  y-alumina  has  a  very  good  activity. 
Interaction  between  silver  and  transition  metal  cations  helps  to  increase  NO  conversion 


T,  C 


Fig.  7.  Temperature  dependence  of  NO^  re¬ 
duction  into  N2  by  decane  at  1 1000h  ‘  for 
catalysts  based  upon  bulk  supports. 


Fig.  8.  Performance  of  basic  types  of  cata¬ 
lysts  in  the  NO  reduction  by  CjHg  (2,  3, 7- 
10),  CjHg  (4,5)  and  decane  (1,6).  1,2,5- 
Cu/Ce-Zr-PILC,  3,4-Ag+Cu/Ce-Zr-PILC,  6- 
Ag+Cu/Al-PILC,  7,8-1%  CU/AI2O3  and 
l%Ag+l%Cu/Al203,  9,10-0.7%  C0/AI2O3 
and  1%  Ag+0.7%  C0/AI2O3,  resp. 
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into  Nj,  though  operating  temperature  range  can  be  shifted  either  to  higher  or  lower  tem¬ 
peratures.  In  general,  there  is  no  simple  relation  between  the  rate  of  NO  reduction  and  the 
amount  of  adsorbed  CO,  NO,^  or  the  rate  of  NO  oxidation  into  NOj  (Table  2). 


Table  2.  Comparison  between  NO^  TPD  data  and  performance  of  Cu+  Ag  active  component 
supported  onto  bulk  Me-ZrO^  _ 


Support 

TPD  NO, 

NO 

Coverage, 

Tmax, 

Propane 

Propylene- 

Decane- 

into  NO2  at 

10'^  mol/g 

“C 

-SCR 

SCR 

SCR 

225  °C,  % 

Ca-ZrOj 

6.3 

180,350 

40/200 

30/250 

44/350 

22.4 

Sr-ZrOj 

7.1 

180,380 

30/350 

40/120-280 

56/370 

17.1 

Ba-ZrOj 

4.8 

220,  320 

50/250 

40/120-400 

66/370 

10.7 

*The  temperature  (Tmax  )  at  which  maximum  conversion  of  NO  into  N2  (Xmax)  is  achieved 


which  is  important  for  generation  of  reactive  ad-NO,^  species  [3,4].  In  part,  it  can  be  explained 
by  a  variety  of  ad-NO,^  species  (nitrates,  nitrites,  nitrosyls)  with  different  reactivity  existing 
on  the  surface,  hence,  integral  data  are  not  sufficient.  Probably,  such  factors  as  specific  acti¬ 
vation  of  hydrocarbons  by  silver  and  stabilization  of  certain  C,N-containing  intermediates 
can  be  of  importance  as  well. 

CONCLUSIONS 

Structural  features  and  surface  properties  of  zirconia  and  alumina  pillars  located  be¬ 
tween  the  clay  layers  and  loaded  with  transition  metal  cations  and  silver  were  shown  to  differ 
appreciably  from  those  of  bulk  analogs  due  to  a  stronger  oxide-oxide  and/or  oxide-metal  in¬ 
teraction.  It  is  reflected  in  the  catalytic  performance  of  these  systems  in  the  NO^  selective 
reduction  by  hydrocarbons  helping  to  obtain  some  active  systems  interesting  for  the  practical 
application 
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ABSTRACT 

Room-temperature  synthesis  of  transition  metal  (  TM  =  Co,  Ni  and  Mn  )  oxide 
intercalated  clays  has  been  developed,  which  extends  the  potentiality  of  clay  based  materials 
for  the  design  of  electroactive  nanophase.  The  structure  was  examined  by  using  powder 
XRD  -  one-dimensional  Fourier  analysis,  magnetic  susceptibility  measurement  as  well  as 
conventional  analytical  methods.  From  the  results,  it  was  revealed  that  the  oxidation  by 
using  NaClO  as  the  oxidative  reagent  affords  a  new  expanded  layer  structure  with  a  basal 
spacing  of  about  1.96  nm  wherein  a  conductive  TM  oxide  sheetadjacent  to  two  hydrated 
sodium  ion  layers  resides  in  the  gallery  of  the  clay.  The  resultant  sodium  cobaltate 
interlayered  smectite  bears  multi-functionality;  an  apparent  bulk  conductivity  in  the  order  of 
10'^  Scm'^  and  a  cation  exchange  ability. 

INTRODUCTION 

Metal  /  insulator  layered  nanocomposite  has  attracted  great  interest  from  not  only 
scientific  but  also  industrial  aspects  [1].  For  constructing  such  composites,  layered 
transition  metal  dioxide  and  clay  minerals  are  expected  to  be  the  conductor  and  insulator 
parts  of  the  structure.  In  this  concern,  however,  we  focussed  our  attention  to  the  fact  that 
divalent  transition  metal  hydroxides  can  be  intercalated  into  the  gallery  of  smectite  clays  to 
form  a  silicate  /  hydroxide  intercalation  compounds  [2].  If  the  hydroxide  sheets  intercalated 
inside  the  gallery  would  be  successfully  oxidized,  one  can  obtain  a  new  nano-composite 
wherein  conductive  oxide  layers  and  silicate  layers  are  alternately  stacking. 

The  authors  have  developed  a  new  oxidation  method  with  using  NaClO  as  the  oxidative 
reagent.  Here,  the  structure  of  the  product  will  be  examined  by  XRD  associated  with  one¬ 
dimensional  Fourier  analysis  as  well  as  magnetic  susceptibility  measurement.  The  structure 
determined  was  found  to  be  essentially  the  same  for  Co,  Ni  and  Mn  species.  Thus  we  will 
mainly  describe  on  the  case  of  Co,  then  the  other  cases  will  be  mentioned  as  well. 

PROCESSING 

The  cobalt  hydroxide  intercalated  smectite  compounds  were  prepared  by  the  titration 
method  [2,3,4].  Sodium  fluoride  tetrasilicic  mica  of  2.0  g  (  Somacif  provided  by  Coop 
Chemical  Co.  Ltd.;  ideal  chemical  formula:  Na2Si8MgsF402onH20;  Chemcal  analysis  data: 
Si02  58.73%;  MgO  27.58%;  Na20  4.96%;  F  8.02%;  CaO  0.16%;  Fe203  0.07%;  AI2O3 
0.48%;  CEC:  115meq/100g-clay  )  was  dispersed  into  150  ml  of  0.1  M  CoClj  aqueous 
solution.  300  ml  of  0.1  M  NaOH  aqueous  solution  was  added  slowly  with  a  drop  rate  of  1 
ml/hour.  The  titration  was  carried  out  under  nitrogen  flow  to  avoid  formation  of  cobalt 
carbonate  throughout  the  procedure.  The  obtained  powder  was  rinsed  with  0.01  N  HCl 
aqueous  solution  to  remove  the  excess  Co(OH)2  precipitated  on  the  outer  surface  of  the  clay 
and  further  washed  with  deionized  water. 

The  oxidation  was  performed  in  aqueous  suspension  system  at  room  temperature. 
About  1.0  g  of  the  cobalt  hydroxide  intercalation  compound  prepared  above  was  dispersed  in 
50  ml  of  1.5  M  NaClO  aqueous  solution  and  was  vigorously  stirred.  The  color  of  the 
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sample  immediately  turned  from  original 
light  pink  to  black,  indicating  the  oxidation 
of  cobalt  hydroxide  into  electronically 
conductive  phase.  For  equilibrium,  the 
suspension  was  further  stirred  for  24  hours. 
The  powder  sample  was  washed  with 
deionized  water  and  separated 
centrifugally,  then  dried  in  vacuo  at  313  K. 

STRUCTURAL  STUDY 


The  first  change  via  the  oxidation  was 
observed  in  the  basal  spacing  of  the 
sample.  The  XRD  patterns  were  recorded 
on  a  rotating-anode  type  high  power  X-ray 
diffractometer,  Rigaku  RINT-2000  with 
monochlomated  Cu  Ka  radiation  in  step 
scan  measuring  mode  of  a  0.02°  step  in  20. 

The  intensities  of  00/  reflections  were 
determined  by  film  technique.  The 
powder  XRD  patterns  as  well  as  possible  indices  for  the  samples  before  and  after  oxidation 
are  compared  in  Fig.  1.  From  the  results,  it  is  clear  that  the  basal  spacing  expands  fi-om 
1.48  to  1.96  nm  via  oxidation.  The  pattern  of  the  before  oxidation  sample  was  quite  similar 
to  that  reported  by  Ohtsuka  et.al  [2].  For  the  after  oxidation  sample,  in  the  figure,  at  least 
16  basal  reflections  can  be  distinguished  from  the  noise  level.  The  observed  periodic 
appearance  of  the  higher  harmonics  from  basal  plane  indicates  a  considerably  high  regularity 
in  the  stacking  of  the  silicate  and  transition  metal  oxide  sheets  in  the  structure. 

From  EDX  observation  revealed  that  Co  and  Na  atoms  were  contained  in  the  oxidized 
sample  in  addition  to  the  original  composition  of  the  silicate  host.  The  composition  of  Co 
and  Na  determined  from  AAS  analysis  was  presented  in  Table  I.  The  average  valence  of 
the  Co  ions  was  determined  by  iodo metric  titration  to  be  3.2±0.1.  The  TG  profiles  for  the 
samples  before  and  after  oxidation  were  compared  in  Figure  2.  The  before-oxidation 
sample  showed  two  steps  of  decomposition  at 
200  °C  and  350  °C  corresponding  to 
dehydration  and  dehydroxylation  from  the 
cobalt  hydroxide  layer.  On  the  other  hand, 
the  after  oxidation  sample  showed  three  steps: 

(i)  dehydration  of  loosely  bonded  water  (  T  < 

150  °C  );  (ii)  release  of  oxygen  and 
dehydroxylation  (  150  <  T  <  700  °C  );  (iii) 
release  of  oxygen  associated  with 
decomposition  of  silicate  layer  (  T  >  700  °C  ). 

It  is  apparent  that  the  temperature  of  the  major 
weight  loss  for  the  sample  lowered  via 
oxidation,  suggesting  conversion  from 
hydroxide  sheet  to  oxide  or  oxyhydroxide  of 
cobalt  as  well  as  intercalation  of  water 
molecules  through  oxidation  process. 

Taking  account  these  results,  the  expansion  in 
the  basal  spacing  can  be  attributed  to  the 
intercalation  of  sodium  ions  and  water 
molecules  between  silicate  and  CoOj  slab. 


Figure  2.  Thermogravimetry  (TG)  profiles  for  for 
Co  hydroxide  /  fluoride  teterasilicic  mica 
intercalation  compounds  before  and  after 
oxidation. 


Figure  1.  Powder  x-ray  diffraction  patterns  for  Co 
hydroxide  /  fluoride  teterasilicic  mica  intercalation 
compounds  before  and  after  oxidation.  The 
numbers  presented  on  the  lines  stand  for  the  index 
/  of  (00/)  reflections. 
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Table  1.  Comparison  of  the  interlayer  compositions  of  the  after  oxidation 
sample  between  the  experimental  and  the  estimated  values 


Amount  [mmol/g-sample] 

_  _ Co _ Na _ Interlayer  H?.0 

Experimeii.J  3.33">  1.69^>  5.78"> 

Estimated*"^  3.43  1.74  6.00 

“^determined  by  atomic  absorption  analysis 
'’^determined  by  the  weight  loss  below  150  °C 

'^estimated  by  the  contents  of  the  model  structure  presented  in  Table  E. 


In  order  to  check  this  argument  further,  we  tried  to  compute  and  compare  one¬ 
dimensional  Fourier  maps  based  on  the  observed  00/  intensities  and  the  model  structure  for 
the  oxidized  sample  (Figure  2).  In  computation  [5],  we  included  the  first  16th  lines  and  the 
observed  structure  factors  were  phased  with  those  calculated  based  on  the  model  structure. 
The  distribution  of  the  atoms  along  z-axis  in  the  unit  cell  of  the  model  structure  is  presented 
in  Table  II.  The  observed  and  calculated  values  of  the  line  intensities  and  structure  factors 
for  the  basal  reflections  are  compared  in  Table  III.  From  good  agreements  (  Rp=2.3%  ),  we 
can  realize  the  structure  wherein  C0O2  slab  is  sandwiched  by  two  monolayers  of  hyckated 
sodium  ions  in  the  interlayer  space. 


Electron  Density  {a.u.) 


Figure  3.  One-dimensional  Fourier  diagram  and  corresponding  structure  scheme  for  the  after  oxidation 
san^le.  In  the  diagram,  three  lines  are  presented;  solid  line:  calculated  based  on  the  observed  structure 
factors,  Fobs;  broken  line:  calculated  based  on  the  structure  model  (  This  line  substantially  overlaps  with 
the  former  solid  line. )  ;  dotted  line:  the  difference  Fourier  map. 
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Ikble  n  Structural  model  and  parameters  used  for  the  calculation  of  the  XRD  intensity  and  the 
structure  factors  of  (000s  for  the  after  oxidation  sample 


composition 

z 

djA 

Silicate  layer 

60 

4  Si 

40,2F 

5Mg 

0.00 

0.00 

2F 

0.06 

1.08 

40 

0.06 

1.11 

4  Si 

0.14 

im 

60 

0.17 

3.34 

Interlayer 

3.4  HjO 

0.31 

6.09 

1.2  Na 

0.34 

6.72 

5.2  (0,0H) 

0.45 

8.84 

4.8  Co 

5.2  (0,0H) 

1.2  Na, 

3.4  H2O 

0.50 

9.80 

Thble  III  Comparison  between  the  observed  and  the  calculated  XRD  line  intensities  and 
structure  factors  for  the  after  oxidation  sample. 


d/A(obs.) 

I/Io(obs.) 

I/In(calc.) 

F(obs.) 

Ftcalc.) 

(001) 

19.62 

3.09 

2.96 

7.76 

7.61 

(002) 

9.86 

100.00 

100.00 

88.75 

88.75 

(003) 

6.56 

27.04 

27.23 

69.90 

-69.88 

(004) 

4.93 

3.18 

3.56 

32.56 

33.96 

(005) 

3.94 

4.64 

4.82 

49.71 

-49.92 

(006) 

3.26 

21.63 

21.51 

132.23 

128.09 

(007) 

2.81 

0.83 

0.33 

18.67 

18.68 

(008) 

2.46 

0.07 

0.09 

12.70 

-11.23 

(009) 

2.18 

0.98 

1.20 

46.73 

-47.73 

(00,10) 

1.97 

0.21 

0.25 

24.10 

-24.61 

(00,11) 

1.78 

0.39 

0.66 

43.60 

-44.76 

(00,12) 

1.63 

0.28 

0.40 

38.40 

38.89 

(00,13) 

1.52 

0.07 

0.10 

25.05 

21.04 

(00,14) 

1.40 

0.40 

0.57 

56.03 

55.97 

(00,15) 

- 

0.00 

0.00 

0.00 

-0.37 

(00,16) 

1.22 

0.26 

0.48 

59.74 

59.69 

MAGNETIC  AND  ELECTRIC  PROPERTIES 

The  electronic  configuration  of  Co  ions  was  examined  from  magnetic  aspect.  The 
magnetic  susceptibility  of  the  samples  were  measured  with  Quantum  Design  MPMS  XL-5 
SQUID  magnetometer  in  the  temperature  range,  2<T/K<300,  in  the  field  of  1  kOe.  The 
temperature  dependence  of  susceptibility  phenomenologically  seemed  to  be  simple 
summation  of  a  Curie  paramagnetism  and  a  temperature-independent  term.  By  fitting  an 
equation  CIT+Xo^o  the  experimental  data,  we  obtained  the  Curie  constant  C  =  6.3x10'^ 
emu*Oe'^g‘^K'\  and  X)  emu  Oe'^g’\  The  effective  moment  of  cobalt  was 

calculated  from  the  C  value  to  be  0.39  pg.  This  low  value  indicates  that  the  Co  ions  adopt  a 
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low  spin  configuration  (  t2^  for  Co^ 
and  for  Co'^  )  in  the  octahedral 
center.  It  should  be  noted  that  a 
practically  temperature-independent 
para-magnetism  has  been  reported  for 
NaCo02,  adopting  the  aNaFe02 
structure  wherein  MO2  slab  is 
constructed  of  edge  shared  octahedron 
[6].  The  constant  term  was 
considered  to  be  due  to  non-diagonal 
term  of  the  orbital  moment.  The 
qualitative  similarity  between 
NaCo02  and  our  sample  suggests  a 
structural  similarity  between  the  oxide 
sheets  in  these  materials. 

One  can  expect  electrical 
conductivity  for  the  mixed  valence 
state  of  the  Co  ions  in  the  layered 
structure.  The  conductivity 

measurement  was  made  on  pressed 
disk  specimens  with  dimension  of  1.0 
cm  diameter  and  about  0.7  mm 
thickness.  To  ensure  ohmic  contact, 
we  coated  gold  on  both  sides  of  the  disk  by  sputtering  method.  The  conductivity  was 
measured  along  the  direction  perpendicular  to  the  plane  of  the  disk.  The  V-I  plot  showed  a 
fairly  good  linear  behavior  in  the  region  observed  (0  -  1.0  V).  The  apparent  conductivity 
determined  from  the  profile  for  the  sample  before  oxidation  was  5x10'^®  Scm'^  on  the 
contrary,  that  for  the  oxidized  sample  jumped  up  to  6x10'^  Scm'^  The  temperature 
dependence  of  conductivity  of  the  oxidized  sample  showed  a  thermally  activated  one;  the 
activation  energy  was  estimated  to  be  0,43  eV  in  the  temperature  range,  303  <  T/K  <  343. 
As  the  characterization  method,  the  conductivity  measurement  is  not  suitable  enough  for 
these  heterogeneous  systems,  though  the  jump  in  conductivity  via  oxidation  would  suggest 
the  potentiality  for  use  in  electric  device  for  this  material. 

Finally,  we  focus  our  attention  to  the  nature  of  the  hydrated  sodium  ions.  It  was 
found  that  Na"^  ion  can  be  easily  exchanged  by  alkaline  and  alkaline  earth  cations  at  room 
temperature.  The  amount  of  the  cation  exchange  was  determined  by  the  AAS  analysis  for 
both  the  solid  phase  and  the  supernatant  after  ion  exchange.  It  was  ca.  160  meq.  per  100  g 
sample,  which  slightly  varied  depending  on  the  pH  of  the  suspension.  Although  in  the  case 
of  mono-valent  cations  and  Ba^"^  the  basal  spacing  was  retained  around  1.96  nm,  in  cases  of 
alkaline  earth  ions,  an  expansion  of  the  interlayer  space  by  about  0.3  nm,  resulting  in  a  basal 
spacing  of  22-23  nm,  was  observed.  This  difference  may  have  come  from  difference  in 
the  number  of  water  molecules  solvated  around  the  cations  [7] . 

COMPARISON  WITH  OTHER  METALS 

For  the  other  transition  metal  species,  Ni  and  Mn,  we  also  examined  that  basically  the 
same  processing  procedure  gives  isomorphous  materials.  The  properties  for  the  obtained 
layered  nano-composites  containing  different  transition  metal  oxides  are  summarized  in 
Table  IV.  The  main  difference  was  found  in  the  magnetic  properties.  The  results  were 
also  compared  with  corresponding  oxides  containing  alkaline  ions,  A,jM02  with  edge-sharing 
octahedral  layered  structure:  NaCo02  [6],  LiNiOj  [8]  and  Na,jMn02  (  birnessite  )  [9].  The 
observed  good  correlation  in  magnetic  parameters  suggested  that  the  spin  states  of  the 
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Figure  4,  Magnetic  susceptibility,  x>  and  reciprocal 
magnetic  susceptibility,  x'S  for  the  after  oxidation 
sample  as  a  function  of  temperature.  The  inset 
represents  the  Currie  constant,  C,  and  temperature 
independent  term  Xo>  determined  by  fitting  an  equation, 
X=C/T-fXo. 
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intercalated  transition  metal  oxides  are  similar  to  those  of  the  corresponding  layered  oxides. 
The  fact  that  although  the  inter-layer  spacing  between  TM  oxide  layers  are  different,  the 
magnetic  parameters  are  quite  similar  suggests  that  the  magnetic  properties  of  these  oxide 
layer  are  mainly  determined  not  by  inter-layer  interaction  but  by  intra-layer  interaction. 

Ikble  IV.  Comparison  of  structure  and  properties  among  transition  metal  oxide 
/  clay  nano-composites  as  well  as  corresponding  layered  oxides 


TM 

Basal  spacing  Valence 
/nm  of  TM  ions 

Magnetic  properties*^ 

1  Magnetic  properties  of  A,MO, 

ftjTMytte 

0p/K 

Fe£f(TM)/^B 

ejK 

Co 

1.96 

3.2 

0.38 

- 

1  Temp.-independenC^ 

Ni 

1.96 

3.1 

2.07 

14 

2.r> 

26‘=> 

Mn 

1.98 

3.8 

3.89 

-40 

4.1'’ 

-50^ 

•The  parameters  were  determined  by  fitting  the  data  with  a  Curie-Weiss  low:  %-  CI{T-0^  for  Ni  and  Mn  ( 50  < 
T/K  <  300  ),  and  an  equation  x  -  Xo+C/T  for  Co  (  2  <  T/K  <  300  ). 

*’^NaCo02  from  rcf.[6],  ‘'TiNiOj  from  ref.  [8] 

‘‘^Na^MnOjoHzO  (bimessite)  from  ref.  [9];  the  0p  was  estimated  the  figure  in  the  reference. 


CONCLUSION 

The  room  temperature  processing  using  NaClO  as  the  oxidizing  reagent  has  succeeded 
the  oxidation  of  transition  metal  hydroxide  sheet  inside  the  clay  gallery.  A  new  expanded 
structure  with  1.96  nm  periodicity  along  c-axis  was  evidenced  by  XRD  associated  with  one- 
dimesional  Fourier  analysis.  Magnetic  properties  were  found  to  be  similar  to  those  of 
layered  metal  oxides,  suggesting  quite  similar  structure  of  the  oxide  sheets  accommodated  in 
the  gallery  of  the  clay.  Furthermore,  the  observed  electric  conduction  and  ion  exchange 
ability  would  give  new  potentialities  of  these  materials. 
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ABSTRACT 

The  catalytic  activity  of  polycrystalline  and  nanocrystalline  Ce02-supported  Pd  (Pd/pCe02 
and  Pd/nCe02)  has  been  determined  as  a  function  of  temperature  and  Pd  loading.  While  the 
untreated  nCe02  support  gives  50%  methane  conversion  at  420°C,  the  untreated  pCeO^  support 
exhibits  little  activity  under  the  conditions  examined  due  to  its  low  surface  area.  A  Pd  loading  of  5 
wt%  increases  the  activity  of  pCe02  to  50%  conversion  at  260°C,  while  a  40  wt%  Pd  loading  on 
nC^2  exhibits  a  relatively  smaller  activity  increase,  yielding  50%  conversion  at  2^°C.  On  a  mass 
basis  the  40  wt%  Pd/nCe02  catalyst  is  the  most  active  tested  in  this  study,  but  it  is  less  active  than 
the  5  wt%  Pd/pCe02  catalyst  on  a  surface-area  basis.  Furthermore,  the  activity  of  the  40  wt% 
Pd/nCe02  catalyst  does  not  decrease  during  100  hrs  of  exposure  to  CH4  and  O2  at  250°C. 

X-ray  photoelectron  spectroscopy  (XPS)  and  ion  scattering  spectroscopy  (ISS)  have  been 
used  to  characterize  the  surfaces  of  both  bare  supports  and  Pd-containing  catalysts  before  and  after 
exposure  to  reactor  conditions.  The  XPS  results  reveal  that  the  Pd  surface  concentration  is  more 
than  an  order  of  magnitude  higher  for  5  wt%  Pd/pCe02  than  for  5  wt%  Pd/nCe02  due  to  the  larger 
surface  area  of  nCeC)2  and  that  the  40  wt%  Pd/nCe02  catalyst  has  a  lower  Pd  loading  on  a  surface- 
area  basis  than  the  5  wt%  Pd/pCe02  catalyst  Most  of  the  supported  Pd  is  in  the  form  of  PdO,  but 
higher  Pd02/PdO  ratios  are  observ^  for  both  Ce02  supports  compared  to  Pd  supported  on  Zr02 
or  C03O4.  Furthermore,  a  significant  amount  of  metallic  Pd  forms  on  Pd/nCe02  but  not  on 
Pd/pCe02  during  reaction.  TTie  nanocrystalline  and  polycrystalline  Ce02  behave  differently 
chemically  which  is  consistent  with  the  fact  that  the  nanocrystalline  catalysts  are  less  active  on  a 
surface-area  basis.  Accumulation  of  H2O  on  the  Pd/pCe02  surface  during  reaction  is  signiftcant 
but  not  on  the  Pd/nCeC)2  surface.  This  suggests  that  die  rate  limiting  step  may  be  H2O  desorption 
on  Pd/pCe02  while  for  Pd  on  nCe02  adsorption  of  methane  appears  to  be  the  slow  step.  The  ISS 
data  indicate  that  the  outemiost  atomic  layer  of  Pd/nCe02  consists  mostly  of  O  and  C,  which  is  not 
the  case  for  Pd/pCe02.  Site  blockage  by  these  species  may  also  contribute  to  the  lower  activity  on 
a  surface-area  basis  of  Pd/nCe02  compared  to  Pd/pCe02. 

INTRODUCTION 

The  use  of  natural  gas  as  an  alternative  automotive  fuel  could  potentially  lead  to  reduced 
levels  of  CO2,  NOx,  and  SOx  emissions  and  decreased  reliance  on  imported  oil  (1).  However,  an 
obstacle  to  widespread  use  of  natural  gas  as  an  automotive  fuel  is  the  need  to  eliminate  unbumed 
methane  from  engine  exhaust  streams  because  methane  is  a  much  more  potent  greenhouse  gas  than 
CO2  (2).  A  catalytic  converter  could  be  used  to  reduce  methane  emissions  to  acceptable  levels, 
provided  that  a  catalyst  can  be  developed  with  sufficient  metfiane-oxidation  activity  and  stability  at 
engine  exhaust  stream  temperatures.  The  three-way  catalyst  commonly  used  in  automobiles  is  not 
very  effective  in  this  application  (3). 

Cerium  dioxide  has  been  studied  as  a  support  for  automotive  exhaust  gas  conversion 
catalysts  (4-6)  because  it  has  a  unique  capacity  for  storage  and  release  of  oxygen  during 
oxidation/reduction  processes  (4).  Since  polycrystalline  cerium  dioxide  (pCe02)  and 
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nanocrystalline  cerium  dioxide  (nCe02)  differ  significantly  in  specific  surface  area,  they  may 
perform  differently  as  supports  for  methane  oxidation  catalysts.  The  methane  oxidation  activities 
of  AI2O3-,  2^62-,  Mn304-,  C03O4-,  and  pCeC)2-supported  Pd  catalysts  have  been  studied,  and  all 
show  significant  activities  at  temperatures  above  300®C  (6,7)  although  long-term  stabilities  vary. 
Activities  of  5  wt%  Pd  supported  on  pCe02  and  nCe02  (prepared  by  e-beam  evaporation,  gas- 
phase  condensation  and  post  oxidation)  were  compared  by  Hahn  et  al.  (6)  and  were  found  to  be 
similar,  although  die  surface  Pd  concentration  on  the  pCe02  support  is  significandy  larger  than  that 
for  the  nCe02  support.  The  methane  oxidation  activities  of  nCe02-supported  Pd  at  loadings  higher 
than  5  wt%  were  not  studied. 

In  this  present  study  the  catalytic  activity  of  polycrystalline  and  nanocrystalline  ceria  has 
been  determined  for  methane  oxidation  as  a  function  of  temperature  and  Pd  loading.  X-ray 
photoelectron  spectroscopy  (XPS)  and  ion  scattering  spectroscopy  (ISS)  have  been  used  to 
characterize  the  surface  compositions  of  pCeCh-  and  nCeC)2-supported  Pd  and  to  determine  the 
effects  of  exposure  to  reactor  conditions  on  these  surfaces.  The  observed  differences  arc  correlated 
with  the  activities  of  nCe02-  and  pCe02-supported  Pd  catalysts  in  an  effort  to  gain  information 
about  how  these  catalysts  function. 

EXPERIMENTAL 

The  polycrystallinc  ceria  (pCeC)2, 99.9%)  used  in  these  studies  was  obtained  from  Aldrich, 
and  nanocrystalline  ceria  (nCe02)  was  obtained  from  Nanophase,  Inc.  The  Pd/Ce02  catalysts 
were  prepaid  by  stirring  the  Ce02  powders  and  Pd(N03)2  together  in  distilled  water,  then  heating 
to  boil  off  excess  water  and  followed  by  calcining  the  slurry  in  air  at  500°C  for  4  hrs.  The  bare 
supports  were  calcined  in  air  at  280°C  for  2  hrs  prior  to  analysis  by  XPS  and  ISS.  The  specific 
surface  areas  of  the  supports  and  the  as-prepar^  catalysts  were  determined  by  N2  adsorption 
(BE'O. 

Catalyst  activity  studies  were  performed  using  100  mg  of  catalyst  in  a  horizontal  quartz 
tubular  reactor  with  a  feed  gas  consisting  of  1.2%  CH4  and  12%  O2  in  N2  flowing  at  a  total  rate  of 
33  standard  cubic  centimeters  per  min  (seem)  and  a  pressure  of  16  psia.  Activity  versus 
temperature  curves  were  obtained  by  maintaining  constant  catalyst  bed  temperature  at  each 
temperature  to  within  ±3®C  until  a  maximum  activity  was  observed.  An  activity  decay  study  was 
performed  using  40  wt%  Pd/nCe02  by  maintaining  a  constant  bed  temperature  of  250°C  for  100 
hrs  with  intermittent  activity  determination. 

Bare  support  and  catalyst  powder  samples  were  pressed  into  Al  cups  and  inserted  into  the 
ultrahigh  vacuum  (UHV)  chamber  (base  pressure  of  10*^1  Torr)  for  analysis  by  XPS  and  ISS. 
For  XPS  die  double-pass  cylindrical  mirror  analyzer  (DPCMA,  Perkin-Elmcr  PHI  Model  25- 
255AR)  was  operated  in  the  retarding  mode.  XPS  survey  spectra  were  collected  at  a  pass  energy 

of  50  eV  and  high-resolution  spectra  at  a  pass  energy  of  25  eV  using  Mg  Ka  excitation.  ISS  data 
were  collected  using  1-keV  He+  and  by  operating  the  DPCMA  in  the  nonretarding  mode  with  a 
scattering  angle  of  137  ±  6°.  Both  XPS  and  ISS  data  were  collected  using  a  digital  pulse-counting 
circuit  (8)  combined  with  digital  filtering  and  smoothing  (9).  XPS  spectra  were  collected  prior  to 
ISS  analysis  for  all  samples  because  XPS  is  less  destructive  than  ISS.  The  ISS  data  collection 
times  were  kept  as  short  as  possible  to  minimize  ion-sputter  damage. 

RESULTS  AND  DISCUSSION 

Methane  conversion  activities  for  pCe02  and  nCe02  with  various  Pd  weight  loadings  are 
shown  in  frgure  1.  Untreated  nCe02  exhibits  significant  activity,  which  is  at  least  partially  due  to 
its  high  surface  area  (table  1),  with  an  initial  onset  of  activity  at  about  300°C  and  a  ^%  conversion 
at  420®C.  Untreated  pCeC^  exhibits  little  activity  even  above  400°C.  A  5  wt%  loading  of  Pd 
significantly  increases  the  activity  of  pCe02,  decreasing  the  initial  activity  temperatiro  to  180°C  and 
yielding  50%  conversion  at  260®C.  The  5  wt%  Pd/nCeC)2  is  somewhat  less  active  with  a  50% 
conversion  at  290°C.  Increasing  the  Pd  loading  on  nCe02  from  5  wt%  to  20  wt%  decreases  the 
50%  conversion  temperature  to  260°C,  nearly  identical  to  the  5%  Pd/pCe02.  A  further  increase  to 
40  wt%  Pd/nCe02  decreases  the  50%  conversion  temperature  to  240®C,  and  gives  100% 
conversion  at  300°C.  This  is  the  highest  activity  on  a  catalyst  mass  basis  observed  in  this  study. 
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Figure  1.  Methane  conversion  activities  of  untreated  pCe02  and  nCe02, 5  wt%  Pd  on  pCeC)2  and 
5, 20  and  40  wt%  Pd  on  nCeOi  as  a  function  of  temperature. 

The  results  of  an  activity  decay  study  using  40  wt%  Pd/nCeC)2  at  250°C  are  shown  in  figure  2. 
The  initial  activity  is  about  60%  conversion,  and  this  increases  to  almost  70%  over  a  period  of 
6000  min.  A  5  wt%  Pd^ZrC)2  catalyst  exhibits  a  similar  stability  at  250°C,  and  both  the  Pd/nCe02 
and  Pd/pZr02  catalysts  exhibit  superior  stability  to  Pd/Al203  cat^ysts  at  250°C  (7). 

XPS  survey  spectra  obtained  from  the  as-prepared  catalysts  with  various  Pd  loadings  on 
pCeC)2  and  nCeC)2  are  shown  in  figures  3  and  4  respectively.  The  primary  features  include  die  O 
Is,  Pd  3d,  C  Is,  and  Ce  3d  and  4d,  along  with  O,  Pd,  and  Ce  Auger  peaks.  The  C  Is  peak  is 
barely  discemable  for  the  bare  supports  but  increases  with  Pd  loading  indicating  that  hydrocarbons 
adsorb  more  readily  on  PdO  than  Ce02  as  discussed  below.  The  fact  that  Pd-containing  catalysts 
adsorb  hydrocarbons  more  readily  than  ceria  is  consistent  with  their  enhanced  catalytic  behavior 
since  methane  adsorption  is  a  critical  step  in  methane  oxidation.  The  Pd  3d  peak  height  increases 
faster  with  increasing  Pd  loading  for  pCe02  than  for  nCe02  which  is  consistent  with  the  specific 
surface  areas  of  the  5  wt%  Pd-loaded  catalysts  and  bare  supports  in  table  1.  A  loading  of  5  wt% 

TABLE  1 

BET  Surface  Areas 


catalyst 

treatment 

surface  area 

(mVz) 

none 

1.5 

calcined  280°C 

7.5 

none 

89 

calcined  280°C 

179 
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Time,  min 


Figure  2.  Methane  conversion  activity  of  the  40  wt%  Pd/nCe02  catalyst  as  a  function  of  time  at 
250°C. 

Pd  on  pCe02  increases  the  specific  surface  area  by  a  factor  of  five  over  that  of  the  bare  support 
An  increase  has  also  been  observed  previously  for  Pd/Co304  catalysts  (10).  This  increase  could 
be  due  to  an  increase  in  surface  roughness  or  the  splitting  up  of  larger  particles  by  the  impregnation 
process.  Addition  of  5  wt%  Pd  to  pCeOa  significantly  diminishes  the  intensity  of  the  Ce  3d,  4d, 
and  Auger  features  relative  to  the  bare  support  as  shown  in  figure  3.  This  is  the  result  of  a  matrix 
effect  caused  by  coverage  of  the  ceria  support  by  Pd  species.  In  contrast,  a  loading  of  5  wt%  Pd 
on  nCeC)2  only  doubles  the  specific  surface  area,  and  the  intensity  of  the  Ce  XPS  features  for  5 
wt%  Pd/nCeC)2  shown  in  figure  4  are  not  significantly  diminished  relative  to  the  bare  support.  The 
near-surface  concentration  of  Pd  is  greater  for  5  wt%  Pd/pCeOa  than  for  5  wt%  Pd/nCeC)2,  as 
would  be  expected  based  on  the  surface  areas  of  the  bare  supports.  This  concentration  effect  could 
at  least  partially  explain  the  higher  activity  of  5  wt%  Pd/pCe02  over  5  wt%  Pd/nCe02  observed  in 
figure  1.  As  the  Pd  loading  is  increased  on  nCe02»  the  Pd  3d  features  increase  as  expected.  At  a 
loading  of  40  wt%,  the  survey  spectrum  becomes  more  similar  to  that  obtained  from  the  5  wt% 
pCeC)2  catalyst  but  the  areal  Pd  loading  stiU  is  not  as  high. 

High-resolution  O  Is,  Pd  3d,  and  C  Is  XPS  spectra  obtained  from  untreated  pCeC)2  and  5 
wt%  Pd/pCe02  before  and  aJfter  exposure  to  reactor  conditions  are  shown  in  figure  5A,  B  and  C 
respectively.  Tbe  primary  chemical  state  of  oxygen  for  all  three  samples  is  Ce02  as  indicated  by 
the  peak  at  529.3  eV  in  figure  5A.  However,  the  presence  of  Pd  results  in  the  appearance  of  at 
least  two  more  oxygen  chemical  states  with  features  at  531.6  and  533.7  eV.  The  feature  at  531.6 
eV  is  due  to  O  in  PdO,  and  the  shoulder  at  533.7  eV  is  assigned  as  due  to  the  presence  of  surface 
H2O.  Its  intensity  increases  during  reaction  indicating  that  H2O,  which  is  one  of  the  reaction 
products,  accumulates  on  this  surface.  The  Pd  3d  spectra  shown  in  figure  5B  indicates  that  the 
primary  form  of  Pd  on  the  catalyst  is  PdO  with  a  binding  energy  (BE)  of  336.2  eV,  but  a  small 
amount  of  Pd02  is  also  apparent  at  a  BE  of  337.7  eV.  The  PdOjTdO  ratio  is  greater  than  that  for 
Pd  catalysts  supported  on  Zr02  (7)  or  C03O4  (11).  This  ratio  decreases  during  reaction  but 
remains  higher  foan  for  Zr02-  or  Co304-supported  Pd  catalysts.  No  structure  due  to  metallic  Pd  is 
apparent  in  these  spectra.  The  intensity  of  die  C  Is  peak  increases  during  reaction,  and  the 
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Figure  3.  XPS  survey  spectra  obtained  from  (a)  untreated  pCeC)2»  and  (b)  5  wt%  Pd/pCe02  (fresh 
catalysts). 


chemical  state  distribution  changes.  The  spectrum  shown  in  figure  5Cb  consists  of  two 
contributions.  The  feature  with  a  BE  of  284.6  eV  is  due  to  CxHy  species  most  likely  adsorbed 
from  the  air.  A  shoulder  has  a  BE  of  about  282.5  eV,  which  is  in  the  range  of  carbides.  This 
shoulder  is  most  likely  due  to  reactive  C  species  which  originally  were  hytfrocarbon  species  but 
stripped  of  the  hydrogen  atoms.  It  is  still  present  after  reaction  but  smaller  relative  to  the  CxHy 
feature. 

ISS  data  provide  information  about  the  outermost  atomic  layer  of  the  sample  surface  in 
contrast  to  XPS  which  samples  approximately  30  atomic  layers  beneath  the  sample  surface. 
Therefore,  ISS  is  a  very  important  technique  for  characterization  of  catalysts  because  it  probes  the 
region  of  the  solid  where  catalysis  occurs  (12).  ISS  spectra  obtained  from  the  bare  pCe02 
support,  as-prepared  5  wt%  Pd^CeC)2,  and  the  5  wt%  Pd/pCe02  catalyst  after  reaction  are  shown 
in  figure  6a,  b,  and  c  respectively.  The  spectrum  obtained  from  pCe02  consists  of  a  large  broad 
feature  below  an  E/Eq  of  0.4  due  to  C  and  O.  Although  higher  mass  elements  have  higher  ISS 
sensitivities,  the  Ce  feature  is  very  small  indicating  tiiat  the  Ce  is  covered  by  C  and  O.  The 
outermost  atomic  layer  of  the  fresh  5  wt%  Pd/Ce02  catalyst  consists  of  Pd,  O  and  C  with  a  small 
amount  of  Ce.  The  O  concentration  is  larger  for  this  surface  relative  to  C  compared  to  the  bare 
surface  as  expected  since  the  Pd  is  present  as  PdO.  After  reaction  the  Pd  peak  is  larger  relative  to 
the  C  and  O  features  indicating  that  most  of  the  contamination  species  are  cleaned  off  the  surface 
during  reaction.  Also,  a  Ce  shoulder  is  no  longer  apparent  indicating  tiiat  the  Ce  is  covered  by 
reactants  and  products,  and  the  C  peak  is  fairly  well  defined. 
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Figure  4.  XPS  survey  spectra  obtained  from  (a)  untreated  nCe02,  (b)  5  wt%  Pd/nCe02,  (c)  20 
wt%  Pd/nCeC)2»  and  (d)  40  wt%  Pd/nCe02  (fresh  catalysts). 

High-resolution  O  Is,  Pd  3d,  and  C  Is  XPS  spectra  obtained  from  untreated  nCeC)2  and  40 
wt%  Pd/nCe02  before  and  after  reaction  are  shown  in  figure  7A,  B  and  C  respectively. 
Accumulation  of  H2O  with  Pd  loading  is  observed  in  figure  7Ab,  similar  to  pCe02,  but  the 
intensity  of  the  H2O  feature  at  533.5  eV  relative  to  the  O  Is  feature  due  to  Ce02  at  529.3  eV 
decreases  during  reaction  for  40  wt%  Pd/nCe02.  The  spectrum  in  figure  7Bb  also  exhibits  an 
unusually  large  amount  of  PdC)2  relative  to  PdO,  and  the  spectrum  in  figi^  7Bc  indicates  that  a 
large  amount  of  metallic  Pd  forms  in  the  near-surface  region  during  reaction.  The  Pd02  feature 
also  becomes  more  well  defined  and  less  prominent  with  respect  to  the  PdO  and  Pd  features.  A 
large  metallic  Pd  feature  has  not  been  observed  in  previous  studies  of  similar  catalysts  (7,11). 
According  to  XPS,  a  very  small  amount  of  C  is  present  on  the  40  wt%  Pd/nCe02  catalyst  after 
reaction,  and  the  low  BE  feature,  assigned  above  as  due  to  a  reactive  form  of  adsorbed  C,  is  not 
apparent  in  these  spectra. 

ISS  spectra  obtained  from  untreated  nCe02  and  40  wt%  Pd/nCe02  before  and  after  reaction 
are  shown  in  figure  8a,  b  and  c  respectively.  No  Ce  signal  is  observed  for  the  untreated  nCeC)2  due 
to  blocking  primarily  by  O  atoms.  Unlike  the  bare  pCe02,  a  large,  well-resolved  O  peak  is 
observed  in  tihe  bare  nCeC)2  ISS  spectrum.  This  indicates  that  less  C  is  present  in  the  outermost 
atomic  layer  of  nCeC)2-  For  the  Pd-loaded  surface,  a  feature  due  to  C  is  apparent  and  the  signal-to- 
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Figure  5.  High-resolution  XPS  (A)  O  Is,  (B)  Pd  3d,  and  (C)  C  Is  spectra  obtained  from  (a) 
untreated  pCeOi,  (b)  fresh  5  wt%  Pd/pCe02  and  (c)  5  wt%  Pd/pCe02  ^ter  exposure  to  reaction 
conditions. 

noise  ratio  is  lower.  As  expected,  the  Pd  feature  predominates  and  a  very  small  Ce  feature  is 
apparent.  After  reaction  most  of  the  surface  is  covered  by  C  and  O.  The  signal-to-noise  ratio  is 
smaller,  the  Pd  feature  is  smaller  relative  to  the  C  and  O  features  and  an  even  smaller  Ce  feature  is 
barely  apparent.  These  ISS  spectra  are  quite  different  than  the  ISS  spectra  obtained  from  5  wt% 
Pd/pCe02  shown  in  fi^re  6.  The  large  amounts  of  C  and  O  on  the  40  wt%  Pd/nCe02  surface 
may  result  in  catalytic  site  blockage  and  thereby  explain  why  this  smface  is  less  active  catalytically 
on  an  areal  basis. 

Previous  studies  (13,14)  have  shown  that  the  XPS  Ce  3d  satellite  peaks  can  be  used  to 
determine  the  relative  amounts  of  Ce(III)  and  Ce(IV)  oxidation  states  at  a  ceria  surface. 
Specifically,  using  peak  assignments  and  notation  from  Burroughs  et  al.  (13),  reduction  of  Ce(IV) 
to  Ce(III)  is  accompanied  by  a  decrease  in  the  Ce  3d  structures  and  \x"'  and  a  corresponding 
increase  in  the  v'  and  u'  structures.  The  XPS  Ce  3d  spectra  obtained  from  untreated  pCe02  and  5 
wt%  Pd/pCe02  are  shown  in  figure  9a  and  b  respectively.  The  intensities  of  the  V"  and  u'" 
peaks  are  decreased  relative  to  the  u'  peak  with  Pd  loading  indicating  an  increase  in  the 
Ce(III)/Ce(IV)  ratio  or  reduction  of  Ce02  to  Ce203.  The  v'  pe^  is  broad  and  not  well  defined. 
This  chemical-state  change  in  the  Ce  may  be  due  to  a  chemical  interaction  with  the  Pd.  The  Ce  3d 
spectra  obtained  from  untreated  nCe02  and  40  wt%  Pd/nCe02  are  shown  in  figure  9c  and  d 
respectively.  Significant  changes  are  not  apparent  in  this  case  suggesting  that  a  chemical  alteration 
of  the  Ce  due  to  an  interaction  with  Pd  does  not  occur  for  40  wt%  Pd/nCe02.  A  chemical 
interaction  between  Ce  and  Pd  would  also  influence  the  chemical  and  catalytic  behavior  of  the  Pd. 
This  interaction  may  be  the  reason  that  the  ISS  spectra  obtained  from  the  5  wt%  Pd/pCe02  and  40 
wt%  Pd/nCe02  are  so  different:  i.e.,  the  Ce-Pd  interaction  results  in  the  Pd  not  being  covered  by 
C  and  O  thus  retaining  a  high  catalytic  activity.  This  stronger  Ce-Pd  interaction  also  may  prevent 
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Figure  6.  High-resolution  XPS  (A)  O  Is,  (B)  Pd  3d,  and  (C)  C  Is  spectra  obtained  from  (a) 
untreated  nCeOi,  (b)  fresh  40  wt%  Pd/nCe02  and  (c)  40  wt%  Pd/nCe02  after  exposure  to  reaction 
conditions. 

the  formation  of  Pd  metal  on  pCeC)2.  Another  possibility  is  that  the  PdO  is  present  on  nCeC)2  as 
larger  agglomerates  so  that  not  all  of  the  Pd  can  interact  with  the  ceria. 

A  mechanism  has  been  proposed  for  methane  oxidation  on  Pd/Zr02  and  Pd/Co304  in 
which  methane  adsorbs  dissociatively  yielding  surface  methoxy  and  hydroxyl  groups  (7,11). 
Sequential  loss  of  H  atoms  from  the  methoxy  groups  form  more  hydroxyl  groups  and  water  along 
wiA  a  reactive  C  species,  which  combines  with  surface  O  and  desorbs  as  CO2  product  Formation 
of  surface  CO  and  C03=  groups  during  reaction  on  Pd/Zr02  has  been  reported  (7),  and 
accumulation  of  surface  hydroxyl  and  oxyhydroxide  species  during  methane  oxidation  on 
Pd/Co304  has  been  observed  (11).  The  data  described  above  for  Pd/Ce02  suggest  that  a  similar 
mechanism  may  be  operative  but  that  the  rates  of  the  various  steps  of  the  process  are  different  for 
pCeOa  and  nCe02.  Accumulation  of  H2O  during  reaction  on  the  surface  of  Pd/pCe02  indicates 
that  H2O  desorption  may  be  the  rate  limiting  step  for  this  catalyst  Significant  H2O  accumulation  is 
not  observed  for  methane  oxidation  over  Pd/nCe02-  The  increase  in  the  Pd02/PdO  ratio  and  the 
ISS  data  indicate  accumulation  of  O  on  the  surface  during  exposure  to  reaction  conditions 
suggesting  that  methane  adsorption  may  be  the  rate  limiting  step  for  the  Pd/nCe02-catalyzed 
process.  The  lower  activity  on  a  surface-area  basis  of  Pd/nCe02  may  be  due  to  site  blockage 
caused  by  a  minimal  interaction  between  Ce  and  Pd  on  this  surface. 

SUMMARY 

The  catalytic  activity  of  Pd  supported  on  pCeC)2  and  nCe02  for  methane  oxidation  has  been 
determined  as  a  function  of  temperature  and  Pd  loading.  The  activities  of  the  untreated  supports 
are  quite  different:  nCeC)2  yields  50%  conversion  at  420°C  for  the  conditions  examined  while 
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Figure  7.  ISS  spectra  obtained  from  (a)  untreated  pCe02,  (b)  fresh  5  wt%  Pd/pCeOi  and  (c)  5 
wt%  Pd^CeC)2  after  exposure  to  reactor  conditions. 


pCe02  exhibits  little  activity  up  to  500°C,  but  the  surface  area  of  nCe02  is  60  times  greater  than 
that  of  pCe02.  A  Pd  loading  of  5  wt%  increases  the  activity  of  pCe02  to  50%  conversion  at 
260°C.  Supporting  Pd  on  nCe02  has  less  of  an  effect  yielding  50%  conversion  at  240°C  for  40 
wt%  Pd/nCe02-  The  activity  increases  monotonically  from  0  to  40  wt%  Pd  loading.  On  an  areal 
basis  the  catalytic  activity  of  5  wt%  Pd/pCe02  is  much  higher  than  that  of  40  wt%  Pd/nCe02 
although  the  latter  is  more  active  on  a  mass  basis  due  to  its  larger  surface  area. 

XPS  survey  spectra  indicate  that  the  surface  Pd  concentration  of  5  wt%  Pd/pCe02  is  more 
than  an  order  of  magnitude  greater  than  that  of  5  wt%  Pd/nCe02  on  an  areal  basis  as  expected 
based  on  the  surface  area  differences.  High  resolution  XPS  data  reveal  significant  accumulation  of 
H2O  on  the  5  wt%  Pd/pCe02  surface  during  reaction,  but  not  to  such  an  extent  on  the  40  wt% 
Pd/nCe02  surface.  High  Pd02/PdO  ratios  are  observed  for  both  Pd/nCe02  and  Pd/pCe02 
surfaces  before  and  after  exposip  to  reaction  conditions.  Evidence  that  the  Ce(in)/Ce(IV)  ratio  of 
the  pCe02  support  increases  with  Pd  loading  is  observed,  suggesting  that  the  increase  in  activity 
with  Pd  loading  may  be  related  to  a  change  in  Ce  oxidation  state  caused  by  an  interaction  with  the 
Pd.  The  nCe02  does  not  exhibit  a  similar  change  in  oxidation  state  with  Pd  loading.  For 
Pd/pCe02  the  desorption  of  H2O  appears  to  be  the  rate  limiting  step  while  accumulation  of  O  on 
the  surface  during  reaction  suggests  that  adsorption  of  methane  may  be  rate  limiting  on  Pd/nCe02. 
ISS  data  indicate  that  much  more  C-  and  0-containing  species  accumulate  on  the  P(VnCe02  surface 
compared  to  the  Pd/pCe02  surface.  Although  the  Pd/nCe02  catalysts  are  more  active  on  a  mass 
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basis  than  the  Pd/pCe02  catalysts,  they  are  less  active  on  a  surface  area  basis,  which  may  be  due  to 
site  blockage  by  the  C-  and  0-containing  species  on  the  40  wt%  Pd/nCe02.  Significant  differences 
are  observ^  using  XPS  and  ISS  between  the  chemistry  at  the  nCe02  and  pCe02  surfaces  which 
are  related  to  differences  in  catalytic  behavior. 
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ABSTRACT 

The  electrical  resistivity  as  a  function  of  temperature  (4K  to  673 K)  of  several 
electrodeposited  nanocrystalline  materials  (Ni,  Ni-Fe,  Co)  has  been  examined.  The 
contribution  of  the  grain  boundaries  to  the  electrical  resistivity  was  quantified  in  terms  of  a 
specific  grain  boundary  resistivity,  which  was  found  to  be  similar  to  previously  reported 
values  of  specific  grain  boundary  resistivity  for  copper  and  aluminum  obtained  from  studies 
involving  polycrystalline  materials.  In  the  high  temperature  range,  the  resistivity  of  the 
nanocrystalline  samples  was  monitored  as  a  function  of  time.  The  observed  time  dependence 
of  the  resistivity  at  elevated  temperatures  was  correlated  to  microstmctural  changes  in  the 
material.  The  study  has  shown  that  electrical  resistivity  is  an  excellent  characterization  tool 
for  nanocrystalline  materials  giving  useful  information  regarding  grain  size  and  degree  of 
thermal  stability,  as  well  as  some  insight  into  the  grain  growth  kinetics  at  various 
temperatures. 

INTRODUCTION 

Grain  boxmdaries  have  long  been  known  to  affect  the  electrical  properties  of  metals  [1]. 
Conventional  polycrystalline  metals  (grain  size  >  Ipm)  contain  a  relatively  low  volume 
jfraction  of  grain  boundaries  and  therefore  their  effects  on  the  electrical  resistivity  is  only 
significant  at  low  temperatures  [2,3,4,5].  In  the  case  of  nanocrystalline  materials  (grain  size  < 
100  nm),  however,  the  grain  boundary  volume  fraction  can  increase  to  levels  that  are 
comparable  to  that  of  the  crystalline  component  and  thus  the  effects  of  the  grain  boundaries 
quickly  become  a  significant  factor.  As  such,  an  increase  in  the  electrical  resistivity  of  various 
nanocrystalline  materials  has  been  reported  even  at  room  temperature  [6,7,8,9,10]. 

In  early  studies  using  polycrystalline  copper  and  aluminum  a  contribution  to  the  overall 
electrical  resistivity  that  was  proportional  to  the  grain  boundary  area  per  unit  volume  was 
found  [2,3,4].  The  incremental  increase  in  the  electrical  resistivity  caused  by  the  grain 
boundary  area  per  unit  volume  was  referred  to  as  the  specific  grain  boundary  resistivity 
(SGBR).  In  a  later  study  by  Nakamichi  et  al.  [5]  bicrystals  of  aluminum  were  used  to 
determine  the  SGBR  of  general  and  special  grain  boundaries.  Table  I  presents  the  results 
from  several  previous  studies. 

Earlier  studies  on  nanocrystalline  materials  have  indicated  an  increase  in  electrical 
resistivity  as  a  result  of  the  increased  volume  fraction  of  grain  boundaries.  The  relationship 
between  grain  boundary  area  and  the  electrical  resistivity,  however,  has  yet  to  be  investigated 
to  determine  the  SGBR  of  a  material  in  the  nanocrystalline  state.  In  this  light,  the  focus  of  the 
present  work  has  been  to  examine  the  effects  of  grain  boundaries  on  the  electrical  resistivity 
of  various  electrodeposited  nanocrystalline  metals  with  the  objective  of  developing  a 
relationship  between  the  grain  size  and  the  resistivity.  The  overall  objective  of  this  work  is  to 
quantify  the  effects  of  the  boundaries  so  that  electrical  resistivity  can  be  used  as  a  rapid  and 
inexpensive  structural  characterization  tool  for  nanocrystalline  materials. 
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Table  I.  Specific  grain  boundary  resistivities  (SGBR)  for  various  polycrystalline  materials. 


Material 

SGBR 

Reference 

General  Boundaries  \ 

Copper 

fSBSSMBSKM 

[2] 

Aluminum 

BSQDEBSSIIH 

[2] 

Aluminum 

[3] 

Aluminum 

3.26x  lO  '^ncm^ 

[5] 

Special  Boundaries  \ 

[4] 

IJELfllilllliSSHH 

[5] 

EXPERIMENTAL 

The  bulk  nanocrystalline  nickel  (fee),  cobalt  (hep)  and  nickel-iron  (disordered  fee) 
materials  tested  in  the  present  study  were  produced  by  an  electrodeposition  process  described 
elsewhere  [11,12].  Specimens  were  electrodeposited  onto  a  titanium  substrate  to  a  uniform 
thickness  (between  30  and  150pm)  and  subsequently  stripped  for  structural  characterization 
and  electrical  measurements  on  free-standing,  deformation-free  samples.  For  the  nickel  and 
cobalt  materials  the  electroplating  parameters  were  varied  to  produce  specimens  with  mean 
grain  sizes  between  1 0  and  55nm.  For  the  Ni-Fe  samples  a  range  of  grain  sizes  was  obtained 
through  various  annealing  treatments.  The  average  grain  size  for  the  nickel  and  nickel  iron 
alloys  was  determined  using  X-ray  line  broadening  and  Scherrer’s  method  [13].  TEM 
micrographs  were  used  to  determine  the  average  grain  size  for  the  cobalt  samples.  Electrical 
resistivity  measurements  were  made  using  a  four-point  probe  between  4  and  300K. 
Isothermal  high  temperature  electrical  resistivities  as  a  function  of  annealing  time  for  Ni-Fe 
were  measured  in  a  salt  bath. 

RESULTS 

Determining  Specific  Grain  Boundary  Resistivity 

An  example  for  the  temperature  dependence  of  the  electrical  resistivity  of  various 
nanocrystalline  materials  for  the  case  of  nickel  ranging  in  grain  size  from  22  nm  to  300  pm  is 
shown  in  figure  1 .  As  expected,  the  curves  show  an  increase  in  the  electrical  resistivity  with 
decreasing  grain  size.  Figure  2  plots  the  electrical  resistivity  of  the  various  nickel  samples 
against  the  grain  boundary  area  per  unit  volume  at  4  K  and  295  K.  The  grain  boundary 
surface  area  per  unit  volume  (S/V)  was  calculated  using  a  tetrakaidecahedron  as  the  grain 
shape  which  gives  a  SA^  of  2.37/d,  where  d  is  the  average  grain  diameter  [14].  The  SGBRs 
determined  for  nickel,  cobalt  and  various  nickel-iron  alloys  at  4  K  are  given  in  table  II. 

Table  II.  Specific  grain  boundary  resistivities  determined  from  nanocrystalline  samples  at  4K. 


Material 

Grain  Size  Range 

SGBR 

Nickel 

17nm-55  nm 

2.82X  10-‘^Qcm 

Cobalt 

lOnm-  30  nm 

3.26x  10-‘^ficm 

15nm-  300pm 

3.01  X  10*’^  Qcm 

Ni-31%Fe 

14nm  -  300pm 

3.09  X  10*'^  Qcm 

Ni-  34%  Fe 

13nm  -300pm 

2.99  X  10’^  Qcm 
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Temperature  (K)  Grain  Boundary  Surface  Area  Per  Unit  Volume  (cm*^) 

Figure  1.  Temperature  dependence  of  the  electrical  Figure  2.  Observed  variation  of  the  electrical 

resistivity  of  nickel  down  to  4  K.  resistivity  of  nickel  as  a  function  of  grain  boundary 

surface  area  per  unit  volume. 

The  similarity  between  the  specific  grain  boundary  resistivities  determined  from 
nanocrystalline  materials  in  the  present  study  and  those  previously  determined  using 
conventional  polycrystalline  materials  and  bicrystals,  bring  out  two  important  points.  First, 
the  specific  grain  boundary  resistivity  gives  a  relative  value  for  the  electron  scattering  power 
of  a  grain  boundary,  averaged  over  all  the  grain  boundaries  in  the  material.  As  this  value  is 
similar  for  SGBR’s  determined  from  polycrystalline  and  nanocrystalline  materials,  it  indicates 
that  in  terms  of  electron  scattering,  die  grain  boundaries  in  electrodeposited  nanocrystalline 
materials  are  virtually  identical  to  grain  boundaries  in  polycrystalline  materials.  This  supports 
previous  studies  on  the  structure  of  grain  boundaries  in  nanocrystalline  materials  using  high 
resolution  electron  microscopy  (HREM),  which  found  the  structure  of  grain  boundaries  in  a 
nanocrystalline  Ni-P  alloy,  also  produced  by  electrodeposition,  to  be  similar  to  the  structure  of 
grain  boundaries  in  conventional  polycrystalline  materials  [15].  Second,  the  similarity  of  the 
SGBR  between  the  various  materials  also  indicates  that  regardless  of  the  composition  of  the 
material,  the  SGBR  is  very  similar,  suggesting  that  the  scattering  power  of  a  grain  boundary  is 
similar  in  various  materials,  regardless  of  chemistry  and  crystal  structure  (fee  versus  hep  in 
this  case). 

The  total  electrical  resistivity  of  a  material  can  be  expressed  as  follows  [16]; 

pTotaI=Po+ PSGBr(SA/’)  (1) 

where  pxotai  is  the  total  electrical  resistivity,  po  is  the  resistivity  of  the  single  crystal  of  the 
material  (including  effects  due  to  temperature,  solute,  dislocations,  etc.),  psGBR(is  the  specific 
grain  boundary  resistivity,  and  SAf^  is  the  grain  boundary  surface  area  per  unit  volume.  Figure 
3  plots  the  electrical  resistivity  as  a  function  of  grain  size  according  to  equation  1.  The  main 
conclusion  that  can  be  made  from  this  graph  is  that  the  effect  of  the  grain  boundaries  on  the 
electrical  resistivity  only  becomes  significant  at  grain  sizes  below  -lOOnm.  Above  lOOnm 
grain  size  the  resistivity  is  not  significantly  changed. 

Estimating  Grain  Size  from  the  Electrical  Resistivity 

If  an  estimate  can  be  made  for  the  electrical  resistivity  of  the  single  crystalline  material 
(po),  then  the  measured  electrical  resistivity  of  a  nanocrystalline  material  can  be  used  to 
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estimate  the  average  grain  size  through  the  use  of  equation  1.  Figure  4  graphs  the  average 
grain  size  determined  from  line  broadening  in  X-ray  diffraction  against  the  average  grain  size 
determined  using  the  measured  electrical  resistivity  at  295  K  and  equation  1  for  an 
electrodeposited  nanocrystalline  Ni~30%Fe  alloy  that  has  undergone  various  annealing 
treatments  producing  a  range  of  grain  sizes.  The  remarkable  correlation  between  the  estimated 
grain  sizes  from  the  two  methods  shows  that  below  lOOnm  the  electrical  resistivity  is  very 
sensitive  to  grain  size  and  thus  can  be  effectively  used  to  determine  the  average  grain  size. 


0  100  200  300  400  500  600  700  800  900300x10^ 


Grain  Size  (nm) 

Figure  3.  The  measured  electrical  resistivity  of  Ni 
as  a  function  of  grain  size  at  4.2  and  295  K.  The 
solid  line  represents  the  predicted  grain  size  using 
equation  1. 


Grain  Sire  (nm)  Determined  by  Electrical  Reststivity  at  295  K 


Figure  4.  Grain  size  as  determined  by  X-ray 
diffraction  compared  with  the  grain  size  as 
determined  by  the  electrical  resistivity  for  various 
Ni-Fe  samples 


Assessing  the  Thermal  Stability  of  Nanocrystals 

As  the  electrical  resistivity  is  very  sensitive  to  grain  size  for  grain  sizes  under  lOOnm,  any 
changes  in  grain  size  would  thus  result  in  a  change  in  the  measured  electrical  resistivity.  As 
such,  the  electrical  resistivity  has  been  shown  to  be  an  in-situ  indirect  method  for  monitoring 
changes  in  grain  size  at  elevated  temperatures.  Figure  5  shows  the  results  of  preliminary 
measurements  of  electrical  resistivity  as  a  function  of  annealing  time  at  various  temperatures 
for  nanocrystalline  Ni~30%  Fe  with  a  starting  grain  size  of  10  nm.  The  curves  show  that  the 
electrical  resistivity  decreases  with  time  at  temperatures  above  200°C.  The  rate  of  the  change 
increases  with  increasing  temperature.  Through  equation  1 ,  the  change  in  electrical  resistivity 
can  be  related  to  a  change  in  the  average  grain  size.  Assuming  normal  grain  growth,  growth 
kinetics  can  be  described  by  equation  2  [17]: 

Davg^-D„"  =  Kt  (2) 

where  Davg  is  the  average  grain  size  after  time  t.  Do  is  the  starting  grain  size.  K  is  a 
proportionality  constant  which  varies  with  temperature  often  described  by  the  Arrhenius 
equation; 

K(T)  =  AexpC-E/keT)  (3) 


where  A  is  the  preexponential  factor,  E  is  the  activation  energy  and  ke  is  Boltzman’s  constant. 

Figure  6  graphs  In(Davg^-DoVt)  against  l/keT,  in  accordance  with  equations  2  and  3  in  an 
attempt  to  estimate  the  activation  energy  for  grain  growth  for  the  nanocrystalline  Ni-30%  Fe 
with  a  starting  grain  size  of  lOnm.  The  activation  energy,  using  this  method,  was  determined 
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to  be  1.77eV.  A  previous  study  on  the  thermal  stability  of  a  nanocrystalline  Ni-20%Fe  alloy 
with  a  starting  grain  size  of  15nm,  gave  an  activation  energy  of  2.53eV  determined  using 
conventional  differential  scanning  calorimetery  (DSC)  measurements  [18].  While  the  value  in 
the  present  study  is  lower,  a  direct  comparison  is  difficult  to  make  as  both  the  composition  of 
the  alloy  and  the  starting  grain  size  are  different.  Other  factors  such  as  ordering  of  this  alloy 
during  grain  growth  and  type  of  grain  growth  (normal  vs.  abnormal)  must  also  be  considered 
in  future  studies. 


Figure  5.  The  electrical  resistivity  of  nanocrystalline  Ni-30%Fe  as  a  function  of  annealing  time  and  temperature. 


Figure  6.  Determination  of  grain  growth  activation  energy,  E,  for  lOnm  Ni-30%Fe,  using  Davg=20nm  and 
Do=10nm  based  on  equations  2  and  3. 
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CONCLUSIONS 


The  electrical  resistivity  has  proved  to  be  a  very  useful  tool  for  the  indirect  structural 
characterization  of  nanocrystalline  materials.  The  specific  grain  boundary  resistivity 
determined  using  nanocrystalline  materials  was  found  to  be  similar  to  those  previously 
determined  using  conventional  polycrystalline  materials,  indicating  that  there  is  little 
difference  between  the  grain  boundaries  in  polycrystalline  and  nanocrystalline  materials  as  far 
as  electron  scattering  is  concerned.  Estimating  the  average  grain  size  using  the  specific  grain 
boundary  resistivity  was  shown  to  be  a  comparable  method  to  the  line  broadening  method  in 
X-ray  diffraction.  Preliminary  results  have  shown  that  electrical  resistivity  measurements  at 
elevated  temperatures  can  be  used  to  obtain  useful  information  regarding  thermal  stability  as 
well  as  the  activation  energy  for  grain  growth  in  nanocrystalline  materials. 
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ABSTRACT 

Rutile  nanoparticles  containing  voids  or  cavities  have  been  characterized  using 
transmission  electron  microscopy.  The  general  morphology  of  the  voids  has  been 
determined  from  images  of  nanoparticles  in  different  orientations.  In  general,  the  longest 
dimension  is  along  the  c  axis  of  mtile.  Many  of  the  voids  show  a  prismatic  morphology 
with  dipyramid  terminations.  The  prism  consists  of  primarily  four  {110}  faces  with 
rounded  or  faceted  comers  between  the  primary  faces.  The  pyramidal  terminations  can 
appear  ovoid  or  faceted.  A  major  facet  plane  of  the  pyramids  is  (101).  A  model  consistent 
with  the  morphology  of  many  voids  in  mtile  nanoparticles  is  proposed. 

INTRODUCTION 

Characterization  of  the  morphology  and  microstmctures  of  nanoparticles  is 
important  in  understanding  the  properties  of  these  materials  and  for  the  development  of 
potential  new  applications  of  the  materials.  In  this  study,  TiOi  nanoparticles  containing 
voids  are  characterized.  Ti02  nanoparticles  have  been  the  subject  of  considerable  interest  in 
part  because  Ti02  can  be  used  as  a  photocatalyst  for  dissociation  of  water,  organic 
compounds  and  other  compounds  [1-3].  It  can  also  be  used  to  form  ceramic,  microporous 
membranes  [4],  to  decrease  the  sintering  temperature  of  titania  ceramics  [5],  and, 
potentially,  as  coatings  on  surgical  implants  [6]. 

In  previous  work  [7],  it  was  shown  that  some  mtile  nanoparticles  contain  central 
inclusions.  These  inclusions  were  characterized  as  voids  using  electron  holography. 

Similar  cavities  have  been  noted  in  palladium  nanoparticles  [8- 1 0] .  Faceted  cavities  have 
also  been  found  in  larger-grained  material  and  have  been  termed  negative  crystals.  Negative 
crystals  form  in  P-V4AS3  upon  exposure  to  the  electron  beam  of  a  transmission  electron 
microscope  (TEM)  [11]  and  have  been  found  in  Ti02  (B)  crystals  formed  from  K2Ti409 
precursor  material  [12].  Faceted  cavities  in  sapphire  form  at  the  tips  of  indentation  cracks 
during  annealing  [13]. 

The  morphology  of  cavities  in  materials  is  of  interest  in  determining  volume  changes 
if  the  host  material  is  a  transformation  product  from  an  unknown  precursor.  The 
morphology  is  also  of  interest  in  studies  of  the  surface  energies  of  crystals  [13].  The 
morphology  of  faceted  cavities  in  bulk  materials  has  been  studied  by  preparing  the  sample 
perpendicular  to  crystallographic  directions  of  interest  so  that  expected  facets  are  viewed 
edge  on  [13].  Determination  of  morphology  of  cavities  in  nanoparticles  is  less 
straightforward  as  the  nanoparticles  are  typically  randomly  oriented  on  a  transmission 
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electron  microscope  (TEM)  grid.  TEM  imaging  and  electron  holography  has  been  used  to 
show  the  presence  of  facets  in  palladium  nanoparticles  [8-10],  however,  the  morphology  of 
the  faceted  cavities  in  the  palladium  nanoparticles  has  not  been  fully  described.  In  this 
work,  the  morphology  of  the  rutile  material  defining  the  voids  is  characterized  using 
selected  area  electron  diffraction  (SAED)  and  imaging.  A  three-dimensional  model 
consistent  with  the  observed  morphology  for  the  cavities  is  proposed. 

EXPERIMENT 

Ti02  nanoparticles  were  generated  in  a  flame  burner  system  [7].  Titanium 
isopropoxide  was  aerosolized  from  solution  and  then  oxidized  in  a  flame  fueled  by  oxygen 
and  hydrogen.  The  temperature  of  the  flame  ranged  from  approximately  2000-2500  K  and 
was  varied  by  changing  the  flow  rate  of  the  hydrogen  gas.  Particles  were  collected  at  three 
different  temperatures  of  the  flame.  Particles  for  characterization  by  transmission  electron 
microscopy  were  collected  by  insertion  of  carbon-coated  grids  at  5  and  10  centimeters  above 
the  base  of  the  flame. 

The  transmission  electron  microscopy  was  performed  on  a  Philips  CM30’  TEM 
equipped  with  an  energy  dispersive  analyzer.  Bright-field  imaging,  dark  field  imaging  and 
SAED  were  used  to  characterize  particles.  The  microscope  was  operated  at  either  100  kV  or 
300  kV.  A  Gatan  slow-scan  CCD  camera  was  used  to  collect  images.  Images  were 
recorded  using  DigitalMicrograph  software.  Magnifications  were  calibrated  using  National 
Institute  of  Standards  and  Technology  (NIST)  Standard  Reference  Material  (SRM)  1963. 

Determination  of  the  morphology  of  the  cavities  requires  tilting  experiments  in  the 
electron  microscope.  Double  tilt  holders  were  used  with  an  x  tilt  angle  of  +45°  and  a  y  tilt  of 
+30°.  The  starting  orientation  of  the  particle  on  the  carbon  grid  is  critical  to  the  orientations 
that  can  be  obtained  by  tilting.  A  most  useful  starting  orientation  is  when  the  c  axis  of  rutile 
is  aligned  parallel  to  the  x  tilt  axis  of  the  TEM  sample  holder  to  allow  for  tilting  around 
rutile  [001].  To  better  reveal  the  structure  of  internal  cavities,  the  particles  were  imaged  in 
off-axis  (1-3°)  orientations. 

RESULTS 

Characterization  of  particles 

Characterization  of  particles  by  x-ray  diffraction  (XRD)  and  transmission  electron 
microscopy  showed  the  presence  of  both  rutile  and  anatase  particles.  The  ratio  of  the 
amount  of  rutile  to  anatase  and  the  morphology  varied  with  the  temperature  of  the  flame  [7]. 
The  morphology  of  the  particles  generated  ranged  from  polyhedral  to  rounded. 

Unusual  particles  were  noted  for  two  of  the  sample  sets  (low  and  medium 
temperatures,  lower  height  in  flame).  The  particles  were  generally  larger  than  the  rest  of  the 
particles  produced  in  the  sample  sets,  with  largest  dimension  ranging  from  approximately  80 
nm  to  1 80  nm.  These  particles  contain  central  features  that  range  in  largest  dimension  from 


'  Certain  commercial  equipment,  instruments,  or  materials  are  identified  in  this  paper  to  specify  adequately  the 
experimental  procedure.  Such  identification  does  not  imply  recommendation  or  endorsement  by  the  National 
Institute  of  Standards  and  Technology,  nor  does  it  imply  that  the  materials  or  equipment  are  necessarily  the 
best  available  to  the  purpose. 
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approximately  30  nm  to  100  nm.  Characterization  by  energy  dispersive  spectroscopy  (EDS) 
has  shown  that  the  particles  contain  Ti  and  O.  SAED  patterns  are  consistent  with  an 
identification  of  rutile.  Electron  holography  work  has  shown  the  inclusions  to  be  consistent 
with  voids  [7]. 

Characterization  of  void  morphology 

There  are  several  challenges  in  determining  the  morphology  of  the  internal  surfaces 
of  nanoparticles.  By  TEM  imaging,  only  a  projection  of  the  three-dimensional  shape  is 
observed.  Ideally,  one  would  like  to  view  a  single  nanoparticle  in  several  orientations  for 
which  the  crystallographic  orientation  is  known.  Further,  one  would  like  to  obtain  images 
by  rotating  around  symmetry  axes  such  as  [001]  (rutile  is  in  space  group  P42/mnm,  and  has 
unit  cell  dimensions  of  a  =  0.459  nm  and  c  =  0.296  nm).  Two-dimensional  information 
fi-om  several  orientations  could  then  be  combined  to  derive  a  model  of  the  three-dimensional 
shape  of  the  voids.  In  this  work,  the  size  of  the  rutile  nanoparticles  made  their  manipulation 
and  tracking  in  the  TEM  challenging.  Additionally,  the  crystallographic  orientation  of  the 
nanoparticles  relative  to  the  x  and  y  axes  of  the  double-tilt  sample  holder  commonly  limited 
the  amount  of  morphological  information  that  could  be  collected  from  a  single  particle. 

With  these  constraints,  limited  information  was  usually  obtained  from  any  one  particle. 

Orientations  that  were  obtained  include  [100],  [110],  [001],  [101],  [102],  [111], 
[113],  and  [211].  In  many  cases,  the  projection  of  the  cavities  appears  ovoid  or  circular;  in 
other  cases  the  projected  outline  of  the  cavity  is  at  least  partially  linear  or  faceted.  In 
general,  the  longest  dimension  of  the  projected  voids  is  along  the  c  axis  of  rutile. 

Examples  of  some  of  the  particles  that  were  oriented  close  to  major  zone  axes  are 
shown  in  Figure  1 .  Figures  la  and  Ic  are  images  of  the  same  particle  that  had  its  c  axis 
nearly  parallel  to  the  x-axis  of  the  microscope  stage.  The  images  are  separated  by 
approximately  a  45®  rotation  to  show  both  a  [100]  and  [110]  orientation.  The  shape  of  the 
cavity  in  the  [  1 00]  orientation  (Fig.  la)  appears  to  be  roughly  hexagonal.  The  angle 
between  (100)  and  (101)  faces  in  rutile  is  123®.  The  hexagonal  shape  of  Fig.  la  is  therefore 
consistent  with  a  projection  of  (100)  and  (101)  facets  of  rutile.  Small  {001 }  facets  may  be 
present.  The  projection  of  the  cavity  oriented  down  [110]  (Fig.  Ic)  is  ovoid  in  morphology. 
The  sides  parallel  to  [001]  are  { 1 10}  faces.  It  is  possible  that  the  rounded  appearance  of  the 
pyramidal  terminations  of  Fig.  la  is  due  to  a  combination  of  at  least  two  facets. 

Particles  viewed  down  [001]  show  a  cavity  with  four  primary  sides  corresponding  to 
{110}  (Fig.  le).  The  “comers”  of  the  squares  appear  rounded  or  to  have  small  facets  of 
[100].  The  image  from  Fig.  le  is  from  a  different  particle  than  Figs,  la  and  Ic.  There  is  a 
consistency  between  the  two  particles  represented  in  Fig.  1  in  that  the  distance  between  the 
{100}  faces  is  longer  than  the  distance  between  { 1 10}  faces.  It  is  likely  that  if  the  first 
particle  could  be  viewed  down  [001],  the  void  would  have  a  projection  similar  to  that  in 
Figure  Ic. 

The  three-dimensional  morphology  deduced  from  the  images  in  Figure  1  is  a  four¬ 
sided  prism  with  dipyramidal  terminations.  The  exact  nature  of  the  pyramidal  terminations 
is  uncertain.  The  images  are,  however,  consistent  with  morphology  for  some  bulk  rutile 
crystals  such  as  shown  in  Fig,  2.  The  presence  of  { 101 }  facets  appears  certain.  The 
presence  of  { 1 1 1 }  facets  is  possible.  The  relative  sizes  of  the  { 101 }  and  possible  {111} 
faces  are  not  known. 
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Fig.  2  Model  consistent  with  some  of  the  voids  or  negative  crystals  found  in  rutile 
nanoparticles.  The  rutile  surfaces  defining  the  void  form  a  prism  parallel  to  the  c  axis  of 
rutile  with  {110}  faces  predominant.  The  prism  is  capped  by  two  pyramids  with  { 101 } 
facets  and  likely  {111}  facets.  This  figure  is  a  modification  of  a  sketch  of  a  bulk  rutile 
crystal  [14]. 

Simulation  of  cavity  shapes  and  comparison  to  the  projection  of  cavities  observed  in  tilting 
experiments  should  provide  a  more  definitive  model  for  the  morphology  of  the  cavities  [13]. 

SUMMARY 

The  general  morphology  of  the  some  voids  in  rutile  nanoparticles  has  been  derived 
from  imaging  and  SAED  patterns  obtained  using  transmission  electron  microsopy.  The 
voids  have  a  prismatic  morphology  with  dipyramid  terminations.  Parallel  to  the  c  axis, 
{110}  facets  predominate.  {101}  facets  are  present  at  the  dipyramid  terminations.  The 
morphology  appears  similar  to  that  shown  by  some  bulk  rutile  crystals.  The  derivation  of 
the  morphology  of  voids  in  nanoparticles  by  orientation  experiments  is  possible  with  the 
larger  nanoparticles  found  in  this  study.  Development  of  improved  sample  holders  and 
stage  control  for  transmission  electron  microscopes  will  aid  in  such  studies.  Determination 
of  equilibrium  shapes  for  surface  energy  studies  will  likely  require  annealing  of 
nanoparticles  to  ensure  that  equilibrium  has  been  attained. 
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ABSTRACT 


An  Ultrasonic  Force  Microscope  capable  of  imaging  elastic  modulus  variations  with 
nanometer  resolution  has  been  developed  by  modifying  a  Scanning  Probe  Microscope.  Images 
of  ultrasonic  properties  have  been  simultaneously  obtained  with  the  topography  images.  The 
technique  has  been  utilized  to  characterize  nanoscale  copper  droplets  and  grains  deposited  on  a 
quartz  substrate  by  ionized  cluster  beam  deposition.  Images  of  the  same  region  obtained  with 
atomic  force  microscope,  lateral  force  microscope,  and  ultrasonic  force  microscope  are 
compared.  The  origin  of  image  contrast  in  ultrasonic  force  microscopy  and  its  utilization  for 
quantitative  elastic  property  measurement  of  nanometer  particles  are  discussed. 


INTRODUCTION 


The  Atomic  Force  Microscope  (AFM)  has  been  extensively  used  for  surface  topographic 
measurements  with  nanometer  resolution  [1].  Such  high-resolution  images  are  obtained  by 
scanning  a  fine  tip  with  a  tip  radius  of  30-50  nm  attached  to  a  cantilever  and  detecting  the  height 
variations  with  a  laser  beam  reflected  off  the  cantilever’s  top  surface.  Several  modifications  to 
the  AFM  have  led  to  various  microscope  systems  capable  of  measuring  different  material 
properties.  One  such  modification  has  been  the  Lateral  Force  Microscope  (LFM)  which  operates 
in  contact  mode  AFM  [2].  The  LFM  detects  the  amount  of  torsion  on  the  cantilever  and  thus 
measures  the  localized  frictional  forces. 

The  Ultrasonic  Force  Microscope  (UFM)  is  another  modification  and  has  been  developed 
to  study  the  elastic  properties  at  nanometer  scales.  In  a  UFM,  a  piezo-electric  transducer  is 
attached  to  one  face  of  the  sample,  and  an  AFM  tip  is  in  contact  with  the  other  face.  An  acoustic 
wave  propagates  through  the  sample  when  the  transducer  is  excited  by  an  ultrasonic  frequency 
signal.  Surface  displacements  generated  by  the  acoustic  waves  through  the  sample  are  detected 
by  the  AFM  tip.  Several  displacement-detecting  methodologies  have  been  developed.  Kolosov 
and  Yamanaka  detected  the  nonlinear  response  of  the  tip-sample  interaction  force  by  propagating 
an  amplitude  modulated  longitudinal  wave  through  the  sample  [3-4].  Rabe  and  Arnold  utilized  a 
beam  splitter  and  a  knife-edge  detection  system  to  investigate  cantilever  deflection  by  generating 
amplitude  images  using  broadband  needle  impulse  MHz  frequencies  [5-6].  Burnham,  et.al.  have 
investigated  three  different  UFM  modes  of  operation:  contact,  mechanical  diode,  and  sub¬ 
harmonic  [7-8].  In  the  contact  mode,  a  small  amplitude  continuous  longitudinal  wave  is 
propagated  through  the  sample.  The  probing  tip  remains  in  constant  contact  with  the  sample  due 
to  the  small  amplitude  of  the  excitation  signal  throughout  the  cycle.  Larger  amplitudes  cause  the 
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tip  to  sporadically  lose  contact  and  bounce  chaotically  or  under  certain  conditions,  every  nth 
transducer  cycle  (subharmonic  mode).  They  have  also  developed  a  rheological  model  of  the 
transducer-sample-cantilever  system  for  contact  mode  UFM  that  shows  the  elastic  modulus  of 
the  material  is  proportional  to  the  amplitude  of  the  tip  displacement. 

In  this  paper,  we  present  a  UFM  designed  to  operate  in  contact  mode,  at  frequencies  in 
the  range  of  a  few  kHz  to  a  MHz.  The  microscope  has  been  used  to  characterize  nanometer 
sized  copper  grains  and  copper  droplets.  AFM,  UFM  and  LFM  images  obtained  on  the  same 
regions  are  compared  and  the  origin  of  contrast  in  the  images  for  each  of  the  microscope  is 
discussed. 


EXPERIMENT 


A  Digital  Instruments  Multimode  Nanoscope  Ilia  AFM  was  modified  to  operate  as  a 
UFM.  The  principle  of  operation  and  modifications  to  the  AFM  are  shown  schematically  in 
Figure  1.  An  HP  function  generator  is  employed  to  drive  a  piezoelectric  transducer  in  a 
continuous  wave.  The  transducer  is  bonded  to  one  face  of  the  sample  while  an  AFM  tip  is  in 
contact  with  the  other  face.  In  contact  mode,  a  continuous  wave  excites  the  transducer  and  the 
subsequent  ultrasonic  waves  produce  vertical  surface  displacements  that  are  detected  by  the 
AFM  tip.  A  Stanford  Research  Systems  lock-in  amplifier  is  then  used  to  measure  the  magnitude 
and  phase  of  the  detected  signal  with  respect  to  the  signal  from  the  function  generator. 

Specimen 

A  thin  film  of  copper  was  deposited  on  a  fused  quartz  substrate  using  ionized  cluster 
beam  deposition  method  [9].  The  deposited  region  approximately  had  a  bell  shape  with  varying 
density  of  atoms.  Figure  2  shows  high  and  low  density  regions  and  the  relative  location  of  the 
Ijim  X  1  jxm  areas  chosen  for  imaging. 


Figure  1  Schematic  diagram  of  Ultrasonic  Force  Microscope. 
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Figure  2  Enlarged  view  of  copper  deposited  area  with  boxes  (1-2) 
indicating  location  of  scanned  regions  with  different  atom  densities. 


A  PZT  transducer  operating  in  the  range  of  a  MHz  frequency  was  bonded  to  the  face  of 
the  quartz  substrate  that  does  not  have  the  copper  film.  A  low  stiffness  (k  =  0.06  N/m)  cantilever 
was  used  to  obtain  AFM,  LFM,  and  UFM  images. 


RESULTS 


AFM,  LFM  and  UFM  images  were  obtained  on  the  same  region  of  the  sample  over  an 
area  of  1  pm  x  1  pm.  Images  acquired  on  the  high-density  region  are  shown  in  Figure  3.  The 
surface  topography  AFM  images  show  a  height  variation  of  300  nm  within  the  scan  area  and  the 
contrast  is  hazy. 

On  the  other  hand,  the  contrast  in  the  UFM  image  of  the  same  region  is  very  large 
and  individual  regions  can  be  easily  identified  as  grains.  Each  grain  can  be  seen  with  different 
contrast.  The  average  size  of  the  grains  is  about  180  nm  and  the  smallest  grain  observed  is  20 
nm.  The  contrast  in  UFM  images  is  due  to  the  variation  in  elastic  modulus  in  the  material. 
Based  on  the  rheological  model  of  UFM,  the  amplitude  of  the  surface  displacement  measured  by 
the  AFM  cantilever  is  proportional  to  the  input  amplitude  to  the  piezo-electric  transducer  and  the 
elastic  modulus  in  the  material  [7].  The  input  amplitude  to  the  transducer  over  the  whole  area  is 
constant.  Hence,  the  amplitude  is  directly  proportional  to  the  elastic  modulus.  Elastic  anisotropy 
is  defined  as  2c44  /  (C11-C12);  copper  is  elastically  very  anisotropic  and  has  a  value  of  3.2.  This 
indicates  that  the  changes  in  the  Young’s  modulus  for  different  crystallographic  orientation  are 
quite  large. 

It  is  also  known  that  the  friction  forces  are  dependent  on  the  crystallographic  orientation. 
Hence,  we  expected  to  observe  a  contrast  in  the  LFM  images  of  the  same  region  due  to 
anisotropy  of  the  local  friction  forces.  But  the  contrast  in  LFM  images  is  not  as  good  as  it  is  in 
UFM  images.  It  may  be  possible  that  the  differences  in  the  frictional  forces  are  below  the 
detection  limit  of  our  LFM.  However,  some  contrast  is  observed  in  the  LFM  images  and  this  is 
due  to  edge  effects  of  the  grains. 
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(a)  (b) 

Figure  3  Images  obtained  from  the  high-density  region,  (a)  AFM  and 
UFM  amplitude  images,  (b)  AFM  and  LFM. 


In  comparison  to  the  high-density  region  images,  the  low-density  region  images  are  very 
different.  AFM,  LFM,  and  UFM  images  of  an  area  of  Ifxm  x  1  ^im  of  this  region  are  shown  in 
Figure  4.  All  the  images  indicate  that  the  shape  of  the  regions  is  almost  spherical.  In  this  region 
of  the  film,  it  appears  that  the  copper  atoms  have  collected  together  to  form  a  droplet  without 
having  formed  a  definite  crystallographic  orientation.  The  droplet  diameters  range  between  30 
nm  and  140  nm  while  the  height  variation  is  100  nm  within  the  scan  area. 


Topography  Amplitude  Topography  Friction 


(a) 


(b) 


Figure  4  Images  obtained  from  the  low-density  region,  (a)  AFM  and 
UFM  amplitude  images,  (b)  AFM  and  LFM  images. 


CONCLUSIONS 


The  contrast  in  the  images  of  copper  thin  films  obtained  using  AFM,  LFM  and  UFM  has 
been  compared.  The  contrast  in  AFM  images  is  hazy  and  the  contrast  in  LFM  images  is  related 
to  the  edge  effects.  The  UFM  images  reveal  every  grain  of  copper  in  the  scanned  region.  This 
enhanced  contrast  is  related  to  the  anisotropic  elastic  modulus  of  the  material.  The  contrast  of 
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the  low-density  images  of  AFM,  LFM  and  UFM  are  not  very  different  and  are  dominated  by  the 
edge  effect. 
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ABSTRACT 

A  mass  spectrometry  method  (Electrospray  Mass  Spectrometry  [ESMS])  for  analyzing 
organometallic  precursors  of  nano-materials  is  described.  We  show  that  application  of  low- 
cone  voltage  ESMS  is  a  useful  technique  for  the  rapid  analysis  of  intact  organometallic 
precursor  molecules  when  both  positive  and  negative  ionic  modes  are  analyzed.  This  method 
shows  promise  for  extrapolation  to  analysis  of  the  dynamics  of  growth  in  nano-scale  materials. 

INTRODUCTION 

The  development  of  nanoscale  science  has  arisen  from  the  observation  of  fascinating 
size  dependent  optical  and  electronic  properties  of  these  materials  [1,  2].  Nanoparticles 
represent  a  boundary  where  a  gradual  transition  from  solid-state  to  molecular  properties  occurs 
as  the  particle  size  decreases  [3,  4].  Such  compounds  are  a  class  of  materials  whose  properties 
are  amenable  to  chemical  tuning  by  manipulating  particle  size,  cristallinity,  dopant  level,  and 
surface  tuning  via  ligand  capping.  Development  of  technology  for  analysis  of  such  materials 
has  centered  on  traditional  solid  state  methods  requiring  efficient  isolation  of  the  samples  after 
their  syntheses.  While  TEM,  X-ray  diffraction,  UVWisible  and  IR  spectroscopies, 
photoluminescence,  Raman  spectroscopy  and  TGA  techniques  are  excellent  tools  for  structure 
analysis,  they  do  not  specifically  address  the  compositional  integrity  of  the  materials  in  an 
«  on-line  »  fashion  required  for  process  control.  Consequently,  a  significant  disadvantage 
arises  due  to  the  inability  to  probe  the  real-time  dynamics  of  nanomaterial  growth. 

An  alternative  pathway  for  real  time  analysis  of  particle  size  and  composition  is  the 
application  of  mass  spectrometry.  More  specially,  we  present  herein  the  results  from  a  soft 
mass  spectrometry  technique :  the  Electrospray  Mass  Spectrometry  (ESMS).  The  main 
advantage  of  ESMS  over  other  mass  spectrometry  techniques  is  the  capabilities  for  direct 
analyses  of  mixtures  and  solvated  molecules.  ESMS  ionization  methods  have  been  largely 
applied  to  molecules  in  biochemistry  which  due  to  their  chemical  composition  and  their 
bonding  are  susceptible  to  damage  [5,  6].  We  present  in  this  paper  the  analysis  of  chalcogenide 
cadmium  clusters  of  discrete  size  by  positive  and  negative  ion  mode  ESMS  under  low-cone 
voltage.  Such  ionic  mode  allows  a  small  fragmentation  and  the  observation  of  the  parent  ion 
[7-8].  The  first  study  illustrates  how  ESMS  allows  differentiation  of  the  physical  properties  of 
the  precursor  molecules  arising  from  variability  of  the  chalcogenide  core  and  the  surface 
capping  of  the  cluster  (S  or  Se).  The  second  study  illustrates  the  application  of  ESMS  to  the 
analysis  of  a  binary  metal  chalcogenide  nano-material  precursor  (Cd-Co).  Analysis  of  the  mass 
spectra  for  such  materials  provides  insight  into  the  applicability  of  ESMS  methods  to  structure 
analysis,  composition  and  stability  of  nano-semiconductor  materials. 
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EXPERIMENTAL 


The  clusters  [(CH3)4N]4[E4Cdio(SPh)i6]  (E  =  S  or  Se,  Ph  =  [9,  10]  named  in  the 

paper  as  "CdlO"  and  the  binary  compound  [Li2][S4Cd4Co6(SPh)i6]  [11]  were  prepared  by 
literature  methods.  Figure  1  shows  the  general  structure  of  the  clusters.  Note  that  each  capped 
chalcogenide  is  bounded  with  a  phenyl  group  not  shown  for  clarity  reason.  X-ray  powder 
diffraction,  ICP  and  'H  NMR  measurements  verify  the  composition  of  the  clusters  "CdlO". 
EPR  and  ICP-AE  measurements  made  on  the  [Li2][S4Cd4Co6(SPh)i6]  compound  confirms  the 
mass  ratios  and  suggests  the  ratio  of  4  to  2  between  Co"  and  Co"'.  Mass  spectra  were 
performed  in  positive  and  negative  ion  mode  using  a  VG  Platform  II  mass  spectrometer 
(Fisons  Instruments)  coupled  to  a  quadrupole  mass  filter  with  a  m/z  ion  range  from  0  to  3000 
(See  Figure  2).  The  quadrupole  mass  selector  was  calibrated  using  a  solution  of  sodium  iodide 
as  a  standard.  Nitrogen  was  employed  as  both  the  drying  and  nebulizing  gas.  Freshly  prepared 
samples  [approximate  concentration:  0.1  mmol.L''  in  dry  acetonitrile  (4A  molecular  sieve, 
HPLC  Grade)]  were  injected  into  the  spectrometer  at  a  flow  rate  of  20  mL.min  '  using  a 
syringe  infusion  pump  (Harvard  Apparatus).  The  solutions  are  delivered  to  the  mass 
spectrometer  source  at  a  temperature  of  67°C. 

The  cone  voltage  used  was  +!-  5V  for  all  samples  to  minimize  fragmentation  processes 
except  for  the  selenium  compounds  which  needed  a  negative  voltage  of  -20  V  for  the 
observation  of  the  parent  ion.  Cone  voltage  from  -200  to  -1-200  V  were  checked  for  reliability 
of  the  ion  distribution.  All  assigned  peaks  in  the  presented  mass  spectra  were  identified  by  the 
most  inten.se  m/z  value  within  the  isotopic  mass  distribution.  Confirmation  of  ionic  species 
was  made  by  compari.son  of  the  observed  and  predicted  isotope  di.stribution  patterns  using  the 
software  Mass  Linx  (Fisons  Instruments). 

RESULTS  AND  DISCUSSION 

Differentiation  between  core  and  capping  chalcogenide 

Low  cone  voltage  and  direct  infusion  ESMS  techniques  allow  rapid  analysis  of  nano¬ 
scale  metal  chalcogenide  clusters.  Mass  spectra  for  the  positive  and  negative  ion  are  displayed 
respectively  in  Figure  3a  (+5V)  and  Figure  3b  (-5V)  for  both  core  and  capping  sulfur  and  in 
Figure  4a  (4-5V)  and  Figure  4b  (-20V)  for  selenium  core  and  sulfur  capping.  We  detect  high 
mass  peaks  which  ari.se  from  the  respective  parent  clusters  [(CH3)4N]4[S4Cdio(SPh)i6]  and 
[(CH3)4N]4[Se4Cd,o(SPh),6]. 


+  2  (CH.h/r 


((CH,d4N]4fS,Cd,o(SPh),,] 

-  2  (C//,JX 

- ►  [(CH,hNUS4Cd|o(SPh)K,]-" 

(1) 

w  \  Ml  rc  r’H  i-‘ 

(2) 

+  2  (CHP,N^ 

[(CH,,)4N]4[Sc,Cdin(SPh),f,l 

►  [(CH,)4Nj,[Sc4Cd,n(SPh)Kd'" 

(3) 

-  2  (CH.ptr  - 

SPh 

►  [(CH,)4N]2lSe4Cd,n(SPh),5H]'- 

(4) 

These  intense  peaks  in  the  10-metal  chalcogenide  mass  spectra  are  directly  attributable 
to  ‘pseudo’  parent  ions  by  addition  of  two  (CH3)4N'^  in  the  positive  mode  (Equations  (1)  and 
(3)).  The  singly  charged  parent-ion  which  arisises  from  loss  of  one  ammonium  cation  is  not 
observable  due  to  mass  range  limitations  of  the  quadrupole  detector.  Recently,  we  observed  the 
singly  charged  ion  at  m/z  =  3371  on  an  ES-TOF  instrument,  confirming  our  initial 
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assignements  on  the  positive  ion  mode  [12].  The  positive  ion  parent  peaks  have  a  relative 
higher  intensity  and  a  better  resolution  compared  to  those  in  the  negative  ionic  mode.  In  the 
negative  ion  mode,  substantial  fragmentation  of  the  two  clusters  are  observed,  even  at  low  cone 
voltage  which  is  consistent  with  earlier  studies  on  those  materials  [5,  7].  In  the  negative  ion 
mode,  there  is  an  intriguing  family  with  surprising  stability,  [S4Cd8(SPh)io]^'  at  m/z  =  1060. 
This  species  is  generated  by  fragmentation  of  the  Cdio  via  the  loss  of  2  [Cd(SPh)3]‘  at  m/z  = 
441.  The  Cdg  species  has  been  suggested  as  a  potentially  stable  cluster  species  and  is 
potentially  be  involved  in  the  growth  of  CdSe  nanocrystals  via  a  seeded  lyothermal  growth 
method  [13]. 

ESMS  Analysis  a  binary  metal  chalcogenide  precursor  cluster  [Lh] [S4Cd4Co6(SPh)ic] 

The  mass  spectra  displayed  in  Figure  3a  (+5V)  and  Figure  3b  (-5V)  show  high  mass  peaks 
connected  to  the  parent  cluster. 

+  2(Lr  SPh-)+  2  Lt 

[Lb][S4Cd4C06{SPh),6]  - ►  [Li4}[S4Cd4C06{SPh)K,][Li(SPh)]2-^  (5) 

-  2  Lt 

- ►  [S4Cd4COf,(SPh),6]-'  (6) 

The.se  observed  m/z  peaks  can  be  described  in  terms  of  a  mixed  valence  cluster  having  two 
oxidation  states  for  cobalt,  Co'”  and  Co”  in  the  Cd4Co6  cluster.  The  mixed  valency  on  the 
cobalt  cluster  is  confirmed  by  EPR  masurements  [14].  Negative  ion  spectra  in  Figure  4  is  in 
agreement  with  the  structural  assignments  of  a  Co6Cd4  cluster  species.  The  flexibility  of 
ESMS  for  the  analysis  of  the  structure  of  molecular  recursors  allows  rapid  identification  of 
nanomaterial  precursors  available  for  nano-material  growth.  In  the  case  of  the  mixed  valence 
precursor,  we  are  currently  exploring  the  potential  for  growth  of  magnetically  doped 
nanocrystalline  CdSe  using  the  Co  precursor. 

CONCLUDING  REMARKS 

The  combination  of  positive  and  negative  ion  mode  under  low  cone  voltage  on 
electrospray  mass  spectrometry  is  a  potential  tool  for  the  characterization  of  organometallic 
molecules.  Both  mass  spectra  provide  a  specific  fingerprint  of  the  studied  compounds.  The 
ease  of  direct  infusion  ESMS  technique  can  be  used  to  follow  on  line  synthesis  of  II-VI  and  III- 
V  compounds  leading  to  nano-materials  characterization.  Such  materials  are  elaborated  either 
on  solution  or  in  a  solid  state.  Other  mass  spectrometry  techniques  using  laser  ionization 
processes  should  be  used  for  getting  some  data  for  higher  masses.  An  analytical  device  like 
MALDI-TOF  (Matrix-Assisted  by  Laser  Desorption/Ionization  coupled  to  Time  of  Flight  Mass 
Spectrometry)  is  also  interesting.  However  it  is  fundamental  to  define  the  best  conditions  for 
laser/material  interaction  experiments.  Our  studies  about  nano-clusters  are  in  progress  for  a 
better  knowledge  of  the  following  parameters  with  MALDI  analyses:  i)  the  matrix/analyte 
ratio  and  ii)  the  laser  wavelength  and  the  power  density. 
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Figure  1  :  Structure  of  a  [E4Metio(SPh)i6]‘^'  with  E  =  S,  Se,  and  Met  =  Cd  and/or  Co 
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Figure  2:  Schematic  diagramme  of  an  Electrospray  Mass  Spectrometer 


Figure  3  :  Positive  ion  mass  spectrum  (3a)  and  negative  ion  mass  spectrum  (3b)  of 
[(CH3)4N]4[S4Cd,o(SPh),6]. 
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ABSTRACT 

With  the  help  of  a  spectral  formalism  recently  formulated,  we  study  the  effects  in  the  optical  response  of 
the  material  properties  of  a  nanoparticle  lying  over  a  substrate.  A  spectral  representation  was  formulated  to 
calculate  the  optical  response  of  spheroidal  nanoparticles  including  multipolar  effects.  We  present  our 
results  in  terms  of  Differential  Reflectance  spectra  that  can  be  compared  directly  with  measurements.  We 
have  found  that  multipolar  contributions  depend  in  the  shape  of  the  particle  and  type  of  substrate. 

INTRODUCTION 

In  recent  times,  the  study  of  supported  nanoparticle  systems  has  attracted  the  attention  of  many 
reserchers  due  to  some  of  their  very  interesting  physical  properties  as  well  as  the  possibilities  of 
promising  tecnological  applications  [1].  In  particular,  the  knowledge  of  the  optical  properties  of  a 
particle  located  above  a  substrate  can  be  used  as  a  tool  to  interpret  optical  spectra  for  the 
characterization  of  supported  nanoparticle  systems  [2].  The  fabrication  of  nanostructured  systems  and 
the  growing  process  of  thin  films  requires  a  precise  characterization  of  the  shape  and  size  of  the 
supported  particles  or  islands.  For  this  purpose  the  optical  spectroscopies  become  an  un valuable  tool 
due  to  their  non  destructive  character  and  in-situ  capabilities  of  measurement. 

The  optical  spectra  of  metallic  nanoparticles  deposited  on  an  insulating  substrate  is 
characterized  by  the  presence  of  resonances.  The  location  and  broadening  of  these  resonances  depend 
on  the  morphological  and  physical  properties  of  the  system.  For  example,  they  depend  on  the 
properties  of  the  substrate  because  the  particle  interacts  with  the  charges  induced  on  the  substrate. 

The  interaction  between  different  supported  particles  is  also  important,  specially  in  the  case  of  a  high 
concentration  of  particles.  However,  the  study  of  an  isolated  supported  particle  can  be  also  performed 
in  the  dilute  regime  [3]. 

The  optical  properties  of  a  particle  on  a  substrate  are  determined  by  its  response  to  the  local 
field.  In  the  first  attempts  to  describe  the  optical  properties  of  these  systems  the  interaction  of  the 
particle  with  the  substrate  was  neglected  [4].  Later,  the  presence  of  the  substrate  was  included  by 
taking  a  dipolar  interaction  between  the  particle  and  its  image  [5-8].  However,  the  calculation  of  the 
interaction  between  a  particle  of  finite  size  and  its  image  requires  the  inclusion  of  multipolar 
interactions.  This  is  because  the  field  produced  by  the  image,  rather  than  being  homogeneous  over  the 
size  of  the  particle,  as  required  by  the  dipolar  approximation,  it  is  strongly  inhomogeneous,  specially 
when  the  particle  is  close  to  the  substrate.  Different  authors  have  included  these  multipolar 
interactions  considering  particles  of  different  shapes  [9-11].  However,  the  numerical  complexity  of 
the  problem  restricts  tremendously  the  number  of  multipolar  interactions  taken  to  describe  the 
system.  This  situation  restricts  the  study  to  only  a  few  specific  systems. 

The  inclusion  of  multipolar  interactions  between  the  particle  and  its  image  gives  rise  to 
resonances  additional  to  the  dipolar  one,  which  is  the  one  that  characterizes  an  isolated  particle.  It  has 
been  also  shown  that  the  location  and  strength  of  the  multipolar  resonances  depend  strongly  on  the 
properties  of  the  substrate  and  the  geometry  of  the  system  [3,12].  For  example,  when  a  particle  is  in 
close  contact  with  the  substrate  smooth  spectra  are  obtained.  On  the  contrary,  when  the  particle  is 
located  at  a  certain  distance  above  the  substrate,  a  well  defined  structure  of  resonances  is  obtained. 
The  structure  of  these  resonances  is  more  evident  when  the  contrast  in  the  dielectric  response  of  the 
ambient  and  the  substrate  increases  [3,12]. 

Recently  a  powerful  theoretical  procedure  has  been  developed  to  calculate  the  optical 
response  of  a  particle-substrate  system  using  a  spectral  representation  [12].  The  main  advantage  of 
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this  representation  is  that  the  strength  and  localization  of  the  resonances,  when  given  in  terms  of  the 
spectral  variable,  are  independent  of  the  dielectric  properties  of  the  particle,  but  depend  only  on  its 
shape  and  the  dielectric  properties  of  the  substrate.  With  this  procedure  one  is  also  able  to  include  a 
larger  number  of  multipoles,  allowing  the  treatment  of  substrates  with  a  larger  contrast  in  the 
dielectric  constant  and  particles  closer  to  the  substrate.  In  this  work  we  consider  more  asymmetric 
oblate  particle  than  in  previous  treatments  [12]  and  we  also  study  the  changes  in  differential- 
reflectance  spectra  for  particles  made  of  different  materials. 

FORMALISM 


We  consider  an  oblate  particle  located  on  a  substrate.  The  particle  is  generated  by  the  rotation  around 
one  of  the  axes  of  an  ellipse  with  lengths  2a  and  2b,  with  a>b.  The  symmetry  axis  of  the  particle  is 
perpendicular  to  the  substrate,  and  its  center  is  located  at  a  distance  d  from  the  substrate  which  has  a 
dielectric  constant  e^.  The  particle  has  a  dielectric  function  and  is  embedded  in  an  ambient  of 
dielectric  constant  We  consider  that  the  three  media:  particle,  substrate  and  ambient  are  non¬ 
magnetic.  The  system  is  excited  by  light  with  frequency  oj  and  a  wavelength  %,  such  that  'k»  a,  b  and 
d.  Under  this  condition,  a  quasistatic  approximation  is  valid  to  calculate  the  electromagnetic  fields. 

In  the  linear  approximation,  the  dipolar  moment  of  the  particle,  in  the  presence  of  a  substrate, 
linearly  depends  with  the  components  of  the  applied  external  field,  throughout  the  so  called  effective 
polarizability  tensor  Due  to  the  symmetry  of  the  system,  has  only  two  independent 

components  corresponding  to  the  polarizabilities  in  the  direction  normal  and  perpendicular  to  the 
substrate.  When  the  particle  is  far  from  the  substrate  the  effective  polarizability  becomes  the 
polarizability  of  the  isolated  particle.  But,  when  the  particle  is  close  to  the  substrate  the  multipolar 
interactions  induced  by  the  substrate  modifies  the  optical  response  of  the  system. 

The  analysis  of  for  the  system  described  above  was  done  as  follows.  First,  the  electric 

potential  induced  in  the  system  at  any  point  in  space  was  calculated  to  all  multipolar  orders.  To  find 
the  solution  for  the  induced  potential  a  spectral  representation  (SR)  of  the  Bergman-Fuchs-Milton 
type  [13]  was  developed  [12].  By  identifying  the  dipole  moment p  induced  in  the  particle,  the 
components  of  a^^were  obtained.  The  behavior  of  the  spectral  function  for  different  shapes  and 

locations  of  the  particles  is  analyzed.  For  a  detailed  description  of  the  method  see  Ref.  [12]. 

Within  SR,  we  can  write  the  components  of  in  the  following  form: 


y _ ^ -  (1) 

where  v  is  the  volume  of  the  particle,  m  denotes  the  diagonal  components  of  and  «(&>)=[  1-e^ 

I  nt  m  2  w 

{CD)/Ea]  is  the  spectral  variable;  ={U  are  the  so-called  spectral  functions  where  U  is  an 
orthogonal  matrix  that  satisfies  the  relation, 


(2) 

li' 

The  matrix  depends  only  on  the  geometrical  properties  of  the  model  and  on  the  dielectric 

m 

properties  of  substrate  and  ambient,  through  the  contrast  parameter =  (e^  ”£,)/(£«  )•  ^  //-  is  a 

symmetric  matrix  and  can  be  written  in  the  following  form  [12] 
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Hr  =«:^r +  /.£>,"  (-i)  (3) 

here  are  the  depolarization  factors  of  an  isolated  spheroid,  and  d”  is  a  matrix  given  by  the 
multipolar  coupling  due  to  the  presence  of  the  substrate,  this  later  vanishes  when  d->oo.  Note  that 

m 

H  contains  all  the  information  on  the  geometry  of  the  system  and  the  dielectric  constant  of  the 
substrate,  and  is  independent  of  the  material  properties  of  the  particle.  From  Eq.  (1),  a^^is  given  as 
the  sum  of  terms  which  show  resonances  at  frequencies  ty  given  by  the  poles  of  the  equation,  when 

w  m 

u{0))  =  n^  .Asa  consequence,  an  explicit  procedure  to  obtain  the  strengths  G  and  the  position  of 
the  resonances  is  obtained. 

With  this  SR  a  systematic  study  of  the  spectral  function  in  term  of  the  parameters  a,  b,  d  and/c, 
has  been  reported  in  Ref.  [12].  In  this  paper,  we  present  a  systematic  study  of  the  spectral  function  of 
oblate  particles  with  different  asymmetries  and  considering  two  different  kinds  of  substrates.  We 
present  our  results  in  terms  of  Differential  Reflectance  spectra,  where  different  material  properties  of 
the  particle  are  also  considered. 

RESULTS  AND  DISCUSSION 


In  order  to  determine  the  effective  polarizability  of  spheroidal  particles  located  at  a  distance  d  above  a 
flat  substrate,  first  we  construct  the  interaction  matrix  choosing  the  value  of  m  equal  to  0  or  1, 

depending  on  whether  the  applied  external  field  lies  perpendicular  or  parallel  to  the  substrate.  A 
maximum  value  of  multipolar  excitations  is  chosen  in  order  to  assure  multipolar  convergence  in 

m 

the  spectral  function  G^  ,  which  gives  the  strength  of  the  coupling  of  the  optical  active  modes  labeled 


by  to  the  applied  field.  Its  actual  value  will  depend  on  the  values  of  a/b,  f  and  d.  A  numerical 


procedure  to  calculate  D  is  given  in  [1 1].  However,  that  method  has  convergence  problems  in  the 

case  of  oblate  particles  with  a  large  asymmetry  {a/b>  1 ,7),  where  only  a  reduced  number  of  multipolar 
interactions  ~  25)  can  be  taken.  Here  we  devised  an  alternative  method  starting  from  expressions 

given  by  Lam  [14],  which  are  valid  for  the  case  of  particles  with  c/J  <  1,  where  c  is  the  semidistance 

between  the  foci  of  the  ellipse.  We  then  calculate  the  spectral  function  ,  the  effective  polarizability 

and  the  spectrum  of  differential-reflectance  (DR)  for  specific  systems  of  supported  spheroidal 
particles.  Some  recent  DR  measurements  on  metallic  supported  particles  have  shown  the  presence  of 
multipolar  effects  [3,  12],  and  the  shape  of  the  particles  has  been  determined  through  a  detailed 
analysis  of  these  spectra  [12].  In  DR  spectroscopy  one  compares  the  reflectance  of  the  substrate-film 
system  with  the  reflectance  of  the  clean  substrate,  that  is. 


+  substrate]  -  R^lsubstrate] 
R  [substrate] 


(4) 


When  one  considers  that  the  film  is  constituted  by  a  dilute  distribution  of  particles,  all  located  at  the 
same  distance  from  the  substrate,  one  obtains,  for  p-polarized  light,  the  following  expression 


ARJR„ 

p  p 


\6—bf^  cos^Im 
c 


sm 


e) 


al^e^sin^O 


£,  cos' 


(5) 
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where  0(=  50^)  is  the  angle  of  incidence, /2  is  the  two-dimensional  filling  fraction  of  particles  and  c  is 
the  speed  of  light.  Note  that  the  spectral  representation  of  the  effective  polarizability  a^y^leads  to  a 
spectral  representation  for  the  differential  reflectance  AR^/Rp.  We  consider  here  the  case  of  particles  of 
free-electrons  metals  whose  dielectric  function  can  be  described  by  the  Drude  model  (ru)  =  1  - 

(O^I{C0{O)\-\x)),  where  6)^  is  the  frequency  of  the  bulk  plasma  resonance  and  x  is  a  phenomenological 
factor  associated  with  the  dissipation  process.  For  potassium  these  parameters  are  ficOp  =  3.8  eV  and 
xlcOp  -  0.105,  while  for  aluminium  they  are  fiCOp  =  15.8  eV  and  zlcOp  -  0.04.  We  also  consider  silver 
particles,  and  in  this  case  we  use,  in  our  calculations,  the  experimentally-determined  dielectric  function 
(see  Fig.  3). 

In  Fig.  1  we  show  differential  reflectance  spectra  and  its  associated  spectral  weights  for  two 
oblate  particles  of  aluminium  with  a/b  -  2.5  and  a/b  =  4.0,  each  one  in  two  different  substrates.  In  all 
0 

cases  d=l .05,  0  =  50  and/2  ==  0.0046nm/^?.  The  spectral  function  is  plotted  as  a  series  of  s  vertical 
lines  whose  location  is  given  by  the  energy  of  the  resonances  and  their  length  iproportional  to  the 
strength  of  the  coupling  with  the  applied  external  field.  Although  a  reduced  number  of  resonances  is 
observed,  to  obtain  these  spectra  25  multipoles  have  to  be  included  in  order  to  attain  multipolar 
convergence  in  the  calculation  of  the  spectral  functions.  In  the  spectra  of  a  particle  with  a/b  =  2.5 
over  a  substrate  with/c  =-0.113  (titanium  dioxide  in  air)  one  sees  a  structure  of  multipolar 
resonances.  These  resonances  have  different  energies  and  the  number  of  distinct  resonances  decreases 
with  the  magnitude  of  contrast  factor;  there  are  fewer  for  fc  =-0.516,  (sapphire  in  air).  In  the  case  of 
the  more  asymmetric  particle  a/b  =  4.0,  the  strength  of  these  resonances  decreases  further.  When  we 
compare  the  full  multipolar  calculation  with  the  dipolar  approximation  one  sees  that  the  dipolar 
approximation  gives  better  results  for  more  symmetric  particles,  and  it  becomes  even  better  in  the 
case  of  a  substrate  with  a  smaller  contrast  factor  fc. 
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Figure  1.  DR  for  aluminium  particles  embedded  in  air  and  lying  over  a  substrate  at  a  distance  d=  1.05b. 
Left  panels  are  OS  particles  with  a/b=2.5,  while  right  panels  are  particles  with  a/b=4.0.  Upper  panels 
correspont  to  substrates  of  sapphire  and  lower  panels  to  substrates  ofTi02  .  The  solid  lines  are  the 
calulation  with  L^ax=25,  meantime  the  dashed  lines  correspond  to  dipolar  approximation.  The  spectral 
function  is  represented  by  the  solid  vertical  lines 
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In  Fig.  2  we  show  the  DR  spectra  corresponding  to  particles  of  potassium  and  silver.  In  two  of 
the  panels,  a/b  =  1  (spheres)  while  in  the  other  two  a/b=  2.5.  In  all  cases  the  substrate  has  a  contrast 
factor  fc  =~0.516.  The  spheres  are  located  Sitd/b  =  1.0005.  Our  procedure  based  in  the  spectral 
representation  allows  us  to  consider  a  number  of  multipolar  contribution  as  large  as  =  2000, 
which  is  the  number  required  to  obtain  multipolar  convergence  in  the  calculation  of  the  spectral 
function.  In  the  left  panels  of  Fig.  2  we  observe  how  the  final  shape  of  the  spectrum  comes  about  by 
the  superposition  of  resonances  with  strengths  with  different  signs.  In  the  rigth  panels  of  Fig.  2  we  also 
observe  important  differences  in  the  shape  of  the  spectra  due  to  the  difference  in  the  dielectric 
response  of  the  material  the  particles  are  made  of,  even  when  in  both  cases  the  resonance  structure  is 
the  same.  A  more  complex  structure  is  observed  in  the  case  of  particles  of  Ag.  In  potassium  spheres 
the  spectrum  does  not  reflect  such  a  rich  resonance  structure,  and  this  is  mainly  because  the  particle 
lies  too  close  to  the  substrate.  From  these  differences  in  the  spectra  it  is  difficult  imagine  how  an 
invariant  feature  could  be  obtained  from  them.  The  spectral  representation  is  that  invariant.  We  can 
give  a  more  detailed  explanation  of  the  spectra  of  Fig.2  in  the  following  way:  In  the  Fig.  3  we  show 
the  imaginary  part  of  u{(o)  as  function  of  frequency.  We  observe  that  in  the  region  where  the  spheres 
have  their  resonances  the  imaginary  part  of  u(o))  is  smaller  for  silver  than  for  potassium.  This  means 
that  in  the  case  of  silver  spheres  the  Lorentzian  resonances  associated  to  of  each  resonant  term  of  Eq. 
(1)  are  taller  and  sharper  than  for  potassium.  As  a  consequence  the  resonance  structure  is  richer  than 
in  potassium  where  the  broadening  effects  wash  out  the  details  of  this  resonance  structure.  From  Fig.  3 
we  can  also  explain  the  differences  between  the  shape  of  the  spectra  for  the  oblate  particle.  The  peak  at 
low  frequencies  is  thinner  and  higher  than  that  observed  at  higher  frequencies,  the  opposite  of  what 
happens  in  the  case  of  potassium,  which  arises  from  the  specific  combination  of  parameters  in  Eq.  (2). 
As  we  can  see  in  Fig.  3,  for  silver,  at  low  frequencies,  the  imaginary  part  of  u{0))  is  smaller  than  at 
higher  frecuencies.  Then,  at  low  frequencies  the  Lorentizian  resonances  of  each  mode  are  taller  and 
sharper  than  at  high  frequencies. 
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Figure  2.  DR  for  particles  embedded  in  air  lying  over  a  substrate  of  sapphire.  Left  panels  correspond  to 
spherical  particles  at  a  distance  d- 1 .0005b  from  the  substrate,  while  right  panels  correspond  to  OS 
particles  with  a/b=2.5  at  a  distance  d-1.05b.  Upper  panels  correspond  to  particles  of  potassium  and  lower 
panels  to  particles  of  silver. 


489 


Figure  3,  Imaginary  part  of  the  spectral  variable  u(  (O)  for  potassium  and  silver  as  function  of  the  photon 
energy 

CONCLUSIONS 

In  conclusion,  we  have  showed  that  the  multipolar  effects  on  the  optical  properties  of  a  nanoparticle 
due  to  the  presence  of  a  substrate  depend  with  the  direction  of  the  applied  external  field.  We  have 
found  that  for  oblate  particles  with  a/b>3  the  multipolar  effects  are  reduced  and  the  dipolar 
approximation  gives  a  good  description  of  the  behavior  of  the  system.  Since  multipolar  effects  become 
more  important  for  systems  where  the  substrate  has  a  large  dielectric  constant,  in  this  case  the  dipolar 
approximation  is  not  good  enough.  We  also  have  shown  that  very  different  spectra  could  be  obtained 
considering  particles  of  different  material  even  if  the  geometry  of  the  system  is  the  same.  Finally,  we 
have  demonstrated  that  the  interpretation  of  the  spectral  representation  could  be  helpful  to  elucidate 
the  shape  and  size  of  the  nanoparticles. 
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ABSTRACT 

In  recent  years  there  has  been  a  growing  interest  in  cheap  and  easy  production  techniques 
for  transparent  conducting  thin  films.  One  way  of  making  these  uses  a  nanoparticle  dispersion. 
We  prepared  thin  films  of  tin  doped  indium  oxide  by  spin-coating  of  a  solution  of  nanoparticles. 
The  sintering  behavior  of  these  ceramic  particles  was  studied  by  dielectric  spectroscopy  and  by 
grazing  incidence  X-ray  diffraction.  The  grain  growth  was  found  to  start  at  1000°C  and  to  be 
prominent  at  1250°C.  However,  the  electrical  conductivity  reached  a  maximum  below  these 
temperatures. 

INTRODUCTION 

There  are  a  number  of  technological  applications  in  which  transparent  conducting  thin  films 
of  materials  such  as  tin  doped  indium  oxide  (ITO),  aluminium  doped  zinc  oxide,  or  fluorine 
doped  tin  oxide  are  used,  e.g.  in  light  emitting  diodes  [1],  heat  mirrors  [2],  and  other  kinds  of 
energy  efficient  window  applications  [3, 4].  Sometimes  there  is  a  need  for  a  patterned  structure, 
e.g.  for  solar  cells  and  liquid  crystal  displays.  Today’s  standard  production  methods  - 
sputtering,  chemical  vapour  deposition,  or  spray  pyrolysis  -  followed  by  lithography  and 
etching  have  drawbacks  in  long  production  times,  high  costs,  and  hazardous  by-products.  Much 
would  be  gained  if  instead  the  thin  film  could  be  printed  in  a  one-step  procedure  [5-7].  A 
dispersion  of  nanoparticles  can  be  used  as  an  “ink”  in  such  a  process.  In  the  present  work  we 
study  the  conduction  mechanisms  and  sintering  properties  of  spin  coated  thin  films  consisting 
of  nanoparticles  of  ITO.  We  believe  that  these  layers  have  the  same  properties  as  printed  layers. 

This  paper  presents  data  on  grain  growth  as  a  function  of  sintering  temperature,  Ts,  fi’om 
grazing  incidence  X-ray  diffraction  (XRD).  We  also  report  impedance  spectroscopy  results 
taken  under  the  application  of  an  AC  voltage  of  variable  frequency  to  the  film.  The  latter 
technique  provides  useful  information  on  charge  transfer  and  polarisation  phenomena  [8]. 

EXPERIMENTAL 

Our  samples  were  prepared  from  an  ITO  nanopowder  doped  with  tin,  with  the  Sn/(In+Sn) 
ratio  being  0.05.  The  powder  was  dispersed  in  water  and  spin-coated  onto  glass,  AI2O3,  and 
fused  silica  substrates.  These  samples  were  then  sintered  in  air  at  different  temperatures, 
followed  by  reduction  in  N2+H2  gas  by  annealing  at  Ta  =  480°  C  (Table  I).  The  temperature  in 
the  oven  was  increased  by  8  to  10°/min  until  the  final  temperature  was  attained.  The  sintering  or 
annealing  temperature  was  then  kept  constant  for  30  minutes.  The  samples  were  cooled  down 
with  the  furnace  shut  off.  Film  thicknesses  between  41  and  87  nm  were  calculated  from  X-ray 
fluorescence  measurements.  These  data  correspond  to  the  mass  thickness  and  do  not  account  for 
the  porosity.  Visual  inspection  revealed  that  the  adhesion  of  the  film  to  the  substrate  was  good 

491 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  581  ©  2000  Materials  Research  Society 


Table  I:  Heat  treatment  and  resistivity  values.  7^  (T^)  denotes  sintering  (annealing) 
temperature. 


Sintering  in  air 

Post  heating  for  reduction 
in  N2+7  vo1%H2 

Aged  samples 

Film  thickness® 

Ts 

Resistivity 

Ta 

Resistivity 

Resistivity 

(nm) 

(°C) 

(mQcm) 

rc) 

(mf2cm) 

(mQcm) 

80 

480 

690 

480 

70 

1  800 

74 

750 

48 

480 

57 

430 

74 

1  000 

500 

480 

27 

11  000 

41 

1  250 

- 

480 

- 

- 

*  Thickness  assuming  fully  dense  layers. 

only  for  samples  sintered  at  1250®C.  The  DC  resistivity  of  the  pristine  samples  was  measured 
using  a  four-point  probe. 


Earlier  experience  has  indicated  an  ageing  effect,  i.e.,  a  decreasing  conductivity,  due  to  water 
up-take  in  the  samples  (Figure  1).  According  to  Barlow  et  al.  [5],  ITO  films  consisting  of  fine 
particles  also  degrade  when  exposed  to  oxygen  in  air.  The  electrical  properties  were  therefore 
measured  at  repeated  occasions.  The  conductivity  was  not  stable,  and  we  were  able  to  find  a 
correlation  to  the  atmospheric  conditions.  Table  I  gives  resistivity  values  obtained  from 
impedance  measurements  on  samples  that  had  been  aged  for  six  months  in  air.  Figure  1  also 
shows  the  decrease  in  resistivity  that  occurs  upon  heating  in  a  reducing  atmosphere  of  N2  +  7 
vol%  H2  gas. 

We  investigated  crystal  structure  and  grain  growth  as  a  function  of  sintering  temperature  by 
use  of  grazing  incidence  XRD  in  a  Siemens  D5000  unit  operating  with  CuK^  radiation.  Samples 
on  fused  silica  were  used  for  these  experiments.  The  Scherrer  method  was  employed  for 
evaluation  of  the  crystal  size  [9]. 


Figure  1:  Effects  on  the  resistance  when  a  film  consisting  of  ITO  nanoparticles  is  exposed  to 
heat,  N2  +  7  vol%  H2  gas,  and  humidity. 
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Impedance  spectroscopy  data  were  acquired  on  a  Novocontrol  broadband  dielectric 
converter  coupled  to  a  Solartron  SI1260  Impedance  Analyzer.  An  AC  voltage  of  0.05  to  0.1  V 
was  applied  in  the  frequency  interval  of  10*^  to  10^  Hz  parallel  to  the  plane  of  the  film  in  a  two 
point  configuration.  Samples  on  AI2O3  substrates  were  used.  Aluminium  contacts,  18  to  38  mm 
long,  were  evaporated  onto  the  samples  with  a  spacing  of  3  or  5  mm.  The  experiment  included  a 
manual  calibration  recommended  for  this  type  of  conductive  samples  [10].  An  equivalent  circuit 
analysis  was  performed  using  the  Zview  program  [11]. 

RESULTS  AND  DISCUSSION 

The  driving  force  in  pressureless  sintering  of  nanoparticles  is  reduction  of  the  pore  surface 
energy.  Ceramic  materials  do  not  have  the  same  plastic  behaviour  as  metals  and  are  therefore 
more  difficult  to  density,  but  claims  have  been  made  that  the  sintering  behaviour  of  ceramic 
nanoparticles  is  similar  to  that  of  any  ceramic  material  [12],  The  route  to  a  dense  layer  can  be 
described  by  a  three-step  model  [12,  13]:  The  first  process  step  leads  to  necking  between  the 
particles  at  contact  points.  A  spongelike  structure  with  open  pores  then  evolves  during  the 
second  step.  It  is  in  this  stage  most  of  the  densification  takes  place  due  to  pore  shrinkage.  When 
the  pores  reach  a  critical  size  they  become  unstable  and  form  small  isolated  units.  In  the  third 
and  final  step,  these  residual  pores  are  eliminated. 

We  only  found  crystalline  In203  by  XRD,  which  has  a  detection  limit  of  1%.  An 
amorphous  phase  of  Sn  oxide  or  hydroxide  cannot  be  excluded,  however.  We  calculated  the 
crystal  size  from  the  major  XRD  peak  at  the  interplanar  distance  of  2.9  A,  which  corresponds 
to  cubic  bixbyite  In203  [14]  with  a  preferred  orientation  normal  to  the  (222)  plane.  The  grains 
are  approximately  35  nm  for  sintering  temperatures  up 
to  750°C.  At  1000°C  the  grains  start  to  grow,  and  at 
1250°C  they  tripled  their  size  (Table  II).  As  mentioned 
earlier,  only  samples  sintered  at  1250°C  adhered  well  to 
the  substrate. 

Table  I  presents  the  resistivity  of  the  samples  after 
sintering,  annealing  in  N2+H2  gas  and  ageing.  The  high 
resistivity  of  the  film  sintered  at  480°C  can  probably  be 
ascribed  to  poor  and  few  contacts  between  the  particles. 

The  sample  sintered  at  750°C  remains  almost  unaffected 
by  the  annealing.  The  sample  sintered  at  lOOO^^C  appears 
to  be  oxidized  during  sintering  and  this  oxidation  is  only 
temporarily  reversed  by  the  annealing.  After  sintering  at 
1250°C  the  grains  have  grown  considerably.  This  fact 
and  the  high  magnitude  of  the  resistivity  even  after 
annealing,  makes  us  believe  that  the  third  step  of 
sintering  has  been  reached  in  this  case.  Behr  et  al.  [15]  and  Shigesato  et  al.  [16]  have  found  that 
oxidation  might  be  connected  to  segregation  of  tin  to  the  grain  surfaces.  Such  a  segregation  has 
also  been  observed  in  antimony  doped  tin  oxide  which  is  similar  to  ITO  [17]. 


Table  II:  Crystal  size  as  a  function 
of  sintering  temperature 


Sintering 
temperature  (°C) 

Crystal  size 
(nm) 

250  /  480" 

36 

480 

35 

750 

34 

1000 

42 

1  250 

100 

“  Sintered  at  250°  followed  by  annealing  at 
480°C 
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C(F) 


Figures  2:  Frequency  dependencies  for  the  real  (a)  and  imaginary  (b)  parts  of  the  capacitance, 
C'and  C'\  respectively,  of  the  ITO  samples  sintered  at  different  temperatures,  Fj. 


Figure  1  shows  that  the  resistivity  increases  when  a  film  of  ITO  nanoparticles  is  exposed  to 
moist  air.  Since  our  samples  were  stored  in  air,  we  believe  that  the  degradation  of  the  samples, 
from  the  resistivity  of  the  pristine  film,  is  due  to  water  absorption.  This  degradation  takes  place 
within  a  short  period  of  time  after  film  preparation.  Results  are  presented  in  Table  I.  The 
sample  treated  at  Ts  =  750°C  does  not  show  as  much  ageing  as  the  other  samples.  The  films 
sintered  at  480°C  and  1 000°C,  however,  undergo  a  severe  degradation  of  the  conductivity  with 


Figure  3:  Equivalent  circuit  consisting  of 
two  elements  in  series,  each  comprising  one 
capacitor  and  one  resistor  in  parallel.  One 
element  probably  describes  the  bulk  (b)  of 
the  grains  and  the  other  element  the  grain 
boundaries  (gb). 


Figure  4:  Complex  impedance  plot  for  the 
sample  sintered  at  1000®C.  Z'  (Z”)  denotes 
the  real  (imaginary)  part  of  the  impedance  The 
data  correspond  to  measured  results  and  to  a 
fit  to  the  equivalent  circuit  in  Figure  3.  The 
circuit  parameters  are  presented  in  Table  III. 
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Table  III:  Circuit  parameters  used  to  fit  the  impedance  data  to  the  model  in  Figure  3. 


Sintering 

temperature 

ec) 

Grain  boundary 
capacitance 

(F) 

Grain  boundary 
resistance 
(Q) 

Bulk  capacitance 

(F) 

Bulk  resistance 

(Q) 

11450 

1  700 

8  300 

6  800 

310-* 

90  000 

MO-'^ 

139  000 

The  impedance  spectroscopy  data  are  displayed  as  frequency  dependent  complex 
capacitance  whose  real  and  imaginary  parts  are  denoted  C'  and  C",  respectively,  in  Figure  2. 

The  DC  conductivity  is  proportional  to  the  flat  low  frequency  part  of  the  curve  for  C'.  We 
model  the  material  as  a  series  connection  of  two  parallel  R-C  circuits  assumed  to  represent  the 
electrical  properties  of  the  interior  of  the  grains  and  the  grain  boundaries,  respectively  [8] 

(Figure  3).  For  the  sample  sintered  at  1000°C  the  complex  impedance  shown  in  Figure  4  is 
found  to  consist  of  two  depressed  semicircles.  The  same  figure  also  shows  a  fit  to  the  equivalent 
circuit  in  Figure  3.  The  circuit  parameters  for  the  three  samples  sintered  at  480°C,  750°C,  and 
1000°C,  are  presented  in  Table  III.  No  results  could  be  obtained  for  the  sample  sintered  at  Ts  = 
1250°C  due  to  detection  limits  of  the  instrument. 

The  bulk  resistivity  is  found  to  increase  with  sintering  temperature  which  is  consistent 
with  the  assumption  that  the  grains  are  depleted  of  the  tin  dopant  so  that  fewer  free  conduction 
electrons  are  available.  The  bulk  capacitance  is  of  the  order  of  10*'®  F  or  less.  The  grain 
boundary  resistance  reaches  a  minimum  for  the  sample  sintered  at  750°C.  This  is  in  general 
agreement  with  the  assumption  that  Ts  =  480°C  yields  few  grain  contacts,  while  Ts  >  1000°C 
produces  insulating  layers  on  the  particles.  The  grain  boundary  capacitance  decreases  at  high 
sintering  temperatures,  which  probably  indicates  a  reduced  porosity. 

CONCLUSIONS 

This  paper  has  presented  some  initial  results  on  transparent  and  conducting  layers  based  on 
ultrafine  ITO  particles.  Grain  growth  was  found  to  occur  by  sintering,  the  effect  being  most 
prominent  at  temperatures  above  1000°C.  Impedance  spectroscopy  data  could  be  given  a 
consistent  interpretation  in  terms  of  an  equivalent  circuit  with  elements  signifying  the  bulk  of 
the  grains  and  their  boundaries.  Our  work  gives  support  to  earlier  claims  by  Behr  et  al.  [15]  and 
Shigesato  et  al.  [16]  that  heat  treatment  of  heavily  doped  oxide  particles  can  lead  to  dopant 
segregation  with  ensuing  decrease  of  the  electrical  conductivity. 
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ABSTRACT 

Our  research  on  new  cathode  nano-materials  for  advanced  lithium  batteries  has  focused  on 
the  hydrothermal  method  for  synthesis.  We  have  synthesized  two  novel  manganese  vanadium 
oxides  using  the  hydrothermal  reactions  of  vanadium  (V)  pentoxide,  [N(CH3)4]Mn04,  and 
MnS04  with  an  organic  templating  cation  at  165®C.  The  S-type  [N(CH3)4]zMnyV205*nH20  has  a 
monoclinic  structure,  a=11.66(2)A,  b=3,610(9)A,  c=13.91(4)A,  p=108.8(2)°.  It  has  a  disordered 
V2O5  double  layer  and  the  Mn  and  N(CH3)4  ions  reside  between  the  layers.  The  y-type  MnV205 
is  orthorhombic,  belongs  to  the  space  group  Pnma,  a=9.7585(2)  A,  b=3.5825(l)A,  c=  1 1.2653(2) 
A.  These  compounds  were  also  characterized  by  electron  microprobe,  FTIR  and  TGA.  They 
reacted  readily  with  lithium,  and  their  electrochemical  behavior  in  lithium  cells  was  determined. 

INTRODUCTION 

Lithium  is  a  very  attractive  material  for  high  energy  density  batteries  because  of  its  low 
equivalent  weight  and  high  electrode  potential.  There  has  been  much  effort  recently  to  find  more 
cost-effective  oxide  cathodes  for  advanced  lithium  batteries,  to  replace  the  technically  excellent 
but  expensive  lithium  cobalt  oxide.  Soft  chemistry  was  shown  to  be  an  effective  method  for  the 
preparation  of  high  surface  area  transition  metal  oxides  that  offer  many  advantages  as  cathodes  in 
rechargeable  lithium  batteries.  There  has  been  much  interest  in  the  last  two  decades  in  layered 
vanadium  oxides  and  their  intercalates  because  of  their  potential  use  as  secondary  cathode 
materials  for  advanced  lithium  batteries.  Therefore,  the  already  rich  crystal  chemistry  of  the 
vanadates  with  open  framework  was  expanded  with  many  new  structures.  A  significant  part  of 
them  were  done  in  our  group.  Earlier  we  reported  the  use  of  the  tetramethyl  ammonium  ion 
(TMA)  as  a  structure-directing  cation  [1]  and  showed  that  a  number  of  new  phases  of  tungsten, 
molybdenum,  and  vanadium  could  be  formed.  In  the  case  of  vanadium,  two  new  structure  types 
were  reported  in  1995  [2],  the  layered  N(CH3)4V40io  [3]  and  a  hydrated  vanadium  dioxide  [4,  5], 
also  a  new  structure  type  formed  by  iron  chloride  and  vanadium  oxide  in  1997,  the  layered 
[N(CH3)4]zFeyV205*nH20,  where  z  is  1/6,  y«  0.1  and  n  is  1/6  [6].  Several  other  layer  structure 
vanadium  oxides  were  formed  by  various  groups  [7-9].  To  date  only  the  tetramethyl  ammonium 
ion  has  shown  the  ability  to  form  a  range  of  different  structure  with  differing  organic  to  vanadium 
ratios  [10];  the  present  count  is  six  structures  including  two  with  a  string- like  morphology 
formed  at  pH  values  of  3  or  less,  N(CH3)4V307  and  [N(CH3)4]5Vi8046. 

A  variety  of  new  structures  can  also  be  formed  when  a  second  ‘transition’  metal  is  present, 
for  example  with  zinc  four  new  compounds,  Zno.4V205*0.27H20,  Zno.39V205*0.5TMA, 
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Zn3(0H)2(V207)*H20,  and  Zn2(0H)3(V03),  have  been  reported  [11,  12].  Nickel  forms 
[NH2(CH2)2NH2]2NiV60i4  [13],  whose  structure  is  related  to  N(CH3)4V307.  We  also  found  that 
cobalt  forms  several  compounds,  including  both  the  5-  and  V307-type  phases;  however,  they 
were  contaminated  with  other  phases  such  as  C02V2O7  and  C0V2O6  [14]. 

Manganese  compounds  are  of  particular  interest  for  use  as  cathodes  in  reversible  lithium 
batteries,  because  of  their  low  cost.  We  have  therefore  made  a  study  of  the  Mn-V-0  system, 
using  hydrothermal  methods  with  organic  “templates”  as  the  synthesis  approaeh.  More  than  sbc 
different  compounds  have  been  formed,  including  the  known  MnV206  and  Mn2V207.  The 
compound  Mn7.2/3x(OH)3(VO4)4.2x(V2O7)x(x=0.199)  [15]  has  a  pipe-like  morphology  with 
tunnels  filled  with  manganese;  it  therefore  shows  little  lithium  redox  behavior.  In  this  paper,  we 
report  two  novel  manganese  vanadium  oxides,  S-type  [N(CH3)4]zMnyV205*nH20  and  y-type 
MnV205.  They  were  prepared  by  reaction  of  V2O5,  with  [N(CH3)4]Mn04,  or  with  MnS04  and 
the  organic  diethanolamine,  respectively. 

EXPERIMENTAL 

6-[N(CH3)4]zMnyV205*nH20  was  prepared  by  the  hydrothermal  treatment  of  V2O5 
powder  from  Johnson  and  [N(CH3)4]Mn04  in  a  1:2  molar  ratio,  respectively;  the  pH  of  this 
solution  was  2.34.  The  reaction  mixture  was  heated  in  a  125  ml  Teflon-lined  Parr  Bomb  reactor 
for  60  hrs.  at  43  8K.  The  resulting  dark  green  powder  was  filtered  and  dried  in  air.  The  pH  of  the 
solution  after  reaction  was  basic,  pH=5.93.  In  the  case  of  the  Y-MnV205,  a  1:1:2  aqueous 
solution  of  MnS04,  V2O5  and  diethanolamine  were  heated  at  455  K  for  72  hrs;  the  initial  pH  was 
6.06  and  the  pH  after  reaction  was  6.13. 

X-ray  powder  diffraction  was  performed  using  Cu  Ka  radiation  on  a  Scintag  9-0 
diffractometer.  The  data  was  collected  from  20  =  4°  to  20  =  90°  with  0.03°  steps  and  15  sec  per 
step.  The  TGA  data  was  obtained  on  a  Perkin-Elmer  model  TGA  7  at  3°/min  in  oxygen  on  a 
platinum  pan,  the  FTIR  on  a  Perkin-Elmer  1500  series,  and  the  Electron  Microprobe  on  a 
JEOL8900.  Initial  electrochemical  studies  were  conducted  in  lithium  cells  using  1.5  molar  LiPF^ 
in  a  2:1  dimethyl  carbonate/ethly carbonate  mixture  as  the  electrolyte;  the  vanadium  oxide  was 
mixed  with  10%  carbon  black  and  10%  Teflon  powder,  and  hot  pressed  for  20  minutes  at  227°C. 
A  MacPile  potentiostat  was  used  to  cycle  the  cells, 

RESULTS  AND  DISCUSSION 

6-type  [N(CH3)4]zMnyV205-nH20 

The  crystals  precipitated  from  the  manganese  reaction  exhibited  large  greenish-black  plates, 
and  the  SEM  image  is  shown  in  Figure  1(a).  The  energy  dispersive  spectroscopy  showed  that 
they  contained  manganese  and  vanadium. 

The  x-ray  diffraction  data  of  the  6-[N(CH3)4]zMnyV205«nH20  compound  is  shown  in 
Figure  2(a).  This  pattern  shows  a  repeat  distance  of  12.83  A.  Preliminary  studies  suggest  a 
monoclinic  unit  cell  with  a=l  1.66(2),  b=3.610(9),  c=13.91(4),  p=108.8(2)°.  The  structure 
contained  6-type  double  sheets  of  V2O5  layers,  the  V2O5  layers  were  built  up  with  V(l)06  and 
V(2)06  octahedron.  The  octahedron  has  four  vanadium  oxygen  single  bonds  in  the  square  plane, 
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one  short  vanadium  oxygen  double  bond  above  the  plane  and  one  long  vanadium  oxygen  single 
bond  below  the  plane  or  vice  versa.  TMA  and  manganese  ions  sit  between  the  layers.  TMA  are 
the  major  pillars  between  the  V4O10  sheets  (Figure  1(b)). 


Q  ® 


Fig.  1.  (a)  SEM  image,  black  bar  =  4  pm,  and  (b)  the  structure  of  6-[N(CH3)4]zMnyV205«nH20, 
showing  the  TMA  ions  between  the  double  vanadium  oxide  sheets,  from  [16]. 


The  X-ray  of  the  product  after  heating 
which  returned  to  12.8  A  on  exposure  to  air, 
structure. 


n  i  ^  ^  I - ^ — 

[N(CH3)JMn^V^O^-nI^O 


Fig.  2.  (a)  X-ray  diffraction  pattern  [17]  and  (b) 


0  150  °C  showed  a  contraction  of  under  0.1  A, 
indicating  that  the  water  is  not  critical  to  the 


The  FTIR  spectrum  of  the  S-[N(CH3)4]zMnyV205*nH20  is  relatively  simple,  as  can  seen 
from  Figure  2(b).  The  band  at  1007  cm'^  is  due  to  the  V=0  bond,  those  at  721.5  and  525  cm’*  are 
associated  with  the  vanadium  oxide  network.  This  paucity  of  V-0  bands  speaks  against  the 
presence  of  a  vanadium  cluster.  The  bands  at  1482.9  and  951.0  cm’*  are  due  to  the  organic 
species,  N(CH3)4. 

On  thermal  analysis,  as  shown  in  Fig.  3(a),  this  material  lost  4  %  of  its  weight  at  60  °C, 
probably  surface  water.  This  compound  lost  a  further  9.5%  by  330°C.  This  suggests  that  the 
organic  material  is  in  the  structure;  z  is  probably  around  1/6,  with  some  associated  water  or 
oxygen.  X-ray  diffraction  of  the  heated  material  showed  the  presence  of  both  V2O5  and 
Mn(V03)2,  suggesting  a  greater  than  2:1  ratio  of  V  to  Mn  in  the  compound;  y  is  also  around  1/6. 

The  electrochemical  data  is  shown  in  Fig.  3(b).  The  initial  open  circuit  emf  was  around  3,62 
volts,  suggesting  that  the  vanadium  approaches  the  +5  oxidation  state.  Two  lithiums  could  be 
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incorporated  into  the  structure  on  discharge  above  2  volts.  The  lithium  insertion  proceeded  in  a 
number  of  stages,  reminiscent  of  that  of  V2O5.  These  steps  were  maintained  during  the 
subsequent  charge  and  discharge  cycles,  showing  that  the  material's  structure  did  not  change 
during  the  redox  reactions. 


5-[N(CH3)4],MnyV205,  after  [17], 


Y-MnV205. 

The  morphology  of  this  manganese  vanadium  compound  was  well-formed  dark  brown  large 
lathe-like  sheets  (Fig.  4a),  around  1-2  |im  thick,  10  pm  across  and  a  hundred  pm  on  an  edge. 
Electron  microprobe  showed  that  they  contained  manganese  and  vanadium  but  no  sulfur  and 
suggested  around  a  1 :2  ratio  of  manganese  to  vanadium  in  the  plates.  The  x-ray  diffraction  pattern 
of  the  manganese  compound  (Fig.  6a)  was  indexed  with  an  orthorhombic  lattice  system  and  the 
space  group  Pnma.  The  cell  parameters  of  this  compound  are  a=9.7585(2)  A,  b=3.5825(l)A,  c= 
11.2653(2)  A.  In  this  structure  the  vanadium  oxide  square  pyramids  form  zig-zag  sheets 
bwtween  which  sit  the  manganese  in  octahedral  coordination,  as  show  in  Figure  4b. 


Fig.  4.  (a)  SEM  image,  black  bar  is  5pm  long,  and  (b)  structure  of  y-MnV205,  from  [18] 


The  TGA  analysis,  figure  5(a),  of  this  compound  in  oxygen  shows  a  6  %  increase  of  its 
weight  from  380  °C  to  580  °C  consistent  with  the  addition  of  one  oxygen  and  the  formation  of 
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Mn(V03)2  as  observed  by  x-ray  analysis  of  the  product  after  heating  to  650°C. 


Figure  5.  (a)  TGA  pattern  [18],  and  (b)  FTIR  pattern  of  Y-MnV205 

The  FTIR  pattern  of  Y-MnV205  is  relatively  simple  as  shown  in  Figure  5(b).  The  vanadyl  group 
is  at  984.2  cm'^  and  the  other  main  vanadium-oxygen  bands  are  at  865.3,  627.5,  and  570.8  cm'*. 


The  electrochemical  behavior  of  the  y-MnV205  phase  is  shown  in  Fig.  6(b).  When  there  was  no 
lithium  present  in  the  compound,  it  has  an  initial  cell  voltage  of  3.6  V.  Around  0.8  lithium  could 
be  incorporated  into  the  structure  on  discharge  down  to  2  volts.  On  charge,  a  slight  overcharge 
was  observed  and  on  subsequent  discharge  the  lithium  was  reinserted  reversibly.  However,  a 
successful  cathode  will  need  a  higher  capacity  with  the  manganese  and  vanadium  ions  reversed  in 
position  and  in  their  highest  oxidation  states,  e.g.  VMn205,5. 

CONCLUSIONS 

Two  new  manganese  vanadium  oxide  structures  have  been  synthesized  hydrothermally,  5- 
type  [N(CH3)4]^MnyV205*nH20  and  y-type  MnV205,  and  their  structures  determined.  They 
intercalate  lithium  into  their  structures  in  a  reversible  manner.  The  structure  of  y-type  MnV205  is 
close  to  Y-LiV205  [19].  Mild  hydrothermal  reactions  appear  to  be  a  general  useful  method  for  the 
synthesis  of  transition  metal  oxides.  In  many  cases,  new  structures  are  formed  as  recently  noted  in 
the  case  of  tungsten,  molybdenum,  and  vanadium.  Extensive  research  is  now  underway  to  explore 
the  possibilities  of  this  approach  to  new  materials,  and  how  structure  effects  properties  [10, 16]. 
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THE  ANALYSIS  OF  INDIVIDUAL  NANOCRYSTAL  SURFACES 

A.V.  KADAVANICHt*,  T.  KIPPENY*,  M.  ERWIN*,  S.  J.  ROSENTHAL*,  S.  J. 
PENNYCOOKt 

tOak  Ridge  National  Laboratory,  Solid  State  Division,  Oak  Ridge,  TN  37831 
*Vanderbilt  University,  Department  of  Chemistry,  Nashville,  TN  37235 

ABSTRACT 

We  have  applied  Atomic  Number  Contrast  Scanning  Transmission  Electron  Microscopy 
(Z-Contrast  STEM)  and  STEM/EELS  (Electron  Energy  Loss  Spectroscopy)  towards  the  study  of 
colloidal  CdSe  semiconductor  nanocrystals  embedded  in  MEH-PPV  polymer  films.  Z-Contrast 
images  are  direct  projections  of  the  atomic  structure.  Hence  they  can  be  interpreted  without  the 
need  for  sophisticated  image  simulation  and  the  image  intensity  is  a  direct  measure  of  the 
thickness  of  a  nanocrystal.  Our  thickness  measurements  are  in  agreement  with  the  predicted 
faceted  shape  of  these  nanocrystals. 

Our  unique  1.3A  resolution  STEM  has  successfully  resolved  the  sublattice  structure  of 
these  CdSe  nanocrystals.  In  [010]  projection  (the  polar  axis  in  the  image  plane)  we  can 
distinguish  Se  atom  columns  from  Cd  columns. 

EELS  measurements  on  individual  nanocrystals  indicate  a  significant  amount  (equivalent 
to  0.5-1  surface  monolayers)  of  oxygen  on  the  nanocrystals,  despite  processing  in  an  inert 
atmosphere.  Spatially  resolved  measurements  at7A  resolution  suggest  a  surface  oxide  layer. 

INTRODUCTION 

CdSe  nanocrystals  are  under  investigation  for  heterojunction  optoelectronic  devices,  such 
as  light-emitting  devices  (LED’s)  and  photo voltaics  (PV’s).  [1-3]  The  performance  of  such 
devices  should  be  very  sensitive  to  the  nature  of  the  junction  interface  which  is  the  interface 
between  the  nanocrystal  and  the  surrounding  matrix,  usually  a  conducting  polymer.  Despite 
many  studies,  nanocrystal  surfaces  are  not  very  well  understood  in  detail  since  bulk  techniques 
average  over  all  the  different  surfaces  on  a  nanocrystal  and  scanning  probes  do  not  penetrate  the 
organic  ligands  on  the  surface. 

In  this  paper  we  present  the  use  of  a  high  resolution  Scanning  Transmission  Electron 
Microscope  (STEM)  to  obtain  information  about  the  individual  surfaces  on  nanocrystal.  In 
particular  using  a  high-angle  annular  dark-field  (HAADF)  detector  provides  Z-Contrast  which 
can  resolve  the  sublattice  in  CdSe  nanocrystals.  Hence  the  polarity  of  the  unit  cell  can  be 
assigned  directly  from  the  Z-Contrast  image  without  resorting  to  extensive  image  simulations. 
Furthermore,  since  the  Z-Contrast  image  is  a  direct  projection  of  the  atomic  positions,  the 
technique  is  sensitive  to  aperiodic  detail  at  the  surface  unlike  phase-contrast  HRTEM.  [4,  5] 

Using  the  sub-nanometer  STEM  probe  for  EELS  analysis  allows  chemical  analysis  on  the 
length  scale  of  a  few  A  In  principle  it  should  thus  be  possible  to  obtain  both  chemical  and 
structural  information  from  individual  nanocrystal  surfaces  in  the  STEM.  [6] 

EXPERIMENT 

Sample  Preparation 

CdSe  nanocrystals  were  prepared  by  the  method  of  Murray  [7, 8]  as  modified  by  Peng  [9] 
for  size-focussing.  The  TOPO  surface  ligands  were  exchanged  with  pyridine  by  heating  in 
anhydrous  pyridine  for  several  hours.  The  nanocrystals  were  subsequently  precipitated  with 
hexanes  and  dissolved  in  chloroform.  Poly  (2-methoxy,5-(2’-ethyl-hexyloxy)-p- 
phenylenevinylene)  (MEH-PPV)  was  prepared  by  the  method  of  Wudl  [10]  and  dissolved  in 
chloroform.  CdSe  samples  were  stored  in  a  glovebox  until  use,  MEH-PPV  was  stored  under 
argon  in  brown  glass  vials.  TEM  samples  were  prepared  by  mixing  the  MEH-PPV  and  CdSe 
solutions  and  spin-coating  onto  single-crystal  NaCl  substrates  (100  surfaces).  Typical  parameters 
were  20)il  of  2  mg*ml  '  MEH-PPV/0.05  mg-mf'  CdSe  solution,  spun  at  2000  rpm.  The  films 
were  removed  by  dipping  into  a  water  surface,  whereupon  the  film  floats  onto  the  surface  as  the 
NaCl  dissolves  away.  The  floating  films  were  picked  up  with  lacey  carbon  coated  copper  TEM 
grids  (Ted  Pella  Co.).  Film  thicknesses  were  typically  in  the  range  from  150-200  A  as  judged 
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from  the  optical  absorption  of  identical  films  spun  onto  glass  slides.  Attempts  to  directly  measure 
the  film  thickness  using  AFM  have  so  far  not  yielded  reliable  results  but  indicate  significant 
roughness  on  the  order  of  50A  consistent  with  ellipsometry  measurements.  Specimens  for  EELS 
analysis  were  prepared  in  a  glovebag  (Aldrich  Atmosbag)  purged  with  dry  nitrogen  and  stored 
under  nitrogen  or  argon.  Specimens  were  loaded  with  a  glovebag  attached  to  the  microscope 
under  nitrogen  flow  directly  from  a  standard  gas  cylinder.  Specimens  for  Z-contrast  imaging 
were  prepared  in  air,  stored  under  argon,  and  loaded  in  air. 

STEM 

EELS  analysis  was  performed  in  a  Vacuum  Generators  (VG)  model  HB501  STEM 
operating  at  l(X)kV  with  an  ultimate  resolution  of  2.2 A.  However,  to  optimize  EELS  data 
collection,  the  probe  was  run  with  low  excitation  of  the  condenser  lens  and  the  exact  probe  size 
was  not  measured.  A  parallel  EELS  system  using  a  CCD  detector  with  near  single-electron 
sensitivity  was  employed.  The  system  is  describe  in  more  detail  in  [6].  Data  were  analyzed 
using  Wavemetrics  Igor  Pro  3.1 3.  Pre-edge  backgrounds  were  fitted  to  a  power  law  function  and 
subtracted.  Integration  of  stripped  edges  used  Igor  Pro’s  algorithm  based  on  the  trapezoidal 
method. 

For  scanning  individual  nanocrystals,  the  EELS  signal  was  collected  with  the  STEM  in 
area  imaging  mode  at  a  magnification  such  that  only  one  nanocrystal  was  in  the  field  of  view.  In 
this  case  it  was  possible  to  compensate  for  specimen  drift  by  observing  the  image  and  adjusting 
the  electronic  image  shifts  so  as  to  keep  the  nanocrystal  centred  on  the  screen.  An  area 
immediately  adjacent  to  each  nanocrystal  was  scanned  at  the  same  magnification  for  the  same 
amount  of  time  to  obtain  the  MEH-PPV  blank  signal.  Time  series  were  acquired  to  gauge  sample 
damage  due  to  the  beam.  The  oxygen  K-edge  signal  at  532  eV  was  found  to  decay  over  time,  but 
the  rate  of  decay  was  similar  for  both  nanocrystals  and  MEH-PPV. 

For  linescans  it  is  not  possible  to  observe  the  image  while  scanning.  In  this  case  an  image 
was  taken  before  and  after  scanning  and  scans  with  excessive  image  drift  (more  than  ~10A)  were 
rejected.  The  actual  linescan  is  obtained  by  scanning  the  probe  at  a  constant  rate  across  the 
specimen  in  the  x-direction  only.  EELS  spectra  are  acquired  successively  at  fixed  signal 
integration  times  resulting  in  a  series  of  EELS  measurements  at  different  points  along  the  line. 

Z-Contrast  imaging  was  performed  in  a  VG  HB603  STEM  operating  at  300kV  with  a 
nominal  resolution  of  1 .3 A.  Raw  images  were  deconvoluted  using  a  Maximum  Entropy  [11-13] 
algorithm  running  on  a  dedicated  PC  with  a  custom  coprocessor  card.  The  details  are  described 
elsewhere.  [4]  For  presentation,  image  brightness/contrast  was  adjusted  in  NIH  Image  1.61 . 

For  a  single  atom,  the  image  contrast  is  proportional  to  the  square  of  the  atomic  number 
0).  For  a  crystalline  specimen  in  a  channeling  orientation,  the  intensity  also  depends  on  the 
thickness  of  an  atomic  column  along  the  beam  direction.  The  dependence  is  non-linear  but 
monotonic  and  can  be  calculated  from  the  known  crystal  structure  for  any  given  channeling 
direction.  For  typical  nanocrystal  sizes  (<80A)  the  dependence  is  nearly  linear  so  that  intensities 
can  be  used  for  comparing  relative  thicknesses  between  atomic  columns.  Intensities  are 
measured  in  NIH  Image  by  summing  the  values  of  all  pixels  in  a  chosen  region  and  subtracting 
out  the  average  value  of  the  background  intensity. 

RESULTS/DISCUSSION 

EELS 

The  expected  nitrogen  K-edge  at  400eV  arising  from  pyridine  was  not  observed.  This  is 
consistent  with  other  experiments  suggesting  that  the  pyridine  is  removed  during  the  film¬ 
forming  process.  [1,3] 

The  EELS  spectrum  in  the  vicinity  of  the  oxygen  K-edge  for  a  single  nanocrystal  with  a 
diameter  of  65  A  on  the  long  axis  is  shown  in  the  top  of  Figure  1.  The  nanocrystal  lattice  is  not 
resolved  under  the  imaging  conditions  used  for  the  EELS  measurement,  so  the  size  measurement 
is  not  very  precise.  The  short  axis  diameter  is  approximately  60A. 

The  corresponding  spectrum  for  MEH-PPV  is  shown  in  the  bottom  of  the  figure.  The 
stripped  oxygen  edges  immediately  indicate  that  the  nanocrystal  scan  contains  more  oxygen, 
despite  the  fact  that  the  amount  of  MEH-PPV  is  less  due  to  the  volume  excluded  by  the 
nanocrystal. 
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To  convert  the  integrated 
intensity  of  theMEH-PPV  oxygen 
edge  into  amount  of  oxygen  we  take 
the  volume  of  MEH-PPV  in  the  scan 
(area  •  thickness)  and  multiply  it  by 
the  density  of  MEH-PPV.  The  latter 
value  is  not  well  known.  For  our 
calculations  we  approximate  it  as  1 
g*cm‘^  Undissolved  large  pieces  of 
MEH-PPV  are  buoyant  in  chloroform 
(density  =  1.5  g*cm'^)  so  we  believe 
our  estimate  to  be  valid  to  within  a 
factor  of  two.  However,  this  is  our 
dominant  source  of  error  in  the 
quantitation.  This  yields  a  conversion 
of  edge  intensity  to  number  of 
oxygen  atoms  for  a  given  scan. 

To  calculate  the  amount  of 
oxygen  on  the  nanocrystal  surface  ’ 
we  first  subtract  out  the  contribution 
of  the  MEH-PPV  matrix.  To  account 
for  the  volume  excluded  by  the 
nanocrystal  we  approximate  it  as  an 
ellipsoidal  spheroid.  We  also  use  the 
spheroidal  approximation  to  calculate 
the  nanocrystal  surface  area.  Using 
the  density  of  surface  sites  of  wurtzite 
CdSe  (100)  and  (001)  surfaces  (the 
predominant  surfaces  in  CdSe 
nanocrystals,  both  with  about  0.064 
sites* A'^)  we  calculate  the  total 
number  of  surface  sites  (both  Cd 
and  Se)  on  the  nanocrystal.  The 
coverage  is  defined  as  the  ratio  of 
oxygen  atoms  to  available  surface 
sites,  1  monolayer  (N^)  indicating 
all  sites  oxidized.  This  somewhat 
overestimates  the  coverage  as  edge 
atoms  should  have  two  surface 
dangling  bonds  capable  of  bonding 


Stripped  Edge 


-Raw  Signal 
'Background  Fit 


Energy  (eV) 

Fig.  1 :  EELS  area  scans  (left  axis)  with  pre-edge  background 
fits  (dotted  gray  line)  and  stripped  oxygen  K-edges  (right)  axis. 
The  bottom  axis  shows  the  loss  energy.  Top:  10  second  scan 
for  the  area  indicated  in  the  inset,  with  the  single  nanocrystal 
shown.  Bottom,  scan  under  identical  conditions  on  the 
MEH-PPV  film.  The  monomer  unit  of  MEH-PPV  is  shown  in  the 
graph.  Edges  were  integrated  from  530ev  to  600  eV  to  obtain 
the  Intensity  of  the  oxgyen  edge.  The  nanocrystal  has  a  much 
larger  pre-edge  background  due  to  the  cadmium  M-edge  at 
404eV. 


to  oxygen.  However,  given  the 

other  uncertainties  we  do  not  expect  this  to  contribute  significantly  to  our  measurement  error. 

For  the  nanocrystal  shown  in  Figure  1 ,  we  obtain  1 .3ML  of  oxygen  on  the  nanocrystal  surface. 
Another  measurement  in  the  same  specimen  gave  a  coverage  of  0.5ML. 

At  present  these  are  our  only  quantifiable  measurements.  Given  the  many  uncertainties  in 
the  quantitation  and  the  poor  statistics,  the  safest  conclusion  is  that  a  large  amount  of  oxygen 
occurs  on  the  nanocrystal  surface  and  the  coverage  is  on  the  order  of  1  ML.  This  is  consistent 
with  previous  EELS  measurements  on  ensembles  of  nanocrystals.  The  source  of  the  oxygen  is 
unknown  at  this  time.  Likely  candidates  are  TOPO  from  the  original  synthesis,  the  MEH-PPV 
matrix,  or  the  water  bath  used  in  the  specimen  preparation.  We  are  currently  pursuing  control 
experiments  to  test  these  hypotheses. 

The  measurements  shown  so  far  still  average  over  all  the  surfaces  of  a  nanocrystal.  To 


‘Since  CdSe  nanocrystals  show  good  crystallinity  in  HRTEM,  Z-STEM  and  diffraction 
measurements  we  assume  the  majority  of  the  oxygen  associated  with  nanociystals  to  occur  at  the 
nanocrystal  surface 
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test  the  feasibility  of  analyzing  Pig,  2: 

individual  nanoctystal  surfaces  we  Top:  DF  image  of  a 
have  performed  linescans  across  single  nanocrystal  with 

individual  nanocrystals.  the  linescan  indicated  by 

One  such  linescan  is  shown  in  the  horizontal  line.  The  g 

Figure  2,  with  17  scan  increments  in  marker  in  the  center  « 

the  line,  acquiring  for  4s  in  each  step.  indicates  the  length  of 
Performing  the  pre-edge  background  ©ach  scan  step  and  thus 
fitting  and  subtraction  in  a  similar  the  area  integrated  for 
fashion  but  without  converting  to  each  EELS 
absolute  numbers  of  oxygen  atoms,  measurement, 
we  obtain  the  position  dependent  Bottom: 

oxygen  concentration  profile  shown  in  The  oxygen 
the  bottom  part  of  Fig.  2.  The  total  concentration  profile 

drift  in  the  image  for  the  entire  calculated  from  the  EELS 

linescan  was  about  lOA,  oxygen  K-edge  intensity 

predominantly  to  the  right,  so  that  the  at  each  scan  step.  The 

positional  uncertainty  in  each  step  is  depletion  at  the  center  is 

less  than  1  A.  attributed  to  the  excluded 

The  depletion  of  oxygen  at  the  volume  of  MEH-PPV. 
center  of  the  nanocrystal  is  due  to  the 
exclusion  of  MEH-PPV.  The  slight  Position 

increase  at  the  edges  of  the  nanocrystal  is  suggestive  of  a  thin  oxide  shell  viewed  in  projection, 
but  within  the  measurement  uncertainty  it  is  not  significant.  Hence  no  firm  conclusion  can  be 
drawn  although  it  does  demonstrate  the  potential  for  surface  specific  chemical  analysis.  It  should 
be  noted  that  the  acquisition  parameters  correspond  to  detecting  less  than  10  atoms  of  oxygen 
within  a  scan  increment  on  the  MEH-PPV.  We  expect  to  improve  the  measurement  uncertainty 
by  further  fine-tuning  the  experimental  parameters.  In  particular  by  reducing  the  specimen  drift  it 
will  be  possible  to  integrate  longer  in  each  individual  scan  and  improve  the  signal-to-noise  ratio. 
Furthermore  acquiring  a  longer  range  of  the  pre-edge  background  should  improve  the 
extrapolation  into  the  edge  region,  resulting  in  more  reliable  integration. 

Z-STEM 


The  Z-STEM  image  of  a  nanocrystal  near  [010]  zone  axis  orientation  is  shown  in  Figure 
3.  Panel  (a)  shows  the  raw  image  and  panel  (b)  is  the  Maximum  Entropy  Reconstruction  of  the 

Fig.  3: 

a)  Z-STEM  image  of  a  CdSe 
nanocrystal  near  [010]  zone  axis 
orientation. 

b)  Maximum  Entropy  Reconstruction 
of  the  object  function 

c)  enlarged  view  of  the  area  delimited 
by  the  box  in  (b).  The  dumbbell  pairs 
can  be  resolved  into  the  atomic 
columns  1 .5  A  apart. 

d)  line  scan  in  the  direction  of  the 


arrow  in  (c)  showing  the  intensity  in 
the  two  columns.  The  intensity 
distribution  closely  matches  the 
expected  contrast  for  Cd  relative  to 
Se  (2:1 ).  Hence  the  directions  of  the 
<001  >  and  <00-1  >  lattice  vectors  can 
be  assigned  to  the  image  as  shown. 
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object  function  with  the  point  spread  function  of  the 

microscope  removed.  Panel  (c)  shows  a  magnified  view  of  the  area  in  (b)  indicated  by  the 
square.  The  dumbbell  pairs  of  Cd  and  Se  columns  spaced  1.5  A  apart  are  just  resolved.  The 
different  intensities  indicate  that  the  Cd  comprises  the  top  right  column  of  the  dumbbell  pair. 
This  is  more  evident  from  the  integrated  intensity  profile  in  (^d)  of  the  area  indicated.  Not  all 
columns  are  as  well  resolved  within  this  image.  This  could  indicate  strain  in  the  lattice,  but  it 
could  also  be  due  to  imaf  ’  noise.  Based  on  the  contrast  in  the  atomic  column  the  <00 1>  lattice 
vector  direction  is  assigne*.*  as  up  in  the  image. 

It  is  assumed  that  the  Cd  and  Se  columns  are  of  equal  thickness  within  each  dumbbell 
column.  One  may  reasonably  expect  them  to  differ  by  one  atom  at  the  entrance  and  exit  surfaces 
each,  depending  on  the  exact  nature  of  the  surface  termination.  For  the  nanocrystal  shown  the 
thickness  should  be  on  the  order  of  15-18  atoms  so  the  maximum  error  would  be  13%  which 
cannot  account  for  the  contrast  difference  observed.  Hence  the  assignment  of  the  elemental 
identities  is  clear-cut. 

The  overall  noise  level  in  the  image  is  still  too  large  to  unambiguously  determine  atomic 
positions  in  the  surface  region.  There  is  also  some  overlap  with  a  second  nanocrystal  in  the  top 


Shape  Envelope 


Model  in 
[010] 
projection 


Thickness  Map 


Min  Max 


Projected  Thickness 

Fig.  4:  3-D  Analysis  of  CdSe  nanocrystal 

a)  the  Z-STEM  image  after  Maximum  Entropy  Reconstruction 

b)  Thickness  map  (raw  intensity)  on  a  grayscale  after  integrating  the  intensity  in  each  dumbbell  pair  (or 
otherwise  resoivabie  feature  in  the  image).  The  indicated  thickness  is  not  corrected  for  the  thickness 
dependence  of  the  contrast,  so  vaiues  are  not  absolute. 

b-1 )  Projection  of  the  thickness  map  along  the  horizontal  direction  in  the  image.  The  envelope  of  the 
thicknesses  should  correspond  to  the  shape  envelope  of  the  nanocrystal. 
b-2)  Same  as  b-1)  in  the  vertical  direction. 

c)  Schematic  of  the  expected  shape  in  [0101  projection  based  on  previous  HRTEM  studies  and  the 
expected  shape  envelopes  in  each  projection. 
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left  comer  of  the  image.  The  right  edge  of  the  nanocrystal  seems  to  exhibit  some  disorder,  but 
such  an  assignment  would  be  tentative  at  this  time. 

If  we  integrate  the  total  intensity  of  each  dumbbell  pair  we  obtain  a  spatially  resolved 
thickness  map,  since  the  intensities  are  then  independent  of  composition.  This  analysis  is  shown 
in  Figure  4.  The  thickness  envelope  corresponds  to  the  expected  shape  based  on  previous 
HRTEM  studies  on  such  nanocrystals.  [14]  However,  in  this  case  the  three-dimensional 
information  is  obtained  in  concert  with  the  2-dimensional  projection,  directly  from  the  image. 

CONCLUSIONS 

Using  sub-nanometer  STEM  probes  it  is  possible  to  obtain  chemical  information  on 
individual  nanocrystals  from  spatially  resolved  EELS  measurements.  Applying  this  to  CdSe 
nanocrystals  embedded  in  MEH-PPV  reveals  oxygen  equivalent  to  surface  coverage  on  the  order 
of  1  monolayer.  Linescans  suggest  a  surface  oxide  layer  but  the  assignment  is  ambiguous  at 
present. 

Z-Contrast  STEM  is  capable  of  resolving  the  lattice  polarity  in  CdSe  nanocrystals  and 
can  also  provide  thickness  information  directly  from  the  image.  Surface  detail  should  be 
resolvable  but  the  currently  available  data  is  not  of  sufficient  quality  yet. 
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ABSTRACT 

Measurements  of  the  magnetization  M  as  a  function  of  temperature  (5  K  -  300  K)  and 
applied  magnetic  field  H  (up  to  50  kOe)  in  30  A  particles  of  FeOOH  are  reported.  M  increases 
with  decreasing  T,  peaking  at  Tb  «  65  K  below  which  the  ZFC  (zero-field-cooled)  and  the  FC 
(field-cooled)  data  separate.  Hysteresis  loop  measured  at  10  K  for  ZFC  shows  an  open  loop  up 
to  40  kOe  with  coercivity  «  2  kOe.  For  the  FC  case,  the  loop  shifts  and  the  loop-shift  increases 
with  the  cooling  field  He,  approaching  saturation  above  He «  20  kOe.  From  the  variation  of  M  vs 
H  above  Tb,  a  magnetic  moment/particle  Pp  «  300  \ib  is  determined.  These  results  suggest  that 
the  FeOOH  nanoparticles  have  an  antiferromagnetically  ordered  core  with  uncompensated 
surface  spins  yielding  j^p  and  the  surface  spins  order  in  a  spin-glass-like  state  below  Tb,  possibly 
due  to  interparticle  interactions. 

INTRODUCTION 

The  study  of  the  magnetic  properties  of  nanoparticles  is  an  exciting  research  area  of 
current  interest  because  these  properties  differ  substantially  from  those  of  bulk  materials  and 
because  of  the  technological  importance  of  the  finite  size  effects  in  magnetic  recording  media  [1- 
9],  The  large  surface/volume  ratio  of  the  nanoparticles  makes  it  reasonable  to  describe  their 
magnetic  properties  in  terms  of  a  core-shell  model,  with  the  well-ordered  spins  in  the  core  but 
with  a  significant  amount  of  spin  disorder  in  the  surface  spins  [10,1 1].  The  surface  spin  disorder 
arises  from  the  lower  coordination  of  the  spins  located  in  the  shell  and  the  resulting  broken 
exchange  bonds.  The  surface  spins  may  also  be  affected  by  any  adsorbed  species  from  air  such 
as  water  and  hydrocarbons.  In  antiferromagnetic  nanoparticles,  the  surface  spin  disorder  may 
dominate  the  measured  magnetization. 

Recently,  a  number  of  reports  on  the  structural,  catalytic  and  magnetic  properties  of 
ferrihydrite  (FeOOH-nHaO)  nanoparticles  have  been  published  [12-15].  Ferrihydrite  (FHYD) 
nanoparticles,  usually  characterized  by  the  presence  of  two  broad  lines  in  their  x-ray  diffraction 
patterns,  are  easily  synthesized,  and  are  also  available  commercially  [16].  Their  particle  size  is 
typically  30  to  50  A,  with  Fe  being  in  the  Fe^^  state  [12].  Earlier  magnetic  studies  showed  that 
this  material  may  be  a  superparamagnet  with  a  blocking  temperature  Tb  «  65  K  [13].  However 
the  nature  of  the  magnetic  state  below  Tb  is  not  understood  since  Tb  does  not  scale  with  the 
measuring  time  scale  according  to  the  predictions  of  superparamagnetism  [13-15].  In  this  paper, 
we  report  investigations  of  the  hysteresis  loops  observed  below  Tb  in  FHYD,  under  the  zero- 
field-cooled  (ZFC)  and  the  field-cooled  (FC)  conditions,  in  magnetic  fields  up  to  50  kOe.  The 
hysteresis  loops  are  open  up  to  about  40  kOe  and  large  loop  shifts  are  observed  under  the  FC 
conditions.  The  magnetization  (M)  versus  magnetic  field  (H)  data  are  used  to  determine  |ip,  the 
magnetic  moment/particle,  resulting  from  the  surface  spin  disorder.  These  results  suggest  spin- 
glass-like  ordering  of  the  surface  spins,  with  an  anisotropy  of  about  20  kOe.  Details  of  these 
results  and  their  discussion  are  presented  below. 
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EXPERIMENTAL  DETAILS 


The  experimental  studies  reported  here  were  carried  out  on  the  commercial  FHYD 
sample  known  as  the  Nanocat  [16].  The  particle  size  distribution  of  this  sample,  as  determined 
by  transmission  electron  microscopy  (TEM),  gives  a  nearly  symmetrical  distribution  centered 
around  35  A  with  the  range  of  15  to  55  A  [12].  Air  exposure  of  the  Nanocat  results  in  some 
adsorption  of  moisture  and  agglomeration,  making  it  resemble  the  laboratory  synthesized  FHYD 
with  particle  size  «  40  A.  During  preparation  of  the  samples  for  our  magnetic  measurements, 
some  air  exposure  was  unavoidable.  The  magnetic  measurements  were  carried  out  on  a  SQUID 
magnetometer.  Quantum  Design  Model  MPMS. 


Fig.  1 .  Temperature  variation  of  the  magnetic  susceptibility. 

RESULTS  AND  ANALYSIS 

The  temperature  variations  of  the  magnetic  susceptibility  x  =  M/H,  in  H  =  100  Oe,  for  the 
FC  and  ZFC  cases,  are  shown  in  Fig.  1.  It  is  clear  that  below  Tb  «  65  K  the  data  for  the  FC  and 
ZFC  cases  separate  indicating  either  superparamagnetism  or  spin-glass-like  behavior.  Recent 
neutron  diffraction  measurements  in  the  Fe00D  nD20  nanoparticles  have  shown  that  the  Neel 
temperature  Tn  of  the  core  spins  equals  350  K  and  that  spin-glass-like  ordering  of  the  surface 
spins  at  Tb  «  65  K  is  not  ruled  out  [17]. 


Fig.2.  Plot  of  1/x  against  temperature.  The  extrapolation  for  the  high  and  low  temperatures 
yield  Ti  =  130K  and  To«0K. 
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The  plot  of  1/x  against  T  is  shown  in  Fig.  2.  Following  the  procedures  used  in  the 
analysis  of  the  similar  data  in  Fe00D  nD20  nanoparticles,  the  data  are  fit  to  the  Curie-Weiss 
law,  X  =  C/(T  -  To)  predicted  by  the  model  of  El-Hilo  et  al  [18].  Here  To  (-  Ti  +  Tb)  has 
contributions  from  both  the  interparticle  interaction  (Tj)  and  a  log-normal  particle-size 
distribution  (Tb).  At  high  enough  temperatures,  particles  of  all  sizes  are  unblocked  yielding  To  = 
Ti,  whereas  at  lower  temperatures,  both  Ti  and  Tb  contribute,  with  Tb  expected  to  be  negative 
[18].  From  the  data  in  Fig.  2,  we  determine  Ti  =  130  K  for  T  >  270  K  whereas  To  »  OK  for  lower 
T  yielding  Tb  » -Ti  =  -130  K,  similar  to  the  values  obtained  for  the  FeOOD  nanoparticles  [17]. 

The  hysteresis  loops  measured  at  10  K,  under  the  ZFC  and  the  FC  case  for  H  =  30  kOe, 
are  shown  in  Fig.  3.  There  is  a  clear  shift  of  the  hysteresis  loop  when  the  sample  is  cooled  in  a 
magnetic  field.  The  loop  shifts  were  measured  in  the  cooling  fields  He  =  10,  15,  20  and  30  kOe 
and  the  plot  of  the  observed  loop  shift  with  the  cooling  fields  is  shown  in  Fig.  4.  The  results 
show  that  the  loop  shift  becomes  constant  for  He  >  20  kOe.  The  details  of  the  behavior  of  the 
hysteresis  loop  for  the  small  field  region  are  shown  in  Fig.  5.  The  rapid  changes  observed  in  the 
magnetization  upon  changing  H  from  positive  to  negative  values  in  the  neighborhood  of  H  =  0 
are  mostly  likely  due  to  the  magnetic  viscosity  effects  reported  in  this  material  [19]. 


Fig.4.  Variation  of  loop  shift  with  the  cooling  field  He  .  Line  joining  the  points  is  for 
visual  aid. 
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Fig.5.  Details  of  the  hysteresis  loops  for  the  lower  field  regions. 


The  variations  of  the  magnetization  M  with  applied  field  H  (Fig.  6)  at  T  =  150,  200,  250 
and  300  K  show  that  M  does  not  saturate  even  at  50  kOe.  This  is  similar  to  the  observations  in 
ferritin  [7,8]  and  FeOOD  nanoparticles  [17].  These  data  are  therefore  fit  to  a  modified  Langevin 
function  [7,8,17]; 


M  =  MoL(PpH/kBT)  +  XaH  (1) 

Here  Mo  is  the  saturation  magnetization,  Pp  is  the  magnetic  moment  per  particle,  Xa  is  the 
antiferromagnetic  susceptibility  of  the  core  determined  from  the  slope  of  the  high  H  data  and 
L(x)  =  coth  X  -  1/x.  Mo  is  evaluated  by  plotting  (M  -  XaH)  against  1/H  and  taking  the  limit  1/H 
->  0.  The  plot  of  (M  -  XaH)/Mo  against  H/T  is  shown  in  Fig.  7.  It  is  seen  that  the  data  fit  Eq.  (1) 
with  pp  a  320  pb,  at  T  =  150K.  At  higher  temperatures,  pp  increases  (inset  of  Fig.7),  possibly  due 
to  the  interparticle  interactions,  as  also  observed  in  the  FeOOD. nD2  O  nanoparticles[17].  The 
magnitude  of  Xa «  7.5  x  lo  Vgm  agrees  with  the  expected  antiferromagnetic  susceptibility  [20]. 


Fig. 6.  Measured  magnetization  against  applied  field  H  at  several  temperatures. 
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Fig.7.  Plot  of  normalized  (M  -  Xa  H)/Mo  vs  H/T.  The  solid  lines  are  fits  to  the  Langevin 
function,  with  |i.p  against  temperature  shown  in  the  inset. 

DISCUSSION 

The  results  presented  above  show  that  the  FeOOH  nanoparticles  of  size  d  «  40  A  have  a 
magnetic  moment  \Xp  ==  300  jib  Assuming  that  there  are  Vn  uncompensated  surface  spins  in  an 
antiferromagnetic  particle  with  N  spins  [20],  Vn  «  49  is  obtained  for  a  particle  of  volume  V  = 
d^  and  Fe^^  -  Fe^^  separation  of  3.0  A  [12].  Using  \i  =  5,9  ^ib  per  Fe^^  ion  yields  |ip  «  290  j^B  in 
agreement  with  the  experimental  value.  These  numbers  give  an  effective  shell  thickness  of  less 
than  1  A,  suggesting  that  only  a  fraction  of  the  surface  spins  are  affected  by  spin  disorder.  The 
recent  simulations  of  the  magnetic  structures  of  oxide  nanoparticles  in  Ref  1 1  is  consistent  with 
this  picture. 

The  presence  of  interparticle  interaction  is  evident  from  the  1/x  vs  T  plot.  It  has  been 
suggested  that  such  interaction  can  lead  to  spin-glass-like  ordering  of  the  surface  spins  [6,10,11], 
The  loop  shifts  observed  here  for  the  FC  case  are  a  clear  evidence  for  the  spin-glass  transition 
since  for  a  superparamagnet,  an  unshifted  loop  should  be  observed  for  the  FC  case  [21],  The 
peak  in  %  observed  at  Tb  «  65  K  is  then  associated  with  spin-glass  ordering  of  the  surface  spins, 
with  an  associated  surface  anisotropy  of  about  20  kOe. 
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ABSTRACT 

Nanocrystalline  Ni-P  alloys  produced  by  electrodeposition  have  been  characterised  by  three- 
dimensional  atom  probe  (3DAP)  analysis.  In  the  as-deposited  materials,  there  are  indications  of 
some  variation  in  P  concentration  between  grains  and  segregation  to  grain  boundaries.  After  heat 
treatment  however,  strong  grain  boundary  segregation  and  the  formation  of  Ni3P  precipitates  have 
been  observed. 

INTRODUCTION 

The  thermal  stability  of  nanocrystalline  materials  is  a  very  important  issue.  Due  to  the  large 
driving  force  for  grain  growth,  provided  by  the  considerable  volume  fraction  of  high  energy  grain 
boundaries,  pure  nanocrystalline  materials  can  be  unstable  even  at  moderate  temperatures.  By 
introducing  certain  elements  such  as  P  into  the  materials,  their  thermal  stability  can  be  greatly 
improved.  In  order  to  understand  the  mechanism  by  which  these  elements  affect  the  thermal  sta¬ 
bility  of  nanocrystals,  and  to  predict  the  long-term  behaviour  of  these  materials,  characterisation 
methods  at  the  atomic  scale  are  required. 

In  this  paper,  the  three-dimensional  atom  probe  (3DAP)  analysis  [1,2]  has  been  used  to  in¬ 
vestigate  the  grain  boundary  chemistry  within  nanocrystalline  Ni-P  produced  by  electrodeposition 
[3]. 

EXPERIMENT 

Electrodeposition  is  a  well  established  method  for  the  production  of  bulk  nanocrystalline  mate¬ 
rials  of  low  porosity  and  high  purity  [4, 5].  In  this  work  nanocrystalline  Ni-P  alloys  were  produced 
from  a  nickel  sulphate  based  bath  with  additions  of  phosphoric  acid  and  phosphorous  acid.  The 
plating  was  performed  at  a  constant  current  density  of  typically  6.6Adm“^.  The  materials  were 
deposited  as  discs  of  about  0.3  mm  thickness  and  22  mm  diameter  onto  either  copper  or  stainless 
steel  sheets,  from  where  they  could  be  peeled  off  easily.  The  P  concentration  could  be  controlled 
over  a  wide  range  by  changing  the  concentration  of  phosphorous  acid  in  the  plating  solution.  One 
surprising  observation  to  be  noted  here  is  that  saccharin  which  is  often  used  as  a  grain  refining 
additive  in  electrodeposition  of  pure  Ni  was  found  to  inhibit  the  deposition  of  P  and  was  therefore 
not  used  subsequently. 

To  perform  3DAP  analysis,  specimens  in  the  form  of  a  sharp  needle  with  tip  radius  below 
lOOnm  have  to  be  produced.  Conventional  electropolishing  methods  can  be  applied  for  this  pur¬ 
pose.  The  principle  of  the  3DAP  is  sketched  schematically  in  Fig.  1.  The  specimen  is  brought  into 
a  UHV  system  and  subjected  to  a  positive  voltage  of  a  few  kV.  The  voltage  is  high  enough  to  cause 
field  evaporation  of  individual  atoms  at  the  tip  where  the  electric  field  is  strongest.  To  control  the 
time  of  evaporation,  a  short  pulse  is  added  to  the  voltage  such  that  evaporation  only  occurs  during 
the  pulse.  The  ions,  leaving  the  tip  with  nearly  radial  trajectories,  will  eventually  hit  a  position  sen¬ 
sitive  detector.  The  position  of  impact  corresponds  to  a  position  (x,y)  on  the  specimen  surface  with 
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a  magnification  of  about  one  million  times.  Measuring  the  time  of  flight  of  detected  ions  allows 
to  determine  their  mass-to-charge  ratio.  Continued  field  evaporation  will  remove  atoms  layer-by- 
layer.  Hence  the  z  coordinate  of  an  atom  can  be  deduced  from  the  sequence  of  detection.  In  this 
way  a  three-dimensional  reconstruction  of  typically  20x20x1 00  nm^  of  the  analysed  material  can 
be  obtained. 


High  voltage 
(d.c.  +  pulse) 


Specimen 

(cooled) 


Position  signal 


Position-sensitive 

detector 


Flight  time  signal 


Figure  1 :  Schematic  drawing  of  the  3DAP 


Under  certain  circumstances,  if  the  analysis  direction  is  close  to  a  low-index  crystallographic 
pole,  atomic  planes  can  be  identified  in  the  3D  reconstruction,  allowing  grain  boundaries  to  be 
located.  However,  in  the  case  of  Ni-P  the  presence  of  P  atoms  disturbs  the  ion  trajectories  so  that 
it  is  impossible  to  identify  planes  in  this  material. 

As  the  volume  analysed  by  3DAP  is  very  small,  complementary  methods  must  be  applied  to 
get  bulk  information.  We  used  X-ray  diffraction  (XRD)  for  phase  identification  and  to  determine 
the  grain  size  with  the  Scherrer  method.  Transmission  electron  microscopy  (TEM)  was  performed 
to  obtain  microstructural  information  over  a  wider  area.  Bulk  composition  and  impurity  con¬ 
centration  were  measured  by  means  of  proton  induced  X-ray  emission  (PIXE)  as  well  as  energy 
dispersive  X-ray  analysis  (EDX)  in  a  scanning  electron  microscope  (SEM). 

RESULTS 

Table  1  lists  the  grain  size  and  Vickers  hardness  as  functions  of  the  P  concentration  for  some 
of  the  electrodeposited  materials  produced  in  this  work.  Phosphorus  has  a  strong  influence  on  the 
size  of  the  grains  in  the  deposits  and  therefore  on  the  resulting  hardness.  A  maximum  in  Vickers 
hardness  of  more  than  700  kg/mm^  was  found  for  P  concentrations  of  10- 1 2  at.%. 


P  cone,  (at.%) 

d  (nm) 

VHN  (kg/mm^) 

0.08  ±  0.01 

81.1  ±5.0 

238  ±  1 1 

6.92  ±  0.06 

16.0  ±  1.0 

507  ±  36 

9. 10  ±0.08 

13.3  ±0.7 

642  ±  38 

11.20±0.10 

12.1  ±0.6 

711  ±40 

22.31  ±0.20 

7.3  ±0.2 

533  ±  22 

23.05  ±  0.20^ 

5.9  ±0.1 

552  ±  25 

25.01  ±  0.22 

1.5±0.1^ 

548  ±  23 

t  As  calibrated  from  EDX  t  From  TEM:  amorphous 


Table  1;  Grain  size  and  Vickers  hardness  of  Ni-P  deposits  with  different  P  concentration 
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The  grain  size  values  in  Table  1  were  determined  from  the  broadening  of  the  Ni  [111]  XRD 
peak.  The  lower  curve  in  Fig.  2  is  a  typical  XRD  pattern  of  Ni-R  It  was  obtained  from  as-deposited 
Ni-6.0at.%  P  with  a  grain  size  of  (18.5  ±  0.2)  nm.  The  upper  curve  in  the  figure  shows  an  XRD 
pattern  of  the  same  material,  heat  treated  at  425  °C  for  15  min.  Several  new  peaks  showed  up 
in  the  pattern,  which  were  identified  as  NisP  peaks.  The  grains  grew  only  very  little  during  the 
annealing.  By  comparison,  considerable  grain  growth  was  observed  in  pure  nanocrystalline  Ni 
even  at  temperatures  below  250  °C  [6].  It  is  likely  that  the  enhanced  thermal  stability  of  Ni-P  is 
caused  by  NiaP  precipitation  within  the  material. 


20  (deg) 


Figure  2:  XRD  patterns  (log  scale)  of  as-deposited  and  annealed  (15  min  at  425  °C)  Ni-6.0at,%  P 


Fig.  3a  shows  a  3D  reconstruction  of  P  atoms  from  an  analysis  of  as-deposited  Ni-4.3  at.%  P. 
There  are  no  enrichment  effects  immediately  visible  in  the  atom  map.  However,  the  frequency 
distribution  in  Fig.  3b,  performed  by  partitioning  the  volume  into  blocks  of  100  atoms,  indicates  a 
deviation  from  a  random  binomial  distribution.  There  appears  to  be  a  small  peak  at  ca.  6  at.%  P. 
Isosurfaces  (surfaces  of  constant  concentration)  rendered  at  this  composition  suggest  a  grained 
structure,  see  Fig.  3c.  The  size  of  the  grains  in  this  picture  is  comparable  to  the  value  obtained 
from  XRD.  These  results  suggest  only  weak  P  segregation  at  grain  boundaries  in  as-deposited  Ni- 
P.  It  has  yet  to  be  explained  how  the  incorporation  of  P  into  the  Ni  can  have  such  a  large  effect  on 
the  resulting  grain  size.  Farber  et  al.  reported  a  much  stronger  P  segregation  at  grain  boundaries  in 
electroless  plated  Ni-3.6  at.%  P  [7]. 

3DAP  analysis  was  also  used  to  study  the  influence  of  heat  treatment  on  the  microstructure 
of  Ni-P.  Fig.  4a  shows  the  distribution  of  P  atoms  in  Ni-6.0  at.%  P  annealed  at  425  °C  for  15  min. 
There  is  a  clear  enrichment  of  P  along  what  appears  to  be  two  grain  boundaries,  and  a  strong  P 
concentration  at  the  point  where  the  two  grain  boundaries  meet.  From  the  concentration  profile 
through  this  feature  (Fig.  4b)  it  may  be  identified  as  a  NisP  precipitate  which,  from  the  angle  of 
the  two  boundaries,  appears  to  be  located  at  a  triple  junction.  A  concentration  profile  of  the  lower 
grain  boundary  is  also  shown.  It  illustrates  that  there  is  a  significant  area  of  P  depletion  around  the 
grain  boundary. 

Given  the  concentration  profiles  in  Fig.  4  the  bulk  diffusion  coefficient  of  P  in  Ni  was  cal¬ 
culated  to  ~  1.2-  10“^^m^/s.  The  calculated  value  for  the  Gibbsian  interfacial  excess  of  P  is 
3-10^^  atoms/m^. 
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CONCLUSIONS 

We  have  used  3DAP  to  study  the  distribution  of  P  atoms  in  electrodeposited  nanocrystalline  Ni- 
P.  In  the  as-deposited  materials,  we  found  some  indications  of  variation  in  P  concentration  between 
grains.  Our  results  suggest  a  weak  P  enrichment  at  grain  boundaries  which  might  explain  how  the 
addition  of  P  causes  the  observed  grain  refinement  in  this  system. 

As  one  would  expect  from  the  Ni-P  phase  diagram,  in  annealed  Ni-P  we  found  Ni3P  particles 
from  both  XRD  and  3DAP  measurements.  The  3DAP  analysis  also  revealed  a  considerable  amount 
of  P  segregated  at  grain  boundaries.  Both  Ni^P  precipitation  and  P  segregation  are  responsible  for 
the  greatly  improved  thermal  stability  of  Ni-P  compared  to  that  of  pure  nanocrystalline  Ni.  Using 
high  resolution  3DAP  concentration  profiles  through  P  enrichments  we  were  able  to  determine  an 
approximate  value  for  the  bulk  diffusion  coefficient  of  P  in  Ni. 
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ABSTRACT 

The  body  implant  interaction  is  strongly  affected  by  the  implant  surface  structure  and  chemistry 
[1,2].  Thus  by  applying  a  nanoporous  coating  to  metallic  implants  the  implant  surface  can  be  adjusted  to 
different  needs.  Compared  to  biological  molecules  the  size  of  the  pores  is  so  small  (between  5  nm  and  250 
nm)  that  the  cellular  response  to  this  surface  modification  is  not  affected  by  the  structure  itself.  Nevatheless 
by  loading  the  por^  with  bioactive  molecules  it  is  possible  to  achieve  a  new  kind  of  active  implants 
surfaces  for  soft  and  hard  tissue  implants.  With  this  coating  it  is  possible  to  irreversibly  bind  radioactive 
isotopes  like  ’’"Tc,  ‘“^‘*®Re,  ‘®^Pd,  and  many  more  for  local  radiotherapy  onto  soft  tissue  implants  like 
stents  or  seeds. 


INTRODUCTION 

Surface  chemistry  and  structure  play  a  major  role  in  body  implant  interaction  [1,2].  In  the  range  from 
traumatic  reaction  to  full  biocompatibility  almost  every  type  of  cellular  response  dq3«ids  on  these  two 
factors.  By  changing  and  adjusting  the  surface  chemistry  and  structure  the  properties  and  the  applicability 
of  implants  can  be  tailored  to  certain  needs. 

There  are  two  major  types  of  implants  depending  on  the  tissue  involved  The  one  is  applied  to  bones 
(hard  tissue)  like  hip  joints  while  the  second  group  is  in  contact  with  the  soft  tissue  of  the  body  for  example 
stents. 

Stents  are  implanted  after  balloon  dilatation  of  an  artherosclerotic  coronary  vessel  (percutaneous 
transluminal  coronary  angioplasty  -  PTCA)  to  prevent  fast  restenosis  of  the  vessel.  Due  to  the  implantation 
of  the  stent  the  vessel  wall  is  injured  by  the  stent  as  well  as  by  the  balloon  necessary  to  expand  the  stent 
inside  the  vessel.  In  addition  heavy  metal  ions  dissolved  from  the  stent  material  irritate  the  tissue  even  more 
[3]. 

Due  to  this  injury  an  excess  of  smooth  muscle  cells  (SMCs)  growth  can  occur  which  leads  to  the 
formation  of  thick  layer  of  neointima  and  a  restenosis  of  the  vessel  in  15  -  50  %  of  all  surgeries  which  is  a 
major  draw  back  of  the  PTCA  [4].  One  way  to  overcome  this  draw  back  is  to  coat  the  surface  of  the  stent 
either  with  a  passive  (barrier)  layer  or  an  active  layer. 

Barrier  coatings  have  extensively  been  tested.  On  the  one  hand  they  can  reduce  the  leakage  of  heavy 
metal  ions  like  NP^  while  on  the  other  hand  sometimes  unfavorable  reactions  of  the  body  can  occur.  For 
example  electroplated  noble  metal  coatings  increase  the  restenosis  rate  significantly  [5]. 

In  addition  to  this  barrier  like  coating  applying  a  drug  delivery  or  radioactive  coating  to  a  stent  and  by  this 
preventing  SMC  growth  should  improve  the  restencsis  rate.  While  the  drug  can  be  “wound  healing’  the 
radioactivity  “destroys”  the  injured  tissue  and  prevents  further  proliferation.  For  this  reason  fiinctional 
coatings  are  a  major  challenge  to  improve  the  stent  applicability. 

Table  1  gives  an  overview  of  isotopes  which  are  currently  under  investigation  or  already  in  clinical 
use  for  local  radiotherapy  (brachytherapy).  [6]. 
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Table  1 :  Radioactive  Isotopes  for  brachytherapy  [6] 


1  Source 

emission 

1  Half-life 

Maximum  energy  |keVl 

P 

■BB 

2120 

|■iH 

. .  y  \ 

mgsm 

612 

Clinical 

jjfmiiHi 

28,6  y 

2280 

90y 

1  3 

64h 

2280 

32p 

14,3  d 

1710 

‘^‘Re 

p 

90,6  h 

1080 

’^“Tc 

_ 1 _ 

6,02  h 

140 

Preclinical 

Wj 

WtfsJIWM 

8,04  d 

810  m  723  (r) 

69,4  d 

2120 

mem 

HBl^l 

5,25  d 

350 

X-Ray 

17  d 

23 

nsj 

X-Ray 

60d 

35 

Theoretical 

(Rh) 

0 

368  d 

3450 

%e(Ga) 

P4- 

288  d 

1900 

‘^Ce(Pr) 

P 

284  d 

3000 

(In  brackets:  Carrier  elements) 

While  the  activated  Palmaz-Schatz  stent  has  shown  negative  effects  on  the  restenosis  rate  due  to 
the  “candy  wrapper”  effect,  the  brachytherapy  via  filled  balloons  or  guided  radioactive  wire  sources 
(catheter)  reduc^  the  restenosis  rate  to  about  5  %  [7].  The  main  difference  between  those  two  systems  is 
the  dose  applied  to  the  tissue.  While  the  stent  has  an  activity  of  a  few  1 00  kBq  with  an  irradiation  time  of 
14  days,  the  balloon  systems  can  apply  up  to  several  GBq  within  a  few  minutes  [8].  In  between  those  two 
limits  no  system  exists  with  a  medium  activity  of  a  few  MBq  within  a  few  days  after  PTCA.  This  is  the 
major  challenge  in  stent  modification.  By  using  a  variable  surface  coating  like  the  multifunctional 
nanoporous  coating  it  is  possible  to  bind  different  types  of  isotopes  with  different  types  of  emission  and 
energy  characteristics  to  the  stent  allowing  optimization  of  the  stent  system  without  any  major  constructive 
variations.  The  isotopes  printed  in  bold  letters  have  been  applied  to  the  nanoporous  coating,  while  the  bold 
italics  printed  are  currently  under  investigation  (table  1).  By  simple  variations  y-  as  well  as  P-  emitters  can 
be  applied  with  half-life  times  between  6  hours  and  368  days  and  maximum  energies  ranging  from  23  keV 
up  to  3450  keV.  In  the  following  the  ’’“Tc  as  well  as  the  ‘**Re  modified  coating  will  be  discussed  in  detail 
as  a  reference  for  the  different  isotope  modifications, 

EXPERIMENT 

The  expanded  stent  is  plasma  coated  by  aluminum  metal  in  a  special  coating  process  leading  to  a 
very  thin  (100  nm),  adhesive,  and  dense  layer  of  metal  (step  1  in  Figure  1).  This  thin  metallic  film  is  then 
transformed  into  a  nanoporous  ceramic  layer  by  anodic  oxidation  in  polyprotic  acids  like  sulfuric  or  oxalic 
acid  which  is  a  well  known  process  [9]  (step  2  in  Figure  1).  By  simply  changing  the  anodic  potential,  pores 
with  diameters  between  20  nm  and  250  nm  can  be  formed.  The  pore  surface  carries  hydroxyl  groups  which 
reacts  for  example  with  silanes  (step  3  in  Figure  1)  leading  to  different  types  of  chemically  modified 
nanoporous  alurmnum  oxide  surfaces  (white  symbols  in  Figure  1). 
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Figure  1:  Sketch  of  the  formation  of  an  chemically  modified,  nanoporous  alumina  surface 


The  coating  on  the  stent  can  best  be  imaged  by  atomic  force  microscopy  (AFM).  Figures  2  and,  3 
show  AFM  images  of  an  uncoated  and  a  nanoporous  coated  stent  surface. 


Figure  2:  AFM  image  of  the  surface  of  the  multiliinctiottal  coating 

The  surface  of  an  electropolished  stent  shows  a  roughness  of  about  10  nm.  Aluminum  metal  coating 
and  anodisation  in  oxalic  acid  (40  V)  leads  to  a  porous  surface  layer  with  pore  diameter  in  the  range  of  30 
nm,  as  can  be  seen  in  Figure  3. 
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Figure  3:  AFM  image  of  an  Aluminium  coated  and  anodized  stent  surface 

The  (amorphous)  alumina  is  still  attached  to  the  substrate  and  can  chemically  be  modified  to  meet  the 
desired  properties  of  the  implant.  The  nanoporous  coating  shown  in  Figure  3  with  pore  diameter  of —30  nm 
and  a  pore  density  of  2'10‘®  cm'^  is  treated  with  a  boiling  solution  of  the  3-Mercaptopropyltrimethoxysilane 
in  cyclohexane  for  5  hours.  By  this  the  methoxy  moieties  of  the  silane  react  with  the  hydroxyl  moieties  on 
the  aluminum  oxide  surface  to  form  stable  Si-O-Al  bonds  (Figure  1).  The  sample  is  washed  several  times 
with  cyclohexane  to  remove  any  excess  of  silane  and  is  dried  under  normal  condition. 

The  silanized  sample  is  dipped  into  a  ’’"Tc  solution  with  an  activity  of  1,2  MBq/mg.  To  achieve 
complete  wetting  of  the  sample  ultrasound  is  applied.  The  sample  is  removed  from  the  solution  and  washed 
several  times  with  water  to  remove  unbound  ’’“Tc.  To  prove  the  effect  of  the  porosity  and  the  chanical 
modification  on  the  ’^Tc  loading,  the  different  samples  are  shaken  heavily  in  water  (and  with  no  difference 
in  the  results  also  in  blood  plasma)  trying  to  wash  off  ’’"Tc.  The  determined  activity  is  corrected  for  the 
radioactive  decay  occurring  over  time  and  is  directly  compared  to  the  starting  activity  of  the  sample. 

Using  the  Sulfur  containing  silane  ’’^Tc  forms  a  stable  complex  with  the  silane  molecules.  By  this 
^Tc  can  be  bound  irreversibly  to  the  nanoporous  coating  as  can  be  seen  in  Figure  4. 
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Comparing  the  porous  and  non-porous  surface  treated  equally  with  3- 
Mercaptopropyltrimethoxysilane,  it  is  clearly  seen,  that  the  amount  of  ^^Tc  bound  to  the  surface  can  be 
increased  by  a  factor  of  10  due  to  the  increased  active  surface.  In  addition  only  the  modification  with  silane 
leads  to  substantial  amount  of ’^Tc  in  the  coating.  With  increasing  silane  concentration  the  ^Tc  loading  is 
increased  as  well  (Figure  4)  while  the  stability  of  the  ^*”Tc  loading  is  not  affected.  All  trials  to  remove  the 
radioactive  isotope  from  the  inner  pore  wall  by  washing  either  with  water  or  blood  plasma  shows  almost  no 
decrease  in  the  activity.  The  small  decrease  at  the  beginning  is  due  to  the  ^^Tc  which  is  bound  to  the  outer 
surface  and  can  be  washed  away.  Beside  ^Tc,  **®^^**Rh  can  also  be  chemically  fixed  by  sulfur  silanes. 
Depending  on  the  dipping  time,  the  specific  activity  can  be  varied  between  80  and  1000  kBq/mg  (see  Figure 
5).  This  is  an  increase  in  the  specific  activity  by  a  factor  of  1 1 5  compared  to  the  unmodified  coating. 
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Figure  5:  Influence  of  silane  concentration  and  porosity  on  ^**Re  loading 

The  ‘**Re  is  again  irreversibly  bound  to  the  pore  surface.  The  activity  lost  in  the  beginning  is  due  to 
the  outer  sample  surface,  while  the  later  loss  in  activity  might  be  ascribed  to  experimental  arors 
(experimental  accuracy  in  (tetermining  the  activity  is  about  10  %  which  led  to  mistakes  due  to  half  life  time 
corrections),  aluminum  oxide  dissolution  (the  samples  are  heated  up  to  50°C  due  to  shaking),  and  maybe 
also  to  the  hydrolysis  of  weakly  bound  silane  groups. 


SUMMARY 

Via  a  simple  4  step  process  implants  surfaces  are  coated  with  a  radioactive  nanoporous  alumina 
layer.  By  varying  the  pore  structure,  the  thickness  of  the  layer,  the  substrate  and  the  chemical  modification 
a  great  variety  of  different  surfaces  are  accessible.  Different  types  of  radioactive  isotopes  like  ^^Tc, 
i88/i86Rg  io3p^  almost  irreversibly  be  fixed  to  the  inner  surface.  Isotope  combinations  as  well  as 
different  isotope  concentration  on  different  implant  positions  seem  to  be  possible  and  lead  to  a  new 
generation  of  radioactive  implants  [10,1 1,12]. 
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ABSTRACT 

Relaxor  ferroelectrics  are  one  of  the  important  classes  of  self-assembled  nanostructure 
composite  materials.  Interesting  features  associated  with  the  nanoregions  give  rise  to  the  most 
interesting  device  related  characteristics  and  unusual  properties  in  these  materials.  Besides,  they 
possess  the  largest  property  coefficients  by  themselves  or  when  modified  with  lead  titanate  (PT).  In 
this  report,  a  detailed  temperature  dependent  study  has  been  carried  out  on  (l-x)PZN-xPT  relaxors 
with  compositions  x  =  0.05  and  0.085  using  polarized  Raman  scattering  under  optical  and  E-field 
variables  and  inferred  the  structure-property  relations  in  order  to  obtain  information  to  characterize 
the  material  for  matching  the  application  criteria.  In  addition,  phase  transitions  associated  with  the 
relaxors  have  also  been  investigated  to  understand  the  polarization  mechanism(s)  for  the  unpoled 
and  poled  specimens. 

INTRODUCTION 

In  the  family  of  ferroelectrics  a  group  of  mixed  and  disordered  "relaxors”  have  been  identified 
including  several  perovskites,  such  as  PbMg,/3Nb2/303  (PMN),  PbSci/2Ta,/203  (PST)  etc.  [1].  Due  to 
the  effect  of  configurational  or  orientational  disorder  the  properties  of  relaxor  ferroelectrics  are 
very  different  from  those  in  translationally  invariant  or  regular  ferroelectrics.  Relaxors  are 
functional  and  self-assembled  nanostructures  (analogous  to  semiconductor  quantum  dots)  and  are 
characterized  by  some  unusual  properties:  (a)  the  simultaneous  existence  of  slow  kinetics  typical 
for  spin  glasses  with  a  very  large  dielectric  constant  indicating  intermediate-range  polar  order  on 
the  nanometer  length  scale  which  can  be  transformed  to  true  long-range  order  (i.e.,  to  macroscopic 
polarization)  by  a  suitable  change  of  composition  and  application  of  an  external  electric  field;  (b) 
the  existence  of  a  frequency-dependent  slim  hysteresis  loop  even  above  the  transition  temperature 
etc.,  [2,3].  All  of  these  findings  or  characteristics  indicate  that  the  observed  properties  of  relaxor 
ferroelectrics  are  non-equilibrium  properties  and  thermodynamically  the  system  is  metastable  [4]. 
In  addition,  these  unique  properties  of  relaxors  are  associated  with  the  peculiar  polarization 
mechanism  and  the  understanding  of  which  is  still  at  a  rudimentary  level.  Experiments  show  that 
there  is  symmetry  breaking  on  a  nanometer  scale  as  observed  from  Raman  scattering  [5]  and  X-ray 
and  neutron  diffraction  [6,7].  These  observations  imply  that  polar  clusters  exist  even  well  above 
the  so-called  mean  Curie  temperature  (T^  )  and  the  observed  properties  are  strongly  affected  by  the 
reorientation  of  the  clusters.  In  particular,  cluster  reorientation  in  the  applied  electric  field  induces 
strong  polar-strain  coupling  which  makes  relaxors  the  potential  candidate  material  for  the  next 
generation  ultrasonic  transducers  and  actuator  devices  [8].  Despite  the  existence  of  several  models 
[9]  they  suffer  from  the  difficulty  to  explain  the  cluster  or  nanoregions  dynamics.  However,  it  is 
widely  accepted  that  the  polarization  is  associated  with  the  behavior  of  the  polar  self-assembled 
nanoregions  or  clusters  in  these  materials. 

Lead  zinc  niobate  Pb(Zni/3Nb2/3)03  (PZN)  is  a  relaxor  material  [10]  having  a  complex 
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perovskite  structure  in  which  the  and  are  disordered  on  the  B-site.  The  phase  transition 
is  broad  because  of  either  composition  fluctuations  or  the  existence  of  diffusion  of  an  intermediate 
dipole-glass  and  mixed  (partially  ordered)  phases  in  these  crystals  between  Oh',  cubic  and  ^ 
rhombohedral  ferroelectric  phases.  Hence,  this  transition  occurs  over  a  range  of  temperature  called 
the  Curie  region  or  the  mean  Curie  temperature  (!„,)  and  the  transition  is  a  diffuse  phase  transition 
(DPT).  PZN  has  a  maximum  dielectric  constant  at  about  41  OK  [10,1 1].  From  the  crystallographic 
data  the  symmetry  of  PZN  above  the  phase  transition  temperature  is  cubic  (Pm3m)  and  below  it  is 
rhombohedral  (3m)  [12].  A  complete  solid  solution  (l-x)PZN-xPT  is  formed  in  the  range  0<x<0.2. 
The  solid  solution  between  PZN-PT  has  a  morphotropic  phase  boundary  (MPB)  at  around 
9.5mol%  of  PT  content  at  room  temperature  (25  ”C)  in  T-x  phase  diagram  [13],  Of  all  the  solid 
solutions,  the  composition  at  x  =  0.09  near  the  MPB  has  excellent  piezoelectric  and  dielectric 
properties.  Two  structural  phase  transitions  were  reported  around  440  K  and  340  K  on  cooling 
from  cubic  (C)  to  tetragonal  (T)  and  from  the  tetragonal  to  rhombohedral  phases,  respectively 
[14,15].  In  our  study,  we  have  selected  the  representative  compositions  with  x  =  0.02  and  0.05  for 
the  (l-x)PZN-xPT  system.  According  to  the  previous  studies  [13],  these  compositions  represent  the 
fully  rhombohedral  (R)  phase.  In  single  crystal  studies,  the  PZN  composition  contains  only  -9% 
PT,  lower  PT  concentration  facilitate  more  homogenous  crystal  growth.  These  ratios  are  chosen 
because  they  correspond  to  5  mole%  or  higher  to  the  R  side  of  the  MPB,  where  the  composition 
dependence  of  the  electrical  properties  is  least  dramatic.  Also,  it  was  observed  that  in  addition  to 
the  composition,  the  crystallographic  direction  is  equally  significant  to  obtain  a  high  performance 
0  f  the  device  and  huge  property  coefficients  in  the  material  [16].  The  rhombohedral  crystals 
oriented  along  their  pseudocubic  <00 1  >  direction  exhibited  large  property  coefficients  as  compared 
to  when  oriented  along  the  polar  axis  <1 1 1>  and  is  superior  to  tetragonal  composition  along  <1 1 1> 
[17].  In  order  to  emphasize  this  issue,  we  have  chosen  (l-x)PZN-xPT  samples  with  compositions 
X  =0.02  and  0.05;  entitled  as  unpoled  and  poled  respectively  because  the  latter  is  poled  along  the 
<001>  direction  with  an  application  o  f  unipolar  electric  field  o  f  20  kV/cm  from  200  °C  to  room 
temperature.  The  phase  transitions  in  these  apparent  anisotropic  crystals  were  investigated  by 
inelastic  light  scattering. 

Raman  scattering  has  been  shown  to  be  an  excellent  probe  for  the  proposed  nanodomain 
structures  that  are  important  for  the  interpretation  of  the  properties  of  relaxors.  The  studies  on 
relaxors  by  Raman  scattering  have  been  reported  by  several  authors  [1 8,19],  the  spectra  are  typical 
for  relaxors,  no  soft  modes  are  observed,  all  of  the  bands  are  broad.  Moreover,  the  spectra  are 
inconsistent  to  the  high  temperature  symmetry  because  of  the  presence  of  first-order  Raman 
modes.  PZN-PT  should  be  easier  to  favor  ordering  compared  to  PMN-PT  due  to  the  larger  atomic 
radii  differences  between  B’  and  B"  RNb<RMg<Rzn,  and  the  addition  of  PT  contents  will  decrease 
the  charge  effect  associated  with  the  nanoregions.  Therefore,  we  carried  out  Raman  investigations 
on  these  crystals  to  elucidate  the  diffuseness  of  the  phase  transition  away  from  the  MPB.  The 
present  paper  reports  fragmentary  findings  of  Raman  study  of  (l-x)PZN-xPT  system  as  function  of 
temperature  and  electric  field  variables  to  explore  the  polarization  mechanism  in  the  course  of 
thermal  evolution  and  in  conjunction  with  the  crystallographic  direction.  To  the  best  of  our 
knowledge,  such  studies  have  not  yet  been  reported. 

EXPERIMENTAL  PROCEDURE 

Two  single  crystals  of  (l-x)PZN-xPT  solid  solutions  with  compositions  x  =  0.02  and 
0.05  were  investigated.  The  samples  were  prepared  by  the  molten  flux  method  with  excess  lead 
oxide  (PbO)  as  described  in  ref.[20].  The  sample  of  PZN-5%PT  was  poled  in  the  (001)  direction 
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with  a  dc  bias  of  20  kV/cm  from  200  ®C  (T»Tn, )  to  room  temperature.  The  phase  purity  was 
confirmed  by  X-ray  diffraction  measurements  using  D5000  Siemens  diffractometer.  The  sample 
PZN-2%PT  is  of  (001)  and  (111)  orientation  while  PZN-  5  %PT  is  preferentially  (001)  oriented. 

Raman  spectra  were  measured  using  a  triple  Raman  spectrometer  [ISA  Jobin-  Yvon 
T64000]  and  the  514.5  nm  line  of  an  Ar^-laser  as  an  excitation  source.  The  system  was  operated 
with  an  output  power  of  10  mW  and  the  focal  spot  of  the  order  of  a  few  micrometers  (l-3pm).  The 
Raman  spectra  were  recorded  in  the  backscattered  configuration.  The  illumination  of  the  samples 
was  adjusted  before  each  measurements  and  at  each  temperature  to  maximize  the  throughput. 

For  measuring  the  temperature  dependence  of  the  Raman  spectra,  the  samples  were 
mounted  on  the  cold  stage  of  an  MMR  Joule-Thompson  refrigerator  equipped  with  a  programma¬ 
ble  temperature  controller  (Model  #  K-20)  giving  a  temperature  range  of  70K-580. 

The  Raman  spectra  were  deconvoluted  wherever  needed  using  the  Peakfit  software 
program  from  Jandel  scientific  Co,  (Peakfit  Ver  4.0).  Also,  these  spectra  have  been  corrected  for 
the  thermal  population  factor  (Bose  factor).  All  o  f  the  bands  were  fitted  using  above-mentioned 
software  that  employs  the  Marquardt-  Levenberg  algorithm  to  the  absolute  minimum  of  and 
maximizing  the  randomness  of  the  residuals  [3,19]. 

RESULTS  AND  DISCUSSION 

Raman  spectrum  is  analyzed  to  probe  the  structural  phase  transition  in  the  course  of  ther¬ 
mal  evolution  and  the  influence  of  poling  on  the  "order  parameters  deduced  from  Raman  spectra 
for  a  particular  Raman  band  and  subsequent  phase  transition  temperature.  Fig.  1(a)  and  (b)  show 
the  raw  Raman  spectra  for  both  of  the  samples  at  70  K  and  580  K  respectively.  Raman  spectra 
were  measured  at  intermediate  temperature  intervals  of  20  K.  The  spectra  beyond  the  transition 
temperature  appear  to  be  similar.  The  typical  and  obvious  observation  is  that  the  bands  are  broad 
and  their  shapes  indicate  overlapping  bands.  In  the  spectra  measured  at  low  temperature  of  70  K 
the  bands  are  sharper  and  have  higher  intensities  for  both  of  the  samples.  In  fact,  the  bands  are 
significantly  narrower  in  the  case  of  poled  sample  than  the  unpoled  one.  It  is  to  be  noted  that 
Raman  spectra  do  not  vary  much  with  composition,  but  the  weaker  bands  or  shoulders  in  the 
unpoled  sample  (x=0.02)  becomes  more  apparent  or  stronger  in  the  case  of  poled  sample  (x=0.05). 
This  occurrence  may  be  attributed  to  the  suppression  of  the  interference  of  fluorescence  and 
photoluminescence  and  consequently  improving  the  signal  to  noise  ratio  or  simply  reduction  of 
the  background. 

In  general,  the  new  modes  arise  due  to  several  reasons  such  as  impurities,  vacancies, 
symmetry  variation  etc.  We  suggest  that,  upon  poling  it  is  more  likely  to  have  a  symmetry 
transformation  based  on  the  proposition  that  nanodomains  are  oriented  substantially  as  compared 
to  that  of  the  unpoled  case.  This  point  was  more  clarified  by  the  polarization  studies  where  Raman 
spectra  were  measured  both  in  its  parallel  [Z(XX)Z]  and  perpendicular  [Z(XY)Z]  configurations  in 
backscattered  geometry.  It  was  found  that  even  in  the  poled  samples  one  cannot  ascertain  a  single 
domain  state  or  uniquely  defined  polarization  state.  In  one  of  the  previous  studies,  it  was  claimed 
that  it  can  be  achieved  only  for  E  >30kV/cm  [21].  The  presence  of  Raman  bands  even  after  the 
phase  transition  in  both  the  samples  evidence  that  no  long-range  ferroelectric  order  is  established. 
No  soft  mode  behavior  is  observed,  indicative  of  relaxors  in  contrast  to  conventional  or  regular 
ferroelectrics. 

With  the  assumption  of  Gaussian  line  shape-a  better  approximation  for  the  disordered 
materials-all  of  the  band  envelopes  are  deconvoluted  into  a  series  of  bands  of  varying  wavenumber 
(frequency)  and  full  width  at  half  maximum  (FWHM).  Fig.  2  shows  a  representative  example  for 
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the  Raman  band  at  111  cm'* ;  belonging  to  the  O-B-0  bending  mode  [22].  It  has  a  poorly  defined 
shoulder  in  the  70K  spectra  for  both  of  the  crystals,  but  more  apparent  in  the  poled  one.  The  band 
envelope  deconvolutes  into  two  distinct  components  of  higher  and  lower  wavenumber  of 277  cm  ' 
and  192  cm  '  respectively.  The  temperature  variation  of  the  frequency  and  FWHM  for  the  band  at 
277  cm*’  was  analyzed  and  is  shown  in  Fig.  3(a)  and  (b)  respectively.  The  temperature  sensitivity 
of  192  cm-'  band,  that  disappears  at  «340  K,  may  account  for  the  movement  of  Pb(l)  and  Zn  from 
their  centro-  symmetric  positions.  From  the  careful  analysis,  it  was  found  that  there  is  a  clear  blue- 
shift  in  the  wavenumber  (frequency  position)  and  significant  narrowing  in  the  width  of  the  repre¬ 
sentative  Raman  band  at  277  cm*'.  Quantitative  changes  at  70  K  in  the  wavenumber  and  FWHM 
correspond  to  5-7  cm''  and  8-10  cm  '  respectively.  These  findings  clearly  suggest  the  enhanced 
local  ordering  and  a  change  in  the  volume  of  the  proposed  polar  nanoregions  for  the  poled  case. 
Our  initial  results  indicate  an  apparent  anomaly  in  ihc  111  cm  '  band  in  the  vicinity  of 440K-460K. 
Moreover,  the  analysis  finds  a  slight  shift  in  the  phase  transition  temperature  on  poling  the  sample. 
This  transition  manifests  itself  undoubtedly  by  a  considerable  change  in  the  intensity  of  Raman 
spectra.  We  may  consider  that  the  anomaly  represents  the  T-C  structural  phase  transition.  The  steep 
changes  in  the  wavenumber  (frequency)  and  FWHM  (damping)  near  to  460  K  is  associated  with  a 
Landau-Khalatnikov  like  maximum  [23].  Such  an  anomaly  is  usually  associated  to  a  rapid  growth 
of  long-range  electric  ordering.  Thus  we  conclude  that  the  PZN-PT  crystals  possess  a  sharp  first- 
order  ferroelectric-phase  transition  at  ==460K.  This  value  is  consistent  with  the  transition  tempera¬ 
ture  of  cubic  PE  phase  «  tetragonal  FE  phase,  predicted  from  the  MPB  in  Ref  13.  Since  the  FE 
transitions  are  known  to  be  associated  with  a  soft  mode  lattice  motion,  if  the  transition  is  strongly 
first-order,  mode  softening  may  not  be  detectable  [24].  Therefore,  the  non-  zero  minimum  of 
phonon  frequency  at  =  460  K  implies  either  a  first-order  phase  transition  or  that  the  structural 
instabilities  (as  T-»  T/)  may  be  associated  with  some  other  complicated  mode.  These  temperatures 
also  signify  the  breaking  of  macro-  to  nano-  dynamic  polarization  regions.  It  is  widely  accepted 
that  the  polarization  is  associated  with  the  behavior  of  the  polar  nanoregions  in  these  materials,  and 
local  B-site  chemical  disorder  undergoes  a  first-order  relaxor  ferroelectric  phase  transition  at  T^ 
=460  K.  However  detailed  investigation  is  needed  in  order  to  confirm  this  conclusion. 

CONCLUSIONS 

The  measured  Raman  spectra  are  certainly  different  for  both  the  unpoled  (x=0.02)  and 
poled  (x=0.05)  single  crystalline  (l-x)PZN-xPT  samples.  Despite  the  fact  that  both  samples  repre¬ 
sent  rhombohedral  symmetry  (5w),  the  difference  in  the  Raman  studies  in  the  case  of  poled  speci¬ 
men  is  accounted  for  by  the  influence  of  the  residual  electric  field,  because  the  dc  bias  was  re¬ 
moved  while  carrying  out  the  temperature  dependent  measurements.  On  analysis  of  one  of  the 
representative  band  at  277cm  '  for  its  wavenumber  (frequency)  and  half-width  (FWHM),  a  distinct 
inflexion  at  -460  K  was  observed,  which  was  associated  to  a  sharp  first-order  ferroelectric-phase 
transition.  Distinct  quantitative  changes  in  the  wavenumber  (frequency)  and  width  (FWHM)  of  the 
bending  mode  at  277cm-'  on  poling  suggest  an  enhanced  local  ordering  and  the  increase  in  the 
volume  of  the  polar  nanoregions  or  the  self-assembled  nanostructures. 
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Fig.  1  Raman  spectra  of  PZN-PT  crystals  at  (a)  70  K  and  (b)  580  K. 


Fig.2  Raman  spectrum  of  PZN-PT  showing  deconvolution  of  the  277  cm' 
band  with  superimposed  Gaussian  fijnctions. 


Fig.3  Temperature  dependence  of  the  (a)  frequency  position  and  (b)  FWHM  of  intense  277  cm  ' 
band  for  both  of  the  PZN-PT  samples.  The  phase  transition  is  indicated  by  an  arrow. 
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ABSTRACT 

Two  kinds  of  different  nickel  nanoparticles  with  distinct  morphological  properties, 
Ni(C)  and  Ni(0),  are  studied.  Magnetization  measurements  for  the  assembly  of  two  kinds  of 
Ni  nanoparticles  show,  a  larger  coercivity  and  remanence  as  well  as  the  deviation  between 
the  zero  field  cooling  (ZFC)  and  the  field  cooling  (FC)  magnetization  have  been  observed  in 
the  Ni(0)  particles.  This  deviation  may  be  explained  as  a  typical  cluster  glass-like  behavior 
due  to  ferromagnetic  interaction  among  the  assembly  of  Ni(0)  particles.  However,  Ni(C) 
particles  exhibit  superparamagnetism  at  room  temperature.  The  average  blocking 
temperature  (Tb  )  is  determined  to  around  1 15K.  We  also  observe  gradual  decrease  in 
saturation  magnetization,  which  is  attributed  to  the  nanocrystalline  nature  of  the 
encapsulated  particles. 

INTRODUCTION 

Nickel  (Ni)  nanoparticles  have  been  attracted  considerable  attention  over  the  last 
decade  because  the  many  interesting  optical,  magnetic,  chemical  properties  and  by  it’s 
potentially  technological  applications  [1-3].  In  this  work,  we  use  the  modified  arc-discharge 
(carbon-arc)  method  to  fabricate  two  types  of  nickel  nanoparticles  at  a  methane  and  a 
mixture  of  H2  and  Ar  atmospheres,  respectively.  Microstructural  characteristics  and  magnetic 
properties  at  different  temperatures  and  magnetic  fields  have  been  extensively  studied  and 
are  reported  here. 


EXPERIMENT 

The  detailed  experimental  apparatus  (modified  arc-discharge)  is  illustrated  in  reference 
[4].  JEOL-2010EX  high-resolution  transmission  electron  microscope  (HRTEM),  equipped 
with  energy  dispersive  X-ray  spectroscopic  (EDS)  analysis,  is  used  to  determine  the  phase, 
and  morphology  of  the  particle,  they  also  allow  us  to  record  selected  area  electron  diffraction 
(SAED)  patterns. 

The  magnetization  measurements  are  performed  by  using  SQUID  magnetometer  in  the 
temperature  range  from  2  to  300K  at  different  applied  magnetic  fields.  Measurements  are 
performed  by  the  following  useful  method:  zero-field-cooling  (ZFC)  and  field-cooling  (FC). 
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In  the  first  method,  the  sample  is  cooled  down  to  the  target  temperature,  then  the  applied 
magnetic  field  is  put  on;  the  measurement  is  performed  as  the  temperature  is  raised;  in  this 
case  to  room  temperature.  FC  measurements  are  performed  with  the  magnetic  field  applied 
at  high  temperature;  and  the  measurement  performed  as  the  sample  is  cooled  down. 

In  measurements  of  M  T,  it  is  convenient  to  define  the  blocking  temperature,  Tb;  as 
the  temperature  at  which  the  two  curves,  ZFC  and  FC,  merge  in  one.  The  average  blocking 
temperature  is  defined  as  the  maximum  of  ZFC  curve.  Above  Tb,  thermal  fluctuations  flips 
and  scatters  the  direction  of  the  magnetic  moment;  and  no  hysteresis  is  observed  in  the 
M(H)  measurement.  Magnetic  properties  of  small  ferromagnetic  particles  may  present 
different  features  when  the  size  is  smaller  than  the  exchange  correlation  length;  i.e.  in  the 
superparamagnetic  state.  In  this  case  for  such  an  assembly  of  particles,  the  coercive  field  He, 
will  be  given  by  He  =  He(0)[  1-(T/Tb)''^^].  And  above  Tb,  the  ensemble  of  nanoparticles 
(assuming  those  are  single  domain)  behave  as  paramagnetic  cluster  with  great  magnetic 
moments  [5]. 

RESULTS  and  DISCUSSION 

HRTEM  observations  and  SAED  patterns  for  this  two  kinds  Ni  particles  clearly 
indicate,  those  Ni  nanoparticles  size  are  typically  10-50nm,  most  of  particles  are  spherical  or 
ellipsoidal  in  shape.  Besides,  from  Fig.l  (a)  and  Fig.l  (b),  graphitic  encapsulated  fcc-Ni  and 
Ni3C  nanoparticles;  pure  Ni  nanocrystals  coated  with  NiO  layer  are  identified,  respectively. 
It  is  more  interesting  to  note,  from  HRTEM  images  (Fig.l  (a)),  neither  gaps  nor  intermediate 
phases  are  observed  between  the  outer  graphitic  layers  and  the  core  Ni  nanocrystal  for  Ni(C) 
graphitic  cages  materials.  This  typical  characteristics  reflect  a  growth  history  of  this 
nanoencapsulted  Ni  particles,  carbon  atoms  dissolve  into  a  molten  or  solid  carbon-metal 
alloy  and  then  graphite  precipitates  to  the  surface  under  carbon-arc  discharge  plasma  process 
[6].  The  EDS  spectra  elemental  analysis  for  this  two  types  Ni  nanoparticles  is  shown  in 
Fig.2(a,  b),  for  Ni(C)  nanoparticles,  this  reveals  the  presence  of  only  Ni  and  carbon,  no 
signal  corresponding  to  oxygen  are  detected.  Whereas,  only  Ni  and  oxygen  have  been  found 
in  Ni(0)  nanoparticles.  These  EDS  spectra  further  reconfirm  the  SAED  results. 


Fig.l  (a)  HRTEM  morphologies  and  corresponding  SAED  patterns  for  Ni(C)  nanoparticles. 
Note,  arrows  indicate  the  graphitic  layers;  G  symbol  is  graphite;  C  symbol  is  NisC  phase. 
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Fig.  1  (b)  HRTEM  morphologies  and  corresponding  SEAD  patterns  forNi(O)  nanoparticles. 
Note,  arrows  indicate  the  NiO  layers. 


Magnetization  (ema) 


•10000  -5000  0  9000  10000 

Magnetk  Field  (Oe) 


s 


r 

: . J 

_ ft _ 1 _ ft _ 

-lOOOO  -9000  0  SOOO  10000 


Magnetic  fleld  (Oe) 


(a) 


(b) 


Fig.  3  Field  dependence  of  magnetization  for  Ni(C)  nanoparticles  at;  (a)  300K  and  (b)  2K. 


Temperature  (K) 


Fig.  4  Temperature  dependence  of  magnetization  for  Ni(C)  nanoparticles  at  applied  field  of 
1000  Oe,  the  blocking  temperature  is  about  1 15K. 


In  fact,  this  behavior  also  can  be  clearly  observed  in  Fig.4,  where  the  temperature 
dependence  of  the  magnetization  is  plotted  by  following  ZFC  and  FC  sequences;  indicating  a 
transition  to  the  above  two  different  states.  In  this  case,  the  Tb  is  about  11 5K,  and  the  shape 
of  the  curve  also  indicates  that  there  is  wide  distribution  of  sizes  of  Ni(C)  nanoparticles. 

It  is  well  known  that  a  small  magnetic  particle  becomes  single  domain  below  some 
critical  size.  Which  is  due  to  the  interplay  between  the  total  magnetic  energy  and  domain 
wall  creation  [7,  8].  According  to  this  Ni  (C  )  nanoparticles,  with  an  average  size  of  about 
lO.Snm,  may  be  considered  to  have  a  single  magnetic  domain.  Thus  the  magnetic  behavior  is 
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therefore  size-dependent  and  should  be  considered  in  conjunction  with  thermal  energy  and 
surface  anisotropy  aspects. 

Magnetization  temperatures  for  Ni(0)  nanoparticles  measurements  at  different 
magnetic  filed  ( H  =  100,  1000,  and  10,  000  Oe )  are  shown  in  Fig.5  a,  b,  and  c.  It  seems  that 
this  is  a  typical  cluster  glass  behavior  for  the  assembly  of  nanoparticles  [9-12].  Note  the 
deviation  between  the  ze field  cooling  (ZFC)  and  field  cooling  (FC)  magnetization  below 
the  certain  blocking  temperature,  this  strong  irreversibility  is  well  dependent  on  the  applied 
magnetic  fields.  This  behavior  may  be  attributed  to  the  random  distribution  of  anisotropic 
interaction,  and  surface  effects. 


(a)  (b) 


(c) 

Fig.  5  Temperature  dependence  of  magnetization  for  Ni(0)  nanoparticles  at  different 
applied  magnetic  fields;  (a)  100  Oe,  (b)  1000  Oe,  and  (c)  1  T. 
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It  is  interesting  to  observe  that  the  strong  irreversibility  present  in  curves  of  Fig.  5  (a) 
and  5  (b)  and  disappear  for  magnetic  fields  of  about  1  T  in  Fig.  5  (c).  This  is  occurring  as 
soon  the  anisotropy  field  of  the  Ni(0)  nanoparticles  is  surpassed. 

CONCLUSIONS 

In  the  study,  graphitic  encapsulated  Ni  nanocrystals  and  pure  Ni  nanoparticles  coated 
with  NiO  layers  have  been  successfully  synthesized  by  modified  arc-discharge  method  in 
different  atmospheres.  High-resolution  transmission  electron  spectroscopy,  and  nanoarea 
electron  diffraction  have  been  used  to  study  the  distinct  morphological  properties  of  two 
kinds  of  Ni  nanoparticles.  Graphitic  encapsulated  fcc-Ni  and  NbC  nanoparticles  are 
determined  in  the  Ni(C)  particles.  For  Ni(0)  particles,  pure  Ni  nanocrystals  coated  with  NiO 
layer  is  observed.  Magnetization  measurements  under  different  fields  and  temperatures 
indicates,  typical  cluster  glass-like  behavior  due  to  ferromagnetic  interaction  among  the 
assembly  of  Ni(C)  particles  have  been  observed;  however,  Ni(C)  particles  exhibits 
superparamagnetic  behavior  at  room  temperature  under  a  certain  applied  filed,  the  blocking 
temperature,  Tb,  is  determined  to  be  near  1 1 5K. 
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ABSTRACT 

Nanocrystalline  thin  Au  films  with  grain  size  10  -  76  nm  have  been  analyzed  regarding 
the  temperature  dependence  of  the  electrical  resistivity.  A  sudden  change  in  the  power  function, 
p  oc  T”,  was  found  at  ~10  K,  where  n  =  1.7  in  the  range  5  -  10  K  and  n  =  3.3  in  the  range  10  - 
15  K.  This  effect  disappears  after  annealing  at  773  K  for  0.5  h  in  air  at  atmospheric  pressure. 
After  the  annealing  the  grain  size  was  -  100  nm.  This  is  an  indication  of  interference  between 
electron-phonon  scattering  and  electron-grain  boundary  scattering  in  nanocrystalline  materials 
at  low  temperatures. 

The  temperature  coefficient  of  resistivity,  TCR,  increased  with  increasing  grain  size  at  any 
temperature  and  the  position  of  the  maximum  TCR  was  shifted  towards  lower  temperatures 
with  increasing  grain  size. 

INTRODUCTION 

Nanocrystalline  materials  attract  much  interest  because  of  their  ability  to  attain  special 
properties  such  as  high  thermal  stability,  extreme  hardness,^  and  high  elasticity.^  The 
nanocrystalline  metals  are  therefore  of  great  interest  as  conductors  employed  in  environments 
with  high  stresses.  The  present  work  is  concentrated  upon  the  electrical  properties  of 
nanocrystalline  gold  made  by  the  advanced  gas  deposition  method. 

Many  investigations^'^  have  been  carried  out  on  the  temperature  dependent  electrical 
resistivity,  denoted  p(T),  in  metals.  The  scattering  mechanisms  of  electrons  in  the  high 
temperature  range,  T>  6/2  (where  0is  the  Debye  temperature),  have  been  thoroughly 
investigated  and  elucidated.  The  resistivity  decreases  linearly  with  the  temperature  due  to  the 
fact  that  the  number  of  phonons  is  proportional  to  the  temperature. 

At  low  temperatures,  T  «  6,  there  is  still  a  somewhat  unclear  situation  regarding  the 
scattering  mechanisms  of  electrons.  There  are  some  indications  of  electron -electron  scattering 
at  low  temperatures.  Work  by  Nishi  et  al.^  on  10  to  40  nm  thick  Au  films  yielded,  p  oc  7^  at  30 
<  T <  90  K  and  p^'f  at  15  <  r<  30  K.  They  also  showed  that  the  derivative  d(log  p(T))/d(log 
T)  decreased  discontinuous! y  indicating  two  different  scattering  mechanisms.  However, 
Sambles  and  Elsom'^  reported  that  no  evidence  was  found  for  a  7^-term  in  the  electrical 
resistivity  of  thin  Au  films.  There  are  also  results  reported  by  Echtemach  et  al.^  on  thin  Au 
films  exhibiting  a  7^-term  in  the  resistivity  due  to  interaction  between  electron-phonon 
scattering  and  electron-impurity  scattering. 

Given  the  unclear  situation  regarding  p(T)  in  Au  at  low  temperatures  we  found  it 
worthwhile  to  carry  out  a  detailed  investigation  on  the  electrical  resistivity  of  thin 
nanocrystalline  gold  films. 

SAMPLE  PREPARATION 

The  samples  were  fabricated  using  inert  gas  evaporation  (Ultra  Fine  Particle  Equipment, 
ULVAC  Ltd).  This  technique  was  introduced  several  years  ago^  and  has  become  the  leading 
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one  for  the  production  of  high-quality  nanoparticles.*^’’^  The  evaporation  of  a  material  takes 
place  in  the  presence  of  a  gas.  The  vapor  is  thereby  cooled  so  that  nucleation  and  growth  of 
ultrafine  particles  takes  place  in  the  gas.  Recent  developments  of  this  technique  have  shown 
that  a  high  laminar  gas  flow  can  lead  to  particle  growth  under  near-equilibrium  conditions,  with 
only  a  weak  tendency  towards  coagulation.  The  growth  can  be  determined  by  first-passage¬ 
time  dynamics  in  the  vapor  zone,  so  that  the  size  distribution  is  narrow. The  gas-evaporated 
particles  can  be  single  crystalline.  The  technique  is  applicable  to  many  materials  and  can 
produce  particles  with  a  wide  range  of  sizes. 

Essentially,  evaporation  from  an  ingot  takes  place  in  an  evaporation  chamber  containing 
the  gas.  The  heating  is  provided  by  an  induction  coil  of  copper  surrounding  a  carbon  crucible. 

A  stream  of  gas  and  particles  runs  through  a  transfer  pipe  into  an  evacuated  upper  chamber 
where  the  particles  are  collected.  The  upper  end  of  the  transfer  pipe  is  connected  to  a  jet  nozzle, 
with  a  diameter  of  0.5  mm,  which  accelerates  the  gas  and  the  particles  to  a  high  speed.  He  gas 
is  introduced  below  the  crucible.  The  transfer  pipe  is  positioned  centrally  in  the  zone  where 
particles  are  formed.  Particles  in  an  outer  zone  are  removed  by  an  exhaust  pipe  connected  to  a 
pump.  Strong  precautions  must  be  taken  to  avoid  turbulence  and  eddy  formation.  Particle 
deposition  took  place  onto  a  glass  substrate  mounted  on  a  movable  table  so  that  it  was  possible 
to  produce  patterned  thin  nanocrystalline  gold  films. 

Four  samples,  denoted  I-IV,  were  fabricated  with  different  temperatures  of  the  melt  in  the 
crucible  7m,  temperatures  of  the  substrate  holder  Ts,  and  gas  pressures  in  the  evaporation 
chamber  p.  Data  are  given  in  Table  1.  We  determined  Tm  to  an  accuracy  of  ±  5  %  by  optical 
pyrometry. 


Table  1.  Data  for  nanocrystalline  gold  samples  prepared  by  inert  gas  evaporation  for  different 
temperatures  of  the  meltT/^,  substrate  temperature  7$,  and  inert  gas  pressure  p.  The  mean  crystallite 
diameter  was  D,  as  determined  by  x-ray  diffractometry. 


Sample 

Tm(K) 

Ts(K) 

p(mbar) 

D(nm) 

I 

1513 

323 

480 

10 

II 

1663 

523 

500 

40 

III 

1713 

523 

500 

59 

IV 

1753 

523 

500 

76 

SAMPLE  CHARACTERIZATION 

X-ray  diffraction  (Siemens  Diffractometer  D5000)  was  used  to  determine  the  grain  size, 
D,  of  the  four  different  specimens  and  the  results  are  presented  in  Table  I.  The  grain  sizes  were 
between  10  and  76  nm. 

The  Scherrer  method,  used  to  evaluate  grain  sizes,  are  sensitive  to  internal  stress  in  the 
specimens  so  this  method  needs  verification  by  an  independent  method.  To  do  this,  a  TEM 
(transmission  electron  microscopy)  sample  was  prepared  by  placing  a  copper  grid,  with  a  holey 
carbon  film,  on  the  glass  substrate  and  exposing  it  to  the  particle  beam  while  sample  I  was 
fabricated.  The  grains  are  spherical,  see  Fig.  1(a),  and  the  mean  grain  size  from  this 
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investigation  was  11  nm,  which  is  in  good  agreement  with  the  x-ray  diffraction  result.  This 
shows  that  our  technique  for  particle  sizing  is  reliable.  It  should  be  noted  that  larger  grains  are 
seen  under  the  spherical  nanoparticles  in  Fig.  1(a).  This  can  be  explained  by  a  poor  heat 
transfer  from  the  carbon  film  to  the  TEM  copper  grid,  causing  sintering  of  the  gold 
nanoparticles.  Figure  1(b)  is  taken  from  the  same  TEM  copper  grid,  but  after  annealing  for  0.5 
h  at  773  K  in  air  at  atmospheric  pressure.  The  grains  have  grown  to  approximately  100  nm  and 
are  no  longer  spherically  shaped  and  the  number  of  twins  has  increased  to  a  high  concentration. 


Fig.  1.  TEM  micrographs  showing:  (a)  the  nanocrystalline  gold  film 
before  annealing  and  (b)  the  nanocrystalline  gold  film  after 
annealing  at  773  Kfor  0.5  h  in  air  at  atmospheric  pressure. 


RESULTS 

Measurement  technique 

A  four-probe  method  was  employed  to  measure  the  resistance  of  the  specimens.  The 
current  was  set  to  3  mA  and  the  voltage  was  recorded  in  the  temperature  range  4  <  r<  300  K. 
Measuring  data  were  taken  twice,  with  the  current  running  in  either  direction,  at  each 
temperature  after  temperature  stabilization.  The  arithmetic  means  of  these  readings  are 
presented  below.  The  length  of  the  sample  was  10  mm,  the  width  was  0.5  mm,  and  the 
thickness  was  -  1  fim. 

Electrical  data  for  as-deposited  films 

The  p(T)  for  the  four  nanocrystalline  Au  samples,  as  well  as  literature  data^^  for 
polycrystalline  gold,  are  presented  in  Fig.  2.  The  magnitude  of  the  resistivity,  at  any 
temperature  increases  drastically  as  the  grain  size  decreases.  It  is  also  observed  that  the  residual 
resistivity  is  much  higher  for  the  specimens  with  small  grains  as  compared  to  the  specimens 
with  larger  grains.  All  the  specimens  exhibits  a  linear  part  in  the  pfT)  down  to  approximately 
(^(6^=185  Kfor  gold). 

Another  way  of  presenting  the  temperature  dependence  is  to  analyze  the  temperature 
coefficient  of  resistivity,  TCR,  defined  as 

a  =  (l/R)*dR/dT  =  (}/p)*dp/dT  (1) 
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Fig.  2.  Resistivity  versus  temperature  for 

the  nanocrystalline  gold  films  (a,b,c,d) 
and  the  polycrystalline  gold  (e). 


Fig.  3.  Temperature  coefficient  of  resistivity,  a, 

versus  temperature  for  the  nanocrystalline 
gold  films. 


Thus,  to  analyze  awe  do  not  need  to  consider  the  geometry  of  the  specimen.  In  Fig.  3  ck,  for  all 
specimens,  is  plotted  versus  temperature  in  the  range  4  -  300  K.  It  is  observed  that  at  any 
temperature  a  is  decreasing  with  diminishing  grain  size.  The  position  of  the  maximum  is 
shifted  towards  lower  temperatures  with  increasing  grain  size.  This  position  indicates  at  what 
temperature  the  specimen  deviates  from  its  linear  temperature  dependence. 

Effects  of  post  annealing 

Further  information  on  the  temperature  dependent  resistivity  was  obtained  by  plotting  log 
p  versus  log  T  for  sample  I.  Figure  4(a)  gives  clear  evidence  for  a  power  law  dependence,  p  oc 
7"  with  n  ~  1.7  for  r<  10  K  and  7/  ~  3.3  for  7’>  10  K.  This  sudden  change  may  be  a  sign  of 
interference  between  electron-phonon  scattering  and  electron-impurity  scattering  at  low 
temperatures,  as  further  elaborated  below. 

Effects  of  annealing  were  investigated  for  sample  I  being  heated  in  air  at  0.5  h  for 
successively  higher  temperature  Ta-  Electrical  measurements  at  4  <  7  <  300  K  were  conducted 
after  each  annealing  step.  Figure  4(b,c,d)  report  data  for  Ta  being  473, 673,  and  773  K.  The 
discontinuity  in  the  data  becomes  weak  at  Ta  =  673  K  and  is  not  to  be  seen  at  Ta  ~  773.  For  the 
latter  case  we  observe  n  ~  3.9  at  5  <  7  <  15  K. 

DISCUSSION 

The  resistivity  in  nanocrystalline  materials  is  more  dependent  on  grain  size  than  in 
polycrystalline  materials  (grain  sizes  larger  than  1  fim).  This  is  due  to  the  fact  that  the  fraction 
of  grain  boundaries  is  increasing  with  decreasing  grain  size,  and  can  therefore  not  be  neglected 
when  analysing  the  resistivity  of  nanocrystalline  materials,  especially  at  low  temperatures. 

In  Fig.  4(a),  where  log  p  is  plotted  as  a  function  of  log  7  for  sample  I,  there  is  a  change  in 
the  slope  at  10  K  from  n  =  3.3  in  the  range  10  -  15  K  to  approximately  n  -  1.7  in  the  range  5  - 
10  K.  Echtemach  et  al.'^  observed  similar  effects  in  very  thin  (10-40  nm)  evaporated 
polycrystalline  Au  films.  The  mean  free  paths  in  the  films  were  estimated  to  be  10  -  25  nm. 
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This  effect  was  explained  as  interference  between  the  electron-phonon  scattering  and  the 
electron-impurity  scattering.  In  their  experiments  the  mean  free  path  was  limited  by 


10 


-9 


10'" 

lO'^ 


10‘ 


Temperature  (K) 


Temperature  (K) 


Fig.  4.  Resistivity  versus  temperature  for  sample  I  (D  =  10  nm) 

(a)  No  annealing 

(b)  Annealing  at  473  K  for  0.5  h  in  air  at  atmospheric  pressure. 

(c)  Annealing  at  673  K for  0.5  h  in  air  at  atmospheric  pressure. 

(d)  Annealing  at  773  K for  0.5  h  in  air  at  atmospheric  pressure 


the  thickness  of  the  specimens.  It  is  likely  that  electron-grain  boundary  scattering  would  give 
similar  effects.  Let  us  now  assume  that  the  mean  free  paths  in  our  specimens  are  confined  by 
the  grain  size.  This  means  that  the  mean  free  path  in  specimen  I  should  be  approximately  10 
nm.  In  order  to  analyse  this  effect  by  changing  the  mean  free  path  the  film  was  annealed  at 
different  temperatures  for  0.5  h  in  air  at  atmospheric  pressure.  The  resistivity  was  measured  as 
a  function  of  temperature  after  each  annealing  step.  The  log  p  was  plotted  as  a  function  of  log  T 
for  the  different  annealing  temperatures,  see  Fig.  4(b,c,d).  It  was  observed  that  practically  no 
change  happened  by  annealing  at  473  K.  At  673  K  we  observed  a  small  change,  the  magnitude 
of  the  resistivity  decreased.  After  annealing  at  673  K  the  resistivity  decreased  further  and  the 
effect  of  interference  between  electron-phonon  scattering  and  electron-grain  boundary 
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scattering  was  no  longer  observable.  The  resistivity  was  then  following  the  same  power  law, 
with  n  =  3.9,  in  the  whole  temperature  range  5  -  15  K.  According  to  a  TEM  analysis,  the  grain 
size  had  grown  to  approximately  -100  nm.  From  energy  dispersive  X-ray  spectrometry 
analysis,  using  a  Link  AN  1000  system  attached  to  the  TEM  instrument,  we  found  no 
significant  amount  of  oxygen  in  the  specimens  after  annealing. 

Thus,  this  is  a  strong  indication  of  interference  between  electron-phonon  scattering  and 
electron-impurity  scattering  where  the  impurities  are  the  grain  boundaries  and  the  mean  free 
path  is  confined  by  the  grain  size  of  the  specimen.  The  fact  that  the  interference  effect 
disappears  when  the  grains  have  grown  to  approximately  100  nm  upon  annealing  supports  this 
conclusion. 

CONCLUSIONS 

The  electrical  resistivity  was  analyzed  in  nanocrystalline  gold  films  with  different  grain 
sizes  (10-76  nm).  At  10  K  there  is  a  change  in  the  power  function,  from  n  =  1.7  when 
T  <  10  K  to  n  =  3.3  when  T  >  10  K.  This  is  explained  in  terms  of  interference  between  the 
electron-grain  boundary  scattering  and  the  electron-phonon  scattering,  and  this  effect 
disappears  when  the  specimen  is  annealed  at  500  °C  for  0.5  h  in  air  at  atmospheric  pressure 
reaching  a  grain  size  of  -  100  nm. 

In  the  high  temperature  range  all  samples  exhibited  metallic  behavior  with  a  linear 
temperature  dependence  down  to  T  -  9/2.  The  resistivity  increased  with  decreasing  grain  size 
indicating  an  additional  resistivity  component  due  to  the  grain  boundary  scattering. 

The  TCR  as  a  function  of  temperature  shows  that  the  TCR  at  any  constant  temperature 
increases  with  increasing  grain  size.  The  position  of  the  maximum  TCR  is  shifted  towards 
lower  temperatures  with  increasing  grain  size. 
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ABSTRACT 

This  paper  concentrates  on  the  densification  of  sol  gel  derived  thin  nano-ceramic  coatings  by  laser 
radiation  and  by  furnace  treatment.  Deposition  of  the  film  is  done  by  means  of  spin  coating  of  Zirconia. 
The  sintering  of  the  layer  is  observed  using  a  number  of  different  measuring  techniques.  Especially, 
attention  is  paid  to  the  densification  behavior  and  the  grain  growth  in  the  layer,  investigated  by  scanning 
electron  microscopy  and  ellipsometry.  Also  the  different  crystal  phases  observed  are  addressed.  During 
sintering  at  a  constant  temperature  a  change  in  the  sintering  behavior  with  time  is  observed.  This  change  is 
observed  for  most  temperatures.  Both  the  initial  fast  sintering  of  the  process  (for  all  sintering 
temperatures),  and  the  final  slow  sintering  (only  at  the  higher  sintering  temperatures)  are  explained. 

INTRODUCTION 

A  decade  ago  the  emergence  of  the  field  of  coatings  was  greatly  driven  by  the  realization  that  the  surface  is 
often  the  most  important  part  of  any  engineering  component.  Structural  components  fail  by  wear, 
corrosion,  high  cycle  fatigue  etc.,  that  is  to  say  affected  by  the  surface  conditions.  Consequently,  an 
appropriate  approach  would  be  to  modify  the  surface  layer  of  a  base-material  or  to  apply  a  coating,  so  as  to 
provide  enhanced  performance  [  1 ,  2].  A  number  of  techniques  were  developed  for  coating  fabrication.  But 
the  fabrication  of  coatings  is  often  a  difficult  and  laborious  process.  The  conventional  method  of 
slipcasting  to  produce  ceramic  foils  suffers  from  thickness  limitations.  An  industrially  applicable  method 
to  obtain  coatings  is  wet-chemical  processing,  also  called  sol-gel  processing  [3,4].  The  sol-gel  method 
allows  films  to  be  made  with  almost  any  composition  and  degree  of  porosity.  The  problem  of 
homogeneity,  often  encountered  in  the  processing  of  powders,  is  absent  in  the  sol-gel  preparation 
technique  because  no  comminution  is  required.  Moreover  the  processing  temperatures  can  be  significantly 
reduced,  and  combining  different  coating  liquids  (hybrid  systems)  is  easy.  This  latter  aspect  offers  a  great 
deal  of  freedom  to  fabricate  coatings  with  different  properties.  In  our  work  the  sol-gel  concept  is  combined 
with  inkjet  technology  and  laser  treatment  of  surfaces.  The  entire  combination  is  called  ’Stereostiction’  [5]. 
A  solution  containing  nano-sized  ceramic  particles  is  fed  to  an  inkjet  nozzle  that  generates  a  software- 
controlled  pattern  on  a  surface.  Afterwards  the  drops  are  exposed  to  an  intense  laser  beam  that  dries  and 
densifies  the  drops,  thereby  forming  a  sintered  ceramic  layer.  The  heating  damage  to  the  product  by  the 
intense  laser  beam  is  minimized  by  using  short  laser  pulses  resulting  in  very  small  heat  affected  zones.  It  is 
possible  to  apply  different  coating  compositions  using  multicolor  techniques,  which  nowadays  are  in  a 
mature  stage  of  development.  3-D  products  up  to  several  millimeters  can  be  manufactured  by  repetitive 
passing  of  the  inkjet  nozzle,  drying  and  sintering.  However,  sintering  behavior  of  the  sol-gel  coating  is  a 
crucial  aspect  and  very  little  microscopic  information  is  available.  This  paper  concentrates  on  the 
microscopic  mechanism  of  sintering  of  nanosized  sol-gel  ceramic  zirconia  coatings  on  fused  silica 
substrates.  Here  we  report  explicitly  about  the  sintering  by  furnace  treatments.  The  laser  treated  materials 
will  be  published  elsewhere. 

EXPERIMENTS 

The  zirconia  sol-gel  is  prepared  from  precursors  which  react  with  each  other  to  form  monodisperse 
zirconia  particles  of  about  3  nm  (existing  of  zirconiumhydroxide)  that  are  suspended  in  an  aqueous  fluid 
(sol-gels  were  obtained  from  Merck-Germany).  The  layers  of  zirconia  sol-gel  were  deposited  on  fused 
silica  substrates,  and  by  means  of  spin  coating  the  desired  thickness  was  achieved.  After  coating  the 
samples  were  dried  in  ambient  air  atmosphere.  Experimentally  it  was  found  that  a  green  layer  with  a 
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maximum  thickness  of  about  350  nm  could  be  attained.  At  greater  thickness  the  green  layer  exhibited 
severe  cracking.  Although  this  starting  layer  thickness  is  rather  thin,  the  phenomenon  is  commonly  found 
in  green  layer  drying,  that  is  to  say  above  a  thickness  of  1  )im  the  layers  are  always  cracked  and  only 
below  0.5  p.m  no  cracking  is  observed,  independently  of  drying  conditions  [6,  7].[hl]  The  fused  silica 
samples  covered  with  a  dried  sol-gel  layer  were  put  in  an  air  furnace  for  different  sintering  times  (ranging 
from  1  minute  to  6  hours)  at  temperatures  ranging  from  150°C  to  1200°C  (this  is  the  upper  limit  for  the 
fused  silica  substrate  to  withstand  the  temperature).  Subsequently  the  samples  were  cooled  down  to  room 
temperature  in  ambient  air.  Because  the  green  coating  is  very  thin  (350  nm)  it  will  heat  up  fast,  so  that 
almost  instantly  the  same  temperature  as  the  furnace  atmosphere  is  reached  (calculations  predict  within  2 
microseconds).  The  samples  were  examined  using  ellipsometry,  scanning  electron  microscopy, 
transmission  electron  microscopy  and  X-ray  diffraction.  With  the  use  of  an  ellipsometer  (VASE 
Ellipsometer,  a  rotating  analyzer  type  measuring  the  spectral  range  between  185  and  1700  nm)  layer 
thickness  and  density  were  studied.  An  SEM  equipped  with  a  special  electromagnetic  lens  in  order  to 
obtain  higher  resolution  (Philips  XL30-S  PEG  SEM)  was  used  to  study  the  layers.  Grain  size  (from  top 
view  images)  and  layer  thickness  (from  cross  section  images  obtained  by  breaking  the  samples)  were 
determined.  A  TEM  (JEOL  4000/11)  able  to  obtain  high  resolution  images  was  used  to  study  the  original 
sol-gel  particles.  X-ray  equipment  (Philips  PW  1820  with  a  Cu  anode)  was  used  to  determine  the  presence 
or  absence  of  crystalline  phases  in  the  layer. 

RESULTS 

The  green  layer  exists  of  particles  too  small  to  be  visible  in  the  SEM,  In  the  TEM  the  particles  can  be  made 
visible,  but  are  obviously  affected  by  the  electron  beam,  and  most  particles  crystallize  almost  immediately. 
The  particles  have  a  spherical  shape  with  a  radius  of  about  2  to  3  nm.  In  addition  clusters  of  particles  can 
be  found.  These  clusters  form  larger  conglomerates  very  easily,  indicating  that  the  material  is  very 
reactive.The  property  related  to  sintering  that  is  most  easily  studied  is  the  thickness  of  the  ceramic  surface 
layer.  In  figure  1  the  layer  thickness  is  plotted  as  a  function  of  the  sintering  temperature,  while  the 
sintering  time  was  30  minutes  for  all  samples.  There  is  good  agreement  between  the  results  obtained  with 
the  SEM  and  those  obtained  by  ellipsometry.  Only  at  very  low  sintering  temperatures  (less  than  300°C) 
there  appears  to  be  a  difference.  At  those  temperatures  the  layer  thickness  values  obtained  with  the 
ellipsometer  were  less  than  half  of  those  obtained  with  the  SEM.  The  values  obtained  with  SEM  can  be 
assumed  to  be  correct,  and  the  differences  with  the  ellipsometry  results  can  be  explained  by  the  high 
degree  of  porosity  of  the  layer  and  the  fact  that  some  hydroxyl  groups  are  probably  still  present.  It  is 
obvious  that  the  layer  thickness  will  shrink  when  heat  is  applied,  and  in  this  case  the  layer  shrinks  from 
about  350  nm  to  100  nm,  i.e.  approximately  70%.  The  change  in  thickness  of  the  coating  is  related  to  the 
change  in  density.  In  figure  2  the  density  is  plotted  as  a  function  of  the  sintering  temperature.  At  a 
temperature  of  1200°C  a  completely  densified  zirconia  layer  is  achieved.  This  can  be  observed  by  SEM 
and  was  detected  by  ellipsometry.  It  is  clear  that  the  density  increases  continuously  with  increasing 
temperature.  The  green  layer  density  is  very  low,  about  30%.  The  density  values  at  low  temperatures  are 
obtained  from  SEM-images,  assuming  that  the  1200°C  layer  is  completely  dense  and  that  all  layers  had  the 
same  green  layer  thickness  (those  obtained  with  ellipsometry  are  too  high  due  to  the  high  degree  of 
porosity). 

The  grain  size  as  a  function  of  sintering  time  is  displayed  in  figure  3  for  different  sintering 
temperatures.  At  the  lowest  temperatures  (300®C  or  less)  no,  or  almost  no  grain  growth  took  place.  XRD 
measurements  showed  that  no  crystal  phases  were  present,  even  at  longer  sintering  times.  When  the 
sintering  temperature  gets  higher  (between  500  and  1000®C)  the  curves  show  two  distinct  regions.  Instead 
of  a  continuous  growth  of  the  grains,  the  grains  seem  to  obtain  a  certain  size  very  quickly  (this  grain  size 
depending  on  temperature)  and  after  that  hardly  any  grain  growth  takes  place.  In  these  samples  the  XRD 
measurements  show  a  mixed  composition  of  tetragonal  and  monoclinic  phases.  This  can  be  explained  by 
the  fact  that  part  of  the  grains  are  still  very  small,  which  favors  the  tetragonal  phase  instead  of  the 
monoclinic  phase,  normally  stable  at  room  temperature  [8].  When  the  sintering  temperature  is  even  higher 
(1100  and  1200°C)  there  is  an  additional  slow  grain  growth  after  the  initial  rapid  growth  .  In  this  case  the 
XRD  results  show  only  the  monoclinic  phase  for  all  samples. 
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Figure  1:  thickness  of  the  zirconia  layer  as  a  Junction  of  sintering  temperature.  All  samples  were  sintered 
for  30  minutes 
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Figure  2:  density  of  the  zirconia  layer  as  a  junction  of  sintering  temperature.  All  samples  were  sintered 
for  30  minutes. 
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Figure  3:  grain  size  for  zirconia  surface  layer  as  a  function  of  the  sintering  time  at  various  sintering 
temperatures. 


DISCUSSION  AND  CONCLUSIONS 

Amorphous  materials  sinter  by  viscous  flow  and  crystalline  materials  sinter  by  diffusion,  so  the  paths 
along  which  material  moves,  and  the  relationship  between  the  rate  of  transport  and  the  driving  force,  are 
quite  different  [9].  But  very  little  information  is  available  on  the  kinetics  of  thin  film  sintering.  It  was 
shown  previously  that  films  densify  faster  than  bulk  material,  even  though  the  film  has  lower  surface  area 
[9],  This  is  contrary  to  the  theory,  which  predicts  that  a  film  will  sinter  more  slowly  than  an  unconstrained 
gel,  because  a  film  can  shrink  only  in  the  direction  perpendicular  to  the  substrate  [10]. 

In  the  case  of  viscous  sintering,  analysis  of  the  densification  process  of  the  layer  can  yield 
satisfactory  results.  As  shown  in  figure  2  the  density  quickly  reaches  a  constant  value.  This  behavior  can 
be  described  by  viscous  sintering,  which  is  relatively  simple  in  principle,  but  exact  treatments  are 
prevented  by  the  complex  geometry  of  the  porous  body.  Fortunately,  simple  approximations,  while  not 
strictly  realistic,  yield  satisfactory  results.  Given  a  microstructural  model,  it  is  possible  to  relate  the  change 
in  surface  area  to  the  overall  change  in  dimensions.  Frenkel  [11]  suggested  that  the  rate  of  densification 
could  be  found  by  equating  the  rate  of  change  in  surface  energy  to  the  rate  of  energy  dissipation.  This 
insight  is  the  basis  for  all  analysis  of  viscous  sintering,  which  differ  only  in  the  models  they  adopt  to 
represent  the  geometry  of  the  body.  Frenkel  [11]  started  with  the  coalescence  of  a  pair  of  spheres,  which  is 
representative  of  the  sintering  process.  An  equation  for  the  growth  in  radius  of  the  neck  between  spheres 
was  derived  for  this  case.  When  the  neck  is  relatively  small,  there  is  a  geometrical  relationship  between  the 
neck  and  the  distance  between  the  centers  of  the  spheres,  which  is  used  to  obtain  an  expression  for  the 
change  in  linear  dimension  L  of  the  sintering  body  [12]. 

L(0_^  3^ 

L(0)  8/70 

where  L(t)  is  the  linear  dimension  at  time  t,  L(0)  the  initial  linear  dimension,  y  the  surface  energy,  a  the 
original  particle  diameter  and  X]  the  viscosity.  In  the  original  work  of  Frenkel  [  1 1  ]  a  numerical  factor  of 
was  proposed  which  does  not  account  for  center-to-center  approach.  This  factor  is  of  little  importance  as 
long  as  precise  values  for  7  and  t\  are  not  available.  Further,  for  slow  creep  deformation  of  two  identical 
spheres  of  a  linearly  viscous  material  the  neck  radius  grows  proportionally  to  t' \  Consequently  the 


550 


shrinkage,  which  is  proportional  to  the  neck  radius  squared,  is  proportional  to  t^^'\  Further  it  should  be 
stressed  that  the  commonly  used  sintering  models  are  based  on  a  two-sphere  approximation.  It  is 
speculated  that  in  reality  the  deviations  from  this  two-particle  description  might  be  considerable.  In 
particular,  asymmetric  neck  growth,  caused  by  the  local  packing  and  atmosphere,  will  cause  rearrangement 
of  particles  in  regions  of  smaller  packing  and  opening  of  larger  pores  [12].  This  is  also  observed  by  in-situ 
heating  in  a  FEG  -XL30-  Philips  environmental  scanning  electron  microscope  (ESEM)  as  displayed  in 
figure  4.  At  any  rate,  the  viscosity  of  a  material  decreases,  and  the  coupled  shrinkage  rate  of  the  layer 
increases  upon  increasing  temperature.  This  results  in  a  very  high  densification  rate,  much  higher  than 
densification  of  crystalline  materials.  Because  the  values  after  1  minute  of  sintering  already  show  some 
crystalline  phases,  the  viscous  flow  must  have  taken  place  before  that.  At  a  temperature  of  800”C  this  leads 
to  a  value  for  the  viscosity  (using  7  is  0.3  JW  [13])  between  10'’  and  10  '°  Pa.s,  depending  on  the  initial 
shrinkage  rate.  These  values  are  rough  estimates  because  of  the  lack  of  measurements  with  shorter 
sintering  times,  but  the  values  are  of  the  right  order  of  magnitude  (e.g.  lO'^  Pa.s  for  silica  at  800°C  [14]). 
Also  from  silica  it  is  known  that  the  viscosity  decreases  as  the  hydroxyl  content  increases  [15],  which 
could  be  of  importance  because  the  zirconia  layer  looses  its  hydroxyl  groups  during  the  process.  It  should 
be  noted  that  the  original  viscous  flow  model  assumes  that  the  geometry  of  the  neck  formation  is  based  on 
a  simple  tangent  circle  model  and  that  the  behavior  of  irregularly  packed  arrays  of  spheres  can  be  directly 
derived  from  that  of  two  single  particles.  In  fact  both  of  these  assumptions  are  incorrect  depending  on  the 
sintering  atmosphere  [12].  Fig.2  shows  an  almost  linear  increase  in  density  as  a  function  of  temperature 
which  cannot  be  explained  by  a  single  thermally  activated  process.  Obviously  more  than  one  process  takes 
place,  like  removal  of  physically  adsorbed  water,  polymerization  and  structural  relaxations.  It  implies  that 
in  these  nanoceramic  systems  viscous  sintering  mechanisms  may  be  questionable  at  these  temperatures  and 
times.  It  is  anticipated  that  the  removal  of  adsorbed  water  is  the  principal  reason  for  densification  at  the 
beginning  and  that  viscous  sintering  becomes  important  at  much  higher  temperatures.  During  the  first  part 
the  zirconium  hydroxide  is  transformed  to  zirconium  oxide  and  water,  and  after  that,  or  concurrently,  the 
particles  may  grow  together  forming  larger  grains.  This  second  part  of  the  process  is  the  growth  of  the 
crystalline  grains.  That  the  grains  in  the  layer  have  crystallized  can  be  concluded  through  XRD 
measurements.  The  grain  growth  can  be  described  by  [16]: 


Qgb 

G';-G°=BD„te  " 


Figure  4:  top  view  of  in-situ  heated  nanoceramic  particles  inside  a  FEG-Philips-  XL30  Environmental 
Scanning  Electrn  Microscope  (ESEM)  at  1200'’C. 
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where  G|  stands  for  the  instantaneous  grain  size  at  time  l,  Go  the  initial  grain  size  and  n  a  constant 
dependent  on  the  agglomerate  size,  B  a  constant  close  to  unity.  Do  diffusivity  and  Qgb  activation  energy 
for  grain  boundary  diffusion. 

The  constant  n  must  be  determined  experimentally  (theoretical  considerations  yield  a  value  of  two 

[17] ).  Fitting  the  equation  to  the  measured  data  can  lead  to  the  determination  of  n.  Previous  experiments 

[18]  have  shown  that  it  usually  lies  between  2  and  4.  A  value  of  three  is  mostly  used  for  n,  but  in  very 
homogeneous  materials  a  value  of  two  is  found.  With  the  use  of  this  relation  (where  Qgb  is  350  kj,  Do  is 
4.85  10  ''  m^/s  [19])  the  value  for  n  can  be  calculated.  This  is  done  for  the  second  part  of  the  1 100°C  and 
1200°C  curves  (at  lower  temperatures  the  grain  growth  is  too  slow  to  be  observed).  The  value  of  n  is  2.3 
and  2.1,  respectively.  These  values  agree  with  the  theory,  which  predicts  a  value  of  two  for  very 
homogeneous  materials. 
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NANOPOROUS  ALUMINA  FILMS  PREPARED  FROM  COLLOIDAL  SOLUTION 
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ABSTRACT 

Alumina  layers  were  deposited  by  spin  coating  and  dip  coating  on  different  substrates  (Pt, 
Si,  AI2O3)  from  the  water  suspension  of  nanosize  boehmite  particles.  It  was  shown,  that  addition 
of  the  butoxyethanol  in  the  suspension  improves  wetting  and  the  quality  of  the  film.  No 
separation  from  the  substrate  or  cracking  of  the  film  took  place  up  to  1000°C  on  all  types  of  the 
substrates  for  the  film  thickness  up  to  10p.m.  Because  of  the  minimal  shrinkage,  the  coating  can 
be  used  to  smooth  rough  substrates  as  well  as  provide  interfacial  layers  for  either  single  layer  or 
multilayer  structures. 

INTRODUCTION 

Gamma-alumina  coatings  are  of  interest  for  a  variety  of  applications  including  porous 
membrane  preparation,  planaryzing  interlayers,  diffusion  barrier  layers,  etc.  This  is  connected 
with  the  low  reactivity  of  this  material  over  a  wide  temperature  range,  which  makes  it  possibile 
to  use  it  with  a  number  of  different  substrates  and  materials. 

At  the  present  time  the  basis  of  the  y-aiumina  layer  preparation  is  sol-gel  technology.  The 
main  limitation  of  this  method  is  the  high  shrinkage  which  occurs  during  the  transition  of  the  gel 
to  the  solid  phase,  which  limits  the  film  thickness  to  the  submicron  region.  Since  the  initial 
introduction  of  the  sol-gel  preparation  technique  by  Yoldas  in  1975  [1,2],  a  number  of  attempts 
have  been  made  to  overcame  this  thickness  limitation.  However,  none  of  the  attempts  have  been 
completely  successful  [3-6]. 

It  appears  that  the  presence  of  the  gel  in  the  precursor  limits  the  amount  of  solid  phase  in 
the  solution  and  the  thickness  of  the  resulting  films  that  may  be  deposited.  The  purpose  of  this 
investigation  is  to  investigate  the  possibility  of  using  water  based  suspensions  of  nanosize 
boehmite  particles  to  produce  continious  micron  thick  y-alumina  films. 

EXPERIMENT 

Precursors  were  prepared  by  the  mixing  of  nanosize  boehmite  powder  with  water  and  nitric 
acid.  Homogenous  colloidal  suspensions  with  pH  of  about  4  containing  up  to  30w%  alumina 
were  made  by  ultrasonic  processing  of  the  suspensions  for  two  days  followed  by  filtration 
through  0.45 pm  glass  filter.  The  resulting  suspensions  had  low  viscosity  (about  the  water),  were 
semitransparent  and  stable  for  periods  up  to  at  least  a  year  (at  room  temperature)  for  <100nm 
boehmite  particles.  This  was  the  basic  formulation  used  in  the  investigation,  however 
modifications  had  to  be  made  in  order  to  improve  wetting  of  the  substrates  (specially  for 
polished  Si  substrates)  by  the  pure  water  suspension.  It  was  found  that  the  addition  of  2- 
butoxyethanol  to  the  suspensions  at  a  2-butoxyethanol/water  ratio  in  the  range  between  1 :2  and 
2:1  gave  good  wetting  with  no  gelation. 

Substrates  used  in  the  investigation  were  AI2O3  ceramic  with  grain  size  10pm  and  the 
average  surface  roughness  of  2pm,  polished  Si  and  Pt  foil.  All  substrates  were  washed  in  an 
ultrasonic  bath  by  alcohol  and  dried  at  70*^0  in  a  clean  room.  Two  deposition  techniques  were 
used:  spin  coating  at  the  low  speed  (500-2000rpm),  and  dip  coating  (withdrawal  speed  1-2 
inch/min).  Both  methods  provide  ~2pm  coating  for  one  deposition  and  it  was  possible  to  dry  it 
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at  70-100"C  immediately  after  deposition  without  cracking  the  layer.  It  was  possible  to  deposit 
thicker  layers  (up  to  10pm),  but  drying  process  should  be  accomplished  slowly  (1-2  days  at  room 
temperature). 

TGA  and  DTA  measurements  were  done  to  characterize  the  precursor  (Fig.l).  It  can  be 
seen  that  mass  drops  rapidly  at  lOO^C,  practically  no  changes  in  the  mass  taking  place  after 
1 20*^0 .  The  final  mass  in  the  high  temperature  region  corresponds  to  the  alumina  content  in  the 
suspension  (23%).  The  DTA  curve  has  sharp  peak  at  100°C  connected  with  the  evaporation  of 
water.  The  second  smaller  peak  at  420”C  corresponds  to  the  transition  from  the  boehmite  to  the 
y-alumina  phase.  After  the  transition  to  the  y-alumina  phase  at  temperatures  above  450”C,  no 
further  transitions  occurred  until  the  temperature  reached  1300®C  when  a-alumina  forms. 


Fig.l.  TGA  and  DTA  analyses  of  the  alumina  colloidal  suspension. 

AI2O3  content  in  the  suspension  is  23%. 

The  main  problem  encountered  with  film  deposition  was  the  wetting  of  the  substrate  by  the 
suspension.  For  example,  it  was  possible  to  deposit  coatings  on  the  alumina  substrates  by  both 
dipping  and  spinning,  but  only  spin  coating  was  successful  for  coating  Si  substrates.  Poor 
wetting  resulted  in  the  lack  of  adhesion  of  the  coatings  to  the  substrates  which  resulted  in 
separation  of  the  coating  from  the  substrate  and  between  the  layers,  particularly  when  the  coated 
substrates  were  heat  treated  (Fig.2a).  The  addition  of  2 -butoxy ethanol  to  the  suspension 
improved  the  wetting  characteristics  and  made  it  possible  to  dip  or  spin  coat  all  of  the  substrates 
without  separation  from  the  substrate  and  cracking  between  the  layers,  even  after  high 
temperature  treatment  (Fig.2b).  The  maximum  temperature  used  in  these  experiments  was 
1500°C  for  the  coatings  on  alumina  and  platinum  substrates,  when  the  coatings  contained  only  a- 
alumina  phase.  Oxidation  of  the  silicon  limits  the  maximum  temperature  to  lOOOT  for  the 
coatings  on  silicon  substrate. 
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Fig.2.  SEM  micrograph  of  the  cross-section  of  the  coatings  on  alumina  substrate. 

a)  Water  colloidal  suspension  (six  depositions,  Ta=1000°C); 

b)  Suspension  improved  by  2-butoxyethanol  (six  depositions,  Ta=1000°C). 

The  quality  of  the  coatings  was  estimated  by  AFM  and  optical  measurements.  In 
accordance  with  AFM  the  coating  consisted  of  connected  spherical  particles  with  an  average 
diameter  of  50nm  and  porosity  Ps~50%.  Optical  density  of  the  films  was  measured  by 
ellipsometer  and  spectrophotometer  (Fig.3.).  The  value  of  the  refractive  index  nefr'l.S  which  is 
smaller  than  that  of  the  dense  y-alumina  (ns=1.7).  The  Lorentz-Lorenz  equation  [7,8,9]: 

(neR?-l)/(  neff'+2)=  (1-  P,  )(n^l)/(  ns'+2)  (1) 

was  used  to  calculate  a  porosity  of  52%  from  the  refractive  index  measurements,  which  is  in 
good  agreement  with  the  value  estimated  by  AFM.  This  value  of  the  porosity  was  used  in  the 
theoretical  estimation  of  the  shrinkage  at  the  drying  process  and  the  efficiency  of  the 
planarization. 

The  efficiency  as  a  planarizing  agent  can  be  estimated  by  assuming  that  the  thickness  of 
liquid  precursor  which  coats  the  substrate  from  either  spin  or  dip  coating  is  greater  than  the 
amplitude  of  the  surface  roughness,  d.  As  a  result  the  liquid  precursor  overlaps  all  surface  relief 
Its  surface  is  flat  and  remains  flat  as  the  solvent  evaporates  until  the  precursor  will  transform  in  a 
solid  or  a  very  viscous  phase  (critical  concentration)  at  which  time  non  uniform  shrinkage  will 
take  place.  This  shrinkage  should  be  one  dimensional  in  the  direction  perpendicular  to  the 
surface  because  the  coating  is  still  relatively  liquid  at  this  stage  of  the  process  with  the  change  in 
the  thickness  being  proportional  to  the  change  in  the  volume  of  the  film,  i.e.  the  concentration  of 
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o  -  a)  n=1.34:  d=947nm.  ‘ 
□  -  b)  n=1.30:  d=1009nrrr 
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Fig.3.  Reflection  optical  spectra  for  the  alumina  films  on  silicon  substrate. 

a)  One-layer  structure,  suspension  diluted  by  2-butoxyethanol  (1:1); 

b)  One-layer  structure,  suspension  diluted  by  2-butoxyethanol  (2:1); 

c)  Five-layer  structure,  suspension  diluted  by  2-butoxyethanol  (1:1); 

A1203  in  the  suspension.  The  resulting  roughness  at  the  end  of  the  drying  process  will  be  defined 
by  the  ratio  of  the  precursor  volumes  after  and  before  drying  process  and  the  number  of 
depositions  as  follows: 

di=d(l-x)  for  one  coating  and  dn=d(l-x)"  for  multi  deposition  process  (2) 

where  x  is  shrinkage  of  the  film  from  the  point  with  the  critical  concentration  to  the  final  solid 
phase  phase. 

It  can  be  seen  that  the  efficiency  of  the  planarization  depends  upon  the  number  of  the 
deposition  and  the  volume  fraction  x,  but  not  upon  the  thickness  of  the  layer.  So,  in  order  to 
optimize  planarization  it  is  better  to  use  several  coatings  with  the  minimal  thickness  which 
overlaps  the  relief  than  one  thick  coating.  For  this  reason  five  depositions  of  the  precursor  were 
used  which  gave  1 .5pm  for  each  deposition  rather  than  a  single  coating  of  7.5pm. 

Fig.4.  presents  the  measurements  of  the  roughness  of  the  initial  alumina  substrate  (Fig.4a) 
and  for  two  coated  samples.  Both  samples  had  the  same  amount  of  coatings  at  the  same  spinner 
speed  and  were  treated  at  the  same  final  temperature  lOOO^C.  But  the  first  sample  (Fig.4b)  was 
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dried  at  150°C  after  each  layer  deposition  and  was  treated  at  1000®C  only  after  deposition  of  all 
the  layers.  The  second  sample  (Fig.4c)  was  treated  at  lOOO^C  after  deposition  of  each  layer.  It 
can  be  seen  that  roughness  decreases  for  both  samples  but  in  different  degrees.  This  is  because  of 
shrinkage  with  the  transition  of  boehmite  to  y-alumina  phase  at  450°C.  The  first  sample  had  this 
transition  as  one  layer  and  the  second  as  a  five-layer  structure.  This  shrinkage  should  be  three 
dimensional,  because  it  take  place  in  the  solid  phase  and  will  be  proportional  to  the  cube  root  of 
the  change  of  the  volume  at  the  transition.  The  estimation  of  the  changes  in  the  volume  of  the 
coating  by  Eq.2  using  this  assumption  gives  the  result,  which  is  in  good  agreement  with  the 
calculated  value  for  this  phase  transition. 

It  is  possible  to  show  that  the  shrinkage  is  connected  with  the  critical  concentration  in  the 
suspension  by  the  equation: 


where 


(l-p^.  l4>_l  .PA'203 

{  yk  J  pH20 

k  is  the  weight  fracture  of  the  solid  phase  at  the  transition  point, 

Ps  is  porosity  of  the  coating, 

pAi203  and  ph20  are  the  densities  of  boehmite  and  water  correspondingly. 


(3) 


The  value  of  k  calculated  from  (3)  is  51%,  which  is  ten  times  higher,  than  the  one  for  sol- 
gel  precursors.  That  is  the  reason  why  colloidal  suspension  is  so  effective  as  a  planarizing  agent. 


Fig.4.  Planarizing  properties  of  the  alumina  colloidal  suspension. 

a)  Surface  profile  of  the  polished  substrate; 

b)  Five  layer  coating  treated  at  lOOO'^C  after  all  layers  were  deposited; 

c)  Five  layer  coating  treated  at  1000°C  after  each  layer  deposition. 
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CONCLUSIONS 


•  Colloidal  water  suspensions  of  nanosize  boehmite  particles  have  two  advantages  in 
comparison  with  sol-gel  solutions  and  different  modified  precursors,  based  on  sol-gel 
teehnology:  higher  content  of  the  solid  phase  and  lower  viscosity. 

•  The  addition  of  the  2-butoxyethanol  to  the  suspension  improves  wetting  of  the 
substrate  by  the  precursor  and  adhesion  of  the  coating.  It  is  possible  to  deposit  one- 
layer  or  multilayer  coatings  from  this  precursor  on  different  substrates  (AI2O3,  Pt,  Si) 
without  cracking  the  film  or  separation  from  the  substrate. 

•  The  mechanical  properties,  optical  transparency  and  porosity  of  the  coatings  from  the 
suspension  are  analogous  to  those  prepared  from  sol-gel  solution,  but  the  cracking  limit 
is  higher  (2)im  at  the  quick  drying  process  and  lOpm  at  the  slow  drying  process). 

•  Colloidal  suspensions  provide  good  planarization  of  the  rough  surfaces.  It  is  at  least  10 
times  more  effective  than  sol-gel  solutions.  A  substrate  with  a  roughness  of  2pm  can  be 
planarized  up  to  50nm  by  5  coatings  and  is  limited  only  by  the  particle  size  in  the 
suspension. 
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ABSTRACT 

The  surface  chemical  reactions  at  the  origin  of  the  CO  detection  by  Sn02-based  sensors  are 
investigated  by  Fourier  transform  infrared  spectrometry  for  two  different  Sn02  particle  sizes. 
Knowing  that  the  variations  of  the  infrared  energy  transmitted  by  the  sample  versus  surrounding 
gases  are  related  to  the  variations  of  the  electrical  conductivity,  correlation  of  surface  chemical 
reactions  with  the  sensor  response  is  established  and  discussed. 

INTRODUCTION 

The  increasing  demand  for  environment  monitoring  calls  for  gas  sensors  capable  of  detecting 
pollutants  at  sub-ppm  levels.  Such  a  high  sensitivity  can  be  reached  by  using  nanosized  particles 
in  the  fabrication  of  screen-printed  chemical  gas  sensors.  The  benefit  of  using  nanoparticles  is 
double.  Firstly,  their  high  surface-to-bulk  ratio  leads  to  a  larger  area  exposed  to  the  gases  to  be 
detected.  Secondly,  the  grain  size  of  the  nanoparticles  becomes  comparable  to  the  depth  of  the 
depletion  layer.  It  is  therefore  expected  that  the  sensitivity  will  be  influenced  by  the  particle  size. 

Besides,  it  has  been  proved  that  nanosized  Sn02-based  sensors  exhibit  a  maximum  sensitivity 
toward  CO  at  two  different  temperatures,  one  of  them  being  close  to  room  temperature  [1]. 
Although  it  is  known  that  CO  detection  is  based  on  redox  mechanisms,  the  oxidation  of  CO  into 
CO2  is  not  expected  to  take  place  at  room  temperature.  To  clearly  understand  the  CO  detection 
mechanism,  the  chemical  reactions  occurring  at  the  surface  of  Sn02-based  sensors  have  to  be 
studied  in  close  connection  with  the  electrical  conductivity  variations.  A  convenient  tool  for  this 
dual  analysis  is  Fourier  transform  infrared  (FTIR)  spectrometry.  Indeed,  it  allows  the  in  situ 
investigation  of  the  surface  chemical  species  modifications  under  various  environments  [2], 
simultaneously  with  the  measurement  of  the  infrared  energy  transmitted  by  the  semiconductor 
sample  directly  related  to  the  variations  of  the  electrical  conductivity.  According  to  the  Drude- 
Zener  theory,  the  infrared  energy  (Ek)  transmitted  by  the  semiconductor  sample  is  related  to  the 
concentration  of  the  free  carriers,  that  is  the  Eir  variations  are  directly  related  to  the  variations  of 
the  electrical  conductivity  due  to  modifications  of  the  gaseous  environment  of  the  semiconductor 
sample,  provided  that  the  surface  states  are  not  strongly  affected  [3].  Practically  speaking,  when 
a  n-type  semiconductor  is  in  contact  with  a  reducing  gas  such  as  CO,  its  electrical  conductivity 
increases  due  to  the  increase  of  the  free  carriers  density.  This  results  in  a  higher  absorption  of  the 
infrared  radiation  by  the  semiconductor  sample  and,  therefore,  to  a  decrease  of  the  infrared 
energy  transmitted  by  the  sample.  Conversely,  when  the  n-type  semiconductor  is  subjected  to  an 
oxidizing  gas  such  as  oxygen,  its  electrical  conductivity  decreases  and  the  sample  becomes  more 
transparent  to  the  infrared  radiation.  In  summary,  when  the  electrical  conductivity  decreases,  we 
should  observe  an  increase  of  the  infrared  energy  transmitted  by  the  sample  and  vice  versa.  It  is 
therefore  easy  to  realize  the  unique  contribution  of  FTIR  spectrometry  in  the  understanding  of 
the  gas  detection  mechanism.  Although  our  FTIR  experiments  were  performed  on  pressed 
nanosized  powders,  the  surface  chemical  reactions  inducing  the  sensor  response  have  been 
demonstrated  to  be  identical  on  the  real  sensor  fabricated  from  these  nanopowders  [4]. 
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EXPERIMENTAL 


The  Sn02  nanosized  powders  used  in  the  present  experiments  were  synthesized  by 
evaporation  of  compressed  micron-sized  SnOi  powder  with  the  pulse  radiation  of  a  Nd:YAG- 
laser  and  subsequent  condensation  of  the  vapor  in  a  controlled  atmosphere  [5],  Two  batches 
corresponding  to  the  average  particle  diameters  of  15  nm  (SI 5)  and  8  nm  (S8)  have  been  studied. 
XRD  analyses  essentially  showed  the  quadratic  phase. 

The  FTIR  measurements  were  performed  by  using  a  Perkin-Elmer  Spectrum  2000 
spectrometer,  equipped  with  a  MCT  cryodetector.  A  specially  designed  vacuum  cell  allowed  the 
in  situ  analyses  at  different  temperatures  (from  room  temperature  up  to  500°C)  under  vacuum  or 
controlled  atmospheres  [2].  The  nanopowders  to  be  analyzed  were  gently  pressed  into  thin 
pellets  and  placed  inside  the  furnace  of  the  vacuum  cell.  The  spectra  were  recorded  from  7800  to 
450  cm‘^  with  a  4  cm"'  resolution.  For  the  real  sensors  prepared  from  1 5  and  8  nm  Sn02  particles, 
it  has  been  determined  that  two  sensitivity  maxima  for  CO  detection  occurred  around  120°C  and 
350°C  [1].  Therefore,  our  FTIR  experiments  were  performed  on  the  two  Sn02  nanopowders  at 
these  two  temperatures.  To  simulate  the  gas  sensors,  the  experiments  were  conducted  the 
following  way  [6].  The  pellet  of  pressed  Sn02  nanopowder  was  placed  inside  the  furnace  of  the 
vacuum  cell  and  evacuated  at  room  temperature  (10‘^  mbar).  Fifty  mbar  of  oxygen  were  then 
introduced  in  the  cell  and  the  Sn02  pellet  was  heated  at  400°C  for  one  hour.  This  heat-treatment 
under  O2  actually  corresponds  to  the  pretreatment  undergone  by  the  real  sensors  before 
operation.  To  eliminate  all  the  gaseous  impurities  which  could  have  possibly  desorbed  from  the 
Sn02  sample  during  the  heat-treatment  (e  g.  humidity  and  other  surface  contaminants),  the  cell 
was  quickly  evacuated  at  400°C  and  a  new  dose  (50  mbar)  of  fresh  oxygen  was  introduced.  The 
sample  was  cooled  at  room  temperature  under  O2  and  heated  again  at  the  temperature  chosen  for 
the  gas  sensing  experiments  (120°C  or  350°C).  At  the  selected  temperature,  oxygen  was  quickly 
evacuated  and  replaced  with  a  dose  of  CO  (10  mbar).  After  a  10-minute  contact,  CO  was 
evacuated  before  the  addition  of  a  new  dose  of  CO,  thus  starting  a  new  measurement  cycle. 
These  CO  doses  (10  mbar)  can  be  also  added  in  presence  of  O2  (50  mbar)  to  simulate  the 
working  conditions  of  the  real  sensors  in  air.  In  this  latter  case,  oxygen  was  introduced  for  10  (or 
20)  minutes  followed  by  the  addition  of  CO  for  10  minutes  before  quick  evacuation  of  the  cell. 
At  each  step  of  the  experiments,  both  the  infrared  spectrum  and  the  infrared  energy  transmitted 
by  the  sample  were  recorded. 

RESULTS  AND  DISCUSSION 

After  a  heat-treatment  under  oxygen  as  described  above,  the  S15  nanopowder  was  subjected 
to  three  subsequent  CO  doses  in  absence  of  O2,  followed  by  four  subsequent  doses  of  CO  in 
presence  of  O2  at  120°C  and  350°C.  The  Ek  variations  versus  gas  exposures  are  reported  in 
Figure  1.  By  analogy  with  the  real  sensor,  these  E]r  variations  will  be  referred  to  as  the 
nanopowder  response.  It  can  be  easily  seen  that,  whatever  the  temperature,  the  addition  of  the 
first  CO  dose  causes  a  strong  decrease  of  Em  transmitted  by  the  sample,  thus  indicating  an 
increase  of  the  electrical  conductivity,  which  is  in  agreement  with  the  response  of  the  real  sensor. 
However,  the  sample  does  not  recover  its  original  transparency  after  CO  evacuation,  meaning 
that  the  original  oxidation  state  of  the  Sn02  particles  is  not  restored.  The  addition  of  the  second 
and  third  CO  doses  at  350°C,  still  in  absence  of  O2,  does  not  lead  to  further  reduction,  showing 
that  the  Sn02  particles  are  already  totally  reduced  by  the  first  CO  dose.  At  120°C,  a  very  weak 
decrease  of  the  electrical  conductivity  can  still  be  noted.  The  addition  of  50  mbar  of  O2  for  20 
minutes  completely  restores  the  Sn02  oxidation  state  at  350°C,  while  it  leads  to  a  very  limited 
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oxidation  state  recovery  at  120°C.  This  can  be  explained  by  a  higher  oxygen  difiRision  rate  at 
350°C  than  at  120°C  inside  the  lattice.  When  CO  is  added  in  presence  of  O2,  a  reproducible 
response  is  observed  and  the  oxidation  state  of  Sn02  is  restored  after  each  oxygen  addition. 

In  parallel,  the  infi-ared  spectra  recorded  at  the  different  stages  of  the  experiments  show 
strong  modifications  of  their  baseline  corresponding  to  variations  of  the  background  infi-ared 
absorption  due  to  changes  in  the  free  carriers  density  (that  is,  changes  in  the  electrical 
conductivity).  When  these  baseline  modifications  are  not  too  strong,  it  is  possible  to  perform  the 
difference  between  two  spectra  recorded  at  two  different  stages  of  the  experiment  in  order  to 
highlight  the  surface  chemical  species  which  can  be  perturbed,  created  or  eliminated  during  the 
considered  experimental  step.  In  the  following,  we  have  chosen  to  present  the  difference  spectra 
corresponding  to  the  evacuation  steps  (that  is,  the  spectrum  recorded  just  after  evacuation  minus 
the  spectrum  recorded  just  before  evacuation).  Indeed,  because  the  Sn02  oxidation  state  is  not 
strongly  affected  by  quick  cell  evacuation,  the  modification  of  the  spectrum  baseline  during  the 
evacuation  steps  is  not  as  important  as  it  is  during  the  CO-addition  steps.  These  difference 
spectra  actually  give  information  on  the  species  which  are  eliminated  (negative  bands),  created  or 
restored  (positive  bands)  during  evacuation.  Apart  from  the  negative  bands  centered  at  2143  cm‘^ 
due  to  the  elimination  of  gaseous  CO,  the  only  surface  modification  which  can  be  observed  at 
120°C  is  the  perturbation  of  the  OH  groups  as  indicated  by  the  positive  bands  at  1250  and  965 
cm‘^  (Figure  2a,b).  But  at  350°C  in  absence  of  O2,  a  small  amount  of  CO2  is  detected  (negative 
band  centered  at  2340  cm'^)  proving  that  oxygen  species  are  available  at  the  surface  of  the  Sn02 
particles  for  the  CO  oxidation  (Figure  3a).  When  CO  is  added  at  350°C  in  presence  of  O2,  CO2  is 
instantaneously  formed  (Figure  3b)  in  addition  with  carbonate  groups  totally  reversible  by 
evacuation  (negative  bands  at  1426  and  1372  cm'^).  Moreover,  the  OH  groups  are  perturbed.  At 
120°C  neither  CO2  nor  carbonate  groups  can  be  identified.  However,  a  weak  response  of  the 
Sn02  nanopowder  toward  CO  is  noted.  This  has  been  confirmed  by  the  electrical  measurements 
performed  on  the  real  sensors  [1]. 

The  same  series  of  experiments  were  performed  on  the  S8  nanopowder.  The  Em  variations 
are  given  in  Figure  4  at  120°C  and  350°C  versus  gas  exposures.  Like  in  the  case  of  the  SI 5 
nanopowder  and  whatever  the  temperature,  the  response  toward  the  first  CO  dose  in  absence  of 
O2  is  very  intense  compared  to  that  toward  the  second  and  third  CO  doses.  Still  in  absence  of  O2, 
the  perturbation  of  the  OH  groups  is  noted  at  120°C  (Figure  5a),  but  it  is  not  observed  at  350®C 
(Figure  6a)  whereas,  in  presence  of  O2,  it  is  observed  whatever  the  temperature  (Figures  5b  and 
6b).  Unlike  the  case  of  the  SI 5  nanopowder,  a  small  amount  of  CO2  is  formed  at  120°C  in 
absence  or  in  presence  of  O2  (Figure  5).  This  means  that  the  oxidation  of  CO  can  take  place  at  a 
lower  temperature  on  the  surface  of  these  small  particles.  Carbonates  are  formed  only  at  350°C 
and  in  presence  of  oxygen  (Figure  6b).  We  also  note  that  the  recovery  of  the  Sn02  oxidation 
state  at  120°C  is  faster  on  S8  than  on  SI 5. 

Table  I  summarizes  the  surface  modifications  occurring  on  the  Sn02  particles  under  CO 
versus  particle  size  and  experimental  conditions.  The  unexpected  oxidation  of  CO  at  lower 
temperature  on  S8  means  that  the  surface  oxygen  species  are  more  reactive  on  S8  than  on  SI 5. 
This  is  however  in  agreement  with  the  general  observation  made  on  surface  reactivity  of 
nanosized  powders:  the  decrease  of  the  particle  size  usually  increases  the  density  of  defect  sites 
on  the  particle  surface,  thus  increasing  the  surface  reactivity.  This  leads  to  a  higher  response  of 
S8  toward  CO  at  120°C,  which  is  in  agreement  with  the  electrical  measurements  performed  on 
real  sensors  made  of  8-nm  and  15-nm  Sn02  nanopowders.  In  addition,  the  faster  recovery  of  the 
S8  oxidation  state  at  120°C  is  obviously  due  to  the  smaller  particle  size  allowing  a  deeper  oxygen 
diffusion  in  the  core  of  the  particle  even  at  this  low  temperature.  The  perturbation  of  the  surface 
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Figure  1.  Variations  of  the  infrared  energy  transmitted  by  the  SI  5  nanopowder  versus 
gas  exposures;  a)  ♦  at  120°C;  b)  □  at  350°C. 


Wavenumbers  (cm- 1 )  Wavenumbers  (cm- 1 ) 

Figure  2.  Difference  IR  spectra  of  the  SI 5  Figure  3  Difference  IR  spectra  of  the  SI 5 
powder  corresponding  to  the  evacuation  step  powder  corresponding  to  the  evacuation  step 
atl20°C;  a)  in  absence  of  O2;  at  350°C:  a)  in  absence  of  O2; 

b)  in  presence  of  O2.  h)  in  presence  of  O2. 
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Figure  4:  Variations  of  the  infrared  energy  transmitted  by  the  S8  nanopowder  versus 
gas  exposures:  a)  ♦  at  120°C;  b)  □  at  350°C. 


Figure  5:  Difference  IR  spectra  of  the  S8  Figure  6.  Difference  IR  spectra  of  the  S8 
powder  corresponding  to  the  evacuation  step  powder  corresponding  to  the  evacuation  step 
at  120°C;  a)  in  absence  of  O2;  at  350°C:  a)  in  absence  of  O2; 

b)  in  presence  of  O2.  b)  in  presence  of  O2. 
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OH  groups  may  play  a  role  in  the  sensor  response  since  it  is  the  only  effect  observed  on  the  S 15 
at  120°C.  Obviously,  the  perturbation  of  the  OH  vibrational  frequencies  translates  into  a 
perturbation  of  the  electronic  distribution  in  the  surface  OH  bonds,  which  may  have  consequences 
on  the  free  carrier  density  at  the  surface  and,  thus,  on  the  thickness  of  the  depletion  layer.  We 
have  mentioned  that,  whatever  the  powder  size,  the  OH  groups  are  not  perturbed  at  350°C  in 
absence  of  O2.  However,  it  must  be  reminded  that  under  these  conditions,  the  addition  of  CO  leads 
to  a  very  strong  increase  of  the  electrical  conductivity  corresponding  to  a  very  strong  modification 
of  the  spectra  baseline.  Moreover,  after  this  first  CO  addition,  the  samples  become  almost  opaque 
to  the  IR  radiation.  As  a  result,  changes  in  the  OH  absorption  bands  may  be  masked. 


Table  I:  Comparison  of  the  surface  species  formed  on  the  two  SnOa  nanopowders  under  CO. 


In  Absence  of  Oxygen 

In  Presence  of  Oxygen 

Temperature 

1 5-nm  diameter 

(S15) 

8-nm  diameter 
(S8) 

15-nm  diameter 

(S15) 

8-nm  diameter 
(S8) 

120°C 

No  CO2 

No  Carbonates 
OH  perturbed 

CO2 

No  Carbonates 
OH  perturbed 

No  CO2 

No  Carbonates 
OH  perturbed 

CO2 

No  Carbonates 
OH  perturbed 

350°C 

CO2 

No  Carbonates 
OH  not  perturbed 

CO2 

No  Carbonates 
OH  not  perturbed 

CO2 

Carbonates 

OH  perturbed 

CO2 

Carbonates 

OH  perturbed 

CONCLUSION 

FTIR  spectrometry  is  proved  to  be  an  extremely  valuable  tool  to  investigate  the  sensing 
properties  of  nanosized  powders  and  to  correlate  the  gas  detection  mechanism  to  the  chemical 
reactions  occurring  on  the  very  surface  of  the  semiconductor  particles.  In  agreement  with  the 
electrical  measurements  performed  on  the  real  sensors,  the  8-nm  diameter  Sn02  powder  appears 
to  be  the  most  sensitive  material  at  low  temperature.  It  has  thus  been  demonstrated  that  the 
decrease  of  the  particle  size  leading  to  a  higher  surface  reactivity  is  fundamentally  beneficial  to 
the  sensitivity  of  gas  sensors. 
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DIFFERENT  DEPOSITION  TEMPERATURES 


A.  M.  Ali,  T.  Inokuma,  Y.  Kurata  and  S.  Hasegawa 
Department  of  Electronics,  Faculty  of  Technology,  Kanazawa  University, 
Kanazawa  920-8667,  Japan 


ABSTACT 

Nanocrystalline  silicon  (nc-Si)  films  were  deposited  on  fused  quartz  and  single  (100) 
crystal  Si  substrates  by  plasma-enhanced  chemical  vapor  deposition  from  a  SiH4-H2  mixture  at 
various  deposition  temperatures^  Jd-  The  effects  of  plasma-assisted  hydrogenation  at  300  ‘’C  on 
the  optical  and  structural  properties  were  examined  for  the  nc-Si  films.  The  film  deposited  at  Td 
=  730  °C  exhibits  photoluminescence  (PL)  in  its  as-deposited  state,  but  the  intensity  of  PL 
decreases  after  hydrogenation.  We  find  that  a  correlation  between  the  PL  intensity  and  infrared 
absorption  bands  at  around  850  and  1000  cm 


INTRODUCTION 

Nanocrystalline  silicon  (nc-Si)  and  polycrysilline  silicon  (poly-Si)  are  expected  to  be 
applied  to  optoelectronic  devices,  optical  interconnections,  electroluminescence  devices,  and  thin 
film  transistors  (TFTs).  Because  such  materials  would  be  suitable  with  the  existing  industrial 
infrastructure  for  ultra-large  scale  integrated  circuits,  and  its  higher  mobility  than  that  of 
amorphous  Si  (a-Si).  In  addition,  the  intensive  photoluminescence  (PL)  at  room  temperature  has 
attracted  much  attention  for  nc-Si  films.  However,  the  mechanism  of  the  observed  visible  PL  is 
still  unclear;  Some  researchers  attribute  the  PL  to  quantum  size  effects  in  the  Si  nanostructures 
[1-4]  while  others  attribute  it  to  a-Si  [5,6],  siloxene  [7,8],  hydrides/polysilanes  [9,10]  and 
oxygen-related  defect  centers  [11-13].  Plasma-enhanced  chemical  vapor  deposition  (PECVD)  is 
one  of  methods  to  grow  nc-Si  and  poly-Si  films  having  some  advantages  such  as  low  deposition 
temperature  and  large-area  deposition.  The  PECVD  nc-Si  thin  films  usually  contain  randomly 
orientated  nanocrystals  (5-50  nm)  embedded  in  a  hydrogenated  amorphous  tissue  (SiHx),  with  a 
variable  volume  fraction  of  nanocrystals  dependent  on  the  growth  conditions  [14,15].  In  our 
previous  papers  [16,17],  we  reported  the  properties  of  PECVD  poly-Si  films  deposited  by 
changing  the  deposition  temperature  (Td)  and  film  thickness.  It  was  shown  that  the  <110> 
preferential  orientation  occurred  in  the  range  of  Td  higher  than  500  °C,  while  the  <11 1> 
preferential  orientation  occurred  at  Td  lower  than  500  °C.  In  addition,  we  found  no  crystallization 
of  the  films  at  Td  around  both  150  and  650  ®C. 

In  this  article,  0.2-[xm-thick  nc-Si  films  were  deposited  using  SiH4-H2  mixtures  by 
changing  Jd-  The  effects  of  plasma-assisted  hydrogenation  at  300  °C  on  the  optical  and  the 
structural  properties  were  investigated  for  the  nc-Si  films. 


EXPERIMENTAL 

The  samples  were  deposited  by  rf  glow-discharge  decomposition  of  SiH4-H2  mixtures  in 
a  hot-wall  type  fused  quartz  reactor,  employing  inductive  coupling  of  rf  power.  The  SiH4  and  H2 
flow  rates  were  1.0  and  3.0  seem,  respectively.  The  rf  power  (13.56  MHz)  and  gas  pressure  were 
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maintained  at  20  W  and  0.15  Torr,  respectively,  and  0.2-pm-thick  films  were  deposited.  Ta  was 
varied  from  500  to  730  ®C.  For  the  plasma-assisted  hydrogenation,  the  flow  rate  of  H2,  gas 
pressure,  rf  power,  the  temperature,  and  duration  were  3.0  seem,  0.3  Torr,  5  W  and  300  °C  and 
30  min,  respectively.  Fused  quartz  substrates  were  used  for  measurements  of  Raman  scattering, 
x-ray  diffraction  (XRD)  and  stress  measurements,  and  (100)  Si  substrates  for  measurement  of 
Fourier  transform  infrared  (FT-IR)  spectroscopy.  The  crystal  structure  was  investigated  by  XRD 
(SHIMADZU  XD-Dl).  The  average  grain  size,  <5>,  in  the  depth  direction  of  the  film  was 
estimated  from  the  half- value  width  of  the  XRD  spectrum  using  Scherrer’s  formula  [18].  The 
Raman  spectra  are  composed  of  signals  from  a  crystalline  phase  at  around  520  cm'^  and  an 
amorphous  phase  at  around  480  cm'\  The  crystalline  volume  fraction,  p,  was  estimated  from  the 
Raman  spectra  using  the  procedure  proposed  by  Tsu  et  al  [19].  The  structural  properties  were 
also  examined  by  vibrational  absorption  measurements  using  IR  spectrometer  (JASCO,  FT/IR- 
610)  at  a  normal  light  incident  and  under  vacuum  conditions,  using  a  bare  silicon  wafer  similar 
to  the  substrates  used  for  the  samples,  as  a  reference  in  the  range  of  400-4000  cm  \  PL  spectra 
were  measured  using  a  Jobin  Yvon  RAMANOR  HG  2S  spectrometer  coupled  with  a  cold  photo¬ 
multiplier  tube  (Hamamatsu  R649S).  The  488-nm  Ar-ion  laser  with  power  ranging  from  100  to 
150  mW  was  used  as  a  PL  exitation  source.  The  stress  in  the  films  was  evaluated  from  the 
curvature  of  the  film/substrate  system,  using  Stoney’s  formula  [20]. 


RESULTS  AND  DISCUSSION 

Figure  1  shows  the  Raman  spectra  as  deposited  films  with  Td  =  500,  600,  640  and  730  °C. 
The  peaks  at  -520  cm’^  and  -480  cm'^  are  due  to  the  transverse  optic  (TO)  mode  of  the 
crystalline  phase  and  TO-like  modes  in  an  amorphous  phase,  respectively.  In  the  films  deposited 
at  500  and  730  °C,  the  signal  from  crystalline  phase  was  clearly  observed. 


Raman  Shift  (cm’^ ) 


Fig.  2.  The  crystalline  volume  fraction,  p, 
as  a  function  of  deposition  temperature,  7d, 
for  nc-Si  films  as-deposited  (closed 
circles)  and  annealed  in  a  hydrogen-plasma 
at  300  °C  for  30  min  (closed  triangles). 


Fig.  1.  Raman  spectra  for  nc-Si  films 
deposited  at  different  temperatures. 


566 


Figure  2  shows  the  dependence  of  p  in  the  as-deposited  and  hydrogenated  films  on  I'd-  As 
shown  in  this  figure  the  values  of  p  decrease  up  to  Id  =  600  °C,  and  when  Id  is  over  650  “C,  p 
increase  with  increasing  Id-  No  crystalline  phase  was  found  for  the  films  deposited  at  Id  =  620 
and  640  “C.  In  a  previous  paper  [16],  it  is  suggested  that  no  crystallization  at  Id  =  620  and  640 
°C  may  be  interpreted  as  a  result  of  competition  among  growth  of  crystal  grains  with  different 
textures.  The  increase  in  p  after  hydrogenation  may  be  caused  by  an  etching  effects  due  to 
hydrogen  radicals,  which  while  predominantly  act  to  locations  of  amorphous  phase. 


500  550  600  650  700  750 


Deposition  Temperature  (°C) 


500  550  600  650  700  750 

Deposition  Temperature  (°C) 


Fig.  3.  (a)  Full-width  at  half  maximum 
(FWHM)  and  (b)  peak  frequency  of  the 
crystalline-phase  regions  for  nc-Si  films, 
as  a  function  of  deposition  temperature, 
Id.  As-deposited  (closed  circles)  and 
annealed  in  a  hydrogen-plasma  at  300  °C 
for  30  min  (closed  triangles). 


Fig.  4.  Stress  measured  for  nc-Si  films  as 
a  function  of  deposition  temperature,  Id- 
As-deposited  (closed  circles)  and 
annealed  in  a  hydrogen-plasma  at  300  °C 
for  30  min  (closed  triangles). 


Figure  3  shows  the  full  width  at  half  maximum  (FWHM)  and  the  peak  frequency 
estimated  for  the  crystalline  components  in  Raman  signals  of  the  as-deposited  and  hydrogenated 
films,  as  a  function  of  Id.  As  shown  in  Fig.  3(a),  the  FWHM  value  decreases  with  increasing  Id, 
while  it  increases  after  hydrogenation.  As  shown  in  Fig.  3(b),  the  peak  frequency  decreases  with 
an  increase  in  Id  up  to  Id  =  600  ®C  but  then  increases  for  Id  >  670  “C.  The  peak  shift  toward 
lower  frequency  with  increasing  Id  up  to  600  ‘’C  is  considered  to  be  caused  by  a  deterioration  in 
the  crystallinity,  as  seen  in  Figs.  1  and  2.  Such  a  deterioration  in  the  crystallinity  may  be  related 
to  a  change  in  the  robustness  in  the  Si  network  [21].  On  the  other  hand,  the  peak  shift  toward 
higher  frequency  for  Id  >  670  °C  was  found  to  correspond  to  a  decrease  in  the  tensile  stress  of 
the  films,  as  seen  in  Fig.  4. 

The  dependence  of  stress  in  the  film  on  Id  is  shown  in  Fig.  4.  The  measured  stress,  a,  is 
composed  of  two  different  type  of  stress:  One  is  the  intrinsic  stress,  ai,  depending  on  the  growth 
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process  of  the  film,  and  another  stress,  Ot,  due  to  the  thermal  expansion  mismatch  between  the 
film  and  the  substrate.  The  films  used  in  the  stress  measurements  were  deposited  on  fused  quartz 
substrates  which  has  a  small  thermal  expansion  coefficient  compared  with  the  Si  films. 
Therefore,  the  tensile  stress  observed  for  films  with  high  may  be  due  to  the  thermal  expansion 
mismatch. 


4000  3000  2000  1000  400 


Wavenumber  (cm  ) 

Fig.  5.  IR  transmittance  spectra  for  Si 
films  with  different  deposition 
temperature,  7d,  values  (a)  as-deposited 
and  (b)  annealed  in  a  hydrogen-plasma  at 
300  “C  for  30  min. 


1100  1000  900  800  760 

Wavenumber  (cm  ) 

Fig.  6.  Magnified  transmittance 
spectra  over  the  range  750-1100 
cm'^  for  the  films  shown  in  Fig.  5. 


Figure  5  shows  the  IR  transmission  spectra  over  the  wavenumber  range,  400-40(XI  cm'\ 
for  (a)  the  as-deposited  and  (b)  the  hydrogenated  films  deposited  at  different  T^.  As  shown  in 
Fig.  5,  the  absorption  bands  observed  at  around  650  cm'^and  2100  cm'^  are  assigned  to  the  Si-H 
bending  and  stretching  absorption,  respectively.  The  intensities  of  both  the  bands  decrease  with 
increasing  Ta  and  disappeared  for  >  620  °C.  After  hydrogenation,  the  intensities  of  650  cm‘^ 
and  2100  cm'^  bands  were  almost  same  as  as-deposited  ones.  On  the  other  hand,  there  are  two 
broad  absorption  bands  around  850  and  1000  cm‘\  Figure  6  shows  the  magnified  absorption 
spectra  for  these  bands.  As  seen  in  Fig.  6,  both  the  850  and  1000  cm‘^  bands  are  found  to 
increase  with  increasing  7d  and  decrease  after  hydrogenation.  We  can  not  assign  these  bands  at 
present  but  will  discuss  it  in  connection  with  the  result  of  the  PL  spectra  at  the  following  stage. 

The  PL  spectra  for  the  (a)  as-deposited  and  (b)  hydrogenated  films  are  shown  in  Fig.  7. 
Some  of  them  exhibit  two  peaks  at  -1.9  eV  and  -2.2  eV.  As  seen  in  Figs.  6(a)  and  7(a),  the 
increase  in  PL  intensity  and  peak  energy  for  the  films  as  deposited  at  500  ®C  and  730  ®C  is  found 
to  correspond  well  with  an  increase  in  the  intensities  of  the  850-  and  1000-cm'^-IR-absorption 
bands.  In  addition,  no  PL  is  observed  for  the  film  as-deposited  at  620  ^C,  which  was  amorphous 
as  seen  in  Fig.  2.  Therefore,  it  is  considered  that  an  amorphous  Si  phase  is  not  responsible  for  the 
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observed  luminescence  in  the  present 
case.  In  Fig.  7(b)  we  can  also  see  a 
strong  reduction  of  PL  intensity  as  an 
effect  of  plasma-assisted  hydro¬ 
genation.  The  reduction  of  PL  after  5 

hydrogenation  is  consistent  with  the  ^ 

decrease  in  the  intensity  of  850-  and  ^ 
1000-cm"^  IR  bands  as  shown  in  Fig.  w 
6(b).  From  XRD  measurements,  we  © 
obtained  values  of  <6>  =  20-50  nm.  — 
From  this  result  along  with  those  in  gj 
Figs.  5  and  7,  it  is  suggested  that  the 
PL  does  not  correlate  with  the  particle 
size  (quantum  size  effects)  and  also 
hydrides/polysilanes  because  the  SiH 
absorption  around  2100  and  650  cm’^ 
is  not  observed  for  films  with  Td  > 

620  ®C.  Thus,  the  PL  is  considered  to 
be  connected  with  the  structures 
related  to  the  unknown  IR  absorption 
bands  around  850  cm‘^  and  1000  cm'^ 


Photon  Energy  (eV) 

Fig.  7.  Photoluminescence  (PL)  spectra  for 
nc-Si  films,  (a)  as-deposited  and  (b)  annealed 
in  a  hydrogen-plasma  at  300  °C  for  30  min. 


CONCLUSIONS 

0.2-pm-thick  nanocrystalline  silicon  (nc-Si)  films  were  deposited  using  SiH4-H2  mixtures 
by  changing  deposition  temperature,  Td.  The  effects  of  plasma-assisted  hydrogenation  on 
crystallinity  and  optical  properties  were  examined.  When  Td  increases  the  crystalline  volume 
firaction,  p,  decreased  with  7d  up  to  Td  =  600  °C  and  then  increased.  No  crystalline  phase  was 
found  at  Td  =  620  and  640  °C.  The  peak  frequency  of  Raman  spectra  decreased  with  increasing 
Td  up  to  Td  =  600  °C  but  then  increased  for  Td  >  670  °C.  Such  Raman  shifts  corresponded  well 
with  a  decrease  and  increase  in  the  tensile  stress  of  the  films.  The  intensities  of  Si-H  bending  and 
stretching  absorption  at  around  650  cm'^  and  2100  cm'\  respectively,  decrease  with  increasing  Td 
and  disappeared  for  Td  >  620  ®C.  In  addition,  there  were  two  broad  absorption  bands  around  850 
and  1000  cm’\  and  which  increased  with  increasing  Td  and  decreased  after  hydrogenation.  The 
photoluminescence  spectra  were  also  found  to  exhibit  the  highest  intensity  at  Td  =  730  °C  but  it 
showed  a  strong  reduction  after  hydrogenation.  Our  results  supported  the  hypotheses  that  the 
luminescence  is  unlikely  to  originate  fi-om  quantum  size  effects,  amorphous  Si  and  silicon 
hydrides  but  may  be  connected  with  the  structures  related  to  unknown  absorption  band  around 
850  and  1000  cm  ^ 
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ABSTRACT 

The  electrical  resistance  of  Ni-Al  alloy  thin  films  prepared  by  dc  magnetron  sputtering 
process  was  found  to  be  abnormally  high  at  room  temperature.  However,  when  heated  at 
elevated  temperatures,  the  resistance  dropped  significantly,  exhibiting  a  remarkable  negative 
temperature  coefficient  of  resistance  (TCR).  The  phenomenon  was  found  to  be  substrate- 
independent.  Cross-sectional  transmission  electron  microscopy  revealed  that  the  films  were 
essentially  nanocrystalline  and  porous  in  nature.  Analysis  of  the  current  density-electric  field 
characteristics  yielded  a  satisfactory  agreement  with  either  the  space  charge  limited  or  the 
Poole-Frenkel  models  for  electrical  conduction.  The  negative  TCR  effect  diminishes  and  the 
usual  metallic  resistance  is  restored  in  thicker  films,  probably  due  to  reduction  in  particle 
separation  and  further  coalescence  of  neighbouring  crystallites. 

INTRODUCTION 

Materials  exhibiting  insulator-conductor  transition  have  been  extensively  investigated 
in  the  last  few  decades  because  of  their  scientific  interest  and  potential  engineering 
applications.  Electrical  resistivity  of  this  range  of  materials  will  undergo  drastic  changes  under 
the  influence  of  stress  or  thermal  agitation.  It  is,  for  instance,  reviewed  by  Mott  that  certain 
metals  such  as  barium  undergo  band-crossing  transition  and  become  insulators  under  sufficient 
compression  [1].  Some  ceramics  and  transitional  metal  oxide  materials,  on  the  other  hand,  have 
conduction  mechanisms  being  sensitive  to  temperature  changes  with  either  positive  or  negative 
temperature  coefficients  of  resistance  (TCR).  Apart  from  the  intrinsic  material  properties, 
which  give  rise  to  the  above  striking  conductivity  transitions,  the  nano-sized  crystalline 
structure  has  also  been  found  to  have  substantial  influence  on  the  electrical  properties  of  the 
materials  [2].  Thin  films  have  therefore  received  much  for  the  effects  of  their  miniaturised 
crystal  size  and  the  correlated  short-range  ordered  (SRO)  structure  on  the  behaviour  of 
electrical  conduction.  In  this  paper,  we  report  an  electrical  anomaly  observed  on  our  Ni-Al 
binary  alloy  thin  films.  Ni-Al  coatings  with  a  3:1  stoichiometry  have  been  investigated  in  our 
previous  work  with  respect  to  its  mechanical  strengthening  and  oxidation  protection  effects  on 
Ni  substrates  [3].  Although  the  Ni-Al  alloy  films  conform  to  a  normal  metallic  conductivity 
when  the  thickness  is  well  above  1  micron,  an  abnormally  high  electrical  resistance  is  exhibited 
at  room  temperature  when  the  film  is  thinner  than  a  few  hundred  nanometers.  The  electrical 
resistance  ramps  down  drastically,  however,  when  the  film  is  heated  up  to  a  moderate 
temperature.  The  aim  of  the  present  work  is  to  characterise  the  negative  temperature  coefficient 
of  resistance  (T.C.R.)  observed  in  the  Ni-Al  alloy  films  and  to  attempt  to  explain  such  a 
behaviour. 
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EXPERIMENTAL  PROCEDURE 


Thin  Film  Preparation 

The  Ni-Al  thin  films  were  deposited  by  a  water-cooled  DC  magnetron-sputtering  device 
(Bal-Tec  MED020)  using  a  nickel-aluminide  alloy  target  with  the  3Ni:lAl  stoichiometry.  The 
sputtering  vacuum  chamber  was  evacuated  to  a  base  pressure  of  below  1  x  10'*^  mbar  and  a 
continuous  flux  of  ultra  high  purity  Ar  was  introduced  at  a  pressure  of  2  x  10'^  mbar 
afterwards.  In  order  to  ensure  a  clean  deposit,  pre-sputtering  of  the  target  was  performed  for  an 
adequate  time  period.  Pure  nickel  approximately  15mmx20mmxlmm  in  size  was  used  as 
substrates.  Prior  to  depositions,  the  substrates  were  mechanically  polished  and  then  treated  with 
acetone  and  methyl  alcohol  to  remove  any  organic  contamination.  The  Ni-Al  films  were 
deposited  at  a  sputtering  power  of  70W.  Although  there  was  no  additional  thermal  source 
applied  to  the  nickel  substrate  during  the  deposition  process,  the  substrates  became  warmed  up 
to  approximately  80°C  by  the  plasma-discharge  heating.  The  thickness  of  the  Ni-Al  films  was 
limited  to  200nm  by  means  of  sputtering  time  control. 

Characterisation  of  Film  Microstructure 


Cross-sectional  transmission  electron  microscope  (XTEM)  specimens  were  prepared  by 
slicing  a  cylindrical  assembly  consisting  of  two  deposited  substrates  glued  together  with  their 
films  facing  against  each  other.  The  slices  were  mechanically  polished  to  a  thickness  less  than 
80  microns,  followed  by  twin-jet  electropolishing  with  90%  methanol  +  10%  perchloric  acid  at 
5V  and  -50°C.  All  the  XTEM  specimens  were  examined  using  a  JOEL  2000FX  TEM  operating 
at  200kV. 

Electrical  Properties  Measurement 

The  variation  of  electrical  resistance  with  respect  to  temperature  was  measured  for  the 
Ni-Al  thin  films.  The  deposited  specimens  were  rested,  with  the  films  facing  downward,  on 
two  thin  copper  electrodes  connected  to  a  high  accuracy  digital  ohmmeter  (Tektronix  DM257). 
A  piece  of  ceramic  block  was  inserted  between  the  electrodes  and  the  heater  surface  to  facilitate 
electrical  insulation.  The  temperature  of  the  films  was  monitored  by  a  surface  contact  type 
thermocouple  mounted  on  the  top  of  the  specimens.  The  power  of  the  heater  was  gradually 
controlled  such  that  the  samples  were  heated  up  at  a  sufficiently  low  speed  to  ensure  a  quasi¬ 
steady  state. 

The  J-E  characteristics  were  also  measured  for  the  thin  films.  The  deposited  specimen 
was  placed  in  between  two  copper  electrodes,  each  with  an  area  of  0.78cm^,  under  a  constant 
contact  pressure  of  approximately  5x10'^  Pa.  The  potential  difference  across  the  film  specimen 
was  monitored  by  a  voltmeter  connected  in  parallel  across  both  the  specimen  and  a  high 
accuracy  ammeter. 

RESULTS  AND  DISCUSSIONS 

As  revealed  by  the  XTEM  micrographs  shown  in  Fig.l,  the  Ni-Al  thin  film  exhibits  a 
pronounced  columnar  structure,  which  is  a  common  structure  observed  in  thin  films  under  low 
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Fig.  1  XTEM  micrographs  showing  (a)  the  columnar  structure  associated  with  a  Ni-Al  thin 
film  sputter-deposited  on  a  Ni  substrate  at  80°C;  (b)  the  constituent  nano-crystals  of 
about  50 A  in  size. 


temperatures.  However,  the  columns  are  found  to  consist  of  aggregation  of  nano-crystals  with 
size  around  50A.  Such  a  fine  crystallite  structure  is  accompanied  by  an  exceptionally  high 
density  of  inter-granular  boundaries,  which  makes  the  film  porous  in  nature. 

Fig. 2a  shows  the  variation  of  the  electrical  resistance  of  the  Ni-Al  thin  film  grown  on  a 
nickel  substrate  during  a  number  of  sequential  heating  and  cooling  processes.  It  can  be  seen 
that  the  resistance  of  the  film  drops  from  an  unmeasurable  high  level  (over  20  MQ)  down  to  the 
kilo-ohm  range  at  a  decaying  speed  as  the  temperature  rises  to  above  200''C.  This  clearly 
demonstrates  that  the  conduction  in  the  thin  film  is  associated  with  a  negative  temperature 
coefficient  of  resistance  (TCR),  the  magnitude  of  which  is  describable  as  an  insulator-to-metal 
transition.  Between  every  heating  and  cooling  curve,  a  resistance  gap  is  present,  and  this 
declines  upon  cyclic  repetitions  of  heating  and  cooling  until  the  two  curves  coincide  with  one 
another.  This  can  be  interpreted  as  a  consequence  of  crystallinity  enhancement  of  the 
amorphous-like  structure  in  the  film  by  thermal  agitation,  or  equally  likely,  a  progressive 
release  of  charge  carries,  which  are  originally  confined  to  traps,  to  promote  the  conductivity. 
Similar  Ni-Al  films,  which  were  deposited  on  silicate  glass  substrates,  have  been  found  to 
follow  a  similar  electrical  behaviour,  suggesting  that  the  negative  TCR  phenomenon  of  the  Ni- 
Al  films  is  substrate-independent.  A  supplementary  resistance  measurement  has  also  been  made 
on  a  pure  nickel  thin  film  prepared  under  similar  experimental  conditions.  The  result  shows 
that  the  negative  TCR  effect  is,  however,  negligible  in  the  pure  Ni  film  when  compared  with 
the  Ni-Al  counterpart  (Fig.2a). 

The  extremely  low  conductivity  of  the  Ni-Al  thin  film  is  once  anticipated  to  be  due  to 
the  formation  oxides  materials  like  NiO  and  AI2O3,  both  of  which  are  essentially  insulators  at 
room  temperature.  Yet  it  has  been  well  reported  that  NiO  showed  hardly  any  increase  in 
conductivity  even  well  above  its  Neel  temperature  (523K)  [4].  On  the  other  hand,  it  would  be 
difficult  to  imagine  that  alumina  would  participate  in  conduction  at  elevated  temperatures.  So  it 
is  evident  that  such  an  electrical  anomaly  is  largely  attributed  to  the  Ni-Al  binary  system  itself. 
It  is  also  found  that  the  negative  TCR  effect  of  the  Ni-Al  thin  films  gradually  diminishes  as  the 
thickness  increases.  This  is  anticipated  to  be  a  consequence  of  further  crystallite  coalescence 
and  the  associated  reduction  in  the  defect  concentration  and  inter-particulate  separations. 
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Fig.2  Temperature  dependence  of  electrical  resistance  of  nanostructured  Ni-Al  thin 
films:  (a)  resistance  as  a  function  of  temperature;  (b)  lnR-1/T  relationship. 

The  electron  transport  behaviour  has  long  been  investigated  by  different  workers  for 
thin  metal  films  of  structures  ranged  from  being  discontinuous  to  continuous  [5].  Porous  films, 
being  the  intermediate  type,  are  believed  to  possess  a  complicated  conduction  mechanism 
influenced  by  a  number  of  additional  factors,  such  as  intergranular  boundary  and  diffuse 
scatterings  [6].  There  has  been  a  tendency  to  explain  the  transport  in  porous  film  in  terms  of 
tunnelling  for  its  lower  activation  energy  involved  when  compared  with  thermionic  emissions, 
especially  when  the  porosity  is  high.  It  is  therefore  of  interest  to  know  more  about  the  effective 
conduction  mechanisms  in  our  nanostructured  Ni-Al  films,  which  show  an  intrinsic  porous 
nature. 
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The  plot  of  the  logarithm  of  electrical  resistance  against  the  reciprocal  of  temperature  is 
shown  in  Fig.2b.  The  data  are  well  described  by  linear  relationships,  especially  when  the 
negative  TCR  behaviour  becomes  stabilised.  It  can  be  noted  that,  for  each  of  the  heating¬ 
cooling  cycles,  the  resistance  change  exhibits  similar  activation  energies  of  0.7-0.8eV.  This 
rate-controlling  phenomenon  makes  satisfactory  agreement  with  a  simplified  thermionic 
emission  model,  which  is  described  by: 

*  =  (1) 

el  kT 

where  C  is  a  film-dependent  constant,  k  the  Boltzmann  constant  and  E  the  activation  energy. 
Mechanical  quantum  tunnelling  is  a  process  known  to  be  independent  of  temperature,  unless  it 
is  otherwise  thermally  activated  [6].  Fig.3  shows  the  current  density  (J)-electric  field  (E) 
characteristics  of  the  Ni-Al  thin  films  under  room  conditions,  which  resembles  that  of  an 
ordinary  semiconductor  diode  but  with  a  much  higher  current  density  level.  The  J  vs  E  curve 
can  be  represented  by  a  polynomial  of  the  forth  order,  which  indicates  that  a  space-charge- 
limited  (SCL)  emission  mechanism  actually  takes  effect  in  the  electrical  conduction.  A  fairly 
linear  relationship  obtained  in  the  log  J  vs  plot  in  Fig.4,  on  the  other  hand,  suggests  that  the 
Poole-Frenkel  (P-F)  themionic  emission  can  also  be  another  effective  transport  mechanism  in 
the  thin  films  [6].  Summing  up  the  above,  it  is  apparent  that  the  conduction  in  our  Ni-Al  thin 
films  is  largely  facilitated  by  emission  mechanisms,  which  are  successively  enhanced  at 
elevated  temperatures  to  facilitate  the  insulator-conductor  transitions.  Although  adequate 
evidence  to  rule  out  tunnelling  conduction  is  yet  to  be  found,  it  is  believed  that,  for  the  Ni-Al 
films,  tunnelling  should  not  be  the  predominating  mechanism  as  expected  in  other  porous  thin 
film  systems. 


Fig.3.  J-E  characteristics  of  a  Ni-Al  thin  film  Fig.4.  log  J  vs  E*^^  plot  showing  a  good 
with  a  negative  TCR.  agreement  with  the  P-F  emission 

conduction  model. 
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CONCLUSION 


In  the  present  study,  a  striking  electrical  conduction  phenomenon  has  been  detected  in 
sputter-deposited  Ni-Al  thin  films.  The  alloy  Ni-Al  films,  which  are  essentially  metallic-based, 
exhibit  an  inherent  insulating  property.  A  large  negative  TCR  was  recorded  under  moderate 
heating,  after  which  the  conductivity  approaches  metallic  behaviour.  The  insulator-conductor 
transition  is  noted  to  be  rate-controlling  with  an  activation  energy  of  0.7-0.8eV.  J-E 
characteristics  of  the  film  shows  that  conduction  models  including  space-charge-limited  (SCL) 
and  Poole-Frenkel  (P-F)  emissions  may  be  dominating  in  our  thin  film  systems. 
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ABSTRACT 

Some  oxide  eutectic  materials,  such  as  sapphire/YAG,  display  an  intricate  "Chinese  script" 
microstructure  which  strongly  influences  properties  such  as  mechanical  strength.  We  used 
the  micro  pulling-down  technique  to  grow  fibers  of  a  series  of  such  materials  at  rates  over  20 
mm/min,  giving  a  uniform  microstructure  with  a  characteristic  size  as  low  as  150  nm.  Bulk 
and  surface  characteristics  of  this  microstructure  were  investigated  by  electron  and  atomic 
force  nucroscopy.  Smaller  microstructure  size  gave  higher  tensile  strength  at  1500°C. 
Annealing  of  the  fibers  produced  some  coarsening  of  the  microstructure,  but  increased  the 
strength  at  lower  temperatures. 

INTRODUCTION 

Directionally  solidified  oxide  eutectics  are  promising  as  structural  materials  in  high- 
temperature  environments,  because  of  their  combination  of  high  strength  and  high  thermal 
stability  and  oxidation  resistance.  Although  bulk  oxide  eutectic  samples  often  exhibit  areas 
with  well-aligned  structure,  overall  structures  are  generally  non-homogeneous.  Structures 
exist  at  different  length  scales,  from  grains  to  colonies  to  the  inherent  eutectic  microstructure. 

In  such  non-uniform  structures,  the  strength-controlling  parameter  appears  to  be  the  coarse  size 
of  the  colony  areas  [  1  ].  This  makes  the  real  strength  much  lower  than  expected  from  the 
characteristic  microstructural  or  lamellar  size.  As  structural  applications  require  materials 
that  are  both  strong  and  uniform,  investigation  of  eutectic  morphologies  in  oxide  systems 
remains  of  primary  importance. 

Here  we  discuss  results  of  systematic  investigations  of  six  members  of  the  sapphire/gamet 
eutectic  family,  namely  AI2O3/R3AI5O12  with  R  =  Y,  Dy,  Ho,  Er,  Yb,  and  Lu.  Microstructures 
were  investigated  by  scanning  and  transmission  electron  microscopy  (SEM  and  TEM),  as  well 
as  atomic  force  microscopy  (AFM).  In  order  to  permit  quantitative  comparison  of  the 
"Chinese  script"  microstructure  of  these  materials,  we  used  image  analysis  techniques  to 
characterize  the  microstructure  in  terms  of  objectively  measureable  and  physically  significant 
parameters.  We  also  measured  the  thermal  stability  at  1500°C  in  oxidizing  atmosphere  and 
the  tensile  strength  at  temperatures  up  to  1700°C  for  some  of  the  materials.. 

EXPERIMENT 

The  starting  oxide  materials,  all  of  99.99%  purity,  were  mixed  in  eutectic  molar  ratios  [2,3], 
all  nearly  equal  to  81  mol%  AI2O3/19  mol%  R2O3  for  the  sapphire/gamets,  and  77  mol% 
AI2O3/23  mol%  Gd203  for  the  sapphire/perovskite.  The  p-PD  method  involves  pulling  down 
of  the  fiber  through  a  small  hole  in  an  iridium  crucible  which  is  heated  inductively  in  an  Ar 
atmosphere.  These  systems  were  non-wetting,  so  stable  anchoring  of  the  melt  meniscus  at  the 
crucible  edge  took  place  in  all  experiments.  The  seed,  usually  <000 1>  oriented  single  crystal 
AI2O3,  was  positioned  using  an  x-y  manipulator,  and  was  moved  down  during  growth  at 
constant  rates  in  the  range  of  0  -  40  mm/min  over  a  maximal  distance  of  500  mm.  Details  of 
the  method  have  been  reported  elsewhere  [4,5]. 
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The  SEM  images  were  analyzed  by  processing  the  digitized  micrographs  with  the  public 
domain  NIH  Image  program  (available  at  http://rsb.info.nih.gov/nih-image/),  using  custom 
procedures  to  calculate  parameters  characterizing  the  microstructure,  as  described  in  the  next 
section.  When  we  segmented  the  grayscale  images  into  distinct  sapphire  and  garnet  domains 
by  visual  inspection,  the  calculated  sapphire  volume  fraction  f  ^  closely  matched  the  value  of 
0.45  expected  from  the  proportions  of  the  initial  powder  mixture.  To  facilitate  consistent, 
objective  analysis,  further  processing  was  performed  with  images  automatically  segmented 
subject  to  the  constraint  that  f  ^  equal  the  expected  volume  fraction.  This  procedure  gave 
results  agreeing  with  individual  judgement,  and  was  justified  by  the  high  homogeneity  of  the 
microstructure.  The  data  obtained  from  such  analysis  represented  averages  over  tens  or 
hundreds  of  domains,  and  the  variation  from  region  to  region  or  fiber  to  fiber  was  roughly 
10%. 

The  atomic  force  microscope  provides  higher  resolution  than  SEM,  yet  lacks  a  direct 
means  of  distinguishing  the  sapphire  and  garnet  phases.  Samples  observed  in  their  as-grown 
condition  had  a  suggestive  though  indistinct  appearance,  but  we  found  that  samples  etched  for 
30  minutes  in  Ar  atmosphere  at  1300  -  1500°C  (far  below  the  eutectic  temperature  of  1830  ®C) 
exhibited  clearly  discernable  domains,  which  had  different  morphologies  and  were  separated 
by  grooves  where  the  etching  was  stronger.  Samples  prepared  in  this  way  from  both  the  outer 
surface  of  fibers  and  from  inside  the  fibers  as  exposed  by  fracture  were  imaged  in  air  with  a 
Digital  Instruments  Nanoscope  III  AFM,  Analysis  of  these  images  also  made  use  of  the  NIH 
Image  software  with  custom  extensions. 

RESULTS  AND  DISCUSSION 

The  fibers  obtained  in  our  experiments  were  generally  milky  and  opaque  in  appearance, 
sometimes  with  slight  coloring  due  to  the  rare  earth  ion  (e.g.  pinkish  for  Er,  yellowish  for  Dy, 
brownish  for  Ho).  The  fiber  diameter  could  be  controlled  over  the  range  200  p.m  to  2  mm  by 
adjustment  of  the  heating  power  and  pulling  rate.  Stable  growth  was  observed  from  a  pulling 
rate  of  0.1  mm/min  to  20  mm/min,  the  diameter  varying  less  than  5%.  The  maximum  length 
of  500  mm  was  limited  by  the  apparatus. 

Powder  XRD  patterns  from  crushed  fibers  showed  the  presence  of  only  the  AI2O3  a- 
alumina  and  R3Al50,2  garnet  crystal  forms.  The  interface  between  these  phases  in  the  fiber 
was  sharp  and  devoid  of  amorphous  material,  as  evidenced  by  the  TEM  lattice  images  for 
AI2O3/R3AI5OJ2  shown  in  [6]. 

Figure  1  shows  backscattered  electron  images  (BEI)  of  microstructures  of  various  fibers 
grown  at  a  range  of  pulling  rates.  The  two  phases  form  interpenetrating,  three-dimensional 
networks,  which  in  cross  section  display  the  "Chinese  script"  microstructure  homogeneously 
over  the  whole  fiber.  The  conventional  concept  of  lamellar  spacing  is  not  clearly  defined  for 
this  complex  pattern,  so  we  characterized  the  average  domain  size  for  a  phase  p  by  the  mean 
boundary  distance  dp,  the  average  over  all  points  (pixels)  of  that  phase  of  the  shortest  distance 
to  a  phase  boundary.  The  parameter  dp  has  the  physical  interpretation  that  the  sum  d  =  d^  +  dg, 
where  s  and  g  refer  to  sapphire  and  garnet  phases,  is  the  typical  distance  each  species  must 
diffuse  through  the  melt  to  accomplish  the  eutectic  phase  segregation  during  solidification.  In 
a  conventional  lamellar  structure,  d  is  equal  to  half  the  average  lamellar  width,  i.e.  one  fourth 
the  lamellar  wavelength. 

The  calculated  mean  boundary  distances  for  our  samples  were  uniform  over  the  fibers,  and 
varied  with  pulling  rate  v  as  illustrated  in  Figure  2.  The  different  materials  showed  similar 
dependences,  with  the  exception  that  the  Y  and  Er  materials  showed  a  noticeably  larger  size 
microstructure  at  low  growth  rates,  especially  at  1  mm/min  or  less.  The  theoretical  relation 
for  conventional  lamellar  structures,  d  ~  v  ’^,  also  seems  to  obtain  for  these  eutectics  with 
Chinese  script  microstructure. 
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Figure  1.  Electron  micrographs  showing  the  Chinese  script  microstructure  of  various  fibers 
grown  at  a  range  of  pulling  rates.  Bright  regions  are  RsAljOjj  and  dark  regions  are  AljOo. 
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Figure  2.  Variation  of  mean  boundary 
distance  d  with  pulling  rate  v.  Lines 
represent  best  fits  to  the  relation  d  -  v 
which  also  holds  for  conventional  lamellar 
structures. 
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Figure  3.  Total  length  per  unit  area  of  the 
boundaries  between  domains,  B.  Curves 
represent  best  fits  to  the  relation  B  ~  v*^. 


An  additional  characterization  parameter  is  the  interphase  boundary  length  B,  i.e.  the  total 
length  per  unit  area  of  the  boundaries  between  domains.  Processes  important  for  both  crystal 
growth  and  mechanical  properties  occur  along  these  boundaries,  for  example,  impurity 
segregation  during  solidification,  and  grain  growth  and  slip  processes  after  solidification. 
Figure  3  shows  the  variation  of  B  with  pulling  rate.  The  quantity  B  is  also  related  to  the 
shape  of  the  domains:  larger  values  correspond  to  longer  and  narrower  domains,  smaller 
values  to  more  compact  ones.  However,  since  B  is  also  larger  for  smaller  scale 
microstructure,  even  with  unchanged  shape,  the  best  parameter  to  use  as  a  shape  descriptor  is 
the  scale-invariant  product  a  =  B  (d^  +  dg).  We  found  that  a  does  not  depend  on  pulling  rate 
or  material. 

The  discussion  of  the  microstructure  has  so  far  been  based  on  electron  micrographs  of  fiber 
cross  sections.  Recently,  using  AFM,  we  have  shown  that  the  script  microstructure  extends  to 
the  surface  of  the  fibers.  Figure  4  shows  AFM  micrographs  of  the  surface  layer  and  of  the 
interior  of  a  fiber  grown  at  1  mm/min.  As  can  be  seen,  the  slight  etch  treatment  prior  to 
imaging  resulted  in  one  component  typically  having  a  relatively  smooth,  rounded  surface, 
while  the  other  displayed  a  more  faceted  or  stepped  appearance.  By  comparison  with 
similarly  treated  pure  sapphire  and  YAG  fibers,  the  rounded  phase  was  identified  as  YAG  and 
the  faceted  one  as  sapphire.  Given  this  identification,  domain  characteristics  and  volume 
fractions  could  be  obtained  with  image  analysis  techniques,  as  was  done  for  the  SEM  images. 
For  the  bulk  microstructure  in  the  fiber  interior,  the  two  techniques  yielded  the  same  results. 
However,  the  surface  was  found  to  have  a  higher  volume  fraction  of  sapphire  (over  0.60  at  1 
mm/min  vs.  0.45  in  bulk)  and  smaller  domain  size  by  a  factor  of  1.5  -  2.  The  difference 
varies  with  growth  rate,  and  the  surface  microstructure  tends  to  resemble  the  bulk  more  closely 
as  the  growth  rate  increases. 


Figure  4.  AFM  images  from  the  surface  (left)  and  interior  (right)  of  a  sapphire/YAG  fiber 
grown  at  a  pulling  rate  of  1  mm/min.  Rounded  regions  are  YAG  domains  and  more  faceted 
ones  are  sapphire.  The  surface  microstructure  has  smaller  size  and  higher  sapphire  fraction. 

For  the  systems  with  R  =  Y,  Er,  Dy,  and  Ho,  the  effect  of  annealing  in  air  at  1500°C  was 
investigated  [7].  Some  grain  growth  and  was  observed  and  the  sapphire  domains  tended  to 
become  more  compact  and  less  continuous.  Figures  5  and  6  show  this  change  quantitatively 
in  terms  of  the  values  of  the  parameters  d  and  B.  We  observed  an  increase  of  d  and  decrease 
of  B  with  treatment  time,  corresponding  to  a  slight  coarsening  of  the  microstructure.  The  rate 
of  change  of  d  and  of  B  with  time  is  about  the  same  for  the  materials  studied,  except  for  the 
more  rapid  change  taking  place  within  the  first  25  hours  for  R  =  Dy,  and  Ho.  However,  this 
is  probably  due  to  the  smaller  initial  microstructure  size  for  these  fibers.  The  shape  parameter 
a  is  nearly  the  same  for  all  materials,  but  drops  by  about  7%  after  75  hours  of  treatment.  This 
is  a  small  change,  but  consistent  for  all  samples,  and  corresponds  to  more  compact  domains. 
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Figure  5.  Microstructure  size,  as  measured 
by  the  mean  boundary  distance  d,  as  a 
function  of  annealing  time  in  air  at  1500®C. 
Different  materials  are  affected  in  the  same 
way,  but  the  initial  microstructure  size  is 
smaller  for  R  =  Dy  and  Ho,  so  they  change 
more  rapidly  at  first. 


Figure  6.  Phase  boundary  length  per  unit 
area,  B,  which  increases  with  annealing  time. 
The  variation  is  not  exactly  inverse  to  that  of 
mean  boundary  distance  d,  so  the  shape  of 
the  phase  domains  is  changing  slightly, 
becoming  more  compact. 


We  found  that  the  maximum  tensile  stress  of  as-grown  fibers  depended  on  growth  rate,  as 
shown  in  Fig.  7  for  fibers  of  AI2O3/Y3AISO12.  The  reason  for  the  lower  strength  at  room 
temperature  is  not  clear,  but  may  be  due  to  some  defects  associated  ♦with  the  processing. 
Indeed,  we  have  found  that  prior  annealing  of  the  fibers  improved  the  room  temperature 
strength  by  a  factor  of  two. 

Tensile  strength  measurements  at  temperatures  up  to  IVOO^’C  are  being  conducted  for  the 
materials  with  R  =  Y,  Er,  Dy,  and  Ho.  Preliminary  results  indicate  that  they  have  comparable 
strength  at  lower  temperatures,  and  that  fibers  with  R  =  Y  and  Er  retained  significantly  higher 
strength  at  temperatures  above  SOO^C,  despite  their  larger  microstructure  size. 


Figure  7.  Growth  rate  dependence  of  the  maximum  tensile  stress  of  as-grown  fibers. 
Smaller  microstructure  size  gives  improved  high  temperature  performance. 


CONCLUSIONS 

We  have  grown  oxide  eutectic  fibers  of  composition  AI2O3/R3AI5O12  (R  =  Y,  Er,  Dy,  Ho, 
Yb,  and  Lu)  with  uniform  microstructure  using  the  micro  pulling-down  method.  With  our 


581 


apparatus,  the  diameter  was  controllable  from  200  pm  to  2  mm,  and  the  maximal  length  was 
about  500  mm.  The  Chinese  script  microstructure  was  characterized  by  the  mean  boundary 
distance  and  the  interphase  boundary  length,  as  obtained  by  image  analysis  of  SEM  and  AFM 
micrographs.  The  mean  boundary  distance  varies  with  growth  velocity  in  the  same  way  as  for 
conventional  lamellar  eutectics,  except  for  some  deviations  at  low  growth  velocity  with  the  Y 
and  Er  materials.  The  interphase  boundary  length  varies  almost  inversely  to  the  mean 
boundary  distance,  and  the  shape  of  the  phase  domains  is  approximately  constant  for  all 
materials  and  growth  velocities.  As  surface  flaws  are  often  the  limiting  factor  in  fiber  strength, 
the  smaller  microstructure  scale  at  the  surface  observed  by  AFM  may  have  a  significant 
influence  on  the  mechanical  properties.  The  eutectic  fibers  have  excellent  high-temperature 
strength.  These  results  can  guide  appropriate  material  selection  for  various  applications.  For 
example,  the  different  behavior  of  Y  and  Er  with  regard  to  microstructure  size  at  low  growth 
rates  suggests  that  these  represent  the  best  candidates  for  pursuing  self-clad  fibers,  which 
should  be  obtainable  as  the  domain  size  approaches  the  fiber  radius  [5,8]. 
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ABSTRACT 

Nanostructured  bulks  and  films  of  TiBi,  TiN,  AIN,  Ti(B,N),  and  (Ti,Al)N  prepared  by  high 
pressure  sintering  and  nonreactive  magnetron  sputtering  accordingly.  Fracture  surfaces  and 
structure  of  grain  boundaries  have  been  investigated  by  high-resolution  scanning  and 
transmission  electron  microscopy  as  well  as  by  atomic  force  microscopy.  The  revealing  of 
transgranular  fracture,  homogeneous  and  inhomogeneous  deformation,  and  the  availability  of 
dislocations  and  amorphous  phases  in  structure  are  discussed. 

INTRODUCTION 

Unusual  properties  of  nanostructured  (nanocomposite,  nanophase)  materials  (NM),  which 
are  normally  characterized  by  a  grain  size  in  the  range  3-100  nm,  catalyzed  the  numerous 
investigations  in  this  field.  However,  the  mechanism  of  the  fracture  and  deformation  as  well  as 
grain  boundary  structure  are  still  not  clear  understood  and  need  further  consideration  (see,  for 
example,  reviews  [1, 2]).  In  addition,  only  metals,  alloys,  intermetallics,  and  oxides  are  the 
subjects  of  the  majority  of  these  investigations.  High-melting  point  compounds  such  as  borides, 
carbides,  and  nitrides  have  been  studied  in  limited  scale.  In  elaboration  of  our  previous  works 
[3-5],  the  present  report  is  devoted  to  high-resolution  electron  microscopy  (HREM)  and  atomic 
force  microscopy  (AFM)  study  of  boride/nitride  NM. 

EXPERIMENT 

Bulks  and  films  of  Ti  (B,N)  and  other  compounds  have  been  prepared  both  by  high  pressure 
sintering  of  ultrafme  powders  and  by  nonreactive  magnetron  sputtering  respectively.  The  details 
and  features  of  this  experimental  technique  have  been  published  elsewhere  [6,  7]. 

Fracture  surfaces  of  bulks  and  films  have  been  studied  by  high-resolution  scanning  electron 
microscopy  (SEM),  using  a  Hitachi  S-4000  field  emission  gun,  and  AFM  [8,  9].  The  structure  of 
films  was  examined  in  a  JEM-3010  transmission  electron  micriscope  operating  at  300  kV  [10]. 

Deformation  was  realized  by  cleavage  fracture  and  under  a  Vickers  indentor. 

RESULTS  AND  DISCUSSION 
Fracture  surface  of  consolidated  bulks 


In  addition  to  previous  our  observations  [3],  Figs.  1  (a)  and  (b)  show  SEM  micrographs  of 
fracture  surfaces  of  TiN  bulks.  As  is  easy  to  see,  there  are  intergranular  fracture  and  moreover 
the  feature  of  crack  propagation  is  also  clearly  visible.  This  observation  of  intergranular  fracture 
seems  to  be  important  for  understanding  and  explanation  of  fracture  toughness  data  for  one- 
phase  and  two-phase  NM  (see,  for  example,  [1 1]). 
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Some  preliminary  results  have  been  published  elsewhere  [5,  8].  These  results  were  obtained 
by  the  cross-section  SEM  observation  of  the  indentation  impressions.  Fig.  2  shows  two  types  of 
deformation.  The  formation  of  shear  bands  and  localization  of  deformation  is  observed  in  the 
case  of  boride  film  with  the  hexagonal  structure  (Fig.  2,  a).  On  the  other  side,  homogeneous 
deformation  is  typical  for  nitride  film  with  cubic  structure  (Fig.  2,  b).  The  same  character  of  TiN 
film  deformation  was  also  fixed  by  Shiwa  et  al.  [12]. 

The  availability  of  shear  bands  on  the  indentation  surface  can  also  be  observed  by  AFM  [9]. 
Fig.  3  shows  a  step-like  surface  in  the  case  of  TiB2  film;  the  nearly  same  situation  has  been 
observed  in  AIN  film  examination.  However,  for  (Ti,  A1)N  film  homogeneous  deformation 
without  step  formation  was  fixed. 


Figure  2.  Fracture  SEM  images  through  indentations  on  TiB2  (a)  and  TiN  (b)  films  deposited  on 
Si  substrates. 


Figure  3.  Three  dimensional  AFM  image  of  TiB2  film. 


Analysis  of  deformation  of  boride  and  nitride  films  (TiB2,  TiN,  AIN,  Ti(N,B),  (Ti,Al)N)  has 
revealed  that  because  of  the  feature  of  the  film  compression  test,  the  difference  in  deformation 
for  TiB2  and  AIN  films,  on  the  one  hand,  and  TiN,  Ti(N,B),  and  (Ti,Al)N  films,  on  the  other 
hand,  seems  to  be  connected  with  the  presence  of  columnar  structure.  In  the  case  of  clearly 
defined  columnar  structure,  homogeneous  deformation  by  slip  on  the  interfaces  of  columns,  with 
the  development  of  brittle  (Fig.  4,  a)  or  residual  plastic  deformation  (Fig.  4,  b),  is  dominant  and 
evident.  For  the  most  part,  films  with  partly  columnar  or  stonelike  structure,  such  as  TiB2  and 
AIN  films,  are  characterized  by  inhomogeneous  deformation.  Intense  shear  banding  observed  in 
these  subjects  seems  to  be  very  similar  to  behavior  exhibited  in  other  NM  (Fe,  Fe-Cu,  and  3  Y- 
TZP)  as  well  as  in  amorphous  polymers  and  metallic  glasses  (see,  for  example,  [14-16]).  Some 
qualitative  considerations  of  possible  different  dislocation  behavior  in  nanostructured  TiB2  and 
TiN  films  have  been  formulated  by  Gutkin  and  Ovid’ko  [17].  However,  in  general  the 
mechanism  of  inhomogeneous  deformation  is  still  unclear  and  the  understanding  of  the 
formation  and  evolution  of  the  shear  bands  calls  for  further  investigation. 


(b) 


Figure  4.  Fracture  SEM  images  through  indentation  on  columnar  TiN  films  accompanied  by  slip 
of  columns  with  brittle  (a)  and  plastic  (b)  deformation  (courtesy  of  Ma  and  Bloyce  [8,  13]). 
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Edge  dislocations  are  virtually  visible  inside  the  crystallites  especially  in  the  case  of  nitride 
film.  In  last  case  as  is  obvious  from  selected  area  electron  diffraction  (SAED)  data,  the 
investigated  area  was  a  single  crystallite.  Systematic  studies  of  dislocations  in  NM  are  scarce 
(see,  for  example,  [18-20]).  To  our  knowledge,  the  dislocations  in  NM  based  on  high-melting 
point  compounds  were  first  observed  (see  also  [10, 21]).  This  fact  seems  to  be  very  important  in 
connection  with  a  manifestation  of  plastic  deformation  in  TiN  film  (Fig.  4,  b).  So  dislocations . 
inside  crystallites  in  nanostructured  nitrides  can  be  not  only  in  sedentary  positions,  but  they  can 
also  move  under  compressive  strengths  at  room  temperature.  It  should  be  also  noted  that  in  a 
qualitative  sense  the  availability  of  dislocations  in  nanostructured  TiN  and  TiB2  films  agrees 
with  calculations  of  Gryaznov  et  al.[18,  21]. 

The  state  of  grain  boundaries  and  availability  of  amorphous  phases  or  layers  is  another 
interesting  problem  in  analysis  of  NM  structure.  As  can  be  seen  from  Fig.  5,  the  lattice  fringes 
are  typical  for  the  most  crystallites  although  there  are  also  the  lattice  distortions  and  bending  in 
some  of  grains.  The  structure  of  films  is  almost  fully  crystalline  and  there  is  negligible  evidence 
of  extensive  areas  of  amorphous  phases  or  layers.  That  is  consistent  with  X-Ray  diffraction  and 
SAED  data.  In  relation  to  nanograin  Sn02  films,  Rickerby  et  al.  [22]  have  suggested  that  in  most 
cases  grain  boundaries  seem  to  be  in  general  relatively  ordered,  with  eventual  perturbation  of  the 
lattice  fringe  contrast  restricted  to  within  <  1  nm  from  interface.  The  same  conclusion  could  be 
made  as  applied  to  Fig.  5.  It  should  be  also  noted  that  some  defocused  images  can  be  due  to 
local  microstresses  and  the  change  in  contrast  within  a  separate  grain  can  be  attributed  to 
different  chemical  composition  [10]. 

Fig.  6  shows  a  HREM  photomicrographs  of  nitride  film  characterized  by  a  very  small 
crystallite  size  of  0.5  to  3  nm.  As  can  be  seen,  Figure  reveals  an  order-disorder  structure. 


Figure  6.  HREM  micrograph  of  Ti-N-B  film  with  a  grain  size  of  0.5  to  3  nm 
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However,  it  is  known  that  the  availability  of  very  small  crystallites  (lower  than  -2-3  nm)  makes 
possible  mixing  picture  of  diffraction  in  HREM  images.  So  in  this  case  it  is  very  difficult  to 
explain  such  images  and  nature  of  film  structure  with  a  very  small  grain  size  need  further 
consideration. 

CONCLUSIONS 

This  work  shows  that  fracture  surface  and  crack  propagation  in  NM  are  intergranular.  There 
are  two  types  of  deformation  of  nanostructured  films  such  as  homogeneous  deformation  and 
inhomogeneous  that.  In  first  approximation,  such  difference  is  connected  with  the  availability  of 
columnar  structure. 

In  the  case  of  films  with  a  grain  size  of  3-15  nm,  the  majority  of  grains  is  to  a  great  extent 
crystalline  in  nature  and  has  typical  clear  fringe  contrast.  Essentially  amorphous  phases  or  layers 
do  not  reveal  in  the  grain  boundaries.  Edge  dislocations  have  been  observed  inside  some 
crystallites.  The  availability  of  dislocations  in  structure  agrees  with  possibility  of  plastic 
deformation  of  nanostructured  nitride  films.  However,  HREM  images  of  films  with  a  very  small 
grain  size  of  0.5-3  nm  are  difficult  to  interpret  and  their  nature  is  open  to  question. 

ACKNOWLEDGMENTS 

The  authors  are  grateful  to  the  INTAS  Program  (Project  No  96-2232)  and  Russian  Program 
“Integration’XProject  No  855)  for  their  support.  Friendly  assistance  of  Drs.  J.  Jaberteau  (France), 
V.S.  Urbanovich  (Belarus),  K.  Ma  (UK,  Taiwan)  and  A.  Bloyce  (UK)  is  greatly  acknowledged. 

REFERENCES 

1.  J.R.  Weertman,  D.  Farkas,  K.  Hemker,  H.  Kung,  M.  Mayo,  R.  Mitra,  and  H.  Van 
Swygenhoven,  MRS  Bulletin  24  (2),  44-53  (1999). 

2.  C.C.  Koch,  D.G.  Morris,  K.  Lu,  and  A.  Inoe,  MRS  Bulletin  24  (2),  54-58  (1999). 

3.  R.A.  Andrievski,  Nanostruct.  Mater.  9,  607  (1997). 

4.  R.A.  Andrievski,  G.V.  Kalinnikov,  and  C.S.  Urbanovich,  in  Nanophase  and  Nanocomposite 
Materials  II,  edited  by  S.  Komarneni,  J.C.  Parker,  and  H.J.  Wollenberger  (Mater.  Res.  Proc. 

457,  Pittsburgh,  PA,  1997),  p.  413-418. 

5.  R.A.  Andrievski,  m.  Surface-Controlled  Nanoscale  Materials  for  High-Added-Value 
Applications,  edited  by  K.E.  Gonsalves,  M.-I.  Baraton,  R.  Singh,  H.  Hoffmann,  J.X.  Chen,  and 
J.A.  Akkara  (Mater.  Res.  Proc.  501,  Warrendale,  PA,  1998),  p.  149-1 60. 

6.  R.A.  Andrievski,  G.V.  Kalinnikov,  N.P.  Kobelev,  and  V.M.  Kuchinski,  in  FOURTH  EURO 
CERAMICS,  edited  by  A.  Bellosi  (Gruppo  Edit.  Faenza  4,  Printed  in  Italy,  1995),  p.  307-312. 

7.  R.A.  Andrievski,  G.V.  Kalinnikov,  N.P.  Kobelev,  Y.M.  Soifer,  and  D.V.  Shtansky,  Rus. 
Phys.  Solid  State  39, 1661  (1997). 

8.  K.J.  Ma,  A.  Bloyce,  R.A.  Andrievski,  and  G.V.  Kalinnikov,  Surf  Coat.  Technol.  94-95,  322 
(1997). 

9.  R.A.  Andrievski,  G.V.  Kalinnikov,  J.  Jaberteau,  and  J.  Bates,  J.  Mater.  Sci.,  accepted  for 
publication. 

10.  D.V.  Shtansky,  E.A.  Levashov,  A.N.  Sheveiko,  and  J.J.  Moore,  Metall.  Mater.  Trans.  A  30, 
2439(1999). 

11.  R.A.  Andrievski,  in  Nanostructured  Materials:  Science  &  Technology,  edited  by  G.-M. 
Chow  and  N.LNoskova  (Kluwer  Academic  Publishers,  Dordrecht,  1998),  p.  263-282. 


589 


12.  M.  Shiwa,  E.  Wepelman,  D.  Munz,  M.V.  Swain,  and  T.  Kishi,  J.  Mater.  Sci.  31,  5985 
(1996). 

13.  K.J.  Ma  and  A.  Bloyce,  Surf.  Eng.  11,71  (1995). 

14.  D.S.  Yan,  Y.S  Zheng,  L.  Gao,  C.F.  Zhu,  X.W.Wang,  C.L.  Bai„  L.  Xu,  and  M.Q.  Li,  J. 
Mater.  Sci.  33,  2719(1998). 

15.  J.E.  Carsley,  A.  Fisher,  W.W.  Milligan,  and  E.C.Aifantis,  Metall.  Mater.  Trans.  A  29,  2261 
(1998). 

16.  T.R.  Malow  and  C.C.  Koch,  Metall.  Mater.  Trans.  A  29,  2285  (1998). 

17.  M.Yu.  Gutkin  and  LA.  Ovid’ko,  J.  Mater.  Proc.  Manuf.  Sci.  7,  59  (1998). 

18.  V.G.  Gryaznov,  1.  A.  Polonsky,  A.E.  Romanov,  and  L.I.  Trusov,  Phys.  Rev.  B44,  42  (1991). 

19.  D.H.  Ping,  D.X.  Li,  H.G.  Ye,  J.  Mater.  Sci.  Lett.  14,  1536  (1995). 

20.  R.A.  Andrievski  and  A.M.  Glezer,  Phys.  Met.  Metallography  88, 45  (1999). 

21.  R.A.  Andrievski,  G.V.  Kalinnikov,  and  D.V.  Shtansky,  Rus.  Phys.  Sol.  State,  accepted  for 
publication. 

22.  D.G.  Rickerby,  M.C.  Horrillo,  J.P.  Santos,  and  P.  Serrini,  Nanostruct.  Mater.  9, 43  (1997). 


590 


THERMOELECTRIC  PROPERTIES  OF  BijTej-SbjTe,  COMPOUNDS 
PREPARED  BY  MA-PULSE  DISCHARGE  SINTERING  PROCESS 


R.E.  Park,Y.H.  Park,  T.  Abe 

Materials  Engineering  Division,  Tohoku  National  Industrial  Research  Institute,  AIST,  MITI, 
Sendai  983-8551,  Japan,  repark@tniri.go.jp 

ABSTRACT 

The  Bi2Te3-Sb2Te3  compounds  with  the  composition  of  useful  thermoelectric  cooling 
materials  were  prepared  by  mechanical  alloying-pulse  discharge  sintering  process.  Effects  of  the 
process  on  the  Seebeck  coefficient,  electrical  resistivity  and  thermal  conductivity  were 
investigated.  Temperature  dependence  of  the  Hall  coefficient  was  also  observed  in  the 
temperature  range  80  -  325  K. 

The  figure  of  merit,  Z,  was  found  to  be  about  4.0  x  lO'^'K  ’  at  room  temperature  in  the 
25%Bi2Te3-75%Sb2Te3  composition  sintered  at  61 8K  using  grain  refined  mechanically  alloyed 
powders  which  had  the  size  of  under  32  ix  m.  The  value  of  Z  was  remarkably  improved  with  a 
decrease  of  the  thermal  conductivity  shown  in  the  fine  grain  compacts  fabricated  by  mechanical 
alloying-pulse  discharge  sintering  process. 

INTRODUCTION 

Compounds  of  Bi2Te3,  Sb2Te3  and  their  pseudo-binary  system  BijTcj-  Sb2Te3  have  been 
known  as  thermoelectric  cooling  and  heating  materials,  since  they  had  relatively  large  values  of 
the  figure  of  merit  (3.2  -  3.4  X  10'^  K'')  around  room  temperature.  [1]  The  efficiency  of  the 
thermoelectric  conversion  is  directly  related  to  the  temperature  difference  where  the  device  is 
operated,  its  average  temperature  of  the  operation  and  the  transport  properties  of  thermocouple 
materials  represented  by  ZT,  the  dimensionless  figure  of  merit.  The  larger  the  ZT  value,  the 
larger  the  efficiency.  The  figure  of  merit,  Z,  is  described  by  : 

Z  =  a^lp  •  K 

where  a  is  the  Seebeck  coefficient,  p  is  electrical  resistivity  and  k.  is  thermal  conductivity.  It  is 
clear  that  in  order  to  obtain  the  high  Z  value,  the  large  Seebeck  coefficient  and  the  low  electrical 
resistivity  are  required,  as  well  as  the  low  thermal  conductivity. 

Mechanical  alloying  (MA)  method  is  expected  to  produce  more  uniform  elemental 
dispersion  and  smaller  grain  sizes  than  the  conventional  melt  and  cast  process.  It  was  also 
reported  that  pulse  discharge  sintering  (PDS)  process  could  result  in  the  higher  thermoelectric 
efficiency  in  the  case  of  the  SiGe  system.  [2] 

In  the  present  study,  MA-PDS  process  was  used  to  improve  the  figure  of  merit  of  BijTcj- 
Sb2Te3  compounds  which  had  three  compositions  of  25%Bi2Te3-75%Sb2Te3,  50%Bi2Te3- 
50%Sb2Te3  and  75%Bi2Te3-25%Sb2Te3.  And  then,  the  thermoelectric  properties  of  the  MA-PDS 
compacts  were  described. 
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EXPERIMENT 


High  purity  elemental  powders  of  Bi,  Sb  and  Te  (>  99.999  %)  were  used  as  raw  materials. 
Mechanical  alloying  was  performed  using  a  vibratory  ball  milling  under  high  energy  conditions. 
The  vessel  was  approximately  780  ml  in  volume.  Balls  used  were  zirconia  with  a  15  mm 
diameter.  Powder  charge  was  30  g,  where  the  powder  to  ball  weight  ratio  was  1:100.  Typical 
milling  duration  was  200  hours. 

After  MA  processing,  green  compacts  were  sintered  by  PDS  (the  type  of  spark  plasma 
sintering)  process  using  a  graphite  mold  where  the  sintering  temperature  was  618  K  and  the 
pressure  was  50  MPa.  The  phases  in  the  sintered  compacts  were  identified  by  X-ray  diffraction 
with  monochromatic  Cu-K,,  radiation.  Measurements  of  electrical  resistivity  (Q  *  cm)  and 
thermal  conductivity  (w/mK)  as  well  as  the  Seebeck  coefficient  ( A  V/ A  K)  were  carried  out  in 
the  temperature  range  from  298  to  423  K.  The  Seebeck  coefficient,  as  a  function  of  temperature 
gradient  (AK  <  10,  20,  30  K),  was  measured  by  using  two  K-type  thermocouples  and  nickel 
blocks.  The  measurement  was  carried  out  within  twenty  seconds  to  prevent  a  potential  drop 
due  to  the  Peltier  effect.  The  electrical  resistivity  was  measured  by  a  direct  current  four-probe 
method  while  the  thermal  conductivity  was  measured  with  a  laser  flash  method.  Finally, 
measurements  of  the  Hall  coefficient  were  conducted  with  the  magnetic  field  of  0.86  T 
perpendicular  to  cleavage  planes  and  electrical  current  parallel  to  the  same  planes. 

RESULTS 

Figure  1  shows  X-ray  diffraction  patterns  for  25%Bi2Te,-75%Sb2Te3,  50%Bi2Te3-50%Sb2Te3 
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Figure  1  X-ray  diffraction  patterns  for  x^/oBijTej-yyoSbjTe,  compacts  after  MA-PDS. 
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and  75%Bi2Te3-25%Sb2Te3  compacts  after  MA-PDS.  The  typical  rhombohedral  structure  shown 
in  V-VI  compounds  such  as  Bi2Te3  and  Sb2Te3  was  observed.  The  plane  parallel  to  a 
rhombohedral  c-axis,  which  corresponded  to  the  pressure  direction,  had  superior  thermoelectric 
properties  comparing  to  that  of  the  plane  perpendicular  to  the  c-axis.  Lattice  constants  were 
increased  with  the  increase  of  Bi  content.  However,  the  small  intensity  of  (0  0  9)  plane,  which 
was  perpendicular  to  the  c-axis,  was  observed  only  at  the  25%Bi2Te3-75%Sb2Te3.  It  was 
recognized  from  Fig.  2  that  the  Seebeck  coefficient  and  electrical  resistivity  were  significantly 


Temperature,  T  /K 


Figure  2  Temperature  dependence  of  (a)  Seebeck  coefficient  and  (b)  electrical  resistivity  of 
x%Bi2Te3-y%Sb2Te3  compacts  by  MA -pulse  discharge  sintering. 

dependent  on  the  composition  of  the  compounds.  The  electrical  resistivity  induced  by  the 
conduction  mechanism  was  increased  with  increasing  the  temperature  in  the  25%Bi2Te3- 
75%Sb2Te3  compact  while  those  of  50%Bi2Te3-50%Sb2Te3  and  75%Bi2Te3-25%Sb2Te3  compacts 
were  decreased.  Figure  3  shows  the  temperature  dependence  of  the  thermal  conductivity.  In 
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the  25%Bi2Te3-75%Sb2Te3  compact,  the  thermal  conductivity  was  slightly  decreased  with 
increasing  the  temperature,  reached  a  minimum  value  at  375  K,  and  then,  was  increased  up  to 
425  K. 


Figure  3  Temperature  dependence  of  the  thermal  conductivity  of  x%Bi2Te3-y%Sb2Te3 
compacts  by  MA-puIse  discharge  sintering. 


Figure  4  SEM  fractograph  of  the  25%Bi2Te3-75%Sb2Te3  compact  by  MA-pulse  discharge 
sintering.  (618  K,  50  Mpa  and  milled  for  200  hrs) 

On  the  other  hand,  the  thermal  conductivity  of  the  other  two  compositions  was  decreased  in  the 
temperature  range  investigated.  This  result  clearly  indicated  that  the  MA-PDS  process  was  very 
effective  to  decrease  the  thermal  conductivity.  It  could  be  deduced  from  the  following  reasons. 
First,  MA  method  significantly  reduced  the  grain  size  of  raw  powders.  Second,  PDS  process 
shortened  the  consolidation  time  and  lower  the  sintering  temperature  in  that  the  grain  growth  of 
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final  product  was  suppressed.  Figure  4  is  a  SEM  fractograph  of  the  25%Bi2Te3-75%Sb2Te3 
compact  which  showed  a  typical  intergranular  fracture  mode.  From  this  micrograph,  the  average 
grain  size  was  estimated  to  be  less  than  one  micron.  Moreover,  ions  and  electrons  generated  by 
spark  discharge  purified  surface  layers  and  contact  areas  of  particles  and  inhibited  oxidation  of 
particle  surface.  This  phenomenon  could  have  good  influence  on  the  electrical  and  thermal 
conductivity.  Therefore,  the  decrease  of  the  thermal  conductivity  could  be  considered  to  be  due 
to  the  increased  phonon  scattering  at  grain  boundaries  with  refined  grains  by  MA-PDS  process. 
Figure  5  shows  the  temperature  dependence  of  the  figure  of  merit,  Z.  Since  the  efficiency  of 
thermoelectric  conversion  was  represented  by  Z,  the  Z  value  was  calculated  from  electrical 
resistivity,  thermal  conductivity  and  the  Seebeck  coefficient  which  were  taken  from  Fig.  2  and  3. 
The  largest  Z  value  was  4.02  x  lO^K  '  at  room  temperature  in  the  25%Bi2Te3-75%Sb2Te3 
compact.  The  values  for  the  other  two  compositions  were  lower  than  1.20  x  lO'^K*'  in  the  whole 
temperature  range. 


Figures  Temperature  dependence  of  the  figure  Figure  6  Temperature  dependence  of  Hall 
of  merit  of  x%Bi2Te3-y%Sb2Te3  compacts  coefficient  of  x%Bi2Te3-y%Sb2Te3  compacts 

by  MA-pulse  discharge  sintering.  by  MA-pulse  discharge  sintering. 


Figure  6  shows  the  result  of  Hall  coefficient  measurements  between  liquid  nitrogen 
temperature  and  325  K.  The  saturated  25%Bi2Te3-75%Sb2Te3  and  50%Bi2Te3-50%Sb2Te3 
compacts  were  /?-type  in  the  temperature  range  tested  and  the  slightly  increase  of  the  Hall 
coefficient  was  observed  with  increasing  the  temperature.  On  the  other  hand,  75%Bi2Te3- 
25%Sb2Te3  compact  was  changed  from  w-type  to  /7-type  as  the  temperature  was  increased  above 
200  K.  The  fact  that  the  Hall  coefficient  of  25%Bi2Te3-75%Sb2Te3  compact  was  higher  than 
those  of  the  other  two  compositions  indicated  that  the  carrier  concentration  was  lower  in  the 
25%Bi2Te3-75%Sb2Te3  compact.  Therefore,  the  decrease  of  thermal  conductivity  shown  in  Fig.  3 
seems  mainly  due  to  the  change  of  the  carrier  concentration.  To  explain  the  transport  properties 
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of  thermoelectric  materials,  many  models  were  developed  using  a  classical  phonon  scattering 
mechanism,  an  unusual  behavior  [3],  [4]  as  well  as  a  mixed-scattering  mechanism.  [5] 

The  high  Z  value  in  the  25%Bi2Te3-75%Sb2Te3  compact  could  be  assumed  that  phonon 
scattering  both  at  the  grain  boundaries  and  at  nanometer  scale  inclusions  such  as  zirconia 
introduced  during  MA  contributed  to  the  decrease  of  thermal  conductivity. 

CONCLUSIONS 

25%Bi2Te3-75%Sb2Te3,  50%Bi2Te3-50%Sb2Te3  and  75%Bi2Te3-25%Sb2Te3  compacts  were 
prepared  by  the  MA-PDS  process.  The  effects  of  MA-PDS  process  on  the  thermoelectric 
properties  of  these  compacts  as  well  as  the  material  preparation  process  itself  were  described. 

In  the  25%Bi2Te3-75%Sb2Te3  composition,  p-type  compact  was  obtained  and  the  largest  Z 
value  of  4.02  x  lO'^K''  at  room  temperature  was  shown.  This  result  could  be  related  to  the 
decrease  of  thermal  conductivity,  which  was  originated  in  the  preparation  of  refined  powders  and 
the  suppression  of  grain  growth  by  MA  method  and  PDS  process  with  short  consolidation  time 
and  low  sintering  temperature. 
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ABSTRACT: 

Ge  nanocrystals  (nc-Ge)  embedded  in  silicon  oxide  films  were  synthesized  using  RF 
magnetron  sputtering  and  post-annealing  procedure.  To  minimize  the  stress  effect  and 
inhomogeneity,  we  intentionally  lower  the  cooling  rates  and  reduce  the  temperature  gradient 
during  annealing.  Significant  Raman  shifts  ranging  from  2.0  to  5.8  cm'^  have  been  observed 
from  samples  annealed  at  different  temperatures.  The  size-dependent  shift  and  broadening  is 
found  to  be  in  good  agreement  with  the  phonon  confinement  mode  together  with  the  Gaussian 
weighting  function,  and  the  isotropic  T02  phonon  dispersion  relation  introduced  by  Sasaki  et  al. 
The  Raman  spectra  can  also  be  well-fitted  using  peaks  calculated  from  the  phonon  confinement 
model.  The  inhomogeneous  Raman  peak  broadening  from  our  samples  annealed  at  lower 
temperatures  are  attributed  to  the  non-Gaussian  size  distribution  of  Ge  nanocrystals. 

INTRODUCTION 

The  strong  visible  photoluminescence  at  room  temperature  from  indirect  band  gap 
nanocrystals  (especially  group  IV  elements,  such  as  Si,  Ge  etc)  has  attracted  much  attention 
recently  due  to  tibeir  possible  optoelectronic  applications.  Many  studies  on  nc-Ge  embedded  in 
silicon  oxide  films  have  been  carried  out  since  strong  light  emission  was  observed  from  Ge 
nanocrystals  embedded  in  silicon  oxide  films  through  quantum  confinement  effects.  This 
material  is  of  interest  also  because  the  sample  preparation  method  is  compatible  with  the 
conventional  integrated  circuit  fabrication  process 

As  a  fast,  convenient  and  non-destructive  method,  Raman  spectroscopy  has  been  widely 
used  in  the  characterization  of  the  nc-Ge  systems  to  determine  nc-Ge  size  crystallinity 
etc.  Due  to  phonon  confinement  effects,  Raman  spectra  of  nc-Ge  show  a  downshift  and 
broadening  when  the  nanocrystal  size  is  smaller  than  30  nm  In  order  to  interpret  the 

Raman  spectrum  quantitatively,  a  phenomenological  phonon  confinement  model  has  been 
developed  by  Richter  et  al  to  account  for  the  peak  position  shift,  broadening,  and  asymmetry  of 
the  bands  observed  in  nanocrystals  The  essential  parts  of  this  model  are  the  phonon 
confinement  weighting  function  and  the  dispersion  function.  Campbell  and  Fauchet  compared 
three  kinds  of  weighting  functions  and  suggested  that  the  Gaussian  weighting  function 
|C(0,q)l’  oc  exp(-q^  -U  /16-7i')  could  give  the  best  agreement  with  Si  and  GaAs  nanocrystal 

data.  In  the  selection  of  dispersion  function,  the  situation  is  controversial.  A  dispersion  relation 
from  the  linear-chain  model  (LCM)  was  reported  in  1987  A  dispersion  from  the 
experimental  neutron  data  of  TO  phonon  scattering  along  the  [100]  direction  (TO[100])  was  also 
used  Sasaki  et  al  analyzed  the  Raman  spectra  from  gas  evaporated  Ge  small  particles  using  a 
series  of  isotropic  dispersion  relations  obtained  through  fitting  neutron  experimental  data  along 
[100],  [110]  and  [111]  directions,  forcing  a  good  fit  near  the  F  point  Other  dispersion 
functions  were  also  reported  in  the  literature  Since  Raman  spectra  are  easily  influenced  by 
homogeneous  or  inhomogeneous  stress,  inhomogeneity  of  nc-Ge  shape  and  size  distribution, 
Raman  spectra  are  usually  fitted  to  determine  the  nc-Ge  size  without  considering  the  Raman  shift 
or  size  distribution 
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When  the  Ge  nanocrystal  size  decreases  to  several  nanometers,  the  large  difference  between 
the  surface  and  internal  energy  of  the  diamond-like  structure  will  drive  a  structure  transition  in 
nc-Ge  systems  In  addition,  surface  Ge-Ge  bonds  may  also  introduce  stress  in  the  nc-Ge 
systems.  When  nc-Ge  are  embedded  in  an  amorphous  silicon  oxide  matrix,  the  matrix  may 
saturate  the  surface  dangling  bonds  and  reduce  the  surface  energy.  The  purpose  of  this  study  is  to 
synthesize  stress-minimized  and  well-dispersed  nc-Ge  systems  by  controlling  the  annealing 
process,  as  well  as  to  examine  Fauchet's  phonon  confinement  model  with  different  dispersion 
relations. 

EXPERIMENTAL 

The  samples  were  prepared  by  co-sputtering  in  an  argon  ambient  at  room  temperature  using 
an  Anelva  (SPF-210H)  sputtering  system.  The  composite  sputtering  target  was  formed  with 
several  pieces  of  small  polycrystalline  Ge  pieces  (99.999%  purity)  attached  to  a  4-in  quartz 
(99.99%  purity)  disc.  Amorphous  GcxSiyOz  alloy  thin  films  were  deposited  on  n-type  silicon 
{100}  substrates.  Substrate  temperatures  were  kept  near  room  temperature  during  deposition. 
Subsequent  thermal  annealing  at  various  temperatures  from  600  to  900°C  were  performed  in  a 
quartz  tube  with  an  argon  ambient  to  achieve  crystallization  at  various  grain  sizes  and 
crystallinity.  The  post-annealing  processes  consisted  of  a  30-minute  temperature  ramp,  a  30- 
minute  annealing  at  the  predetermined  temperature  and  a  controlled  cooling  process  to  relax  the 
stress.  Two  groups  of  samples  have  been  synthesized,  one  cooled  via  natural  cooling  (initial 
cooling  rate  is  about  10°C/min,  the  whole  process  lasting  >  3  hrs.),  and  the  other  cooled  to  600®C 
at  the  rate  of-10°C/min  to  600°C,  stabilized  for  10  minutes  and  then  cooled  to  room  temperature 
at  the  rate  of  -3°C/min.  The  internal  temperature  gradient  on  each  sample  was  minimized  by 
controlling  the  sample  size  and  shape. 

A  Philips  CM300  high-resolution  transmission  electron  microscope  (HRTEM)  was  used  to 
determine  the  nc-Ge  size.  The  EDX  mounted  in  the  HRTEM  was  used  to  determine  the 
elemental  composition  in  the  imaging  area.  Room  temperature  Raman  spectra  from  samples 
annealed  at  different  temperatures  were  acquired  using  a  Renishaw  Ramanscope  with  the  514.5 
line  from  an  Ar”*^  laser  as  excitation  source. 


RESULTS  AND  DISCUSSION 

In  Raman  scattering  processes  in  nanocrystals,  the  confinement  of  phonons  results  in  the 
breakdown  of  the  wave-vector  selection  rule.  Therefore,  phonons  at  also  contribute  to 

the  Raman  spectrum,  resulting  in  the  red  shift  of  the  spectrum  peak  from  its  bulk  value  with  an 
asymmetrical  broadening.  The  following  phonon  confinement  model  has  been  proposed  by 
Richter  et  al  to  explain  the  phonon  confinement  effect  on  Raman  spectrum  The  first-order 
Raman  spectrum  of  a  nanocrystal,  I(w),  can  be  calculated  using 

where  0)(q)  is  the  phonon  dispersion  curve  of  the  infinite  crystal  and  To  is  the  natural  line  width 
of  the  Raman  peak  from  single  crystal  Ge.  The  integration  should  be  applied  through  the  entire 
Brillouin  Zone.  For  simplification,  the  Brillouin  zone  is  usually  regarded  as  a  sphere  and  its 
anisotropy  is  usually  disregarded  In  this  work,  we  use  a  simplified  analytical 

expression  to  obtain  the  isotopic  dispersion  curves  given  by 
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ka  - 

<o(q)  =  ©„  -  A  •  {[1  -cos(;r  ■  (— )”)]/2}”  (2) 

7t 

where  co^  is  the  frequency  at  it  =  0  and  A  and  n  are  parameters  adjusted  to  fit  the  dispersion 
relation  obtained  by  neutron  scattering  at  80K  The  phonon  frequency  of  the  neutron  data  was 
shifted  by  -3.5  cm'*  on  account  of  the  difference  in  the  temperature.  A  good  fit  has  been 

71  , 

achieved  near  the  f  point  because  the  phonon  state  for  k  >  0.4-  —  is  not  sensitive  to  RWL 

calculation.  Three  dispersion  functions  corresponding  to  two  TO  branches  (TOl  and  T02)  and 
one  LO  branches  have  been  obtained  as  introduced  by  Sasaki  et  al.  For  comparison,  the 
dispersion  functions  from  the  neutron  experimental  data  from  TO  phonons  along  [100]  direction 
r — from  ref  10  have  also  been 
calculated. 

Since  the  Gaussian  weighting  function  is  the 
most  widely  used,  we  adopted  this  weighting 
function  and  computed  Raman  spectra  using  the 
various  dispersion  functions.  The  calculated 
relationship  between  Raman  shift  Afi)  = 
and  Raman  peak  broadening  AT  =  T  -  Tq  for 
TOl,  T02  and  LO  are  shown  in  Fig.l  as  solid 
lines.  The  calculation  for  TO  [100]  dispersion 
function  is  shown  as  the  dotted  line.  In  order  to 
be  compatible  with  the  literature  we  use 
the  absolute  value  of  Raman  shift  in  this  figure. 

The  circles  and  squares  represent  data  from 
group  (1)  and  group  (2)  samples  respectively.  It 
can  be  seen  that  the  curves  from  TOl  and  LO 
dispersion  relations  deviate  significantly  from 
experimental  data.  The  data  from  Raman  peaks 
with  fewer  shifts  and  lesser  broadening  correspond  to  the  samples  annealed  at  higher 
temperature.  Most  data  are  in  good  agreement  with  the  theoretical  calculations  from  T02.  It  can 
also  been  seen  that  the  calculation  from  T02  makes  a  small  modification  from  that  from 
TO [100]  dispersion.  However,  for  those  samples  annealed  at  lower  temperatures,  the  Raman 
peak  deviate  to  the  larger  broadening  side.  This  deviation  indicates  that  the  Raman  spectra  are 
broader  than  that  predicted  by  the  phonon  confinement  model  for  samples  annealed  at  lower 
temperatures.  From  our  XRD  data,  HRTEM  image  and  temperature  dependent  Raman  results 
(which  will  be  published  elsewhere),  our  samples  are  nearly  stress-free.  Therefore,  we  cannot 
attribute  this  deviation  to  the  compressive  stress  effect.  nc-Ge  in  our  samples  are  well-dispersed 
and  nearly  spherical.  The  nc-Ge  shape  deformation  is  also  unlikely  to  contribute  to  this 
deviation.  In  addition,  the  Raman  spectra  cannot  be  well  fitted  with  a  single  calculated  peak  and 
amorphous  Ge  cluster  peak.  The  Gaussian  peak  corresponding  to  the  amorphous  Ge-Ge  mode 
TO  band  locats  at  270  cm‘^  with  a  FWHM  of  46  cm'*.  The  only  explanation  is  that  this  deviation 
comes  from  nanocrystal  size  distribution,  especially  a  non-Gaussian  distribution  as  predicted  by 
Fujii  et  al  Since  the  phonon  confinement  mode  with  Gaussian  weighting  function  has  already 
partially  taken  into  consideration  the  Gaussian  size  distribution  we  use  three  peaks  to  fit  the 
measured  Raman  spectra  and  to  depict  the  size  distribution  deviation.  The  fitted  Raman  spectra 
from  samples  annealed  at  different  temperatures  using  the  peaks  calculated  with  the  T02 
dispersion  function  are  shown  in  Fig  2.  The  computed  Raman  spectra  from  nc-Ge  with  large, 


Fig.l  The  computed  relationship  between  Raman 
shift  and  broadening  from  different  dispersion 
relations.  The  circles  and  diamonds  represent 
experimental  data  from  group  (1)  and  group  (2) 
samples  aimealed  at  different  conditions 
respectively. 
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small,  amorphous  Ge  clusters  and  their  summation  are  shown  in  this  figure  as  dot  lines,  dash 
lines,  dash  dot  lines  and  solid  lines  respectively.  The  hollow  circles  represent  the  experimental 
Raman  data.  It  can  be  seen  that  the  measured  Raman  spectra  can  be  well  fitted  using  these  three 
peaks. 

The  fitted  Raman  spectra  firom 
each  sample  are  listed  in  Fig.2.  The 
Raman  peak  fi*om  the  sample 
annealed  at  900°C  can  be  well  fitted 
with  a  single  peak  with  a  nanocrystal 
size  d  =  11.2  nm.  For  samples 
annealed  at  lower  temperatures,  one 
amorphous  peak,  one  nanocrystal 
peak  corresponding  to  d  ~  3  nm  and  a 
larger  size  peak  are  required  to  give  a 
good  fit,  as  has  been  done  in  reference 
[12].  However,  unlike  in  reference 
[12],  we  fit  the  Raman  spectra  using 
the  phonon  confinement  model 
instead  of  Gaussian  peaks.  Even  after 
introducing  the  amorphous  peak,  we 
could  not  obtain  a  good  fit  to  the 
Raman  spectrum  with  one  Raman 
peak.  This  suggests  that  the 
asymmetric  broadening  of  Raman 
peaks  may  be  due  to  inhomogeneous 
broadening  from  a  non-Gaussian  size 
distribution  in  our  samples. 

Fig.  2  indicates  a  gradual  transition  from  amorphous  to  crystalline  phase  We  observed 
that  the  amorphous  Ge  portion  in  the  Raman  peak  decreases  with  increasing  aimealing 
temperature.  The  portion  corresponding  to  the  small  nc-Ge  component  also  decreases  with 
increasing  annealing  temperature.  The  amorphous  component  becomes  undetectable  when  the 
annealing  temperature  increases  to  800°C.  With  the  decrease  of  these  two  components,  the 
Raman  shift  and  broadening  are  determined  mainly  by  the  larger  nc-Ge. 

The  results  shown  in  Fig.  2  also  confirm  the  phase  transition  discussed  in  reference 
Veprek,  Iqbal,  and  Sarott  suggested  that  the  Si  lattice  structure  becomes  unstable  when  the 
film  thickness  decreased  significantly.  They  reported  that  a  structural  transition  fix)m  the 
diamond  structure  to  the  amorphous  phase  takes  place  below  a  thickness  of  3  nm.  The  large 
thermodynamic  driving  force  for  this  structural  transition  comes  from  the  large  difference 
between  surface  energy  and  internal  energy  of  the  diamond  structure  when  the  size  decreases. 
The  critical  size  may  depend  on  the  energy  of  the  dominant  surface,  in  the  case  of  Si  and  Ge,  the 
{111}  planes.  From  thermodynamic  energy  balance  considerations,  the  critical  size  was 
estimated  to  be  about  2  nm  Ge  nanocrystals  around  this  critical  value  or  smaller  are  unstable, 
especially  during  annealing.  They  can  transit  from  the  amorphous  to  crystalline  phase,  or  vice 
versa.  Before  the  film  is  fully  crystallized,  some  proportion  of  Ge  should  be  in  the  amorphous 
phase,  and  the  smaller  size  3  nm)  component  peak  should  be  larger  than  that  predicted  by  the 
Gaussian  distribution  function. 

If  we  assume  the  integrated  Raman  scattering  cross  section  area  to  be  the  same  for  all  nc- 
Ge  sizes  and  crto  be  the  ratio  of  integrated  scattering  cross  section  area  for  the  crystalline  phase 
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Fig.  2  The  Raman  spectra  from  different  samples  and  fitted  with 
calculated  peaks  with  phonon  confinement  mode  and  T02 
dispersion  function,  (a)  Sample  annealed  at  675‘’C  for  30  min, 
(b)  700°C  for  30  minutes  (c)  700°C  for  60  minutes  (d)  750‘’C  for 
30  minutes  (e)  800°C  for  30  minutes  and  (0  900®C  for  30 
minutes. 
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to  amorphous  phase,  the  three-peak  fitting 
using  following  weighed  equations. 

^  _  A  •  +  A  • 


S+S. 


can  be  used  to  calculate  nc-Ge  size  and  crystallinity 


(3) 


and, 


i^l+SJ  +  S^'(T 


(4) 


Here,  5/,  Sa  are  the  integrated  Raman  peak  intensities  or  peak  areas  corresponding  to  the  large 
nc-Ge,  small  nc-Ge  and  amorphous  phase  respectively.  For  nc-Ge  systems,  we  may  adopt 
<j  =  1 .0  which  has  been  used  for  Si  nanocrystals 

The  computed  relations  between  Raman  shift  and  broadening  with  nc-Ge  size  are  shown  in 
Fig.  3.  The  measured  Raman  shift  and  broadening  with  nc-Ge  size  determined  by  the  above 


method  are  shown  as  hollow  circles.  From  Fig.  3  (a) 
and  (b),  we  can  see  that  both  Raman  shift  and 
broadening  can  be  used  to  calculate  nc-Ge  size  for 
those  samples  with  good  crystallinity.  For  those 
partially  crystallized  samples,  the  nc-Ge  size  obtained 
from  Raman  shift  and  Raman  broadening  is  usually 
larger  and  smaller  than  the  actual  case  respectively. 

Since  the  phonon  confinement  will  lead  to  both 
Raman  shift  and  broadening,  we  can  use  both  the  shift 
and  broadening  to  determine  nc-Ge  size  when  the 
films  are  fully  crystallized.  The  Raman  shift  and 
broadening  are  related  to  the  nc-Ge  size  L  that 
produces  an  uncertainty  in  the  q -vector 
For  several  nanometer  Ge  nanocrystals,  we  have  to 
integrate  over  all  the  Brillouin  Zone.  Therefore,  we 
cannot  convert  the  uncertainty  into  an  <a  uncertainty 
through  phonon  dispersion  function  as  in  ref  25.  The 
square  relationship  between  the  Raman  shift  Aco  and 
\/L  may  no  longer  be  accurate.  From  Fig  3(b),  we  can 
see  that  the  Raman  broadening  does  not  change 
linearly  with  the  Raman  shift.  For  convenience  of 
applications,  we  use  the  following  analytical  relations 
to  depict  the  Raman  shift  and  Raman  broadening: 


where  a  is  the  lattice  constant  of  Ge  nanocrystals,  A  = 
138  cm**,  a  =  1.44  and  B  =  323  cm'*,  p  =  1.75.  These 


Fig.  3  (a)  The  calculated  dependence 
between  Raman  Shift  and  nc-Ge  size,  (b) 
The  calculated  dependence  between  Raman 
broadening  and  nc-Ge  size.  The  dot  line  in 
(a)  represents  the  calculation  from  Zi’s 
model.  The  solid  circles  and  triangles 
represent  calculation  fix)m  T02  and 
TO[100].  The  solid  lines  are  drawn  from  the 
analytical  formulae  (5)  and  (6).  The 
diamonds  represent  our  experimental  results. 
The  squares  represent  Fujii's  experimental 
data.  The  hollow  circles  represent  the  results 
from  the  three-peak  fitting. 


two  functions  are  shown  in  Fig.  3  as  solid  lines.  Here,  we  can  see  that  these  two  relations 
conform  with  the  phonon  confinement  mode  well. 

From  Fig  1,  we  can  see  that  the  theoretical  calculations  from  both  T02  and  TO  [100] 
dispersion  functions  are  in  good  agreement  with  the  experimental  Raman  shift  and  broadening 
data.  The  difference  is  that  the  T02  dispersion  function  allows  a  slightly  larger  Raman  shift  for 
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the  same  Raman  broadening  than  TO[100]  dispersion  function.  Fig.  3  shows  that  the  discrepancy 
in  nc-Ge  size  from  T02  and  T0[100]  dispersion  functions  is  about  2  nm.  The  solid  squares  are 
data  from  Fujii's  experimental  data  From  the  Fig.  3  (a),  our  experimental  data  (diamond 
labels)  are  closer  to  the  theoretical  curve  calculated  from  the  T02  dispersion  function.  From  Fig. 
3  (b),  it  can  be  seen  that  Fujii's  data  lies  between  the  T02  and  TO  [100]  curves.  During  TEM 
measurements,  nc-Ge  near  the  critical  size  becomes  unstable  imder  high-energy  electron 
irradiation  and  transits  to  the  amorphous  phase.  The  TEM  image  is  not  sensitive  to  the 
amorphous  Ge  clusters  because  the  silicon  oxide  matrix  is  also  amorphous.  We  deduce  that  the 
average  nc-Ge  size  determined  from  the  TEM  images  should  be  a  little  larger  than  the  actual 
case,  i.e.,  the  isotropic  T02  dispersion  can  give  a  better  description  of  the  nc-Ge  system. 

CONCLUSION 

We  have  synthesized  stress-minimized  Ge  nanocrystals  in  a  silicon  oxide  matrix.  The 
phonon  confinement  model  with  various  dispersion  functions  has  been  compared  with  Raman 
spectra  taken  from  nearly  stress-free  nc-Ge  samples.  It  was  fotmd  that  the  phenomenological 
phonon  confinement  model  using  Fauchet’s  Gaussian  weighting  function  and  T02  phonon 
dispersion  gives  the  best  description  of  the  Raman  shift,  broadening  and  spectra  shape.  A  three- 
peak  fitting  method  based  on  the  phonon  confinement  model  is  found  to  be  useful  in  quantifying 
the  nanocrystal  size,  crystallinity,  size  distribution  and  phase.  The  Raman  shift  and  broadening  in 
this  stress-free  nc-Ge  system  can  be  described  by  an  L'*  and  L*’  law  respectively. 
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ABSTRACT 

This  manuscript  discusses  the  morphological  instability  observed  when  multilayered 
samples  with  alternating  layers  of  y-Ni(Al)/y-Ni3Al  are  exposed  to  800C  for  approximately  100 
hours.  Samples  with  20nm/20nm  or  120nm/120nm  layer  thickness  and  <001>  or  <1 1 1>  crystal 
orientation  to  the  interface  normal  were  tested.  Pinching  off  of  layers  is  strongly  affected  by 
crystal  orientation  and  layer  thickness.  Corresponding  modeling  suggests  that  the  stability  of  this 
system  is  sensitive  to  fluctuations  in  the  volume  fraction  of  the  two  phases,  the  aspect  ratio  of 
columnar  grains  in  the  layers,  and  whether  coherent  or  semi-coherent  interfaces  are  present. 

INTRODUCTION 

Nanolayered  materials  consisting  of  alternating  A/B  type  layers  of  metals  exhibit  large 
values  of  hardness  that  increase  monotonically  as  individual  layer  thickness  is  decreased  [1]. 
The  large  resistance  to  plastic  deformation  has  been  explained  by  considering  dislocation  motion 
that  is  confined  to  small  volumes  of  material  by  numerous  interfaces  [e.g.,  2].  However,  if  such 
materials  are  to  be  used  at  elevated  temperature,  a  better  understanding  of  the  morphological 
stability  of  the  layered  structure  at  high  temperature  is  needed. 

The  system  studied  is  a  multilayered  version  of  Y-Ni(Al)/Y-Ni3Al.  These  phases  form  the 
basis  for  Ni-base  superalloys  that  are  used  for  turbine  blade  applications  and  that  derive  their 
strength  from  a  fine  dispersion  of  cuboidal  y  precipitates  in  a  y  matrix.  A  morphological 
transition  from  a  particulate  to  a  lamellar,  or  rafted,  microstructure  with  180  nm  layer  thickness 
has  been  observed  when  NAS  AIR  100  superalloy  is  stressed  at  140MPa  for  50hrs  at  lOOOC  [3] 
and  interfacial  misfit  dislocations  appear  to  form  as  part  of  the  process  [4],  However,  the  creep 
properties  of  rafted  material  compared  to  the  particulate  morphology  appear  to  be  mixed  [5,3,6]. 

This  manuscript  discusses  the  morphological  stability  of  y-Ni(Al)/y-Ni3Al  multilayers  that 
are  deposited  by  sputtering  as  to  control  both  layer  thickness  and  crystallographic  orientation  of 
the  layers.  The  experimental  observations  from  heating  the  samples  to  800C  for  101  hours  are 
discussed  in  light  of  two  models,  which  suggest  regimes  of  columnar  grain  aspect  ratio, 
interfacial  energy,  and  volume  fraction  for  which  the  multilayers  are  predicted  to  be  stable. 

EXPERIMENTAL  PROCEDURE 
Sample  fabrication 

Multilayered  y-Ni(Al)/y-Ni3Al  thin  films  were  produced  using  dc  magnetron  sputtering. 
Prior  to  sputtering,  a  vacuum  base  pressure  of  less  than  5  x  10"^  torr  was  produced  and  during 
sputtering.  Argon  pressure  was  maintained  at  2  x  10'^  torr.  Prior  to  introduction  into  the 
chamber,  the  Argon  gas  was  gettered  through  a  titanium  sponge  at  800C  to  increase  purity. 
Cleaved  <00 1>  NaCl  wafers  were  used  for  substrates  and  Ni-10wt%Al  solid  solution  and  Ni- 
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25at%Al  (Ni3Al)  targets  were  used.  The  target  compositions  were  chosen  based  on  reported 
equilibrium  compositions  for  the  y-y  system  in  the  vicinity  of  800C.  Power  to  the  targets  was 
maintained  at  200W  DC  during  deposition. 

Samples  with  both  <00 1>  and  <11 1>  crystal  orientation  to  the  interface  normal  were 
produced,  with  individual  layer  thickness  ranging  from  20nm  to  120nm,  and  overall  sample 
thickness  from  5  to  7|im.  The  <00 1>  oriented  samples  were  produced  by  pre-baking  cleaved 
<00 1>  NaCl  substrates  to  approximately  400C  for  approximately  one  hour  and  maintaining  the 
substrate  at  a  minimum  of  400C  during  deposition.  NaCl  substrates  were  also  used  to  deposit  the 
<1 1 1>  oriented  samples,  but  no  pre-baking  or  substrate  heating  was  used.  Following  deposition, 
substrates  were  removed  by  dissolving  them  in  water,  so  that  free-standing  y-Ni(Al)/y-Ni3Al 
thin  films  were  produced. 

Elevated  Temperature  Excursions 


Four  samples  were  chosen  for  exposure  to  elevated  temperature;  i.  <00  !>  120nm  y//  <00 1> 
120nm  Y;  ii.  <1 1 1>  120nm  y //  <1 1 1>  120nm  Y;  iii.  <001  >  20nm  y //  <001>  20nm  Y;  iv.  <1 1 1> 

20nm  y  //  <11 1>  20nm  Y- 
Portions  of  the  samples  were 
enclosed  in  glass  tubes  under 
an  Argon  atmosphere  to  help 
maintain  an  oxidation-free 
environment.  The  samples 
were  then  heated  continuously 
_  /.N  c  for  101  hours  at  800C  and  then 

j  ~  I -i”  cooled  to  room  temperature 

Figure  1 :  As-deposited  1 20nm/l  20nm  y/y  multilayer  samples  characterization 

with  (a)  <00 1>  and  (b)  <1 1 1>  orientation. 


Characterization 


Prior  to  the  elevated  temperature  excursion,  all  samples  had  a  continuous  layered 
morphology.  Figure  1  shows  representative  backscattered  scanning  electron  microscope  (SEM) 
images  of  as-deposited  <001>  120nm/]20nm  and  <1 1 1>  120nm/120nm  samples.  The  layers  of 
y-Ni(Al)  appear  lighter  in  contrast.  The  lamellar  morphology  is  continuous  in  both  cases, 
although  the  layers  have  some  non-planarity,  particularly  for  the  <11 1>  orientation.  The 
20nm/20nm  multilayers  are  difficult  to  resolve  well  in  a  SEM,  but  display  a  layered  morphology. 

Additional  characterization  with  X-ray  diffraction  and  plan  view  and  cross-sectional 
transmission  electron  microscopy  (TEM)  has  been  performed  on  layers  produced  in  the  same 
manner,  but  with  a  Ni  rather  than  y-Ni(Al)  target.  These  studies  reveal  a  strong  <00 1> 
orientation  for  deposition  at  greater  than  400C  and  a  <1 1 1>  orientation  for  deposition  at  lower 
temperatures.  Faults  are  present  in  both  <001>  and  <1 1 1>  Ni/y  samples.  They  lie  along  {111} 
planes  of  both  Ni  and  Ni3Al  and  appear  to  be  more  dense  for  the  <1 1 1>  oriented  case.  A 
parallel  TEM  study  of  the  y/y  multilayers  is  in  progress,  with  a  goal  to  measure  the  in-plane 
dimension  of  the  columnar  grains  in  the  multilayered  samples,  as  an  important  parameter  in  the 
morphological  stability  theory  to  follow. 

SEM  images  of  the  samples  after  heat  treatment  are  shown  in  Fig.  2.  There  is  evidence  of 
breakdown  of  the  layered  structure  in  all  cases,  but  especially  so  for  samples  with  <11 1> 
orientation.  The  <11 1>  20nm/20nm  sample  has  broken  down  the  most  to  produce  a 
polycrystalline  sample  with  more  or  less  equiaxed  grains  as  large  as  3jLim.  There  is  little 
evidence  of  any  layered  morphology  after  this  heat  treatment.  The  <1 1 1>  120nm/120nm  sample 
also  shows  regions  of  severe  breakdown,  with  grains  as  large  as  2pm.  However,  there  is 
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evidence  of  the  original 
layered  structure,  in  the 
form  of  horizontal  bands 
of  alternating  grains  of  y 
and  y.  The  heights  of 
the  grains  are 
comparable  to  the 
former  layer  thickness. 

The  samples  with 
<001>  orientation 
appear  to  have  a  broken- 
down  layer  morphology, 
but  not  to  the  extent 
displayed  in  the  <11 1> 
cases.  Further,  the 
120nm/120nm  sample 
appears  to  be  more 
stable  than  the  finer 
20nm/20nm  case.  The 
thicker  layer  sample  has 
several  locations  at 
which  layers  of  Ni3Al 
have  pinched  off.  Pinch 
off  locations  appear  to 
be  stacked  vertically,  so 
that  the  breakdown  may 
have  progressed 
vertically  through  the  thickness  of  the  sample.  However,  there  are  numerous  locations  along  an 
individual  Ni3Al  layer  at  which  pinching  off  is  in  progress,  and  this  produces  a  variation  in  layer 
thickness  that  is  much  more  pronounced  than  in  the  as-deposited  state. 

The  <00 1>  20nm/20nm  sample  shows  a  nonuniform  breakdown  of  the  layered  morphology, 
ranging  from  grains  as  large  as  0.5pm  (bottom)  to  regions  where  layers  are  still  in  the  process  of 
pinching  off  (upper  right).  The  overall  image  indicates  that  there  are  strong  patterns  of  grain 
formation  along  diagonal  directions  through  the  multilayer. 

In  summary,  all  samples  held  at  800C  for  approximately  lOOhrs  display  a  breakdown  in 
multilayered  morphology,  but  to  different  amounts.  The  <00 1>  120nm/120nm  sample  appears 
to  have  retained  more  of  the  multilayered  morphology  than  the  other  samples,  followed  by  the 
<001>  20nm/20nm  case.  The  <1 1 1>  120nm/120nm  sample  retains  little  of  the  layer  morphology 
and  the  <1U>  20nm/20nm  case  retains  none.  The  results  suggest  that  samples  with  <00 1> 
orientation  and  larger  layer  thickness  break  down  more  slowly. 

MODELING 

Laver  Breakdown  based  on  Minimization  of  Interfacial  and  Grain  Boundary  Energies 

It  is  well  known  that  capillary  forces  affect  the  shape  of  a  liquid  vapor  surface  and  wetting 
of  a  solid  by  a  liquid  and  serve  to  minimize  the  excess  free  energy  of  the  relevant  liquid-vapor  or 
liquid-solid  interfaces.  The  same  principles  apply  to  a  solid-solid  interface  and  they  have  been 
used  to  determine  conditions  for  the  stability  of  multilayered  materials  [7,  8].  The  concept  is  that 


(a)  — 2|im—  (b) 


Figure  2:  Backscattered  scanning  electron  microscope  images  of 
y/y  multilayer  samples  after  101  hrs  at  800C  in  an  Argon 
environment,  for  (a)  <001>  120nm/120nm,  (b)  <1 1 1> 
120nm/120nm,  (c)  <00 1>  20nm/20nm,  and  (d)  <1 1 1>  20nm/20nm 
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the  morphology  of  a  laminate  will  evolve  toward  a 
geometry  that  minimizes  the  sum  of  interfacial  grain 
boundary  free  energies. 

The  layer  geometry  shown  in  Fig.  3  is  considered 
relevant  to  modeling  the  multilayered  samples.  It 
assumes  that  columnar  grains  within  a  layer  are  stacked 
on  top  of  one  another.  Prior  to  any  elevated 
temperature  excursion,  each  layer  may  be  thought  of  as 
an  array  of  square  prisms  with  in-plane  width  w  and 
height  t.  Thus,  Fig.  3  is  only  a  two-dimensional  cross 
section  of  the  structure.  Upon  heating,  there  will  be  a 
tendency  to  reduce  area  defect  content  and  the  layer 
with  the  larger  grain  boundary  energy  (layer  type  1  in 
Fig.  3)  will  begin  to  pinch  off.  A  basic  equilibrium 
condition  for  the  node  shown  in  Fig.  3  is 

27, 2  cose -I- 72-71  =0  (1) 

where  712, 72,  and  7|  are  the  energies  per  unit  area  of  the 
interface,  grain  boundary  in  phase  2,  and  grain  boundary  in  phase  1,  respectively. 

The  stability  issue  amounts  to  determining  the  critical  depth  to  which  a  groove  will 
penetrate  into  layer  type  1  before  the  equilibrium  grooving  angle  0  is  reached.  To  do  so,  the 
areas  of  interfaces  and  grain  boundaries  are  varied  to  reach  a  minimum  in  area  defect  energy, 
subject  to  the  constraint  that  the  volume  of  a  grain  cannot  change.  The  analysis  predicts  a  critical 
initial  aspect  ratio,  t/w,  of  columnar  grains,  below  which  the  layer  will  pinch  off.  Clearly,  stable 
multilayers  are  more  likely  when  the  magnitude  of  (71  -  72)/27]2  is  small.  If  this  ratio  exceeds  1, 
then  there  is  no  equilibrium  0  possible  and  instability  is  predicted  for  all  t/w.  In  the  limit  of  (7|  - 
72)/27i2  =  0,  multilayers  with  any  t/w  are  predicted  to  be  stable  and  for  (7|  -  72y27i2  >  1,  no 
multilayers  are  predicted  to  be  stable. 

Another  geometry  (not  shown),  with  staggered  placement  of  columnar  grains  in  one  layer 
relative  to  another,  introduces  a  different  mode  of  instability  in  which  both  layer  types  may  pinch 
off.  Although  this  geometry  is  not  expected  in  as-deposited  samples,  grain  boundaries  may 
migrate  to  this  staggered  configuration  at  elevated  temperature.  The  driving  force  to  do  so 
occurs  since  the  area  of  the  lower  energy  grain  boundary  (assumed  to  be  72  in  Fig.  3)  can  be 
reduced  significantly  if  the  staggered  geometry  is  adopted.  The  limiting  scenarios  for  the 
staggered  geometry  are  that  all  t/w  are  stable  when  7)/27|2  and  72/2712  approach  0,  and  no  values 
of  t/w  are  stable  when  either  7i/27i2  or  72/2712  approach  or  exceed  1 . 

Laver  Breakdown  based  on  Minimization  of  Interfacial  and  Elastic  Strain  Energies 

Sridhar  et  al.  [9]  consider  instability  of  multilayers  based  on  the  computation  of  the  elastic 
energy  and  interfacial  energy  of  multilayered  systems  which  are  perturbed  from  a  flat  interfacial 
morphology.  The  analysis  includes  the  change  in  elastic  energy  of  layered  structures  with  elastic 
misfit  between  layers  but  neglects  the  contribution  from  changes  in  energy  of  columnar  grain 
boundaries.  Stability  for  multilayered  systems  is  described  in  terms  of  the  misfit  strain, 
mismatch  a  =  (E2  -  Ei)/(E2  +  Ej)  in  Young's  moduli  of  the  two  alternating  layer  types  in  the 
multilayer,  and  volume  fraction  f2  of  layer  type  2.  To  summarize,  stable  morphologies  occur 
when  the  layer  type  with  the  larger  elastic  modulus  also  has  the  larger  volume  fraction  or 
equivalently,  when  the  layer  type  with  the  smaller  volume  fraction  also  has  the  smaller  elastic 
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Figure  3:  Geometry  for  pinching  off 
of  stacked  columnar  grains. 
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modulus.  Additional  results  are  provided  for  externally  stressed  multilayers  but  since  free- 
standing  multilayers  were  tested,  those  results  are  not  reviewed  here. 

RESULTS 


Stability  Plot  for  Y-NifAlVy-Ni^Al  Multilayers  based  on  Minimization  of  Grain  Boundary 
and  Interfacial  Energies 


Figure  4  shows  the  predictions  of  the 
Josell  theory  to  Y-Ni(Al)/y-Ni3Al 
multilayers.  Regions  of  stability  and 
instability  to  pinching  off  of  Y'(Ni3Al) 
layers  are  shown  as  a  function  of  columnar 
grain  aspect  ratio  and  energy  of  the  y/Y 
interface.  The  plot  is  based  on  estimates 
of  866  mJ/m^  for  a  Y-Ni(Al)  grain 
boundary  and  902  mJ/m^  for  a  Ni3Al 
grain  boundary.  They  are  obtained  using 
both  experimental  measurements  and 
theoretical  predictions  of  grain  boundary 
energies  as  summarized  in  Table  I.  There 
are  no  experimental  or  theoretical  values 
for  Ygb(Ni(Al)).  However,  estimates  for 
Ygb(Ni)  range  from  an  experimental  value 
of  866  mJ/m^  to  a  theoretical  value  of 
1210  mJ/m^.  We  approximate 
Ygb(Ni(Al))  -  Ygb(Ni)  =  866 
mJ/m^,  and  use  the  experimental 
value  since  the  theoretical 
estimate  appears  to  be  an 
overestimate  [10].  A 
corresponding  value  Ygb(Ni3Al) 
=  902  mJ/m^  is  adopted" in  Fig.  4, 
based  on  the  observation  that  the 
theoretical  value  of  Y'gb(Ni3Al) 
in  Table  I  is  approximately  4% 
larger  than  the  theoretical  value 
of  Ygb(Ni). 

Effect  of  Coherent  and  Incoherent  Interface  Structure 

The  stable  versus  unstable  nature  of  Y-Ni(Al)/y-Ni3Al  multilayers  in  Fig.  4  depends  on  the 
value  of  interfacial  energy.  The  most  striking  effect  is  that  estimates  of  interfacial  energy 
reported  in  Table  I  range  from  (10  to  20)  mJ/m^  for  coherent  <00 1>  interfaces  in  Y-Ni(Al)/y- 
Ni3Al  superalloys  with  cuboidal  particles  to  200  mJ/m^  for  semicoherent  interfaces  in  rafted  y- 
Ni(Al)/y-Ni3Al  structures.  Thus,  the  stability  diagram  in  Fig.  4  predicts  that  if  interfaces  are 
semicoherent,  then  y/Y  multilayers  with  grain  boundary  aspect  ratios  t/w  >  0.1  would  be  stable. 
Multilayers  with  coherent  interfaces,  with  YY/yinterface  ~  20mJ/m2  are  predicted  to  be  unstable 
for  all  t/w  shown. 


Table  I  Grain  Boundary  and  Interfacial  Energies  in  mJ/m^ 


Quantity 

Exper. 

Theor. 

Value  used 
in  Fig.  4 

reh(Ni) 

8661111 

1210  [12] 

Ygh(Al) 

325  [11] 

Ygh(Ni(Al)) 

866 

y;K(NiciAl) 

1260112] 

902 

Yy/yinterface 

10-20  [13] 
200[14] 

Interfacial  energy  (mJ/m  ) 

Figure  4.  Stability  plot  for  the  Y-Ni(Al)/y-Ni3Al 
multilayer  system. 
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Stability  Plot  for  y-Ni(AlVY-Ni3Al  Multilayers  based  on  Minimization  of  Interfacial  and 
Elastic  Energies 

The  theory  by  Sridhar  et  al.  [9]  can  be  applied  to  Y-Ni(Al)/y-Ni3Al  multilayers  of  equal 
volume  fraction  by  selecting  fNi(Ai)  =  0.5  and  estimating  a  =  (Ejs4i(Ai)  "  ENi3AlV(ENi(Al)  + 
ENi3Al)-  Based  on  work  by  Gada  et  al.  [15],  Ejsjj(Ai)  =  134  GPa  and  E^j^Ai  =  1 13GPa  at  25C,  but 
ENi(Al)  =  72  GPa  and  Ej^jj^Ai  =  81  GPa  at  lOOOC.  Thus,  a  ranges  from  +0.08  at  25C  to  -0.06  at 
lOOOC.  At  500C,  a  is  nearly  zero.  It  is  most  appropriate  to  apply  the  stability  condition  at 
elevated  temperatures  at  which  diffusion  can  take  place  but  regardless,  the  theory  predicts  that 
multilayers  with  equal  volume  fraction  should  be  stable  for  all  values  of  a.  However,  the  theory 
does  show  that  for  negative  values  of  a  that  are  anticipated  at  elevated  temperature,  modest 
deviation  in  fNi(Al)  greater  than  0.5  may  cause  instability.  Since  the  energetic  contribution  of 
grain  boundaries  is  not  considered,  the  theory  is  expected  to  predict  stability  when,  in  fact, 
multilayers  with  columnar  grains  are  unstable. 

CONCLUSIONS 

Multilayers  consisting  of  alternating  layers  of  Y-Ni(Al)  and  Y’-Ni3A!  appear  to  be  inherently 
unstable  to  pinching  off  of  Y-Ni3Al  layers  when  held  at  800C  for  100  hours.  However,  the  rate 
at  which  pinching  off  occurs  is  larger  for  20nm/20nm  than  for  120nm/120nm  layer  thickness, 
and  much  larger  for  samples  with  <1 1 1>  compared  to  <00 1>  crystal  orientation  to  the  interface 
normal.  Models  based  on  minimization  of  interfacial  and  grain  boundary  energies  and  elastic 
energy  suggest  that  such  multilayers  are  more  stable  to  pinching  off  when  they  have  semi- 
coherent  or  incoherent  interfaces,  columnar  grains  with  a  large  needle-like  aspect  ratio,  and 
uniform  layer  thickness  so  that  the  volume  fraction  of  each  layer  type  does  not  deviate  from  0.5. 
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ABSTRACT 

Co-Cu  multilayer  granular  films  deposited  onto  Si  substrates  have  been  submitted  to 
thermal  treatments  in  scanning  mode.  Their  magnetisation  and  resistance  have  been  studied 
after  applying  two  different  heating  rates.  The  comparison  between  the  experimental  data 
measured  before  and  after  the  treatment  points  out  that  the  effect  of  the  annealings  depends 
strongly  on  the  heating  rate  used.  We  also  present  XPS  data  collected  as  a  function  of  depth 
to  show  how  the  different  heating  rate  modify  the  composition  and  chemical  environment 
produced  by  thermal  treatments. 

INTRODUCTION 

The  discovery  of  giant  magnetoresistance  (GMR)  in  magnetic  granular  materials  has 
raised  more  and  more  interest  on  these  systems  thanks  to  the  ease  of  their  production,  the 
possibility  of  gaining  information  regarding  electronic  conductivity  in  multilayers  and  the 
possibility  of  studying  systems  with  arbitrary  magnetic  configuration  [1].  Usually,  thermal 
treatments  have  relevant  effects  when  applied  on  this  kind  of  systems;  in  particular,  they  may 
allow  tailoring  the  magnetoresistive  properties  of  the  as-prepared  materials  and  to  change 
the  dependence  of  their  magnetisation  on  applied  magnetic  field.  These  modifications  in 
magnetic  and  magnetoresistive  behaviour  of  the  samples  are  related  to  structural  changes 
regarding,  for  example,  the  crystalline  structure  of  the  grains  [2],  their  dimensions  as  well  as 
their  relative  distances  [3].  Experimental  techniques  such  as  transmission  electron  microscopy 
(TEM)  or  X-ray  diffraction  (XRD)  are  widely  used  to  gain  information  about  the  structure 
of  granular  materials  [4];  on  the  other  side,  when  the  grains  are  very  small  or  the  material  is 
characterised  by  structural  defects  such  techniques  are  not  always  effective  in  providing  an 
estimation  of  the  dimensions  or  the  distribution  of  the  grains  [5].  In  this  case  magnetisation 
curves,  susceptibility  and  resistivity  measurements  can  give  insights  about  the  nanometric 
structure  of  superparamagnetic-diamagnetic  granular  media.  In  this  paper,  we  induce  the 
diffusion  of  atomic  species  submitting  Co-Cu  granular  systems  to  thermal  annealings  with 
different  heating  rate  (HR).  We  then  study  the  modifications  the  system  undergoes  to  with 
magnetic  and  resistive  measurements  and  perform  XPS  analysis  to  detect  possible  changes 
in  samples  composition. 

EXPERIMENTAL 

The  granular  materials  have  been  obtained  depositing  alternately  very  thin  cobalt  and 
copper  layers  onto  Si  substrates  by  RF-sputtering  in  Ar  atmosphere.  The  nominal  thickness 
are  0.4  nm  for  Co  and  1.4  nm  for  Cu;  the  whole  film  is  80  nm  thick.  Resistivity  measurements 
at  various  temperatures  have  been  performed  with  the  Van  der  Pauw  method.  Magnetisation 
curves  have  been  measured  with  an  alternating  gradient  field  magnetometer  (AGFM)  at  room 
temperature  and  with  a  vibrating  sample  magnetometer  (VSM)  as  a  function  of  temperature. 
Thermal  treatments  have  been  performed  by  a  differential  scanning  calorimeter  (DSC)  in 
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scanning  mode  with  Ar  flowing  inside  the  sample  holder  in  laminar  regime.  We  used  two 
different  HR,  10  K/min  and  20  K/min,  and  during  each  annealing  the  temperature  of  the 
sample  was  varied  starting  from  373  K  (initial  temperature)  up  to  773  K  (final  temperature). 
Every  sample  has  been  submitted  to  more  than  one  thermal  treatment  with  the  same  HR. 
XPS  measurements  have  been  performed  with  a  synchrotron  light  source  at  the  SuperEsca 
beamline  with  photon  energies  equal  to  183  eV  and  650  eV.  The  XPS  data  have  been  collected 
at  various  depths  inside  the  sample  after  etching  procedure. 

RESULTS 

The  in-plane  magnetisation  curve  of  the  as-prepared  sample  is  reported  in  fig.  1(a):  it 
doesn’t  show  a  coercive  field  and  displays  superparamagnetic  features.  The  loop  can  be  well 
approximated  by  a  weighted  sum  of  Langevin  functions  [5],  PiL(/iiH/kT),  where  /ij  is 
proportional  to  the  volume  Vj  of  the  non-interacting  Co  particles.  The  best  fit  is  obtained 
when  we  use  just  two  values  of  /Ui  and  ^2\  if  we  suppose  to  have  disk-like  particles 
and  that  we  find  that  their  mean  diameters  are  8  and  2  nm,  respectively.  The 

superparamagnetic  nature  of  the  samples  is  confirmed  by  the  presence  of  a  broad  maximum 
in  the  susceptibility  curve  as  a  function  of  temperature  ascribable  to  the  average  blocking 
temperature  of  the  cobalt  particles  [6]. 

Resistivity  of  the  as-prepared  samples,  po,  depends  linearly  on  temperature  between  40  K 
and  300  K  and  dpo/dT  >  0  (fig.  1(b)).  Its  value  at  room  temperature  (RT)  is  31  pQ-cm  and 
the  value  of  po  extrapolated  at  0  K  is  23  /ifl-cm.  The  higher  value  of  po(300  K)  respect  to 
those  of  Co  and  Cu  {pco  equals  to  5.8  pQ-cm  and  pcu  to  1.7  //fl-cm  at  RT)  and  the  small  value 
of  the  temperature-dependent  contribution  to  Po,  (po(300  K)-po(0  K))/po(300  K)  0.25, 
evidence  the  presence  of  strong  structural  disorder  [7].  Magnetoresistance  of  as-grown  sam¬ 
ples,  Apo(H)/po=(po(H)-po(H=0))/po(H=0),  exhibits  GMR  features  and  its  value  is  about 
-  5  %  with  an  applied  field  of  1.2-10®  A/m  (see  the  inset  of  fig.  1(a)). 

The  heat  treatment  performed  with  the  higher  HR  (20  K/min)  produces  the  effects 
shown  in  fig.  2.  The  magnetisation  curve  M(H)  at  room-temperature  (fig.  2(a))  shows 
an  hysteresis  loop  with  a  coercive  field  of  16-10^  A/m  and  a  relative  remanence  equal  to 


Magnetic  field  (lOWm) 


Figure  1:  Measurements  on  the  as-prepared  sample:  (a)  magnetisation  curve  (dots)  and  fit 
performed  with  Langevin  functions  (line);  the  inset  shows  the  magnetoresistance  at  RT.  (b) 
Resistance  as  a  function  of  temperature. 
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Figure  2:  Measurements  after  thermal  annealing  at  20  K/min:  (a)  magnetisation  at  room 
temperature  and  (b)  resistance  as  a  function  of  temperature. 


7-10^  A/m;  furthermore  the  magnetisation  measured  with  an  applied  field  of  Hmax==  1.5-10® 
A/m  is  about  one  half  respect  to  the  as-prepared  sample.  If  we  consider  M(H)  as  the  sum 
of  two  major  contributions,  one  relative  to  the  hysteretic  part  of  the  curve  at  low  field  and 
the  other  relative  to  the  superparamagnetic  part  at  high  field  we  find  that  the  latter  is  well 
approximated  by  a  Langevin  function  corresponding  to  Co  disks  with  a  value  of  /i  very  similar 
to  the  value  ^2  found  in  the  as  prepared  sample.  This  might  mean  that  after  the  treatment 
the  biggest  particles  have  coalesced,  determining  the  ferromagnetic  contribution,  while  the 
smallest  ones  are  still  dispersed  inside  the  Cu  matrix.  The  decrease  of  M(Hmax)  (about  one 
half  respect  to  the  as-grown  sample)  can  be  explained  assuming  that  the  thermally  activated 
diffusion  processes  might  have  produced  a  partial  oxidation  of  Co  grains,  giving  origin  to 
paramagnetic  species,  and  thus  reducing  their  contribution  to  magnetisation. 

Room  temperature  resistivity  of  the  samples  treated  with  HR  —  20  K/min,  p2o(300  K),  is 
lower  than  /?o{300  K)  and  its  dependence  on  temperature  is  still  metal-like,  that  is  5p2o/^T 
is  constant  and  positive  (fig.  2(b)).  Further  annealings  performed  on  the  same  sample  do 
not  alter  significantly  the  effects  observed  after  the  first  one.  This  possibly  means  that  the 
leading  effect  of  diffusion  processes  is  to  promote  the  growth  of  a  ferromagnetic  phase. 

Differently,  we  observe  that  treatments  performed  with  HR  =  10  K/min  produce  a  deeper 
modification  on  conductivity  and  magnetisation  of  the  samples.  Indeed,  their  room  tempera¬ 
ture  resistivity,  pio(300  K),  after  the  series  of  annealing  has  a  value  about  two  orders  of  mag¬ 
nitude  higher  than  Po(300  K).  Its  dependence  on  temperature,  as  well,  is  strongly  modified 
and,  after  three  thermal  treatments,  dpi^/dT  is  negative,  it  changes  with  temperature  and 
Pio(40  K)/pio(300  K)  ~  10^  (fig.  3(b)).  These  results  are  not  detected  with  HR  =  20  K/min 
under  the  same  total  treatment  time,  suggesting  that  thermally  activated  processes  could 
depend  on  solid  state  reaction  kinetic  due  to  the  metastable  nature  of  the  as-prepared  sam¬ 
ples.  With  total  treatment  time  we  indicate  the  product  n-HR~’^  ■  AT,  where  n  is  the  number 
of  treatments  and  AT  is  the  temperature  range. 

In  the  same  film,  room-temperature  magnetisation  measured  at  H^ax  is  one  order  of 
magnitude  lower  than  that  measured  in  the  as-prepared  sample  and  magnetisation  curves 
do  not  show  hysteresis  (fig.  3(a)).  In  our  opinion,  these  results  may  be  interpreted  as  a 
sigmoidal  feature  at  low  fields  that  could  be  produced  by  a  small  ferromagnetic  component 
superimposed  to  a  paramagnetic  signal.  The  properties  showed  by  this  sample  clearly  in- 
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Figure  3;  Magnetisation  as  a  function  of  magnetic  field  (a)  and  reduced  resistivity  as  a 
function  of  temperature  (b)  after  thermal  annealings  at  10  K/min. 


dicate  that  the  original  film  structure  and  composition  have  been  deeply  changed  by  the 
thermal  treatments  performed  with  HR  =  10  K/min.  In  order  to  detect  possible  modi¬ 
fications  in  composition  or  chemical  environment  inside  the  film  we  have  performed  XPS 
measurements  at  various  depths  inside  the  sample  [8]. 

The  analysis  of  experimental  data  (see  fig.  4)  points  out  that  the  binding  energy  of 
the  Co3p  peak  is  higher  with  respect  to  that  measured  in  the  as-prepared  sample  and  its 
lineshape  is  different.  Furthermore,  the  area  of  this  peak  increases  with  depth.  Diflferently, 
Cu3pi/2  and  Cu3p3/2  levels  have  not  been  modified  by  the  treatments.  Inside  the  treated 
film  we  also  observe  the  presence  of  peaks  of  non-metallic  species:  silicon  and  oxygen.  XPS 
data  supports  the  hypothesis  that  Co  has  reacted  with  oxygen  and  that  silicon  has  diffused 
into  the  film. 

CONCLUSIONS 

We  have  studied  the  influence  of  diffusion  processes  activated  by  annealings  performed  in 
scanning  mode  on  magnetisation  and  resistivity  in  Co-Cu  granular  multilayers.  The  results 
indicate  that  the  as-prepared  samples  are  characterised  by  strong  structural  disorder  and 
are  constituted  of  Co  disk-like  non-interacting  particles  having  a  bimodal  distribution  of 
dimensions.  The  major  effect  of  thermal  treatments  with  HR  =  20  K/min  is  the  coalescence 
of  the  biggest  particles  producing  an  appreciable  ferromagnetic  contribution  to  the  mag¬ 
netisation.  On  the  other  hand,  annealing  with  HR  —  10  K/min  is  connected  with  a  strong 
modification  of  magnetisation  curves,  a  great  increase  of  resistivity  at  room  temperature 
and  a  modification  of  its  dependence  on  temperature.  XPS  measurements  point  out  the 
presence  of  diffusion  processes  involving  cobalt  as  well  as  silicon  and  support  the  presence  of 
Co  oxide.  Further  analysis  is  planned  in  order  to  explain  the  influence  that  reaction  kinetic 
has  on  thermal  treatments. 
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Figure  4:  Cu3pi/2,  Cu3p3/2  and  Co3p  peaks  before  (a)  and  after  (b)  the  treatment  at 
HR  =  10  K/min. 
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ABSTRACT 

We  have  synthesized  two  sets  of  nanometal  composites  of  different  metal  concentrations 
via  electrodeposition  of  gold  into  porous  aluminum  oxide  membranes*’^  Within  each  set,  both 
centrosymmetric  and  non-centrosymmetric  particles  were  produced  whose  linear  and  nonlinear 
optical  effects  were  investigated. 

Because  our  method  of  template  synthesis  allows  for  the  close  examination  of  our 
composite  materials  in  terms  of  shape,  size,  and  symmetry,  we  can  interpret  the  SHG  response  in 
terms  of  differences  in  local  field  enhancements  of  magnetie  dipole  and  quadrupole  modes.^ 

INTRODUCTION 

It  is  well-known  that  nanoscopic  metal  partieles  can  exhibit  strong  absorption  and/or 
scattering  bands  in  the  visible  spectrum.  This  effect  allows  for  a  wide  variety  of  practical 
applications  of  nanoscopic  metal  systems  in  the  fine  arts,'‘  surface-enhanced  spectroscopy,^’^  and 
biochemistry.  Additionally,  the  size  and  shape  of  these  particles  can  be  tuned  to  produce  the 
desired  linear  optical  effects,  such  as  a  specific  spectral  band  position  (>.max)- 

The  wavelength  of  maximum  optical  extinction,  as  well  as  the  wavelength  of  optimal 
local  electric  field  enhancement,  depends  on  such  factors  as  the  size,  shape,  and  orientation  of  the 
particle,  as  well  as  spacing  between  particles.*"'®  Thus,  we  recently  extended  the  template 
synthesis  method  to  prepare  nanoparticles  that  differ  in  symmetry  and  size.  In  doing  so,  we  are 
able  to  probe  the  mechanisms  for  the  second  order  nonlinear  response  of  these  materials. 

In  this  paper,  we  describe  the  details  of  the  synthesis  of  non-centrosymmetric  gold 
particle  pair  structures.  We  also  discuss  the  UV/vis/near-IR  linear  polarization  spectra  of  non- 
centrosymmetric  gold  particle/porous  aluminum  oxide  film  composites  and  their  symmetric  gold 
particle  analogues  for  two  distinct  sizes.  Finally,  we  present  the  results  of  an  SHG  study  from 
these  composite  materials  and  begin  to  discern  the  possible  mechanisms  for  this  nonlinear  effect. 

EXPERIMENT 

Porous  Aluminum  Oxide  Synthesis 

Porous  aluminum  oxide  films  were  prepared  using  the  anodization/voltage  reduction 
method  of  Fumeaux,  et  al."  The  details  of  our  procedure  have  been  given  elsewhere. In  this 
study,  we  employed  porous  alumina  films  prepared  via  anodization  of  aluminum  foil  (Aldrich, 
99.999  %)  at  20  V  in  6  %  sulfuric  acid  at  0  The  mean  pore  diameters  of  these  films  were 
determined  (via  TEM  analysis)  to  be  32  ±  1  nm.  Typical  film  thicknesses  were  in  the  40  -  60  pm 
range. 

Gold  Nanoparticle  Preparation 

The  porous  alumina  membranes  were  used  as  a  template  to  synthesize  gold  particles  of 
different  symmetries.  The  barrier  side  of  the  film  was  sputtered  with  ca.  45  nm  of  silver  using  an 
Anatech  Hummer  10.2  plasma  deposition  device.  The  silver  coated  oxide  film  was  then  attached 
to  a  three-electrode  cell  equipped  with  an  Ag/AgCl  reference  electrode  and  a  platinum  mesh 
counter  electrode.  The  power  source  was  an  EG  &  G  Princeton  Applied  Research  Model  273 A 
Potentiostat.  Nitrogen  was  purged  into  the  system  for  mixing. 
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The  details  for  this  synthesis  are  reported  elsewhere.'  Symmetric  gold  particles  were 
prepared  by  depositing  0.3  C  Au  and  0.6  C  Au  over  the  3.14  cm^  area  for  small  and  large 
particles,  respectively.  Additionally,  for  non-centro symmetric  particles,  0.1  C  of  Au  was  first 
deposited  over  the  area,  followed  by  another  layer  of  Ag  (0.1  C)  and  finally  another  layer  of  Au 
(0.2  C  for  small  particles  and  0.5  C  for  large  particles). 

All  of  the  composites  were  immersed  in  nitric  acid  (69-71  %  EM),  to  dissolve  any  silver, 
leaving  only  gold  in  the  pores.  The  composite  films  were  rinsed  with  deionized  water,  ethanol, 
and  acetone  and  air-dried.  The  procedure  for  preparing  both  types  of  particle  composites  is 
summarized  in  Figure  1. 


Figure  1 .  Schematic  of  nanoparticle  synthesis; 
(1)  porous  anodic  alumina  film  after  detachment 
from  Al  substrate;  (2)  one  face  of  alumina  film 
coated  with  silver  using  plasma  deposition;  (3) 
electrodeposit  silver  foundation  into  pores;  (4a) 
electrodeposit  gold  onto  silver  foundation  to  form 
centrosymmetric  gold  particles;  (4b) 
electrodeposit  layers  of  gold,  silver,  and  then  a 
second  layer  to  form  noncentrosymmetric  gold 
particles;  (5a  and  5b)  immerse  film  in  nitric  acid 
to  remove  silver  foundation  and  silver  spacing 
segments. 


Nanoparticle  Characterization 

Transmission  electron  microscopy  was  used  to  characterize  the  dimensions  of  the 
template  synthesized  gold  nanoparticles.  Additional  sample  preparation  was  required  in  order  to 
obtain  TEM  (transmission  electron  microscope)  images.  The  gold  particle  composite  films  were 
embedded  in  a  resin  and  heated  at  70  for  12  hours.  A  70  pm  section  was  cut  using  a  diamond 
knife  (SPI  Inc.)  and  placed  on  a  Formvar-coated  Cu  grid  (200  mesh,  EM  Sciences).  The  samples 
were  then  examined  with  a  JEOL  1200  EX  transmission  electron  microscope. 

Linear  Optical  Analysis 

The  linear  polarization  analysis  of  the  composite  films  was  performed  using  a  Hitachi  U  - 
3501  spectrophotometer  equipped  with  a  210-2130  polarizer  accessory.  Extinction  spectra  were 
obtained  between  ?.  =  350  nm  and  =  800  nm  at  normal  incidence  (defined  as  0  =  0°,  and 
corresponding  to  the  case  where  the  incident  electric  field  is  perpendicular  to  the  pore  axes),  and 
at  incidence  angles  0  =  20°,  30°,  and  45°,  under  p-polarization  (the  incident  electric  field 
polarized  parallel  to  the  plane  of  incidence).  A  schematic  of  the  sample/polarizer  configuration 
is  shown  in  Figure  2. 
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Figure  2.  Schematic  of  polarzation 
spectroscopy  setup.  The  sample  film  is  rotated 
about  an  axis  perpendicular  to  the  page.  The 
angle  of  incidence  is  indicated  by0.  p- 
Polarization  corresponds  to  an  incident  electric 
field  in  the  plane  of  the  page.  s-Polarization 
corresponds  to  an  electric  field  oscillating 
perpendicular  to  the  page. 


Second  Harmonic  Generation  Studies 

The  SHG  studies  employed  a  high  repetition  rate  femtosecond  titanium-sapphire  laser 
system,  which  was  constructed  following  the  design  of  Mumane*"*  and  pumped  by  an  Argon-Ion 
laser  (Spectra  Physics  2060).  The  Ti:sapphire  laser  has  a  tunable  output  range  of  710  to  900  nm. 
We  restricted  our  initial  studies  to  an  output  of  780  nm.  The  pulse  widths  employed  were  ca. 
150  fs  at  an  80  MHz  repetition  rate.  The  average  power  was  100-300  mW,  corresponding  to  an 
energy  of  ca.  3  nJ  per  pulse.  The  details  of  this  experiment  have  been  described  in  detail 
elsewhere.'  Figure  3  shows  a  schematic  of  the  optical  bench  used  in  the  SHG  studies. 
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Figure  3.  Schematic  of  second  harmonic 
generation  optics  bench.  Meaning  of 
symbols:  BS,  beam  splitter;  M,  stationary 
mirror;  R,  retarder;  P,  polarizer;  L,  lens; 
MM,  moving  mirror  to  select  sample  or 
reference  beam  for  measurement. 


Results  and  Discussion 

Transmission  Electron  Microscopy 

TEM  images  were  obtained  for  all  porous  anodic  alumina  films  containing 
centrosymmetric  and  non-centrosymmetric  gold  structures.  The  non-centrosymmetric  structures 
consist  of  two  segments  of  gold,  one  roughly  spherical  and  the  other  rod-like  in  geometry.  For 
the  small  particle  systems,  the  longer  segments  of  the  non-centrosymmetric  pair  particles  show 
an  average  length  a  =  37  ±  6  nm,  and  the  smaller  segments  have  an  average  length  a  =  27  ±  5  nm. 
The  diameter  of  the  particles  is  ca.  26  +  3  nm.  The  surface-to-surface  separation  distance 
between  the  two  segments  is  22  ±  8  nm.  The  centrosymmetric  particles  have  an  axial  length  a  = 
54  ±  7  nm  and  a  diameter  b  =  30  +  4  nm.' 

In  the  larger  particle  systems,  the  single  rod  centrosymmetric  structures  have  an  average 
length  a  =  133  ±  20  nm  and  diameter  b  =  31  ±4  nm.  The  non-centrosymmetric  pair  structures 
are  composed  of  the  rod-like  segment  (a=  100  ±  10  nm,  b  =  33  ±  4  nm)  and  the  sphere-like 
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segment  (a  =  34  ±  5  nm,  b  =  33  ±  4  nm).  The  surface-to-surface  separation  distance  between  the 
rod  and  sphere  segments  is  57  ±  13  nm.^ 

Linear  Polarization  Spectra 

Figures  4  and  5  show  the  UV/Vis  spectra  of  various  Au/particle/alumina  composites  at 
four  incidence  angles  under  p-polarization.  Figures  4A  and  4B  show  the  polarization  spectra  for 
both  symmetries  (centre-  and  non-centrosymmetric,  respectively)  of  0.3  C  Au  particles  (small 
particles)  and  Figures  5A  and  5B  depict  the  spectra  for  both  symmetries  of  0.6  C  Au  particles 
(large  particles).  An  in-depth  discussion  on  these  results  is  given  elsewhere. However,  it  is 
important  to  notice  that  as  the  particles  grow  longer,  the  long  axis  plasmon  absorption  band  red 
shifts. 


Figure  4.  UV/visible  p-polarization  spectra: 
(A)centrosymmetric  Au  particle/alumina 
composite;  (B)  noncentrosymmetric  Au 
pair/alumina  composite.  Incidence  angles 
indicated  next  to  curves.  "Extinction" 
abscissa  is  unitless  and  corresponds  to 
spectrometer  "absorbance"  output.  However, 
the  measured  extinction  includes  losses  due  to 
absorption,  scattering  and  reflectance.  All 
measurements  were  made  in  double-beam 
mode,  with  no  material  in  the  reference  beam. 


0  ^ - 
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Figure  5.  UV/visible  p-polarization  spectra: 
(A)centro-symmetric  Au  particle/alumina 
composite;  (B)  non-centrosymmetric  Au 
pair/alumina  composite.  Incident  angles  are 
indicated  next  to  curves. 


SHG  Analysis 

In  the  SHG  studies,  we  examined  the  same  centre-  and  non-centrosymmetric  Au  particle 
alumina  composite  samples  considered  in  the  polarization  spectroscopic  measurements.  For  all 
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sample  types,  we  measured  SHG  intensities  at  normal  incidence  and  incidence  angles  of  20^^,  30°^ 
and  40°,  under  s  and  p-polarization.  Figure  6  summarizes  the  results  of  the  studies  in  p- 
polarization.  In  all  cases,  the  SHG  counts  from  the  Au  particle/alumina  samples  are  normalized 
against  the  counts  from  the  KDP  reference.  The  error  bars  are  based  on  the  results  of 
measurements  on  three  different  locations  of  the  composite  films.  We  should  also  note  that  SHG 
studies  on  porous  oxide  films  containing  no  gold  were  also  performed,  and  showed  negligible 
signals  for  all  incidence  angles  and  polarizations. 

With  our  laser  system,  SHG  yields  are  small  (8  -30  counts)  for  the  0.3  C  Au  centro- 
symmetric  particles.  The  signal  shows  a  small  increase  with  incidence  angle  0.  In  contrast,  SHG 
yields  for  the  small  particle  systems  lacking  inversion  symmetry  range  from  4  to  210  counts.  The 
SHG  counts  under  p-polarization  increase  dramatically  with  incidence  angle  (ca.  30-200  counts). 
At  0  =  40°,  the  normalized  SHG  counts  are  about  6  times  higher  than  the  corresponding  signal 
for  the  centrosymmetric  particle  composite  (Figure  6A). 

The  observed  dependence  of  the  SHG  signal  on  incidence  angle  for  the  non- 
centrosymmetric  particles  under  p-polarization  is  reasonable  in  two  respects.  Firstly,  as  the 
incidence  angle  increases,  the  component  of  the  incident  electric  field  directed  along  the 
asymmetry  axis  (the  axis  perpendicular  to  the  rotation  axis  of  the  rod)  of  the  gold  pair-particle 
structure  increases.  Secondly,  enhancement  effects  associated  with  the  long-axis  dipolar 
plasmon  resonance  are  increased  with  0. 
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Figure  6.  Second  Harmonic  generation  (SHG)  intensity  as  a  function  of  the  angle  of  incidence.  (A) 
smaller  ca.  60  nm  particles  (B)  larger  ca.  130  nm  particles.  Circles  correspond  to 
noncentrosymmetric  particles  and  diamonds  correspond  to  symmetric  particles. 


The  connection  between  the  linear  spectra  and  the  local  field  enhancement  factor  R  for 
SHG  can  be  seen  in  the  approximate  expression'^’’^ 


where  the  function  L  is  given  by: 

L(a))  = 


R  =  |L^(co)L(2co)t 


eo(®) 


Lx(em(«)  +  ’^e,(co)) 


(la) 

(lb) 
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Thus,  the  local  field  and  R  are  large  when  either  the  fundamental  frequency  (co)  or  the  second 
harmonic  (2o))  is  close  to  a  plasmon  resonance. 

We  calculated  the  local  field  enhancement  factors  for  gold  rods  of  various  aspect  ratios  in 
a  non-absorbing  host  (refractive  index  no  =  1.33  at  both  A,  =  780  nm  and  X  =  390  nm).  The 
optical  constants  of  gold  were  taken  from  Johnson  and  Christy. In  the  quasi-static  limit,  where 
the  gold  particle,  dimensions  are  assumed  to  be  negligibly  small  compared  to  the  incident 
wavelength,  R  becomes  significant  only  for  particles  with  aspect  ratios  greater  than  ca.  2.5, 
which  is  clearly  greater  than  a/b  for  the  smaller  Au  particles  considered  in  our  experiments. 
However,  if  particle  size  is  incorporated  into  Lx  and  R  becomes  significant  at  lower  aspect 
ratios,  reaches  a  maximum  at  a/b  «  2.5,  and  then  decreases  as  the  particles  become  more  needle¬ 
like  (see  Figure  7). 

The  enhancement  factor  curves  shown  in  Figure  7  pertain  specifically  to  an  incident 
electric  field,  which  is  parallel  to  the  axis  of  rotation  of  the  particles.  When  the  electric  field  is 
perpendicular  to  the  rotation  axis,  the  calculated  enhancements  are  negligibly  small.  Thus,  at 
normal  incidence  (0=  0),  R  is  very  small.  In  p-polarization  as  0  increases,  a  greater  component 
of  the  electric  field  is  parallel  to  the  long  axis,  and  R  increases. 


Figure  7.  Calculated  SHG  local  field  enhancement 
factors  as  a  function  of  particle  aspect  ratio  for  gold 
particles  where  incident  wavelength  is  780  nm,  and 
second  harmonic  output  wavelength  is  390  nm.  Dashed 
curve  corresponds  to  quasistatic  limit  where  particle 
dimensions  are  assumed  to  be  negligibly  small  relative 
to  X.  Solid  curve:  SHG  local  field  enhancement 
calculation  taking  into  account  dynamic  depolarization 
and  radiation  damping  in  rod-like  particles  of  radius  1 5 
nm. 


The  local  field  model  also  explains  in  part  the  observed  SHG  in  the  centrosymmetric 
particle  composites.  From  the  dipole  approximation  treatment  of  nonlinear  optical  processes,  we 
would  not  expect  to  observe  SHG  from  small  centrosymmetric  particles.'^’  ®  However,  metal 
spheres  a  few  nanometers  in  diameter  or  larger  can  support  quadnipolar  electric  and  magnetic 
induction  modes,  which  in  theory  can  give  rise  to  SHG.  With  the  small  particle  experiment, 
the  dimensions  of  the  Au  particles  are  such  that  quadrupole  modes  would  necessarily  be  quite 
weak  (we  do  not  observe  quadrupole  bands  in  the  linear  spectra),  local  field  enhancements  must 
play  an  important  role  in  the  SHG  from  the  centrosymmetric  particles.  The  observation  that  SHG 
counts  increase  for  p-polarized  excitation  (Figure  6 A)  is  consistent  with  a  local  field  enhanced 
process. 

For  the  0.6  C  Au  large  particle  systems,  although  we  observe  the  expected  increase  of 
SHG  intensity  with  incidence  angle  (centrosymmetric  particles  ca.  54  -  859  counts  and  non- 
centrosymmetric  particles  ca.  27  -  894  counts).  We  do  not  observe  any  significant  difference  in 
SHG  intensity  between  centrosymmetric  and  non-centrosymmetric  particle  composites  (Figure 
6B).  Upon  inspection  of  the  linear  spectra,  we  can  see  that  there  is  a  large  absorption 
corresponding  to  the  fundamental  frequency  of  the  incident  field  in  the  SHG  studies;  however, 
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these  particles  are  too  large  to  support  local  field  enhancements.  When  dynamic  depolarization 
and  radiation  damping  are  taken  into  account,  the  large  particles  (aspect  ratio  ca.  4)  should  show 
negligible  enhancements  due  to  resonance  of  the  plasmon  absorption  band  with  the  fundamental 
frequency  (Figure  7). 

When  particles  become  a  significant  in  size  as  related  to  the  incident  field,  we  see  that 
symmetry  no  longer  plays  an  important  role  as  it  does  for  smaller  particles.  In  fact,  for  ca.  130 
nm  particles,  there  is  no  significant  difference  in  SHG  intensity  as  a  function  of  incidence  angle 
for  the  particles  differing  in  symmetry.  Moreover,  local  field  enhancements  become  negligible  as 
well.  Thus,  there  is  a  possibility  that  we  are  activating  quadrupole  and/or  magnetic  induction 
modes.  The  dipole  approximation  is  no  longer  an  appropriate  framework  when  looking  at  these 
larger  particles.  In  fact,  SHG  has  been  generated  under  the  same  experimental  conditions  for  1 50 
nm  gold  spheres.  In  this  case,  we  are  activating  the  quadrupole  modes  of  the  particle. 

CONCLUSIONS 

We  have  prepared  centro-  and  non-centrosymmetric  Au  particle  composites  of  different 
sizes  in  porous  anodic  alumina  hosts  using  an  electrochemical  template  synthesis  method.  The 
linear  polarization  spectra  of  the  materials  reveal  that  all  types  of  composites  are  dichroic  under 
p-polarization  for  incidence  angles  >  0. 

Second  harmonic  generation  studies  of  both  small  and  large  centro-  and  non- 
centrosymmetric  particle  composites  reveal  that  the  SHG  intensity  under  p-polarized  extinction 
increases  with  incidence  angle  (i.e.,  as  the  component  of  the  incident  electric  field  parallel  to  the 
asymmetry  axis  increases).  These  observations  are  consistent  with  local  field  enhancements 
arising  from  long-axis  dipolar  resonances.  As  the  particles  get  larger,  symmetry  no  longer  plays 
an  important  role  in  the  generation  of  SHG  and  local  field  enhancements  are  less  than  optimal. 
Rather,  electric  quadrupole  and  magnetic  dipole  effects  must  be  taken  into  account  to  understand 
the  mechanism  for  the  production  of  the  second  harmonic  generation  of  light. 
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ABSTRACT 

This  paper  develops  a  method  to  deduce  the  dielectric  function  of  nanostructures  smaller 
than  the  chosen  wavelength  of  light.  It  modifies  the  Maxwell  -  Garnett  Effective  Medium 
Theory  equations  to  calculate  the  dielectric  function  of  a  metal  embedded  inside  a  dielectric. 
Specifically,  reflection  and  transmission  measurements  of  an  array  of  bismuth  nanowires  in 
an  anodized  porous  alumina  template  are  used  to  calculate  the  frequency  -  dependent  di¬ 
electric  function  of  the  nanowires.  The  spectra  are  taken  using  Fourier  transform  infrared 
spectroscopy  covering  the  500  to  4000  cm~^  frequency  range.  These  data  are  used  to  deter¬ 
mine  the  real  and  imaginary  parts  of  the  dielectric  function  of  the  composite  materials.  Next, 
the  percentage  of  the  total  volume  occupied  by  either  Bi  or  air  in  the  porous  alumina  (the 
’’filling  factor”)  was  found  by  scanning  electron  microscopy.  The  modified  Maxwell-Garnett 
(M-G)  equations  specify  how  to  use  the  filling  factor  and  the  dielectric  function  of  the  com¬ 
posite  material  to  calculate  the  dielectric  function  of  the  alumina.  Finally,  the  modified  M-G 
equations  are  used  a  second  time  to  calculate  the  dielectric  function  of  Bi  nanowires  using 
the  dielectric  function  of  alumina,  the  dielectric  function  of  the  filled  template,  and  the  fill¬ 
ing  factor.  The  resulting  dielectric  function  of  Bi  nanowires  is  then  compared  to  theoretical 
predictions. 

INTRODUCTION  AND  METHODOLOGY 

A  material’s  dielectric  function  offers  considerable  insight  into  its  electronic  structure. 
It  sheds  light  on  the  bandgap,  the  free  carrier  concentration,  and  the  phonon  frequencies. 
Many  groups  are  interested  in  studying  nanostructures  using  wavelengths  of  light  larger  than 
their  sample’s  feature  size.  Unfortunately,  obtaining  the  dielectric  function  at  such  large 
wavelengths  requires  extracting  the  relevant  information  from  measurements  on  composite 
samples  that  include  both  the  nanostructure  of  interest  and  the  host  material. 

Many  prior  studies  have  developed  an  effective  medium  theory  (EMT)  for  such  a  situation 
[1-4].  When  a  sample  is  composed  of  more  than  one  constituent  material  with  the  size  of 
the  constituent  smaller  than  the  wavelength  (A)  of  the  optical  fields,  EMT  models  this 
inhomogeneous  material  as  a  single  material  with  a  single  dielectric  function.  In  this  study 
we  utilize  Maxwell-Garnett  (M-G)  EMT  which  is  valid  for  metal  nanoparticles  smaller  than 
A  inside  a  dielectric  material.  M-G  EMT  relates  the  dielectric  function  of  the  composite  to 
that  of  the  metal  and  host  material  by  : 

^composite  ~  ^host  _  y,^metal  ~~  ^composite 
^composite  "h  *  ^host  ^metal  “h  *  ^host 
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where  K  is  the  screening  parameter  and  f  is  the  volume  fraction  of  the  metal  in  the 
composite.  For  infinitesimally  small  nanowires,  K  =  1. 

EMT  has  been  used  by  several  groups  to  determine  the  dielectric  function  of  a  composite 
material  when  the  dielectric  functions  of  the  separate  materials  were  known  [5-14],  In  this 
study,  we  use  M-G  EMT  to  deduce  the  dielectric  function  of  a  metallic  constituent  when 
the  dielectric  functions  of  the  composite  and  of  the  host  material  are  found  by  experimental 
measurements. 

In  this  study,  anodic  alumina  was  chosen  as  the  host  material,  since  it  forms  an  ordered 
template  for  metallic  nanowires  in  the  form  of  self  assembled  cylindrical  pores.  In  addition, 
the  pore  diameter  and  the  distance  between  the  pores  can  be  controlled  by  varying  the 
anodization  voltage  and  the  etch  time.  Alumina  is  also  a  good  host  material  because  it  is  a 
wide  bandgap  semiconductor  and  therefore  electrically  isolates  each  wire. 

The  alumina  templates  can  be  filled  with  different  metals.  We  have  chosen  bismuth 
for  this  study  for  several  reasons.  First,  bismuth  has  a  small,  anisotropic  effective  electron 
mass  tensor  with  m*  =  0.001  -  0.26  mo  depending  on  the  crystalline  direction.  The  small 
effective  electron  mass  of  Bi  and  the  large  mean  free  path  allow  for  quantum  confinement  at 
manufacturable  dimensions.  Secondly,  Bi  is  a  semi-metal  with  a  small  (38meV  at  0  K)  band 
overlap.  As  the  wire  size  becomes  small  enough  to  cause  significant  quantum  confinement 
of  the  electrons,  the  band  overlap  decreases.  Because  of  the  small  mass  and  small  band 
overlap,  Bi  in  the  (202)  direction  (the  growth  direction  of  our  nanowires)  changes  from  a 
semi-metal  to  a  semiconductor  at  a  wire  diameter  less  than  48nm.  The  change  from  a  metal 
to  a  semi-conductor  should  have  drastic  effects  on  the  dielectric  function  of  Bi.  Thirdly,  Bi 
has  a  low  melting  point,  which  makes  it  compatible  with  our  fabrication  techniques. 

In  bulk  bismuth,  the  direct  band  gap  transition  and  free  carrier  plasmon  frequencies  are 
at  290cm“^  and  333cm"^  respectively.  When  Bi  is  placed  into  an  alumina  template,  quantum 
confinement  occurs.  The  direct  (L-point)  band  transition  increases  in  energy  with  decreasing 
nanowire  diameter,  while  the  plasmon  frequency  is  expected  to  decrease.  Our  calculations 
show  that  a  semi-metal  to  semi-conductor  transition  requires  that  the  Bi  nanowires  be  48 
nm  or  less  in  diameter.  For  the  wires  used  in  this  study,  (50nm  (202)  wires),  the  first 
intersubband  transition  is  calculated  to  occur  at  Therefore  we  are  interested 

in  an  energy  region  where  the  wavelength  of  light  (A)  is  much  larger  than  the  diameter  of 
the  nanowires  (d):  \  »  d.  In  this  study,  the  direction  of  propagation  of  light  is  parallel 
to  the  nanowire  axis  so  that  one  oscillation  of  the  electric  field  in  real  space  crosses  over 
many  alumina  /  Bi  boundaries.  Since  a  single  wavelength  of  the  electric  field  sees  an  array 
of  Bi  wires  in  an  alumina  host,  we  must  consider  the  effect  of  both  Bi  and  alumina  in  our 
interpretation  of  the  reflection  (a;)  and  transmission(a;)  data. 

EXPERIMENTAL  DETAILS 

Porous  anodic  aluminum  oxide  templates  were  fabricated  by  the  anodization  of  aluminum 
sheets  in  an  oxalic  acid  solution  [15].  During  this  process,  cylindrical  holes  7-200nm  in 
diameter  are  self  assembled  into  a  hexagonal  array,  as  shown  in  Fig.  1.  The  pores  in  the 
alumina  templates  are  then  filled  with  Bi  using  a  pressure  injection  technique.  Scanning 
electron  micrographs  of  unfilled  and  filled  alumina  templates  are  shown  in  Fig.  1.  The 
nanowires  in  this  study  are  50nm  in  diameter.  From  the  SEM  pictures,  the  volume  fraction 
of  air  and  Bi  in  the  sample  was  found  to  be  16%,  with  84%  being  alumina. 
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Figure  1 :  Scanning  electron  microscope  picture  of  an  unfilled  (a)  and  filled  (b)  alumina  template. 
The  dark  holes  in  the  filled  template  are  pores  that  remain  unfilled  after  pressure  injection. 


Optical  reflection  (R(a;))  and  transmission  (T(a;))  as  a  function  of  frequency  were  mea¬ 
sured  using  a  Bomen  FTIR  spectrometer  (model  number  DAS).  Data  were  taken  in  the 
infrared  region  from  500  <  1/A  <  4000cm“^  at  300K  using  a  gold  reference  for  reflection. 
A  resolution  of  2  cm~^  was  used.  The  reflection  and  transmission  data  vs.  photon  energy 
for  unfilled  and  Bi  filled  porous  alumina  templates  (Fig.  2)  were  then  analyzed  to  yield 
the  frequency  dependent  dielectric  function  e(w)  =  €i(aj)  +  ie2{io)  for  the  unfilled  and  filled 
porous  templates,  and  from  these  results  ei(a;)  and  e2(w)  for  the  nanowires  themselves  were 
deduced. 

RESULTS  AND  DISCUSSION 

The  dielectric  function  (ci  +  *62)  of  the  composite  materials  was  calculated  from  the 
reflection  and  transmission  data  by  solving  Maxwell’s  equations  with  appropriate  boundary 
conditions  for  each  of  the  two  sample  -  air  interfaces.  A  matrix  of  possible  €1  and  €2  values 
with  a  step  size  of  0.05  for  ci  and  0.01  for  62  was  explored.  For  each  measured  frequency 
from  500  to  4000  cm“\  the  combination  of  ei  and  62  yielding  the  minimum  error  was  found. 

EtTOT  =  [.f^eilculated  -RmeasuredI  “k  l^calculated  TneasuredI  (2) 

For  regions  where  t2  <  0.01,  the  transmission  is  almost  100%  and  the  reflection  is  small; 
hence  the  previously  described  method  to  obtain  ci  is  inaccurate.  A  different  approach  is 
required.  Instead  of  solving  Maxwell’s  equations  in  this  regime  the  interference  patterns  were 
used  to  determine  ei(cj).  Both  the  periodicity  and  magnitude  of  the  interference  patterns 
are  used  to  simultaneously  solve  for  the  thickness  and  for  ei(a;).  The  transition  from  this 
method  of  obtaining  ei  to  the  previously  described  method  occurs  at  1750cm“^  and  is  fairly 
smooth.  The  resulting  dielectric  function  results  for  the  filled  and  unfilled  alumina  templates 
are  shown  in  Fig.  3. 

Fig.  2  shows  that  both  the  transmission  and  reflection  data  of  the  unfilled  template 
have  a  large  interference  pattern  for  2000  <  1/A  <  4000cm“^  indicating  a  low  absorption 
in  the  template  material.  The  absence  of  interference  patterns  in  the  filled  templates  is 
a  result  of  an  increase  in  absorption  with  the  addition  of  Bi.  Also  indicating  an  increase 
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Reflection  Transmission 


Figure  2:  Photon  energy  dependence  of  the  reflection  and  transmission  of  porous  alumina  and 
porous  alumina  filled  with  Bi  nanowires;  Both  the  transmission  and  reflection  data  show  a  large 
interference  pattern  in  the  range  2000  -  4000  cm~^  only  for  the  unfilled  sample.  The  absence  of 
interference  patterns  in  the  Bi  filled  templates  indicates  an  increase  in  absorption  with  the  addition 
of  Bi.  Also,  indicating  an  increase  in  absorption,  the  transmission  through  the  sample  is  decreased 
with  the  addition  of  Bi.  The  larger  reflection  in  the  filled  samples  is  a  result  of  an  increase  in  the 
index  of  refraction  with  the  addition  of  Bi. 

in  absorption,  the  transmission  through  the  sample  decreases  with  the  addition  of  Bi.  In 
addition  to  the  differences  in  interference,  Fig.  2  shows  an  increase  in  reflection  predominant 
for  1/A  <  lOOOcm"^  The  larger  reflection  in  the  filled  samples  is  a  result  of  an  increase  in 
Cl  with  the  addition  of  Bi. 

An  increase  in  both  e2(w)  and  ei(6j)  with  the  addition  of  Bi  is  observed  in  Fig.  3.  The 
increase  in  62(0;)  is  for  the  full  frequency  range.  Above  2000cm“\ €2(0^)  of  the  filled  sample 
is  fairly  constant  at  around  0.1  while  62  (w)  of  the  unfilled  template  is  less  than  the  0.01. 
The  increase  in  Ci(a;)  is  especially  large  for  1/A  <  1000c7n“\  where  ci(a;)  increases  from  4 
to  10  with  the  addition  of  Bi. 

Once  the  dielectric  function  results  for  the  composite  are  obtained,  the  dielectric  function 
of  the  alumina  is  found  by  substituting  the  values  of  the  dielectric  function  of  the  unfilled 
alumina,  a  filling  factor  of  0.16,  and  the  dielectric  constant  of  air  (1)  into  Eq.  1.  Likewise  by 
substituting  into  Eq.  1  the  previously  deduced  dielectric  function  of  alumina,  a  filling  factor  of 
0.16,  and  the  dielectric  function  of  the  filled  alumina  template,  the  dielectric  function  61+262 
for  the  Bi  nanowires  was  obtained  for  the  energy  range  500-4000cm“L  The  calculated 
61(0;)  and  €2(0;)  for  Bi  nanowires  determined  in  this  way  is  shown  in  Fig.  4.  Characteristic 
features  in  both  ei(n;)  and  62(0;)  are  identified  with  oscillators  at  1000  and  1650  cm~L 
These  oscillators  are  a  result  of  an  increased  optical  absorption  by  the  Bi  nanowires  at 
these  values  of  uj.  Since  the  measured  absorption  peak  is  in  the  same  energy  range  as  the 
predicted  first  intersubband  transition,  1450cm“^  for  our  wires,  we  identify  our  oscillators 
with  intersubband  transitions.  A  detailed  analysis  of  these  data  for  bismuth  nanowires  will 
be  published  elsewhere. 
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Figure  3:  The  real  (ei)  and  imaginary  (€2)  parts  of  the  dielectric  function  (€(w)  =  ei(a;)  +  €2(0;)) 
of  empty  and  Bi-filled  alumina  templates  for  500  <  1/A  <  4000cm“^.  The  addition  of  Bi  into  the 
alumina  increases  both  ei  and  €2  throughout  the  frequency  range,  predominantly  for  1/A  less  than 
lOOOcm"^.  The  increase  in  62  is  a  result  of  the  increased  absorption  observed  in  R(a;)  and  T(a;). 


81  of  Bi  nanowires  82  of  Bi  nanowires 


a  result  of  the  increased  optical  absorption  by  the  Bi  nanowires  at  these  values  of  w.  ci  also  shows 
the  characteristic  shape  of  a  resonator  at  these  frequencies. 
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CONCLUSION 


This  study  utilizes  previous  work  on  effective  medium  theory  to  demonstrate  that  the 
dielectric  function  of  a  nanostructural  material  can  be  obtained  by  optical  measurements 
even  if  the  feature  size  is  smaller  than  the  wavelength  of  the  applied  light.  It  illustrates  this 
procedure  for  bismuth  nanowires.  Reflection  and  transmission  data,  R(a;)  and  T(u;)  for  Bi 
nanowires  embedded  in  alumina  were  measured  for  wavelengths  of  light  from  500  <  1/A  < 
40000771”^  Using  M-G  effective  medium  theory,  the  dielectric  function  of  the  Bi  quantum 
wires  was  deduced  over  this  frequency  range.  Although  these  methods  were  developed  for 
bismuth,  they  can  easily  be  adapted  to  other  nanostructure  materials.  Investigators  could 
use  this  technique  to  examine  a  range  of  effects,  including  surface  plasmons,  semi-metal/ 
semi-conductor  transitions,  and  one  dimensional  conduction. 
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ABSTRACT 

A  theory  of  bound  magnetic  polaron  (BMP)  hopping,  driven  by  thermodynamic  fluctuations  of  the  local 
magnetization,  has  been  developed.  It  is  bcised  on  a  two-site  model  of  BMP’s.  The  BMP  hopping  proba¬ 
bility  rate  was  calculated  in  the  framework  of  the  ’’Golden  Rule”  approach  by  using  the  Ginzburg-Landau 
effective  Hamiltonian  method.  The  theory  explains  the  main  features  of  hopping  resistivity  observed  in  a 
variety  of  experiments  in  dilute  magnetic  semiconductors  and  magnetic  nanocomposites,  namely:  (a)  neg¬ 
ative  giant  magnetoresistance,  the  scale  of  which  is  governed  by  a  magnetic  polaron  localization  volume, 
and  (b)  low  magnetic  field  positive  magnetoresistance,  which  usually  proceeds  negative  magnetoresistance. 


INTRODUCTION 

Spin-polarized  electronic  transport  in  solids  has  attracted  much  interest  mainly  due  to  the  discovery 
of  giant  magnetoresistance  (GMR)  and  the  development  of  new  device  applications  (high-speed  magnetic 
sensors  and  memory  elements)  based  on  this  phenomenon  [1].  Several  different  mechanisms  have  been 
proposed  for  the  spin-dependent  GMR.  Their  common  feature  is  the  exchange  interaction  of  charge  carriers 
with  the  itinerant  and/or  localized  magnetic  moments  of  transition-  or  rare-earth-metal  atoms.  In  this 
paper,  we  will  restrict  ourselves  to  hopping  conductivity  in  magnetic  semiconductors  and  nanostructures 
[2,  3j.  In  these  systems,  an  electron  or  hole  trapped  by  any  kind  of  attractive  potential  of  a  defect, 
quantum  dot,  etc.,  can  form  a  ’’cloud”  of  aligned  spins  of  the  surrounding  magnetic  atoms.  Creation 
of  such  a  complex  (referred  to  as  bound  magnetic  polaron  (BMP)  [4])  will  further  lower  the  free  energy 
of  the  system  by  a  quantity  Wp  called  the  polaron  shift.  The  first  consistent  semiclassical  analysis  of 
BMP  formation  in  dilute  magnetic  semiconductors  was  given  by  Dietl  and  Spalek  [5],  while  its  quantum- 
mechanical  generalization  was  developed  by  Wolff  et  al  (for  references  see  [6]).  This  theory  successfully 
described  the  spin-flip  Raman  scattering  in  magnetic  semiconductors  [7]. 

In  order  to  describe  BMP  hopping  conductivity,  we  need,  first,  to  specify  the  mechanism  of  an  ele¬ 
mentary  hopping  event.  Dietl  et  al  [3,  7]  considered  a  “static”  picture  in  which  the  electron  is  transferred 
from  an  occupied  site  to  an  empty  one  with  frozen  equilibrium  local  magnetizations  at  both  sites.  For 
two  identical  sites  this  process  is  driven  by  absorption  of  an  acoustic  phonon  and  requires  an  activation 
energy  2Wp  [3,  8].  Another  mechanism,  which  was  first  suggested  by  loselevich  [8],  takes  into  account 
thermodynamic  fluctuations  of  the  local  magnetizations  that  control  the  elementary  hopping  act.  Indeed, 
since  the  electron  energy  levels  at  both  sites  follow  the  fluctuations  of  local  magnetic  order  parameters,  it 
is  likely  that  the  levels  at  the  occupied  and  empty  sites  will  move  in  opposite  directions  briefly  establishing 
a  resonance  condition.  For  this  to  occur,  the  occupied  site  should  spontaneously  decrease  its  local  mag¬ 
netization  while  the  empty  one  should  increase  it.  The  electron  can  then  tunnel  from  one  site  to  another 
resonantly.  This  process  somewhat  resembles  the  multiphonon  mechanism  of  small-polaron  hopping  [9]. 
It  requires  an  activation  energy  Wp/2  [8]  which  is  four  times  smaller  compared  to  that  of  the  “static” 
mechanism. 

The  giant  negative  magnetoresistance  observed  in  dilute  magnetic  semiconductors  was  properly  at¬ 
tributed  by  many  authors  [4,  7]  to  the  BMP  phenomenon.  The  application  of  a  large  magnetic  field  will 
quench  magnetic  polarons  by  reducing  the  magnetic  part  of  their  binding  energy  and  therefore  the  acti¬ 
vation  energy  of  the  hopping  conductivity.  However,  the  presence  of  a  significant  (up  to  300%)  positive 
magnetoresistance,  which  is  typical  for  situations  when  the  carriers  are  localized  [7],  remains  unclear.  We 
will  show  that  the  latter  is  a  signature  of  the  fluctuation  hopping  mechanism  and  ultimately  reflects  the 
fact  that,  in  contrast  to  conventional  lattice  polarons,  the  BMPs  are  described  by  a  vector  order  param¬ 
eter.  We  will  develop  a  unified  and  consistent  semiclassical  description  of  BMP  hopping  based  on  the 
Ginzburg-Landau  effective  Hamiltonian  formalism  [5,  10]  and  Holstein’s  occurence  probability  approach 
[9j.  It  will  be  shown  that  the  fluctuation  driven  BMP  hopping  may  lead  to  non-monotonic  behavior  of 
the  magnetoresistance.  (Recently,  a  simple  two-site  model  of  this  kind  has  been  applied  to  the  description 
of  resistance,  including  the  GMR  of  the  ErAs  islands  in  GaAs  [11].)  Our  approach  also  allows  us  to  taJce 
into  account  single-phonon  assisted  BMP  hopping  of  the  Miller- Abrahams  type  [12].  This  process  plays  a 
dominant  role  only  at  high  magnetic  fields  and  will  be  considered  elsewhere  [13]. 
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BMP  HOPPING  CONDUCTIVITY 


Let  us  consider  two  centers,  1  and  2,  separated  by  a  distance  ri2.  We  assume  that  each  site  can 
localize  an  electron  even  when  no  magnetic  forces  are  involved.  In  the  vicinity  of  each  center  there  is  a 
finite  concentration  of  localized  magnetic  moments  that  is  described  by  the  spatial  distribution  of  the  local 
magnetization  vectors  generated  by  a  fluctuating  field  of  atomic  spins.  The  effective  Hamiltonian 

of  the  problem  is 

H  =  Hi  +  H2  +  Hi2  +  Hf-ph  (1) 

where 

Hi  -  eim  -  siAi  +  (l/2x)  J  6 M^{f)dr  (2) 

is  the  Hamiltonian  of  a  BMP  localized  at  a  site  I  (I  =  1,2).  Here  n<  =  is  an  occupation 

number  of  site  I  (there  is  only  one  electron  per  two  sites,  i.e.  ni  +  n2  =  1  );  c/  is  the  ’’bare"  energy  of 
a  bound  electron  at  the  site  /.  The  second  term  in  (2)  describes  the  exchange  interaction  between  the 
trapped  electron  and  localized  atomic  spins  of  the  magnetic  atoms  within  the  region  of  electron  localization 
together  with  the  direct  interaction  with  the  magnetic  field  B  taken  into  account,  where 

=  i^ez/gHB)  j  (3) 

is  a  vector  of  the  local  exchzinge  field.  The  magnitude,  Aj,  of  this  vector  is  equal  to  the  Zeeman  splitting 
of  the  localized  electron  state  with  the  wave-function  'J'/.  The  vector  A,  as  a  rule,  is  not  directed  along 
the  local  average  magnetic  field  inside  the  localization  region.  Here  is  an  exchange  coupling  constant, 
/{fi  is  the  Bohr  magneton,  and  g  and  g*  are  the  Lande  factors  of  the  atomic  spin  and  that  of  free  electron. 
Also,  2s)  =  with  df  being  the  conventional  Pauli  matrices.  The  last  term  in  (2)  represents 

the  lowest  term  in  the  Ginzburg-Landau  expansion  [5,  10]  of  the  free  energy  of  atomic  spins,  A?o  is  the 
equilibrium  magnetization  vector,  and  6Mf{f)  =  -  Mq]  is  a  squared  fluctuation  of  magnetization 

at  the  site  /.  We  assume  that  our  medium  is  described  by  means  of  a  macroscopic,  scalar,  and  isotropic 
magnetic  susceptibility  x(5,T).  In  the  effective  Hamiltonian  (1),  the  term 

tin  =  -<o  exp(-ri2/a)  {a\„a2^  4-  c.c.)  (4) 

is  responsible  for  electronic  hopping  between  sites  1  and  2.  As  a  starting  point,  we  assume  that  spin-flip 
processes  are  forbidden.  Here  a  is  a  localization  radius  of  the  electron  at  any  of  two  centers.  Due  to  an 
exponentially  small  hopping  integral  in  (4)  we  will  treat  Hn  as  a  small  perturbation.  In  (4)  and  (2),  the 
operator  describes  creation  (annihilation)  of  an  electron  at  the  site  I  with  spin  parallel  (<7  =  1)  or 

anti-parallel  (cr  =  —1)  to  the  external  magnetic  field  B  .  The  term  Ht~ph  in  (1)  describes  electron-phonon 
interaction. 

We  assume  that  initially  the  electron  is  localized  at  site  I  =  1  while  site  /  =  2  is  empty,  i.e.  ni  =  1,02  = 
0.  In  the  final  state,  after  the  hop,  ni  =  0,  and  712  =  1.  We  treat  the  last  two  terms  in  the  Hamiltonian 
(1)  as  a  small  perturbation.  By  applying  the  "Fermi  Golden  Rule"  [10,  14]  with  subsequent  statistical 
averaging  over  initial  states,  one  can  calculate  the  BMP  hopping  rate  in  the  so  called  non-adiabatic  regime 
[9],  when  the  small  hopping  integral  controls  the  probability  of  the  hopping  event: 

=  (2^/^Zi)  Y,  f  J (5) 

where  quantum  numbers  <7i  and  (T2  are  defined  with  respect  to  the  local  excange  fields  A*i  and  A2.  And, 

=  |<opexp  {-2rn/a)  cos'^{9n/2)  -I-  (1  -  S^,,^^)am'^{en/2)]  (6) 

with  $12  defined  as  the  angle  between  Aj  and  A2.  In  (5),  VMi  represents  functional  integration  over  all 
possible  configurations  of  the  local  magnetizations  The  energies  of  the  initieil  (m  =  1,  nj  =  0)  and 

final  (ni  =  0, 112  —  1)  states  are  functionals  of  magnetization  (see  Eq.(2)),  and  Zi  is  the  partition  function 
of  the  initial  state.  Here  and  below  we  assume  ks  =  1. 

Expression  (5)  is  derived  under  the  assumptions;  (1)  the  spin  of  the  electron  follows  an  instantaneous 
configuration  of  the  local  atomic  spins  at  the  site  where  it  is  localized;  (2)  the  electron  hopping  integral 
|fo|exp(-2ri2/a)  <  {WpTy^^.  The  last  assumption  is  well  known  in  the  theory  of  small  lattice  polarons 
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[9].  It  is  usually  believed  that  this  condition  justifies  the  applicability  of  the  “Golden  Rule”  for  the  problem 
in  question.  Performing  the  functional  integration  in  (5)  finally  yields: 
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where  Zp  and  Zq  are  the  partion  functions  of  the  BMP  and  the  empty  site  respectively  [5]  and 
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is  a  distribution  function  of  the  spin-splitting  vectors  in  the  absence  of  a  localized  electron,  with  Aq  = 
{Vexl9liB)^Q  +  the  equilibrium  Zeeman  splitting  vector.  In  (8),  the  polaron  shift  Wp  was  intro¬ 

duced; 

Wp  =  2  (r„/49/.B)"  xt.B,T)  J  dr  (9) 

The  Gaussian  functional  integral  (8)  was  calculated  by  Dietl  and  Spalek  [5].  Its  form  allows  us  to  evaluate 
the  BMP  hopping  rate  (7)  analytically; 


1^12 


2hT 


F(/z,  I/)  exp 


{2Wp  -  £12)^  2ri2 
SWpT  a 


(10) 


where 

and  the  following  dimensionless  parameters  were  introduced:  /j,  =  Ao/ZT,  u  =  A^SH^pT.  Exprsession 
(10)  describes  the  rate  of  BMP  hopping  between  two  almost  identical  sites  that  belong  to  a  percolation 
cluster  and  will  be  used  below  to  calculate  the  hopping  conductivity.  The  pre-exponential  factor  (11) 
corresponds  to  the  hopping  integral  given  by  Eq.  (6)  which,  in  turn,  is  derived  assuming  that  there  are 
no  spin-flip  processes.  If,  however,  the  latter  assumption  is  relaxed  (e,  g.  the  probabilities  of  spin-flip  and 
non-spin-flip  processes  are  equal)  then  the  hopping  integral  does  not  depend  on  the  angles.  In  this 
case,  the  prefactor  F  in  Eq.  (10)  should  be  replaced  with 
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In  the  case  of  sufficiently  large  magnetic  fields  {B  00)  the  angular  fluctuations  of  the  magnetizations 
are  effectively  suppressed.  That  implies  that  Wp  0  (x  ->  0  as  B  -+  00)  while  Aq  and  F(/i,  u)  approach 
their  saturation  v^ues.  Therefore  the  exponential  factor  in  (10)  describes  the  negative  GMR  caused  by 
the  quenching  of  BMPs  [4]. 

Using  the  standard  technique  of  the  percolation  theory  [12,  15]  and  expression  (10)  for  the  hopping 
probability  one  can  calculate  the  effective  electrical  hopping  resistance  between  sites  i  and  j: 

Rij  =  Tf  (e^wy/f  (1  -  /j))  cx  v)  exp  (2rij/a  +  cy /T)  (13) 

where  fi  =  /(£i)  is  Fermi’s  distribution  function,ry  is  the  distance  between  the  sites  in  question,  and 


^ij  =  2  (l^«  “  -^^1  + 


Ef\)  + 


Wp/2  +  {ei-€jf/{SWp), 


|ei-e,|<2Wp 
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(14) 


With  the  exception  of  a  very  important  magnetic-field-dependent  factor  F~^  ,  expression  (13)  coincides 
with  that  of  Ref.  [8].  This  factor,  which  is  specific  for  BMP  hopping,  takes  into  account  the  vector  nature 
of  the  magentic  order  parameter.  It  is  responsible  for  the  positive  magneto-resistance  observed  at  small 
and  intermediate  magnetic  fields  in  different  magnetic  semiconductors  and  nano-structures  [7,  11].  The 
positive  component  of  the  GMR  is  a  signature  of  the  fluctuation  mechanism  describing  the  BMP  hopping 
rate  as  an  ovelap  integral  between  distribution  functions  of  Zeeman  splitting  vectors  at  the  BMP  and 
empty  sites  (see  Eq.(7)).  It  can  be  understood  as  a  reduction  of  this  overlap  due  to  the  instant  rotation  of 
the  BMP  magnetization  in  the  direction  of  a  relatively  small  magnetic  field  [11].  The  interpolation  formula 
(13)  takes  into  account  two  limiting  cases:  (i)  large  polaron  shifts  2Wp  >  (|cy|),  which  is  appropriate  for 
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Figure  1:  Magnetoresistance  of  Cd0.95Mn0.05Se  for  various  donor  concentrations  n:  (a)  6-10^®  cm“^,  (b) 
1.2  •  10^^  cm“®.  The  circles  and  squares  represent  the  experimental  data  [3]  taken  at  T  =  1.7  and  4.2 
K,  respectively.  The  solid  and  dashed  lines  represent  the  theoretical  results  obtained  with  and  without 
spin-flip  processes  taken  into  account,  respectively,  with  the  following  set  of  parameters:  (a)  Vrp{0)=16.4 
K,  6  =3.6  K,  Ef=^A  K;  (b)  VFp(0)=9.0  K,  <5=4.2  K,  Ef=0.9  K. 


BMP’s  with  appreciable  polaron  shift  when  the  magnetic  field  is  not  strong,  and  (ii)  small  polaron  shifts 
2Wp  <  (leijl)  when  the  nagnetic  field  is  strong.  Here,  (|eij|)  =  (|ct  -  fj!)  is  the  average  scatter  of  the 
“bare”  electron  energies. 

While  evaluating  the  hopping  resistivity  p  we  will  consider  the  case  of  C3 -conductivity  [15],  when  the 
typical  dispersion  of  the  activation  energies  Cjj  is  small  compared  to  that  of  the  inter-site  distances  ry, 
namely,  {iij)/T  2(ry)/a.  In  this  case  the  connectivity  criterion  can  be  written  as:  2r,j/a  -I-  iij/T  < 

=  2rc/o  +  {iij)/T  where  is  a  percolation  threshold  for  the  random-site  r-percolation  problem  [15] 
(usually  Tc  is  of  the  order  of  the  average  distance  between  sites).  It  yields  the  following  expression  for  the 
resistivity: 

p{B)  a  F-^(/t,i/)exp  |2rc/a-f-  /^j  (15) 

Here  is  the  activation  energy  for  the  Miller-Abrahams  hopping  conductivity  in  the  absence  of  the  BMP 
effect;  a  =  2Wp/6,  where  <5  is  the  typical  scatter  of  electron  energies,  and  /(a)  is  a  dimensionless  function 
such  that  f(a)  0  when  a  1,  and  /(a)  —>■  1  when  q  ;:§>  1.  It  should  be  noted  that  the  activation 
energy  for  the  magnetoresistance,  (15),  driven  by  fluctuations  of  the  local  magnetization  is  one-fourth  the 
value  obtained  for  the  static  BMP  states  [3,  7].  Therefore,  the  fluctuation-driven  mechanism  of  hopping 
will  always  dominate  the  static  one  [8]. 

To  analyze  the  field  dependence  of  magnetoresistance  (15),  one  should  specify  the  magnetic  suscepti¬ 
bility  x{B,T).  Usually,  for  dilute  magnetic  semiconductors  in  the  paramagnetic  phase  [5,  6,  7],  x(5,T) 
can  be  expressed  in  terms  of  a  modified  Brillouin  function  where  z  =  gpBBKT  -f  To)  and  the 

parameter  To  >  0  is  associated  with  the  possible  antiferromagnetic  interaction  of  magnetic  atoms  with 
the  total  angular  momentum  J  and  Lande  factor  g.  Then  the  average  Zeeman  splitting  in  the  absence  of 
the  localized  electron  is:  Ao(B)  =  noTexJBj{z)  =  ^^,Bj{z),  where  A,  =  A(B  ->  00)  =  noPeiJ  is  the 
splitting  at  saturation  fields. 


COMPARISON  WITH  EXPERIMENT 

Dilute  magnetic  semicondactors  I'DMS).  Both  positive  and  negative  magneto-resistance  has  been  ex¬ 
perimentally  observed  in  the  insulating  region  in  several  II-Vl  semiconductors,  such  as  CdSe,  HgTe,  Cd- 
HgTe,  ZnSe,  doped  to  high  (up  to  several  atomic  percent)  concentrations  with  transition  metals,  mainly, 
with  Mn.  For  p-type  materials,  several,  sometimes  controversial,  explanations  of  these  phenomena  were 
put  forward  (see  [7]  and  references  therein)  that  are  based  on  the  complex  nature  of  the  localized  acceptor 
states  involved  [7].  To  avoid  unnecessary  complications,  we  will  restrict  ourselves  to  a  case  of  n-doped 
Cdo.95Mno.05Se,  where  donors,  on  which  the  magnetic  polarons  reside,  can  be  described  by  me2ins  of  a 
simple  hydrogen-like  model.  (A  detailed  cind  consistent  theory  of  the  BMPs  in  this  material  was  developed 
by  T.  Dietl  and  J.  Spalek  [5]  who  successfully  applied  it  to  the  description  of  the  experiments  on  spin-flip 
Raman  scattering  (see  also  [6])).  Subsequently,  BMP  hopping  conduction  has  been  studied  experimentally 
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Figure  2:  Resistivity  of  the  ErAs/GaAs  nanostructures  as  a  function  of:  (a)  temperature  and  (b)  magnetic 
field  perpendicular  to  the  direction  of  growth  [11].  Diamonds  reperesent  sample  A,  circles  represent  sample 
B.  Solid  lines  are  theoretical  results. 

in  these  materials  [3].  However,  the  theoretical  interpretation  of  these  experiments  given  in[3]  was  based 
on  the  static  model  that  grossly  overestimates  the  magnetoresistance.  We  will  analyze  these  experiments 
in  terms  of  the  above  developed  fluctuation-driven  hopping  model. 

We  start  our  analysis  from  the  experimental  data  (Fig.  1  from  [3])  on  the  temperature  dependence 
of  the  resistivity  (measured  at  zero  magnetic  field  and  at  the  B  =  6  T  i.e.,  close  to  saturation)  of  two 
Cdo.95Mno.05Se  samples  (a)  and  (b)  with  different  donor  concentration  equal  to  6- 10^®  cm“^  and  1.2-10^^ 
cm~^,  respectively.  Then,  by  means  of  our  basic  formula  (15),  taken  at  B=0  and  B  ->  00  (when  the 
polaron  shift  Wp(B)  ->•  0  ),  we  extracted  the  values  of  the  zero-field  polaron  shift  Wp(0).  The  data  yield 
zero-field  polaron  shift  values  of  16.4  and  9.0  K  for  samples  (a)  and  (b),  respectively.  These  shifts  together 
with  Aa=180  K  and  the  parameters  To=1.2  K,  ^=2,  and  J  =5/2  [5]  for  the  modified  Brilluoin  function 
were  used  to  plot  the  calculated  magneto-resistance  (15)  of  DMS  (Fig.l)  for  T  =  1.7  and  4.2  K.  These 
plots  are  then  compared  with  experimental  data  from  [3].  In  calculating  the  magnetoresistance  (15),  we 
used  expressions  (11)  (spin-flips  are  forbidden)  and  (12)  (spin-flip  processes  are  allowed).  It  can  be  seen 
that  the  latter  leads  to  a  better  agreement  with  the  experiment. 

ErAs/GaAs  magnetic  nanocomvosites.  Recently,  MBE  techniques  have  been  used  to  grow  self-assembled 
nanometer-sized  ErAs  magnetic  islands  (quantum  dots)  embedded  in  a  semi-insulating  GaAs  matrix.  The 
amount  of  material  deposited  in  the  ErAs  layers  ranged  from  0.5  to  2.5  molecular  layers  (ML)[11].  Precise 
control  of  the  deposition  conditions  made  it  possible  to  control  not  only  the  concentration  of  these  islands 
and  inter-island  distances,  but  also  their  size,  which  ranged  from  4  to  80  nm.  Analysis  of  the  tempera¬ 
ture  dependence  of  the  zero-field  resistivity  together  with  the  data  on  the  magnetoresistance  for  different 
samples  clearly  shows  that  the  low-temperature  conductivity  in  these  materials  can  be  explained  in  the 
framework  of  fluctuation-driven  BMP  hopping  [2,  11]. 

In  the  analysis  of  the  data  on  magnetoresistance  [11]  we  used  the  modified  Brillouin  function  to  fit  the 
experimental  data  for  magnetization  Mq{B)  and  susceptibility  x(B,T).  Here,  the  Er  spin  and  ^-factor  eire 
given  by  J  =  3/2  [16],  and  g  =  7.4,  respectively.  The  effective  temperature  describing  antiferromagnetic 
interaction  To=  4  K.  One  can  see  that  formula  (15)  describes  the  temperature  dependence  of  the  zero-field 
resistivity  well  (Fig.2(a)).  For  samples  B  and  A,  zero-field  polaron  shift  values  of  24.2  K  and  17.4  K, 
respectively,  were  used  along  with  electron  energy  scatters  (5=15.0  K  and  5=22.2  K.  The  data  shown  in 
this  Fig.  correspond  to  samples  A  and  B  grown  with  the  same  2ML  ErAs  depositions  and  at  different 
temperatures.  Sample  B  (Fig.2),  with  islands  of  smaller  lateral  size  d  than  that  of  sample  A,  has  smaller 
average  distance  f  between  them.  The  observed  crossover  results  from  the  competition  between  the 
activation  energy  term  (that  increases  as  the  islands’  size  decreases)  and  the  hopping  integral  term  (that 
decreases  as  the  separation  between  the  islands  decreases)  in  expression  (15).  At  low  temperatures  the 
activation  term  prevails,  while  at  high  temperatures  the  conductivity  is  governed  by  activationless  r- 
hopping.  This  crossover  can  be  reversed  at  low  temperatures  by  applying  magnetic  field  that  quenches  the 
activation  energy  (Fig.  2(b).  The  theoretical  curves  in  Fig.  2  were  calculated  for  t3q}ical  later^  island  size 
d  ~  50A(IFp=i7.4  K)  and  40A(VFp=24.2  K)  for  samples  A  and  B  respectively,  which  is  consistent  with 
TEM  observations]!!].  We  used  Zeeman  splitting  at  saturation,  of  As=50  meV.  Relatively  small  (<  20%) 
changes  in  d  have  a  dramatic  effect  not  only  on  the  zero-field  resistivity  but  also  on  the  scale  of  the  negative 
magnetoresistance.  In  accordance  with  our  model,  the  latter  definitely  correlates  with  the  islands’  size  d  and 
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volume  V  and,  therefore,  with  the  magnitude  of  the  zero-field  polaron  shift  Wp{Q)  =  X(0)/2V 

(Fig.2(b)).  At  intermediate  fields,  the  resistivity  as  a  function  of  magnetic  field  B  may  reveal  a  maximum 
the  origin  of  which  has  been  explained  in  the  previous  section.  The  experimental  curves  [2,  11]  clearly 
display  a  dependence  of  the  magnetoresistance  on  the  orientation  of  the  magnetic  field  that  cemnot  be 
explained  in  the  framework  of  our  simple  isotropic  model.  A  few  factors  may  contribute  to  this  effect,  such 
as  the  anisotropy  of  the  magnetization  and  the  anisotropy  in  the  shape  of  the  islands.  These  anisotropies, 
together  with  the  complex  nature  of  the  confined  electronic  states,  may  cause  an  anisotropy  of  the  exchange 
coupling. 


CONCLUSIONS 

A  simple  theory  of  bound  magnetic  polaron  hopping  driven  by  fluctuations  of  local  magnetizations 
gives  a  reasonably  good  explanation,  both  qualitative  and  quantitative,  of  the  experimental  data  for  giant 
negative  and  positive  magneto-resistance  in  dilute  magnetic  semiconductors  and  nano-structures.  FViture 
refinements  of  the  theory  of  BMP  hopping  presented  in  this  paper  should  incorporate  magnetic-field 
orientation  effects  that  are  believed  to  be  connected  with  the  shape  anisotropy  of  magnetic  nanostructures. 
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ABSTRACT 

The  thermally  induced  shape  instability  of  Fe/Au,  Fe/Ag,  and  Nb/Cu  multilayer  systems  dur¬ 
ing  heat  treatments  was  investigated.  The  disintegration  temperature  of  these  systems  decreases 
with  decreasing  single-layer  thickness.  Lfp  to  a  critical  thickness,  the  disintegration  temperature 
is  proportional  to  the  reciprocal  layer  thickness.  The  driving  force  of  this  process  is  related  to  the 
interfacial  stress  and  the  local  variation  of  the  interface  curvature.  After  heat  treatment,  spheri¬ 
cally  shaped  Fe  and  Nb  nanoparticles,  located  in  chains  perpendicular  to  the  substrate,  were  ob¬ 
served  and  depicted  by  means  of  transmission  electron  microscopy  (TEM)  and  X-ray  micros¬ 
copy  (XRM). 

INTRODUCTION 

The  preparation  of  nanosized  metallic  particles  in  a  metallic  matrix  by  thermal  disintegration 
was  observed  in  Nb/Cu  multilayers  [1,2].  Such  multilayers  can  be  easily  prepared  by  conven¬ 
tional  thin-film  deposition  techniques.  However,  the  mechanism  of  disintegration  of  multilayer 
structures  is  not  well  understood.  Theoretical  investigations  are  published  only  for  cylindrically 
shaped  Nb  filaments  in  a  Cu  matrix  [3].  From  these  calculations  a  strong  dependence  of  the  dis¬ 
integration  on  the  initial  interface  roughness,  the  interface  tension,  as  well  as  on  the  filament  di¬ 
mensions  are  expected  [4].  For  a  better  understanding  of  this  process  in  real  planar  systems,  the 
disintegration  was  studied  in  non-miscible  metallic  systems  like  Fe/Au,  Fe/Ag,  and  Nb/Cu. 

In  addition  to  the  driving  forces  causing  this  process,  the  final  distribution  of  the  formed  parti¬ 
cles  is  of  interest.  A  process  of  self-ordering  might  occur,  resulting  in  a  non-statistical  distribu¬ 
tion  of  the  particles.  Due  to  its  rather  large  area  of  observation,  XRM  [5]  was  used  in  addition  to 
TEM  to  investigate  the  particle  distribution. 

EXPERIMENT 

Fe/Au,  Fe/Ag,  Cu/Co,  and  Nb/Cu  multilayered  thin  films  were  grown  on  sapphire  and  silicon 
substrates  in  an  UHV-triode-magnetron  sputtering  device.  The  pressure  of  residual  gases  like 
O2,  H2O,  or  N2  during  the  deposition  was  better  than  10‘®  mbar.  Two  single  metal  triode  magne¬ 
tron  sputtering  sources  were  directed  onto  a  heatable  substrate  holder,  so  that  the  direction  of  the 
incoming  metal  atoms  and  the  substrate  normal  enclosed  an  angle  of  about  30°.  The  deposition 
rates  were  adjusted  to  about  0.8  nm/s  for  the  Au,  Ag,  Cu,  and  Nb  and  about  0,2  nm/s  for  Fe,  re¬ 
spectively.  In  order  to  minimize  the  intermixing  at  the  interfaces,  the  source  was  switched  off 
and  additionally  closed  by  a  shutter  after  the  deposition  of  each  single  layer.  Partial  heat  treat¬ 
ments  of  the  samples  were  performed  after  the  deposition  without  breaking  the  vacuum.  To 
study  the  dependence  of  the  disintegration  temperature  on  the  layer  thickness,  a  series  of  Fe/Au 
and  Nb/Cu  samples  were  deposited  with  varying  layer  thickness  of  only  one  of  the  metals  (Fe 
and  Nb)  and  constant  thicknesses  of  the  second  one.  The  thinner  layers  are  called  intercalated 
layers  (thickness  d)  and  the  thicker  ones  are  called  matrix  layers  (thickness  D).  The  samples 
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were  composed  of  0.5  up  to  5  nm  thick  intercalated  compound  (Fe  or  Nb)  and  a  10  nm  thick  ma¬ 
trix  layer  of  Au,  Ag,  and  Cu,  respectively.  The  investigations  of  the  microstructure  were  per¬ 
formed  with  samples  composed  of  2  nm  Fe  or  Nb  and  10  nm  Au,  Ag,  and  Cu  respectively.  The 
number  of  bilayers  amounted  to  100  for  transmission  electron  microscopy  (TEM)  measurements 
and  to  10  for  X-ray  microscopy.  In  the  latter  case  the  number  of  bilayers  was  reduced  because 
films  of  this  thickness  can  be  transmitted  by  X-ray  without  any  additional  thinning  of  the  film; 
only  the  substrate  has  to  be  removed  by  chemical  etching. 

Beside  room  temperature  investigations  of  in-situ  annealed  samples,  XRD  measurements  were 
performed  in  the  hot  stage  of  a  X-ray  diffractometer  under  a  vacuum  of  better  than  10 

mbar.  X-ray  scans  were  recorded  as  a  function  of  annealing  time  (in  5-minutes  steps)  at  a  fixed 
temperature  or  at  a  fixed  heating  rate  of  0.2  K/min.  The  lattice  constant  of  the  compounds  and 
the  grain  size  were  determined  from  these  scans. 

The  microstructure  of  the  samples  was  investigated  by  means  of  TEM  and  XRM.  For  the 
cross-sectional  TEM  investigations  the  samples  were  ground,  dimple-thirmed  and  finally  ion- 
milled. 

The  experimental  set  up  of  the  X-ray  microscope  is  similar  to  an  optical  microscope.  The 
samples  are  irradiated  by  synchrotron  radiation,  which  is  focused  by  a  zone  plate  working  as  a 
ffesnel  lens.  Due  to  the  strong  wavelength  dependence  of  the  focal  length,  the  radiation  be¬ 
comes  monochromatic  by  employing  a  monochromator  pinhole.  The  camera  in  the  picture  field 
can  detect  either  intensity  contrasts  or  phase  contrasts.  The  micrographs  presented  in  this  paper 
are  taken  by  using  an  amplitude  contrast. 

RESULTS 

The  disintegration  process  of  multilayered  systems  can  be  easily  detected  by  X-ray  diffraction 
during  a  heat  treatment,  observing  the  change  of  the  superstructure  diffraction  pattern.  In  multi¬ 
layered  systems  satellite  reflexes  due  to  the  periodicity  of  the  multilayer  structure  are  also  visi¬ 
ble,  modifying  the  common  Bragg  pattern.  A  model  proposed  by  [6]  was  used  to  analyze  the  de¬ 
gree  of  periodicity,  the  roughness,  and  the  intermixing  from  the  diffraction  pattern.  Therefore, 
the  change  of  this  pattern  reflects  the  change  of  the  microstructure.  In  particular,  the  disappear¬ 
ing  superstructure  reflections  indicate  the  disintegration  of  the  layered  structure.  Fig.  1  depicts 
the  development  of  the  diffraction  pattern  of  an  Fe/Au  multilayer  (1.25  nm  /  10  nm)  during  a 
heat  treatment  with  increasing  temperature  up  to  330°C.  The  diffraction  pattern  of  the  as-pre¬ 
pared  samples  results  from 
both  the  atomic  Au  lattice 
and  the  multilayer  superlat¬ 
tice.  The  Fe  does  not  cause 
any  diffraction  pattern  due 
to  its  small  atomic  form 
factor  and  its  strongly  dis¬ 
ordered  structure.  The  latter 
has  been  confirmed  by 
TEM  investigations,  which 
reveal  no  lattice  fringes  in 
Fe  (Fig.  4).  During  the  heat 
treatment  the  sample  lost  its 
periodicity  at  about  320°C 
(red  line.  Fig.  1).  At  the 
same  time,  when  the  multi¬ 
layer  disintegrates,  the  Fe 
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Fig.  1:  XRD  scans  during  a  heat  treatment  of  a  100  x  (1.25  nm  Fe  +  !0  nm 
Au)  multilayer  at  increasing  temperature.  The  superstructure  vanishes  at 
about 320°C. 
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(110)  peak  becomes  visible, 
i.e.  larger  Fe  particles  were 
formed.  Qualitatively,  the 
same  behavior  was  observed 
for  the  systems  Fe/Ag  and 
Nb/Cu,  but  at  different  tem¬ 
peratures  of  disintegration. 

The  disintegration  tem¬ 
perature  depends  on  the 
thickness  of  the  intercalated 
layer.  The  results  are  sum¬ 
marized  in  Fig.  2,  which  de¬ 
picts  this  dependence  for 
Nb/Cu  and  Fe/Au  multilay¬ 
ers. 

The  samples  for  the  TEM 
investigations  were  heat 
treated  in-situ  for  60  min.  at 


Fig.  2:  Dependence  of  the  disintegration  temperature  on  the  thickness  of  the 
intercalated  layer. 


temperatures  20°C  above  the  disintegration  temperature  deduced  from  XRD  investigations.  All 
the  samples  had  the  same  composition,  d  =  2nm  for  the  intercalated  layer  (Fe  or  Nb)  and 
D  =  10  nm  for  the  matrix  (Au,  Ag,  or  Cu).  In  all  these  systems  a  pronounced  columnar  growth 
was  observed.  The  columns  show  a  width  of  between  40  nm  for  Fe/Au,  70  run  for  Fe/Ag  and 


about  100  nm  for  Nb/Cu.  The  interfaces  of  the  different  layers  within  the  columns  are  convex, 
deep  on  the  grain  boundaries.  The  amplitude  of  this  roughness  increases  with  increasing  film 


Fig.  3:  Cross-section  micrograph  of  an  as-prepared 
Fe/Au  multilayer.  Macro-grains  are  clearly  visible. 


thickness  as  long  as  no  additional  grain 
boundaries  are  formed  inside  a  column.  The 
next  layers  above  such  a  boundary  reveal  a 
lower  interface  roughness.  The  columns  don't 
grow  perpendicular  to  the  substrate,  but  under 
an  angle  of  about  12°  normal  to  the  substrate, 
which  was  also  confirmed  by  X-ray  texture 
measurements.  This  effect  of  a  tilted  columnar 
growth  is  not  unknown  in  the  literature.  It  is 
due  to  the  angle  between  the  substrate  normal 
and  the  direetion  of  the  sputter  sources  (30°). 
The  columns  grew  in  the  direction  of  the 
source  of  the  matrix  metal,  i.e,  Au,  Ag,  and  Cu. 

Within  these  columns  the  crystallographic 
orientation  of  the  Au,  Ag,  and  Cu  layers  is 
identical  (Fig.  3).  Fig.  4  depicts  two  Fe  lay¬ 
ers  (the  bright  horizontal  area)  separated  by  an 
Au  layer.  On  the  right-hand  side  of  this  picture 
a  grain  boundary  is  visible.  Dark  field  TEM  in¬ 
vestigations  reveal  the  crystallographic  orienta¬ 
tion  to  be  different  between  the  grains  but 
equal  within  them.  Therefore,  the  columns 
might  be  considered  to  be  macro-grains.  Such  a 
growth  of  the  layered  structure  indicates  an  epi¬ 
taxial  relationship  between  intercalated  layers 
and  the  spacer.  Due  to  the  large  lattice  mis- 
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match,  the  intercalated  layers  should  be  strongly 
strained.  This  is  indeed  observed  for  the  Nb  layers  by 
XRD.  Although  TEM  investigations  clearly  demon¬ 
strate  the  orientational  relationship  between  Au  or 
Ag  layers,  even  HRTEM  did  not  reveal  any  lattice 
fringes  in  Fe.  Therefore,  we  conclude,  that  the  Fe 
layers  are  strongly  disordered  but  able  to  transfer  the 
texture  information  from  one  noble  metal  layer  to  the 
next.  During  the  heat  treatment  the  microstructure 
changes  dramatically.  As  expected  from  XRD  meas¬ 
urements  Fe  or  Nb  particles  were  formed  in  the  no- 
belmetal  matrix.  By  Scherrer's  formula  [7]  the  parti¬ 
cle  size  in  the  2nm/  lOnm  samples  could  be  esti¬ 
mated  to  about  25  nm  in  Nb/Cu,  10  nm  in  Fe/Ag,  and 
25  nm  in  Fe/Ag.  To  characterize  the  distribution  of 
the  different  metals  in  the  sample,  the  so  called  Z- 
contrast  was  used  in  TEM.  Different  than  in  the  nor¬ 
mal  bright-field  TEM  micrographs,  Z-contrast  de¬ 
picts  a  mass  contrast.  Therefore,  the  particles  formed  could  be  distinguished  from  the  surround¬ 
ing  matrix  very  clearly.  An  example  of  a  Z-contrast  image  of  a  disintegrated  Fe/Au  multilayer  is 
shown  in  Fig.  5a.  The  Fe  particles  are  visible  as  dark  nearly  spherically  shaped  areas.  The  grain 
boundaries  are  marked  by  white  lines.  For  comparison  a  bright-field  TEM  picture  of  a  disinte¬ 
grated  Fe/Ag  sample  is  shown  in  Fig.  5b.  Comparing  Fig.  5a  and  b,  several  similarities  but  also 
some  differences  between  Fe/Ag  and  Fe/Au  can  be  obtained.  In  both  systems  the  originally  lay¬ 
ered  structure  is  partly  preserved,  but  the  interface  between  the  Au  or  the  Ag  layers  is  strongly 
flattened.  Most  of  the  Fe  is  agglomerated  in  the  boundaries  of  the  macro-grains,  forming  a  chain 
of  pearls  particles  along  these  boundaries.  Therefore,  the  lateral  mean  distance  between  the  par- 


Fig.  5:  Disintegrated  Fe/Au  multilayer  (left)  and  disintegrated  Fe/Ag  multilayer  (right).  Nearly  spherically-  shaped 
Fe  particles  are  found  in  the  macro-grain  boundaries  and  especially  in  the  system  Fe/Ag  small  flat  particles  within 
the  macro-grains  (white  arrows).  Macro-grain  boundaries  are  marked  with  white  lines. 
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tides  corresponds  to  the  width  of  the  columns. 

The  distribution  along  the  boundaries  is  not  so 
regular,  partly  in  each  layer  an  Fe  sphere  is 
formed,  but  also  large  segments  of  the  bound¬ 
ary  are  free  of  Fe  particles.  The  mean  size  of 
the  particles  in  Fe/Ag  of  about  20  nm  is  two 
times  larger  than  in  Fe/Au,  which  agrees  with 
the  higher  disintegration  temperature  of 
Fe/Ag.  However,  in  Fe/Ag  also  disc-like  parti¬ 
cles  are  visible,  which  are  located  in  the 
macro-grains.  The  lateral  size  is  about  10  nm, 
their  thickness  only  a  few  nm. 

The  non-statistical  distribution  of  the  parti¬ 
cles  can  also  be  visualized  in  XRM.  Because 
of  its  lower  lateral  resolution  in  the  transmis¬ 
sion  mode,  an  amplitude  contrast  only  occurs,  if  there  are  several  particles  stacked  over  each 
other,  separated  by  areas  free  of  particles.  A  statistical  distribution  of  particles  in  each  layer 
would  give  no  contrast,  because  in  this  case  the  average  content  of  the  metals  is  nearly  constant 
over  the  whole  sample.  Fig.  6  depicts  the  transmission  picture  of  a  disintegrated  Fe/Ag  multi¬ 
layer.  The  bright  areas  i.e.  the  weak  absorbing  areas,  contain  more  Fe.  In  all  disintegrated  sam¬ 
ples  a  contrast  could  be  observed,  indicating  a  non-statistical  distribution  on  large  parts  of  the 
sample.  It  could  be  also  seen  clearly  that  the  particle  size  in  Fe/Au  multilayers  is  much  smaller 
than  in  Fe/Ag  multilayer.  In  both  cases  it  seemed  to  be  even  larger  than  the  ones  measured  in 
TEM.  This  could  be  explained  by  the  slight  tilt  of  the  chains  of  Fe  particles.  Consequently,  the 
projection  of  such  a  chain  is  larger  than  a  particle  diameter. 

Discussion 

It  has  been  suggested  that  a  spatial  variation  of  the  interface  energy  causes  the  driving  force  of 
the  disintegration  process  [3].  Since  the  nanoparticles  are  primarily  formed  at  the  grain  bounda¬ 
ries,  the  mass  transport  is  directed  from  the  center  of  the  macro-grains  to  the  grain  boundaries. 

The  first  contribution  to  the  interface  energy,  which  causes  such  a  transport,  is  the  variation  of 
the  curvature  of  the  interface.  The  curvature  is  directly  related  to  the  chemical  potential  of  the 
interface  by  Thomson's  relation: 

/jcc^  (1) 

r 

The  radius  of  curvature,  having  its  maximum  at  the  center  of  the  macro-grains  is  very  small  at 
the  grain  boundaries  (Fig.  3).  The  flattening  of  the  interface  after  the  heat  treatment  (Fig.  5)  also 
indicates  that  this  mechanism  is  responsible  for  the  disintegration.  In  addition,  a  numerical 
simulation  of  this  process,  taking  into  account  the  local  variation  of  the  layer  thickness,  reveals 
the  essential  features  of  the  disintegration,  i.e.  the  formation  of  particles  at  the  grain  boundaries 
and  of  pancake-like  particles  within  the  macro-grains.  However,  with  a  decreasing  thickness  of 
the  intercalated  layer,  a  second  contribution  to  the  driving  force  becomes  important.  Because  of 
the  epitaxial  growth  within  the  macro-grain,  a  high  amount  of  lattice  misfit  strain  is  generated  in 
the  layered  structure.  This  stress  is  partly  released  by  mistfit  dislocations  as  long  as  the  layer 
thickness  is  large  enough.  Below  a  critical  thickness,  which  is  found  to  be  around  3.6  nm  for  Fe, 
the  misfit  dislocations  become  unstable  [8].  Streitz  et  al.  [9]  have  calculated  the  strain-depend¬ 
ing  interfacial  energy  of  a  multilayered  system  in  dependence  on  the  length  of  periodicity  Xq.  In 
this  model  the  interfaces  are  assumed  to  be  coherent  and  only  elastic  relaxation  occurs.  With  the 
unstrained  interfacial  energy  fo,  the  biaxial  modulus  is  Y«,  and  the  area  Ao  of  the  interfaces  the 
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interfacial  energy  per  area  is  calculated  to 
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Since  the  strain  is  released  at  the  grain  boundaries,  this  contribution  also  results  in  a  mass 
transport  directed  to  the  boundaries.  Equation  (2)  might  be  considered  as  the  difference  of  the 
interfacial  energy  within  the  macro-grain  and  at  the  boundary,  and  therefore  as  an  estimation  of 
the  driving  force.  Indeed,  two  experimentally  different  regimes  were  found  (Fig.  2).  For  thin  in¬ 
tercalated  layers,  the  temperature  of  disintegration  is  proportional  to  the  reciprocal  thickness  of 
the  intercalated  layers.  This  regime  ranges  up  to  a  Fe-Iayer  thickness  of  d  =  2.5  nm  for  Fe/Au 
multilayers  and  up  to  d=  1.4  nm  for  Nb/Cu  multilayers.  Upon  further  increasing  of  the  layer 
thickness  the  disintegration  temperature  increases  more  rapidly.  In  view  of  the  two  contributions 
proposed,  in  thin  intercalated  layers  the  high  amount  of  stored  elastic  energy  causes  a  strong 
driving  force,  i.e.  the  disintegration  occurs  at  a  low  temperature.  With  increasing  layer  thickness, 
the  strain  is  released  by  dislocations  and  the  less  effective  curvature-induced  transport  controls 
the  disintegration. 

In  addition,  it  was  observed  that  some  of  the  grain  boundaries  are  free  of  particles  whereas 
other  boundaries  contain  a  high  number  of  particles.  Since  at  tripel  grain  boundaries  the  inter¬ 
face  curvature  and  the  strain  relaxation  is  strongest,  the  tripel  grain  boundaries  might  be  the  pre¬ 
ferred  sites  for  the  formation  of  the  nano-particles. 


CONCLUSIONS 


Multilayers  consisting  of  non  miscible  metals  are  unstable  in  view  of  the  formation  of  small 
spherical  particles  of  the  intercalated  compound.  The  disintegration  of  the  layered  structure  oc¬ 
curs  at  moderate  temperatures.  In  XRD,  the  superstructure  of  the  multilayer  vanishes  and  a  pro¬ 
nounced  sharpening  of  the  single  metal  diffraction  pattern,  i.e.  a  growth  of  the  particle  size,  be¬ 
comes  visible.  The  disintegration  temperature  deduced  from  this  measurement  depends  on  both, 
the  combination  of  metals  and  the  thickness  of  the  intercalated  layers. 

Most  of  the  particles  are  located  within  the  grain  boundaries  of  the  macro-grains.  Taking  this 
into  account,  two  different  contributions  to  the  driving  force  were  proposed.  In  thick  intercalated 
layers,  the  initial  curvature  of  the  interface  causes  a  mass  transport  to  the  boundaries.  In  thin  in¬ 
tercalated  layers  the  misfit  induced  strain  at  the  interface  dominates  the  disintegration  process. 
The  required  temperature  is  lower  and  follows  an  reciprocal  dependence  on  the  layer  thickness. 
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ABSTRACT 

Mechanical  milling  has  been  used  to  synthesize  ferromagnetic  (FM,  Co)  - 
antiferromagnetic  (AFM,  NiO)  composites.  The  coercivity.  He,  and  energy  product,  BHMax,  of 
these  composites  can  be  enhanced  at  room  temperature  after  appropriate  heat  treatments  above 
the  Neel  temperature  of  the  AFM,  Tn.  Although  the  maximum  He  is  achieved  for  the 
(NiO)l:l(Co)  weight  ratio,  BHMax  is  further  enhanced  for  the  (NiO)2:3(Co)  ratio,  where  higher 
saturation  magnetization  is  obtained  due  to  the  larger  amount  of  FM.  Exchange  coupling, 
responsible  for  these  effects,  decreases  as  the  temperature  is  increased  and  vanishes  close  to  Tn. 
The  thermal  stability  of  the  coercivity  enhancement  remains  rather  insensitive  to  the  somewhat 
broad  distribution  of  blocking  temperatures  of  this  system. 

INTRODUCTION 

Since  mechanical  alloying  (MA)  was  developed  in  the  late  1960s  [1],  this  technique  has 
been  used  as  a  processing  route  for  the  synthesis  of  a  large  variety  of  equilibrium  and  non¬ 
equilibrium  phases  and  phase  mixtures  [2].  This  technique  has  been  shown  to  be  successful  in 
reducing  crystallite  sizes  to  the  nanometric  range.  These  small  particles  can  exhibit  rather 
different  physical  properties  from  those  of  their  bulk  counterpart  [3]. 

Mechanical  alloying  has  also  been  used  to  produce  direct  or  indirect  magnetic 
interactions,  like  in  exchange  spring  magnets  (milling  soft-hard  ferromagnets)  [4,5]  or  giant 
magnetoresistance  materials  (milling  magnetic-nonmagnetic  phases)  [6].  However,  studies  of 
exchange  interaction  between  ferromagnetic  and  antiferromagnetic  materials  induced  by  ball 
milling  are  scarce.  Nevertheless,  recently  the  possibility  of  increasing  the  room  temperature 
coercivity  by  mechanical  alloying  transition  metals  (Ni,  Co,  Fe)  and  their  own  antiferromagnetic 
oxides  (NiO  or  CoO)  or  sulfides  (FeS)  has  been  proven  [7].  Moreover,  it  is  well  known  that 
oxidized  ferromagnetic  fine  particles  can  also  exhibit  coercivity  enhancements  [8].  However, 
this  enhancement  is  mainly  observed  far  below  room  temperature,  which  makes  this  property 
not  useful  for  applications.  It  is  noteworthy  that  coercivity  increases  due  to  AFM-FM  exchange 
coupling  are  also  being  studied  in  thin  film  systems  [9,10]. 

In  this  paper  we  show  the  possibility  of  increasing  the  room  temperature  coercivity  and 
energy  product  by  ball  milling  FM  and  AFM  composed  of  different  transition  metals,  e.g.  Co 
and  NiO,  after  adequate  magnetic  field  heat  treatments.  The  hardening  of  the  FM  phase  is 
optimized  by  varying  the  AFM;FM  ratio. 

EXPERIMENTAL 

Different  AFM:FM  weight  ratios  (0:1,  3:7,  2:3,  1:1  and  3:2)  of  gas  -  atomized  powders 
of  NiO  (99%,  <100  pm,  Tn  =  590  K)  and  Co  (99.5%,  <  44  pm,  Tc  =  1404  K)  were  mixed  and 
sealed  under  Ar  atmosphere  in  an  agate  vial  (V  =  20  ml),  together  with  6  agate  balls  (10  mm 
diameter),  with  a  ball  to  powder  weight  ratio  of  2:1.  The  milling  was  carried  out  for  different 
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times  (0.1-30  hours),  at  500  rpm,  using  a  planetary  mill.  To  induce  exchange  coupling,  the  as 
milled  powders  were  annealed  at  different  temperatures,  Tann  =  300  -  850  K,  for  different  times 
(0-5  hours)  under  vacuum,  in  the  presence  of  different  magnetic  fields  (0-10  kOe),  and  field 
cooled  to  room  temperature. 

The  microstructure  of  the  powders  was  studied  using  standard  x-ray  diffraction  (XRD) 
(Cu-Ka  radiation).  The  x-ray  diffraction  peaks  were  deconvoluted  and  fitted  using  a  pseudo- 
Voigt  function.  The  crystallite  size,  <D>,  was  evaluated  using  a  single  peak  method  from  its 
integral  breadth  (Cauchy  component),  following  Scherrer’s  approximation.  Their  morphological 
characterization  was  performed  by  using  scanning  electron  microscopy  (SEM),  equipped  with 
energy  dispersive  x-ray  analysis  (EDX).  Magnetic  hysteresis  loops,  up  to  10  kOe,  were 
measured  in  loosely  packed  powders,  at  temperatures  between  room  temperature  and  750  K,  by 
means  of  vibrating  sample  magnetometry  (VSM). 

RESULTS  AND  DISCUSSION 

Shown  in  fig.  1(a)  is  a  SEM  image  (secondary  electron)  for  the  NiO-Co  powders  ball 
milled  for  20  hours  in  a  weight  ratio  of  1:1.  Ball  milling  induces  a  broad  range  of  particle  sizes, 
from  1  pm  to  30  pm  [11].  The  larger  particles  (an  enlargement  of  one  of  these  particles  is  shown 
in  fig.  1)  are  composed  of  about  1  pm  thick  lamellae,  surrounded  by  small  particles.  As  can  be 
seen  in  fig.  1(b)  the  Co  x-ray  mapping  indicates  that  the  lamellae  (bright  in  fig.  1(a))  correspond 
to  Co  while  the  particles  (gray  in  fig.  1(a))  correspond  to  NiO.  This  microstructure,  typical  of 
ball  milled  ceramic-metal  mixtures,  is  due  to  the  ductile  and  brittle  character  of  Co  and  NiO 
respectively.  Moreover,  this  microstructure  allows  the  existence  of  a  large  interface  area 
between  the  FM  and  the  AFM  phases. 


Fig.  1  (a)  SEM  secondary  electron  image  and  (b)  Co  EDX  mapping  for  a 
(NiO)  1 : 1  (Co)  ball  milled  for  20  h. 


X-ray  diffraction  (XRD)  patterns  have  been  obtained  for  the  unmilled  Co  and  NiO  and 
for  the  20  h  ball  milled  NiO-Co  in  a  weight  ratio  of  1 : 1 ,  before  and  after  field  annealing  them  in 
a  5  kOe  magnetic  field  at  Tann  =  600  K.  The  XRD  patterns  of  the  unmilled  Co  reveal  that  it 
corresponds  to  a  mixture  of  hep  and  fee  Co,  while  the  unmilled  NiO  powder  diffraction  peaks 
correspond  to  a  fee  phase.  The  crystallite  sizes,  evaluated  for  the  Co  hexagonal  (002)  and  the 
NiO  (1 1 1)  peaks,  are  <D>co.Hex  ==  42  ±  4  nm  and  <D>Nio  >  100  nm,  respectively  [11]. 

When  Co  and  NiO  powders  are  ball  milled  together  in  a  1:1  weight  ratio  the  intensity  of 
the  peaks  corresponding  to  the  fee  Co  phase  rapidly  decreases.  This  allotropic  transformation 
has  been  previously  reported  for  ball  milled  Co  powders  [12].  The  peak  widths  of  the  different 
phases  after  ball  milling  show  an  important  increase.  This  is  related  to  the  crystallite  size 
reduction,  the  introduction  of  planar  defects  and  the  microstrain  increase.  The  crystallite  sizes, 
after  20  hours  of  milling,  estimated  from  the  (002)co,Hex  and  the  (lll)Nio  reflections,  are: 
<D>co,Hex  =  10  ±  2  nm  and  <D>Nio  =  14  ±  2  nm,  respectively.  In  addition,  the  positions  of  the 
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NiO  peaks  do  not  change  after  ball-milling,  indicating  no  important  variation  in  its  lattice 
parameter.  This  suggests  that  the  diffusion  of  Co  into  the  NiO  cell  is  very  small  [11]. 

When  the  ball  milled  NiO-Co  powders  are  annealed  at  Tann  =  600  K  for  0.5  hours  the  x- 
ray  diffraction  pattern  is  very  similar  to  that  of  the  as  milled  powders,  where  the  NiO  peaks  are 
not  displaced  and  only  a  minor  decrease  in  the  peak  width  is  obtained.  The  crystallite  size 
calculated  from  the  (IT  reflection  is  <D>Nio  =  18  ±  2  nm.  The  Co-hcp  phase  shows  a 
similar  behavior,  with  <D>co,Hex  =  18  ±  2  nm,  calculated  from  the  (002)co,Hex  peak.  Moreover,  at 
this  annealing  temperature,  a  slight  increase  in  the  intensity  of  the  (200)co, cubic  peak  can  already 
be  observed,  indicating  the  starting  point  for  an  allotropic  transformation  from  hep  to  hep+fee 
[12].  However,  after  annealing  at  Tann  =  740  K  for  0.5  hours,  the  crystallite  sizes,  calculated 
from  (100)co,Hex  and  (1 1  l)Nio  peaks,  increase  significantly  to  <D>co,Hex  =  44  ±  4  nm  and  <D>Nio 
=  40  ±  4  nm  and  the  intensity  of  the  peaks  corresponding  to  the  cubic  phase  increases.  Thus, 
annealing  at  Tann  =  740  K  induces  an  important  crystal  growth  and  the  allotropic  phase 
transformation  from  hep  to  fee  Co  [1 1]. 

The  room-temperature  coercivity.  He,  has  been  measured  as  a  function  of  the  milling 
time  for  the  different  NiO:Co  weight  ratios  for  both  as-milled  and  annealed  (Tann  =  600  K) 
powders.  In  pure  Co,  He  increases  after  a  short  milling  time  (1  hour)  from  He  =  170  Oe  (as 
obtained)  to  290  Oe  (1  hour  ball  milled)  [13].  This  increase  is  attributed  to  the  allotropic  phase 
transformation  from  fcc+hcp  Co  to  hep  Co,  where  hep  Co  is  known  to  have  larger  He  than  fee 
Co  [14].  Further  milling  deereases  He  (e.g.  He  =  125  Oe  after  milling  30  hours),  whieh  is 
probably  linked  with  the  disordering  of  the  hexagonal  structure,  as  has  been  reported  for  long¬ 
term  milling  [12].  A  maximum  in  He  is  also  observed  for  ball  milled  NiO:Co.  However,  for 
each  AFM:FM  ratio,  the  largest  He  is  obtained  for  different  milling  times,  which  increase  as  the 
NiO  content  increases,  indicating  that  NiO  probably  delays  the  Co  structural  changes. 

Annealing  the  ball  milled  pure  Co  powders  at  Tann  =  600  K  (i.e.  Tn  <  Tann  <  Te)  for  0.5 
hours  in  H  =  5  kOe  results  in  a  slight  decrease  in  He.  However,  a  significant  enhancement  of  He 
is  observed  after  annealing  the  ball  milled  NiO-Co  powders  at  the  same  temperature,  Tann  = 
600  K,  and  field  cooling  (H  =  5  kOe)  to  room  temperature  [13].  Shown  in  fig.  2  is  the 
dependence  of  the  coercivity  enhancement  (defined  as  the  difference  of  He  after  and  before 
annealing  at  Tann>  AHc)  on  the  annealing  temperature  for  (NiO)l :  l(Co)  ball  milled  20  h.  As  can 
be  seen  in  the  figure,  the  room-temperature  He  increases  only  when  the  annealing  temperature  is 
larger  than  the  NiO  Neel  temperature  (i.e.  Tn  =  590  K),  as  expected  for  an  exchange  coupled 
FM-AFM  system  [9].  The  decrease  of  AHc  after  annealing  at  exceedingly  high  temperatures 
(Tann  >  700  K)  is  due  to  the  allotropic  phase  transformation  from  fcc+hcp  Co  to  fee  Co,  as 
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Fig.  2  Dependence  of  the  coercivity  enhancement,  AHc,  on  the  annealing 
temperature  for  a  (NiO)l:l(Co)  ball  milled  for  20  h. 
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observed  from  XRD.  Loop  shifts  in  the  field  axis,  He,  towards  the  negative  field  axis  are  also 
present  in  the  hysteresis  loops  of  the  ball  milled  NiO-Co  samples  for  all  AFM:FM  ratios,  except 
in  pure  Co.  The  loop  shifts  depend  on  the  annealing  temperature  with  a  similar  dependence  as 
AHc,  confirming  the  assumption  that  the  exchange  coupling  between  the  AFM  and  the  FM  is 
responsible  for  both  effects,  AHc  and  He. 

Exchange  coupling  produces  not  only  an  enhancement  of  He  but  also  an  enhancement  of 
the  squareness,  Mr/Ms  [13],  and  consequently  an  increase  of  the  energy  product,  BHwax-  The 
dependence  of  He,  AHc  and  ABHMax  (defined  as  the  difference  of  BHmbx  after  and  before 
annealing  at  Tann  =  600  K)  on  the  Co  content  (NiO:Co  ratio)  is  shown  in  fig.  3.  The  values 
shown  in  the  figure  correspond  to  the  milling  times  which  give  the  maximum  values  of  He  for 
each  NiO:Co  ratio.  As  can  be  seen  in  the  figure,  the  largest  exchange  coupling  effects,  i.e. 
maximum  enhancements  of  He  and  BHmbx  and  maximum  loop  shifts,  are  exhibited  for  the 
(NiO)l:l(Co)  ratio.  However,  the  maximum  value  of  BHMax  after  annealing  at  Tann  =  600  K  is 
not  obtained  for  (NiO)l:l(Co)  (BHMax  =  62000  G.Oe)  but  for  (NiO)2:3(Co)  (BHmbx  =  83000 
G.Oe).  This  is  due  to  the  interplay  between  He  and  Ms  on  BHmex-  The  addition  of  an  AFM  and 
the  subsequent  heat  treatments  increase  He,  however  the  AFM  also  promotes  a  reduction  in  the 
overall  Ms  of  the  composite.  Hence,  the  enhancement  of  BHmhx  is  a  compromise  between  both 
effects. 


%  Co 


Fig.  3  Dependence  of  the  (a)  exchange  bias,  He,  (b)  coercivity  enhancement,  AHc, 
and  (c)  enhancement  of  the  energy  product,  A(BH)Max,  on  the  Co  percentage 

(NiO:Co  ratio). 


Shown  in  fig.  4  is  the  dependence  of  the  loop  shift  on  the  measuring  temperature.  As 
expected  from  exchange  coupled  AFM-FM  systems.  He  decreases  as  measuring  temperature 
increases,  becoming  zero  at  T  »  600  K,  i.e.  at  the  Neel  temperature  "'f  the  AFM  (Tn  (NiO)  =  590 
K).  A  similar  behavior  is  observed  for  AHc  and  A(BH)Max.  The  decrease  of  these  properties  with 
increasing  measuring  temperature  is  the  result  of  a  reduction  of  the  AFM/FM  interface  coupling, 
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as  a  consequence  of  either  the  loss  of  the  magnetic  order  in  the  AFM  and/or  the  reduction  of  the 
AFM  magnetocrystalline  anisotropy.  The  critical  temperature  at  which  exchange  coupling 
effects  completely  vanish  is  usually  denoted  as  the  blocking  temperature,  Tb  [9]. 

To  study  the  thermal  stability  of  the  ball  milled  NiO:Co  systems  due  to  the  concomitant 
distribution  of  blocking  temperatures  [15]  (brought  about  by  the  distribution  of  crystallite  sizes 
and  defects),  the  NiO:Co  samples  were  warmed  to  a  temperature  Td,  300  K  <  To  <  700  K,  and 
subsequently  cooled  to  room  temperature  in  a  field  H  =  -  5  kOe,  i.e.  opposite  to  the  one  used  to 
induce  the  original  coupling  (H  =  5  kOe). 


T[K] 


Fig.  4  Temperature  dependence  of  the  exchange  bias.  He  (■),  on  the  measuring 
temperature,  and  He  (o)  after  field  cooling  in  H  =  -5  kOe  from  different 
temperatures. 

Following  this  procedure,  if  the  local  blocking  temperature  of  a  crystallite  (Tbi)  is  below 
Td,  the  crystallite  becomes  paramagnetic,  thus  losing  the  information  of  the  original  coupling. 
Cooling  such  crystallite  in  H  =  -  5  kOe  induces  a  coupling  opposite  to  the  original  one,  hence 
shifting  the  loop  towards  positive  fields.  However,  crystallites  with  Tbi  >  Td  remain  unchanged. 
Consequently,  the  He  obtained  after  warming  to  each  Td  gives  a  measure  of  the  number  of 
crystallites  with  Tbi  <  Td  [15].  As  can  be  seen  in  fig.  4,  already  at  Td  =  350  K  a  reduction  in  He 
can  be  observed.  Moreover,  for  Td  =  500  K  He  is  reduced  to  zero  (i.e.  50  %  of  the  crystallites 
have  Tei  <  500  K).  These  results  indicate  a  broad  distribution  of  blocking  temperatures  in  this 
system.  However,  although  the  thermal  stability  of  He  is  strongly  influenced  by  the  distribution 
of  Tb,  we  observed  that  He  is  rather  insensitive  to  it.  This  is  probably  because  although  the 
overall  He  depends  on  the  strength  and  sign  of  the  coupling  for  each  crystallite,  the 
enhancement  of  He  depends  only  on  the  strength  of  the  coupling. 

CONCLUSIONS 

In  conclusion,  we  have  shown  that  mechanically  milled  AFM(NiO)  -  FM(Co) 
composites  display  significant  enhancements  of  the  room  temperature  coercivity  and  energy 
product  due  to  the  exchange  coupling  induced  after  heat  treating  the  samples  at  Tann  >  Tn  under 
magnetic  fields.  The  as-milled  powders  exhibit  a  peculiar  microstructure  (Co  lamellae 
surrounded  by  refined  NiO  particles),  which  allows  the  existence  of  a  large  interface  area 
between  the  FM  and  the  AFM.  The  maximum  magnetic  hardening  is  shown  to  be  a  trade  off 
between  the  coercivity  enhancement  produced  by  exchange  coupling  and  the  overall  reduction 
of  saturation  magnetization  due  to  the  antiferromagnet.  All  the  effects  (He,  He  and  BHMax) 
decrease  with  increasing  temperature  and  the  NiO-Co  samples  become  uncoupled  when  the 
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measuring  temperature  is  larger  than  the  antiferromagnetic  Neel  temperature.  Although  He  is 
strongly  influenced  by  the  distribution  of  To,  He  remains  rather  insensitive  to  it. 

ACKNOWLEDGEMENTS 

This  work  was  supported  in  part  by  DGESEIC  under  contract  MAT98-0730  and  by 
CICYT  under  contract  PETRI95-03n-OP.  J.S.  thanks  the  DGU  for  his  fellowship.  J.N.  and 
X.A.  acknowledge  the  Spanish  Government  for  its  financial  support. 

REFERENCES 

1.  J.  S.  Benjamin,  Metall.  Trans.  1,  2943  (1970);  Mater.  Sci.  Forum  88-90,  1  (1992). 

2.  For  a  review,  see  B.  S.  Murty  and  S.  Ranganathan,  Inter.  Mater.  Rev.  43,  101  (1998). 

3.  For  a  review,  see  R.  W.  Siegel,  Nanostruct.  Mater.  3, 1  (1993). 

4.  P.  G.  McCormick,  W.  R.  Miao,  P.  A.  1.  Smith,  J.  Ding,  R.  Street,  J.  Appl.  Phys.  83,  6256 
(1998). 

5.  K.  Raviprasad,  M.  Runakoshi  and  M.  Umemoto,  J.  Appl.  Phys.  83,  921  (1998). 

6.  A.  J.  Fargan,  M.  Viret  and  J.  M.  D.  Coey,  J.  Phys:  Cond.  Matter.  7,  8953  (1998). 

7.  D.  S.  Geoghegan,  P.  G.  McCormick  and  R.  Street,  Mat.  Sci.  Forum  179-181, 629  (1995). 

8. W.  H.  Meiklejohn  and  C.  P.  Bean,  Phys.  Rev.  102,  1413  (1956);  105,  904  (1957). 

9.  For  a  review,  see  J.  Nogues  and  Ivan  K.  Schuller,  J.  Magn.  Magn.  Mater.  192,  203  (1999). 

10.  A.  S.  Edelstein,  R.  H.  Kodama,  M.  Miller,  V.  Browning,  P.  Lubitz,  S.  F.  Cheng  and  H. 
Sieber,  Appl.  Phys.  Lett.  74,  3872  (1999);  Y.  J.  Tsang,  B.  Roos,  T.  Mewes,  S.  O.  Demokritov, 
B.  Hillebrands  and  Y.  J.  Wang,  Appl.  Phys.  Lett.  75,  707  (1999). 

11.  J.  Sort,  J.  Nogues,  X.  Amils,  S.  Surinach,  J.  S.  Mufioz  and  M.  D.  Baro,  Mater.  Sci.  Forum 
(2000)  in  press. 

12.  J.  Y.  Huang,  Y.  K.  Wu  and  H.  Q.  Ye,  Appl.  Phys.  Lett.  66,  308  (1995);  F.  Cardellini  and  G. 
Mazzone,  Philos.  Mag.  A  67,  1289  (1993). 

13.  J.  Sort,  J.  Nogu6s,  X.  Amils,  S.  Surinach,  J.  S.  Munoz  and  M.  D.  Baro,  Appl.  Phys.  Lett.  75, 
3177(1999). 

14.  H.  Sato,  O.  Kitakami,  T.  Sakurai,  Y.  Shimada,  Y.  Otani  and  K.  Fukamichi,  J.  Appl.  Phys. 
81,1858  (1997). 

15.  S.  Soeya,  T.  Imagawa,  K.  Mitsuoka  and  S.  Narishige,  J.  Appl.  Phys.  76,  5356  (1994);  C. 
Tsang  and  Kenneth  Lee,  J.  Appl.  Phys.  53, 2605  (1982). 


646 


STUDY  OF  THE  LUMINESCENCE  OF  Eu-DOPED  NANOCRYSTALLINE  Si/Si02 
SYSTEMS  PREPARED  BY  RF  CO-SPUTTERING 


G.A.  NERY*,  A.  MAHFOUD**,  L.F.  FONSECA,  H.  LIU**,  O.  RESTO,  AND  S.Z.  WEISZ 
Physics  Department,  University  of  Puerto  Rico,  San  Juan,  PR,  USA. 

*Physics  and  Chemistry  Department,  University  of  Puerto  Rico,  Arecibo,  PR,  USA. 

**Physics  Department,  University  of  Puerto  Rico,  Mayaguez,  PR,  USA. 

ABSTRACT 

We  prepared  Eu-doped  films  of  Si  nanoparticles  embedded  in  Si02  using  pellets  of 
EU2O3  by  sputtering.  We  studied  their  photoemission,  transmission  and  fluorescence  to  obtain 
data  about  their  composition  and  particle  size  and  the  Eu  interaction  characteristics.  We  were 
able  to  incorporate  Eu(III)  into  the  Si  nanoparticle  /  Si02  host.  We  also  found  we  obtained  Eu(II) 
in  the  process.  We  found  a  lowering  of  photoluminescence  intensity  with  lowering  of 
temperature.  An  as  yet  unanswered  question  is  the  reason  for  the  intense  whitish  luminescence 
found  in  some  regions  of  the  samples.  Some  involvement  with  Eu(II)  is  suspected.  Eu(III)  related 
peaks  were  only  observed  where  the  size  distribution  peak  of  the  nanoparticles  was  lower  than 
1.3nm.  Whitish  luminescence  was  related  to  peak  sizes  ranging  from  1.1  nm  to  1.4nm.  Annealing 
the  samples  had  clear  effects  upon  their  photoluminescence,  but  did  not  necessarily  involve 
changes  in  particle  sizes,  nor  were  these  size  changes  necessary  to  increase  luminescence.  The 
Eu  doping  has  a  tendency  to  halt  the  annealing  effects  on  size  and,  when  changes  did  occur,  the 
particles  generally  became  smaller. 

INTRODUCTION 

Europium  is  an  interesting  material  when  incorporated  as  a  dopant  into  solid  state 
materials.  This  is  because  trivalent  Eu(III)  ions  can  be  used  as  a  structure  probe,  and  due  to  its 
large  quadrupole  splitting  and  spin-lattice  relaxation  times,  Eu(in)  is  particularly  attractive  in 
high-resolution  laser  spectroscopy  [1].  One  proposed  application  is  in  a  frequency  domain 
optical  data  memory,  based  on  the  large  ratio  of  inhomogeneous-to-homogeneous  line  widths 
present.  In  some  solid  state  materials  the  Eu(III)  dopant  ions  exhibit  the  longest  ever  dephasing 
time  of  822ps  and  the  narrowest  homogeneous  line  width  at  low  temperature  [2].  This  has 
stimulated  interest  in  searching  for  appropriate  materials  to  host  Eu(III)  ions,  which  could  be 
optimized  for  operation  at  room  temperature. 

We  have  produced  and  studied  Si/Si02  material  in  which  visible  light  emitting  Si 
nanoparticles  are  embedded  in  a  Si02  matrix.  We  made  subsequent  studies  incorporating  another 
rare-earth  metal,  Er,  into  the  Si  nanoparticle  embedded  Si02  matrix  and  verified  that  the 
luminescence  of  Er  is  enhanced  due  to  energy  transfer  between  the  nanoparticles  and  the  Er  [3]. 

These  considerations  led  us  to  attempt  to  ascertain  the  interactions  between  Eu  and  this 
new  host  material.  Due  to  the  amorphous  nature  of  the  Si02  material  prepared  by  this  particular 
technique,  the  dopant  europium  ions  must  experience  large  variations  of  their  environment. 
Additionally,  some  Eu(III)  ions  may  be  placed  at  the  Si  nanoparticle  /  Si02  interface  while  the 
others  are  inside  the  Si02  host.  This  would  produce  fluorescence  line  broadening.  Also,  our  use 
of  EU2O3  as  the  source  of  our  dopant  could  lead  to  interactions  between  the  oxygen  thus 
incorporated  into  our  samples  and  the  Si,  as  had  apparently  happened  in  our  previous  Er 
incorporation  experiments. 
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EXPERIMENT 


We  combined  EU2O3,  Si  and  Si02  producing  a  series  of  samples  by  sputtering  deposition. 
We  produced  samples  with  Si  and  Si02;  EU2O3  and  Si02;  EU2O3  and  Si;  and  EU2O3,  Si  and  Si02. 
The  samples  were  deposited  on  a  quartz  substrate  which  was  previously  cleaned  by  a  30  min. 
immersion  in  an  acid  (20%HF),  rinsed  in  de-ionized  water,  and  dried  with  N2.  It  was  placed 
above  the  sputtering  targets.  For  the  sputtering  we  first  reached  a  vacuum  of  about  5*10'’torr. 
After  30  min.  of  pre-sputtering  the  samples  were  made  by  a  12hr  deposition.  Argon  at  20  mtorr 
pressure  was  used  for  the  sputtering.  The  plates  holding  the  sample  and  the  target  materials 
reached  temperatures  in  the  vicinity  of  110°C.  The  target  voltage  was  llOOV  with  a  0.12A  plate 
current. 

The  largest  portion  of  the  target  was  a  13.2cm  diameter  disk  of  Si02  (except  for  the 
EU2O3  with  Si  sample,  in  which  case  it  was  a  disk  of  Si).  When  including  Si  in  the  sample  (for 
the  nanoparticles)  we  placed  a  3.00cm  by  2.30cm  Si  rectangle  on  the  border  of  the  Si02  disk. 
The  14cm  x  1cm  x  0.1cm  rectangular  quartz  substrate  was  placed  with  one  end  above  the  Si 
rectangle  and  oriented  almost  along  the  diameter  of  the  Si02  disk.  The  target  to  substrate 
distance  was  about  5cm.  This  produced  a  gradient  in  the  Si  concentration  along  the  sample.  The 
EU2O3  pellet  was  a  half-circle  placed  with  its  1cm  diameter  perpendicular  to  the  length  of  the 
substrate.  For  different  samples,  the  pellet’s  position  was  varied  from  being  next  to  the  Si 
rectangle,  to  beneath  approximately  halfway  along  the  substrate,  to  a  bit  beyond  the  substrate  on 
the  side  opposite  to  the  Si  rectangle.  This  way  we  could  see  the  effects  of  a  variety  of  Si-Eu 
combination  proportions.  The  EU2O3  /  Si02  sample  had  the  pellet  near  the  center.  The  EU2O3  /  Si 
sample  had  it  near  one  edge  of  the  sample.  The  samples  were  marked  lengthwise.  Position  50  is 
closest  to  the  Si . 

We  measured  the  luminescence  and  transmission  of  the  samples,  and  then  annealed  them 
at  700°C,  except  in  the  case  of  pure  Si  with  Si02,  which  was  annealed  at  1 100°C.  Annealing 
took  place  in  a  Lindberg  Heavy  Duty  Oven  in  a  N2  or  Ar  rich  atmosphere.  Annealing  the  as- 
sputtered  Si/Si02  at  1 100°C  results  in  Si  nanoparticles  with  sizes  ranging  from  about  1  to  greater 
than  3nm,  with  the  dominant  sizes  ranging  from  about  1.0  to  2.1  nm  as  we  go  from  position  1  to 
position  50.  We  observed  that  higher  annealing  temperatures  result  in  smaller  particles  and  less 
variation  in  size  at  each  position  and  overall.  Annealing  should  help  crystallization  and  other 
bond  formation  processes,  and  perhaps  nanoparticle  growth,  but  some  oxidation  could  also  take 
place  with  O2  from  the  atmosphere  (or,  in  the  Eu-doped  samples,  from  the  EU2O3).  For  Er  doped 
Si/Si02  700°C  was  sufficient  [4],  and  we  tried  it  for  Eu  . 

The  photoluminescence  was  measured  with  an  Argon  laser  514.5nm  beam.  We  used  an 
ISA  Triax  320  spectrometer.  We  measured  the  luminescence  of  the  EU2O3  pellet  and  a  EuCE 
pellet  to  characterize  the  Eu(III)  luminescence  peaks  for  comparison  with  our  samples.  The 
results  were  comparable  to  others  found  in  the  literature  [4].  A  CW  Ar  laser  at  488nm  and  a  high 
power  pulsed  YAG  laser  were  used  for  further  studies  to  again  observe  the  general  behavior  and 
also  identify  the  components  of  the  luminescence  via  luminescence  decay  and  time  resolved 
spectroscopy  measurements. 

RESULTS 

The  EU2O3  /  Si02  samples  were  transparent  and  colorless.  The  EU2O3  /  Si  sample  looked 
like  Si.  The  Si  /  Si02  sample  was  caramel  like  at  the  Si  rich  end,  getting  lighter  in  color  until 
about  three  centimeters  from  the  Si  side  it  was  almost  transparent,  and  finally  completely 
transparent  at  the  Si  poor  end.  The  EU2O3  /  Si  /  Si02  samples  were  the  same  as  the  Si  /  Si02 
samples  except  that  in  the  vicinity  of  where  the  Eu  pellet  had  been  the  Si  caramel  color  (when 
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present)  gave  way  to  transparency.  If  this  “bleaching  effect  was  due  to  EU2O3  donating  some  of 
its  oxygen  atoms  to  Si,  the  oxidizing  of  Si  would  have  to  be  accompanied  by  a  change  in  the  Eu 
bonding.  In  EU2O3  we  have  Eu(III)  present.  Upon  donating  the  oxygen  it  could  become  Eu(n), 
which  is  also  a  relatively  stable  valence  state  for  Eu. 

The  photoluminescence  (PL)  studies  with  the  514.5nm  Ar  laser  showed  two  types  of 
spectra.  On  the  one  hand  we  saw  wide  bands  (from  550nm-800nm)  with  peaks  in  the  vicinity  of 
600-680nm.  On  the  other  hand,  we  saw  a  well  defined  peak  at  619nm.  This  peak  only  occurred 
in  Eu  doped  samples  and  corresponded  to  the  ^Do“^F2  Eu(III)  transition.  Quite  a  few  times  we 
saw  the  Eu(III)  peak  piggybacked  atop  one  of  the  larger  bands.  In  those  cases  the  bands  tended  to 
be  triangular  in  shape  (Fig.  1). 

The  as-sputtered  samples  were  also  viewed  under  the  light  of  a  366nm  u-v  lamp.  To  the 
naked  eye,  a  strong  whitish  luminescence  was  observed  on  either  side  of  the  EU2O3  pellet 
position  in  the  EU2O3  /  Si  /  Si02  samples,  while  the  position  corresponding  to  the  pellet  itself 
tended  to  be  transparent  and  not  luminescent.  Farther  off  this  luminescence  ceased.  The 
positions  where  the  whitish  luminescence  occurred  were  somewhat  affected  by  annealing  later.  It 
should  be  noted  that  the  whitish  luminescence  occurred  in  non-caramel  areas  in  the  sample  but 
not  in  the  most  Eu  rich  bleached  areas  centered  where  the  Eu  pellet  was  located.  The  lone 
exception  may  have  occurred  where  the  Si  rich  side  was  bleached  when  the  Eu  pellet  was  next  to 
the  Si  rectangle.  This  luminescence  had  not  been  observed  either  in  the  Si,  Si02  samples  or  a 
series  of  Er203,  Si,  Si02  samples.  The  source  for  this  luminescence  was  not  clear.  We  considered 
that  the  Eu  could  be  serving  as  a  nucleation  center  for  the  growth  of  Si  nanoparticles  and  that 
they  be  present  even  before  annealing,  but  we  had  never  observed  a  whitish  luminescence  nor 
one  as  strong  as  we  were  seeing  due  to  only  Si  nanoparticles.  Another  option  was  that  the  Eu 
itself  was  emitting. 

The  transmission  measurements  were  used  to  obtain  the  size  distributions  of  the  Si 
nanoparticles  through  the  derivative  of  the  transmission  curves.  From  each  of  these  distributions, 
the  peak  position  was  used  to  obtain  the  size  of  the  most  numerous  particles  [5].  We  assumed  the 
absorption  is  from  the  nanoparticles  and  that  they  are  of  spherical  shape  for  these  calculations. 
Distribution  peak  particle  sizes  were  found  to  range  from  l.Onm  to  2.1nm  among  the  EU2O3  /  Si  / 
Si02  samples  while  sizes  go  up  to  2.2nm  in  the  Si  /  Si02  sample.  As  we  continue  it  is  to  these 
distribution  peak  particle  sizes  to  which  we  will  refer. 

All  the  Si  containing  samples  showed  variation  in  size  of  the  particles  with  position  along 
the  sample.  However,  it  was  present  before  annealing  and,  we  did  not  detect  significant  changes 
in  that  particle  size  (Fig.  2a)  upon  annealing  except  in  the  sample  where  the  Eu  pellet  was  on  the 
side  opposite  to  the  Si  rectangle.  In  this  latter  case  the  changes  occurred  only  after  about  the 

midpoint  of  the  sample,  on  the  Si  rich  side. 
In  fact,  in  this  case  the  particles  did  not 
grow  but  rather  reduced  in  size.  These 
changes  may  have  been  due  to  an 
oxidation  process  with  oxygen  from  the 
EU2O3  doping  material.  Interestingly 
enough,  also,  the  changes  in  size  began 
just  at  the  location  where  the  whitish 


Figure  1  Photoluminescence  with 
514.5nm  excitation.  Sample  with:  EU2O3 
(middle)  /  Si  /  Si02,  positions  20, 25,  30. 
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luminescence  occurred.  It  would  seem  that  the  EU2O3  was  interfering  because  the  particles  sizes 
vary  along  the  whole  length  of  the  Si  /  Si02  sample  (Fig.  2b). 

Upon  annealing  the  luminescence  peaks  in  the  Eu  opposite  side  to  Si  sample  shifted  to 
lower  wavelengths  values  after  annealing.  This  also  occurred  in  the  Eu  and  Si  on  the  same  side 
sample.  The  Eu  opposite  side  to  Si  sample  showed  a  large  increase  in  absolute  and  relative 
luminescence  in  the  Si  rich  Eu  poor  side,  beginning  at  the  whitish  luminescence  location  and 
correlated  with  the  increasing  particle  size  region  where  the  change  in  size  also  occurred.  No 
changes  in  size  occurred  in  the  Eu  in  the  middle  sample.  In  all  Eu  containing  samples,  other 
luminescence  changes  also  occurred  (Fig.  2a). 

The  very  bleached  Eu  rich  locations  tended  to  show  the  Eu(III)  peak  both  before  and  after 
annealing.  They  did  not  occur  at  the  high  Si  concentration  areas.  Particle  sizes  ranged  from 
1.1  nm  to  1.3nm  in  these  regions.  To  the  sides  of  these  regions  we  noticed  an  intense  band  of 
luminescence  similar  in  shape  and  peak  position  (640-650nm)  to  that  of  the  Si  /  Si02  bands. 
These  correspond  to  the  positions  at  which  we  saw  the  whitish  luminescence  present  before  and 
after  annealing.  The  particles  ranged  from  l.lnm  to  1.4nm  there.  Farther  from  these  areas,  we 
reach  the  positions  at  which  we  could  find  Eu(III)  peaks  piggybacked  atop  bands.  These  were 
seen  after  annealing  in  locations  where  previously  there  was  a  band.  The  bands  luminescence 
was  reduced  relative  to  the  other  locations  after  annealing.  They  occurred  in  the  lower  Si 
concentration  areas.  Particle  sizes  here  were  lower  than  1.3nm.  Only  one  piggyback  case 
occurred  between  the  Eu(III)  peak  and  the  whitish  luminescence  position.  It  occurred  in  a 
relatively  large  Si  concentration  (for  these  peaks)  and  also  large  Eu  concentration  area  (right  next 
to  the  Eu(in)  peak)  in  the  Eu  at  the  middle  sample.  It  almost  disappeared  completely  both 
relative  to  the  rest  and  in,  absolute  terms.  Particle  size  here  and  in  the  whitish  luminescence 
position  next  to  it  was  1.3nm,  and  in  the  pure  Eu(III)  peak  position  particle  size  was  l.lnm. 

With  respect  to  the  cause  for  the  strong  whitish  luminescence,  various  sources  indicate 
that  Eu(II)  can  luminesce  in  the  visible  range,  with  a  very  wide  band  going  from  IR  to  UV  with  a 
maxima  in  the  green  region  of  the  spectrum  [6,  7,  8,  9].  Given  that  it  was  possibly  due  to  Eu(II) 
but  our  deposition  source  had  Eu(III)  we  had  to  check  for  a  clear  Eu(II)  signal.  The  problem  was 
that  in  the  whitish  luminescence  regions  of  our  samples  we  would  observe  a  Si  /  Si02  like  curve 
upon  illuminating  with  our  514.5nm  laser  (albeit  a  very  strong  one  relative  to  the  rest).  Finally, 
to  excite  Eu(II)  we  might  need  photons  in  the  blue  to  u-v  region  [9].  Since  we  observe  the 
whitish  luminescence  under  u-v  light,  this  might  indicate  that  Eu(II)  is  the  actual  source,  even  if 


Figure  2  Sizes  of  particles  (in  nm)  and  maximum  photoluminescence  values  (in  arb.  units) 
versus  position.  Solid  line  and  crosses:  photoluminescence  and  particle  size,  respectively,  after 
annealing.  Dotted  line  and  circles:  photoluminescence  and  particle  size,  respectively,  before 
annealing 
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we  only  observe  the  nanoparticles  with  our  5 14.5nni  or  other  blue  source. 

Time-resolved  fluorescence  measurement  was  employed  to  identify  the  origin  of  the 
observed  photoluminescence.  Using  a  CW  Ar  laser  tuned  at  488  nm  the  general  behavior  of  the 
observed  integrated  fluorescence  was  characterized  by  a  broad  band  feature  with  the  peak 
varying  in  the  region  of  600  -  750  nm,  recognizable  as  the  luminescence  from  Si/Si02  host 
material  [10-12].  The  measured  luminescence  decay  was  very  fast  with  a  lifetime  typically 
being  <  10  ns  [10].  For  some  samples  the  fine  PL  features  from  Eu(III)  emission  which  is 
overlapped  with  host  emission  could  be  identified. 

Using  a  high-power  pulsed  YAG  laser  with  a  pulse  width  of  30  ps  as  a  light  source  the 
PL  decay  at  ~  600  -  620  nm  was  carefully  examined.  We  identified  2  components.  Right  after 
excitation  a  fast  decay  component  occurs  with  a  lifetime  of  800  ns  followed  by  a  buildup  of  a 
long-lived  signal  which  has  a  lifetime  of  2  ms.  Time-resolved  spectroscopy  was  thereafter  used 
to  separate  the  two  PL  components. 

Setting  a  gate  width  of  400ns  with  the  delay  at  300ns  (to  eliminate  the  host  emission)  a 
broadband  luminescence  was  obtained,  it  was  PL  from  Eu(II)  ions.  In  order  to  verify  this,  a 
sample  without  the  Europium  dopant  was  measured.  With  the  same  setup,  in  this  other  sample 
no  fast  PL  component  nor  long-lived  component  could  be  observed.  This  pointed  to  the 
possible  origin  of  the  observed  fast  PL  in  Eu-doped  sample  as  divalent  europium  ions. 

Eu(II)  has  an  f  electron  configuration.  The  ground  state,  3.8  eV  below  the  conduction 
band,  is  the  ^87/2  level  and  the  first  excited  state  is  ^P  level  of  the  4f^5d  electron  configuration. 
The  characteristic  optical  absorption  band  of  ground  state  *87/2  to  excited  state  ^P  transition  is  at 
around  270  -  300  nm.  Using  the  3*^^  harmonics  of  an  intense  YAG  laser  operating  at  355  nm,  this 
PL  was  just  observable,  but  overlapped  by  a  strong  Eu(III)  emission.  Using  the  laser  operating  at 
532  nm  with  a  high-power  output  of  ~27  GW/cm^,  we  increased  the  relative  intensity  of  Eu(II) 
w/r  Eu(III).  The  two-photon-absorption  (TPA)  induced  Eu(II)  emission  is  shown  in  Fig.3.  This 
photoluminescence  has  a  lifetime  of  ~800ns,  the  peak  is  at  -540  nm,  and  FWHM  is  -4200  cm’\ 
This  emission  profile  looks  similar  to  the  PL  from  the  8i  nanoparticles  and  from  defect  centers  in 
8i02  as  well  [13].  But  the  lifetime  measurement  as  well  as  the  experimental  results  with  the  non- 
doped  sample  convinced  us  in  making  the  judgement. 

The  luminescence  from  Eu(in)  ions  showed  a  well  resolved  feature  in  the  range  of  575 
nm  to  705  nm.  The  PL  intensity  versus  temperature  showed  an  interesting  behavior.  It  was 


Figure  3.  TPA-induced  Eu(II)  PL  in  8i/8i02.  Figure  4.  PL  of  Eu(III)  dopant  in  8i/8i02 

Data  points  are  missing  at  laser  wavelength.  at  25°C.  The  transitions  are  labeled. 
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found  to  decrease  with  lower  temperature.  Presumably  it  is  associated  with  the  phonon-assisted 
photodynamical  processes  in  the  host  conduction  band.  Its  emission  decay  rate  is  3  orders  of 
magnitude  greater  than  that  of  Eu(II).  With  a  large  delay  of  the  sampling  gate  the  fluorescence 
spectra  of  Eu(III)  was  obtained  as  in  Fig.4.  It  shows  a  nature  typical  of  Eu(III)  in  an  amorphous 
host.  Its  PL  profile  consists  of  5  emission  groups.  In  the  spectral  range  from  584  to  609  nm 
there  is  a  triplet  structure.  At  first  glance  it  looks  like  the  triple  components  of  the  transition 
from  metastable  ^Dq  to  ^Fi  state  with  j  =  0,  ±  1.  If  the  first  peak  at  580  nm  of  the  triplet  were 
assigned  to  ^Do  -  ^Fi  transition,  the  ^Do  -  ^Fo  transition  would  occur  at  an  even  shorter 
wavelength.  This  is  inconsistent  with  most  data  obtained  for  Eu(III)  in  crystals.  Actually,  the 
component  in  the  middle  at  ~590  nm  is  broadened,  can  be  seen  as  a  twin  peak  due  to  the 
superposition  of  two  subcomponents.  Therefore  the  spectral  features  within  584  -  609  nm  can  be 
assigned  to  the  ^Do  -  ^Fi  transition  while  the  first  peak  at  580  nm  is  assigned  to  ^Do  -  ^Fo  .  An 
intense  emission  peaked  at  622  nm  is  due  to  the  ^Do  -  ^F2  transition.  The  other  two  weak  groups 
of  emission  at  longer  wavelengths  of  659  and  703  nm  belong  to  the  transitions  of  ^Do  -  ^Fj  and 
^Do  -  ^F4  respectively.  All  components  were  well  resolved  at  room  temperature. 

CONCLUSIONS 

We  were  able  to  incorporate  Eu(III)  into  the  Si  nanoparticle  /  Si02  host.  We  also  found 
we  obtained  Eu(II)  in  the  process.  We  found  a  lowering  of  photoluminescence  intensity  with 
lowering  of  temperature.  An  as  yet  unaswered  question  is  the  reason  for  the  intense  whitish 
luminescence  found  in  some  regions  of  the  samples.  Some  involvement  with  Eu(II)  or  Eu(III)  is 
suspected.  Eu(III)  related  peaks  were  only  observed  where  the  peak  distribution  size  of  the 
nanoparticles  was  lower  than  1.3nm.  Whitish  luminescence  was  related  to  peak  sizes  ranging 
from  l.lnm  to  1.4nm.  Annealing  the  samples  had  clear  effects  upon  their  photoluminescence, 
but  did  not  necessarily  involve  changes  in  particle  sizes,  nor  were  these  size  changes  necessary  to 
increase  luminescence.  The  Eu  doping  has  a  tendency  to  halt  the  annealing  effects  on  size  and, 
when  changes  did  occur,  the  particles  generally  became  smaller. 
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ABSTRACT 

The  fabrication  and  testing  of  screen  printed  dye-sensitized  large  solar  cell  (15  cm  x  15  cm) 
based  on  nanocrystalline  Ti02  is  described.  It  is  the  largest  photo-electrochemical  (PEC)  cell 
that  is  based  on  the  dye  sensitization  of  thin  (8-18  pm)  films  of  Ti02  nanoparticles  in  contact 
with  a  non-aqueous  liquid  electrolyte.  The  cell  has  the  potential  to  be  a  low  cost,  commercial, 
environmentally  friendly,  photovoltaic  option.  Surface  as  well  as  electrical  characterization,  of 
the  nanostructured  PEC  cells  have  been  performed.  The  efficiency  of  these  large  commercial 
cells  are  compared  to  the  laboratory-made  small  PEC  cells. 

Key  words:  Photoelectrochemical,  solar  cells,  nanocrystalline,  dye-sensitized 

INTRODUCTION 

Compared  to  the  available  commercial  solar  cells,  dye  sensitized  PEC  solar  cells  are  cost 
effective,  environmentally  friendly,  and  with  a  prospect  of  meeting  12-15%  photovoltaic 
electricity  generation  [1]  at  less  than  $  1.5  per  peak  watt.  The  nanocrystalline  dye-sensitized 
solar  cell  developed  by  Gratzel  and  his  associates  [2-3]  is  transferred  into  a  commercially  viable 
screen  printed  cell.  We  have  fabricated  large  PEC  cells  of  15  cm  x  15  cm  area,  which  are 
promising  as  potential  cost  effective,  environmentally  friendly,  commercial  solar  cells.  The 
most  difficult  problem  with  these  screen  printed  PEC  solar  cells  is  low  efficiency  (6-10%) 
compared  to  the  other  commercial  solar  cells  (single  crystal  or  amorphous  silicon  or  other  thin 
film  solar  cells  available  in  the  market  with  efficiencies  ~  15-17%)  [4].  The  main  difficulties  in 
achieving  higher  efficiencies  with  these  screen  printed  PEC  cells  are  the  large  dark  currents 
arising  mostly  from  the  semiconductor-electrolyte  junction  [5]. 

The  photoelectrode  of  a  PEC  cell  consists  of  a  12-18  pm  screen  printed  film  of  nanocrystalline 
Ti02  particles  (5-25  nm  in  diameter)  with  a  monolayer  of  adsorbed  dye  molecules.  An 
electrolyte  is  applied  on  the  dye-soaked  Ti02  by  screen  printing.  Platinum  deposited  conducting 
glass  serves  as  a  counter  electrode.  Upon  photoexcitation,  the  dye  molecules  inject  electrons 
efficiently  into  the  TiOj  conduction  band,  effecting  charge  separation.  The  injected  electrons 
traverse  the  nanocrystalline  film  and  are  collected  at  the  conducting  surface  of  the  glass 
substrate.  These  electrons  then  traverse  through  the  external  load  and  re-enter  the  cell  at  the 
counter  electrode  and  reduce  the  electrolyte,  which  then  diffuses  into  the  pores  of  the  dye-soaked 
Ti02  film  to  reduce  the  photoexcited  dye  back  to  its  original  state.  Figure  1  illustrates  the 
operating  principle  of  the  dye  sensitized  cell. 

In  this  paper  we  report  the  fabrication  of  a  large  15  cm  x  15  cm  cell  by  a  commercially  viable 
screen  printing  method  using  nanocrystalline  films  of  TiOj  in  aqueous  solution.  The  efficiency 
of  these  large  cells  are  compared  to  the  laboratory  made  small  cells. 
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Figure  1.  Dye-sensitized  operation  principle  of  Ti02  solar  cell.  The  photoexcited  dye  (S/S’) 
transfers  an  electron  to  the  semiconducting  Ti02  layer  via  electron  injection.  The  electron  is 
then  transported  through  the  rough,  porous  TiOj  layer  and  collected  by  the  conductive  layer  on 
the  glass.  Within  the  electrolyte,  the  mediator  (r/Ij")  undergoes  oxidation  (and  regeneration). 
The  electrons  lost  by  the  dye  to  the  Ti02  are  replaced  by  the  iodide,  resulting  in  iodine  or 
triiodide,  which  in  turn  obtains  an  electron  at  the  catalyst-coated  counter  electrode  as  current 
flows  through  the  load  [8]. 

EXPERIMENTAL 

(a)  Preparation  of  the  TiOj  Slurry  (ink)  for  screen  printing: 

Nanocrystalline  Ti02  powders  were  procured  from  MIT,  Cambridge,  Massachusetts  and 
Degussa,  Germany.  12  g  Ti02,  procured  either  from  Degussa  or  from  MIT,  was  ground  in  a 
porcelain  mortar  with  a  small  amount  of  water  containing  acetylacetone.  The  product  was 
diluted  with  de-ionized  water  and  ground  again.  The  final  ground  material  was  thoroughly 
mixed  with  ethylene  glycol  and  the  viscosity  of  the  material  was  adjusted  by  thoroughly  mixing 
with  a  low-melting  point  glass.  Finally,  a  detergent  was  added  to  make  the  final  slurry  ready  for 
screen  printing. 

The  slurry  thus  prepared  was  screen  printed  using  a  230  mesh  silk  screen.  The  screen  printed 
films  were  air  dried  for  30  minutes  followed  by  sintering  ~  480°  C.  Film  thickness  was 
measured  with  a  digital  gauge  and  with  a  Dek  Tak  profilometer  [Dek  Tak  8000]  after  firing. 

(b)  Physical  Characterization 

Surface  morphologies  of  the  screen  printed  Ti02  films  were  performed  using  scanning  electron 
microscope  (SEM,  JEOL  6320FV  EEG).  X-ray  diffraction  (XRD)  analysis  was  performed  using 
a  Rigaku  Rotaflex  RTP  500  diffractometer  and  the  surface  area  and  the  grain  size  distribution  of 
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TiOj  in  the  screen  printed  films  were  measured  following  5-point  BET  (Brunauer,  Emmett  and 
Teller)  analysis.  All  these  measurements  were  performed  at  MIT. 

(c)  Cell  Assembly: 

Transparent  pyrex  glass  plates  15  cm  x  15  cm  coated  with  a  conductive  layer  of  Tin  Oxide 
(SnOj)  on  one  side  were  used  as  substrate  material.  The  screen  printed  TiOj  on  the  conductive 
surface  of  the  glass  was  soaked  with  the  dye. 

r 


Figure  2.  Photograph  of  the  large  area  solar  cell  (15  cm  x  15  cm). 


Two  types  of  dyes  [anthocyanin  and  Ru-(II)  (4,4’-dicarboxy-2,2’-bipyridine)2(NCS)2  complex)] 
were  used.  Fresh  black  berry  juice  served  as  a  convenient  and  inexpensive  source  of 
anthocyanin  dye  for  our  cells.  The  Ru-complex  dye  was  made  by  mixing  the  dry  powder  in  the 
proper  ratio  in  acetonitrile  solution.  The  overall  efficiency  for  the  screen  printed  cells  with  the 
anthocyanin  dye  was  1-2%  whereas  with  ruthenium  dye  it  was  ~  6.1%.  An  iodide  electrolytic 
solution  was  prepared  by  dissolving  0.5  M  of  potassium  iodide  and  0.05  M  iodine  in  ethylene 
glycol.  A  10  mM  solution  of  chloroplatinic  acid  in  isopropanol  was  deposited  on  the  conductive 
side  of  another  glass  substrate  to  serve  as  the  counter  electrode. 

(d)  Optical  Characterization: 

Quantum  efficiency  measurements  (QE):  We  measured  QE  versus  wavelength  with  an  ELH 
lamp  (Philips,  120,  300W)  grating  monochrometer  (Bausch  and  Lomb,  Model  #  33-86-40-01), 
and  a  calibrated  silicon  p-i-n  photo  diode.  An  optical  mask  was  used  to  insure  that  the  photon 
flux  on  the  solar  cell  under  test  and  calibration  photodiode  was  equal. 

(e)  Electrical  Characterization  of  the  cells: 

Electrical  characterization  of  the  cells  were  performed  at  RMD  and  at  Sol  Ideas  Technology, 
CA,  by  Dr.  Smestad.  The  short  circuit  current  density,  the  open  circuit  voltage  and  the  fill  factor 
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(f  were  measured  under  simulated  air  mass  (AM)  1.5  condition  (AM  1.5,  lOOOW/  m^  standard 
spectrum). 

RESULTS  AND  DISCUSSION 


Microstructural  Analysis  of  the  Films 

Scanning  electron  micrograph  (SEM)  observations  showed  the  screen  printed  TiO,  films  to  have 
particle  size  in  the  range  20-30  nm  and  to  consist  of  densely  packed  small  crystallites.  The 


Figure.  3  Scanning  electron  micrograph  of  a  nanocrystalline  TiOj  film  deposited  by  screen 
printing  onto  conducting  glass. 


X-ray  Diffraction  (XRD) 

Figure  4  shows  the  X-ray  diffraction  spectrum  for  the  screen  printed  TiOj  film.  The  XRD  of  the 
film  shows  that  the  film  is  polycrystalline  with  a  large  peak  at  20  ~  25.5®.  The  strongest 
reflection  of  the  tetragonal  anatase  (101)  phase  is  clearly  observed  while  the  rutile  phase  is 
absent  [6].  The  broadening  of  the  peaks  is  due  to  the  presence  of  small  TiO^  grain  size  [7]. 


*-  Bc*l#  Maftsachusat  lns\ttu«e  of  T^cKr.oloiw  16  S0 
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B.E.T.  ( Brunauer,  Emmett,  and  Teller)  Measurements 

The  surface  area  and  grain  size  of  the  screen  printed  films  were  measured  at  MIT,  following  the 
B.E.T.  method.  The  specific  surface  area  obtained  from  5-point  B.E.T.  analysis  is  54.1 128  mVg, 
which  is  typical  for  a  commercial  TiOj  powder.  Figure  5  shows  the  B.E.T.  surface  area  plot. 
The  nanostructured  layer  of  TiO,  possesses  an  internal  surface  of  about  1000  times  greater  than 
the  dense  flat  film  [8]. 
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Figure  5.  Pore  volume  distribution  of  the  screen-printed  TiOj  film. 
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Figure  6.  (a)  I-V  curves  for  pure  anthocyanin  dye  and  dye  extracted  from  blackberries  (b)  I-V 
plot  for  a  ruthenium  dye-sensitized  screen  printed  TiOj  solar  cell  [9]. 


Current-Voltage  Characteristics  of  the  Solar  Cells: 

The  current  voltage  (I-V)  curve  for  an  AM  1.5  illuminated  cyanin-sensitized  TiOj  film,  of  active 
area  1  cm^,  is  shown  in  figure  6(a).  The  measured  open  circuit  voltage  was  0.44-0.49  V  and  the 
short  circuit  photocurrent  density  was  2.5-1. 5  mA/cm^.  The  ff  was  0.65  with  an  overall 
efficiency  ~1%.  The  current  voltage  (I-V)  curve  for  an  AM  1.5  illuminated  ruthenium  dye 
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sensitized  cell  of  active  area  1  cm^  is  shown  in  figure  6(b).  The  open  circuit  voltage  and  the 
short  circuit  current  density  for  this  cell  were  found  to  be  750  mV  and  19.5  mA/cm\  The  ff  was 
-0.42  and  the  efficiency  calculated  was  -6.1%  . 

The  open  circuit  voltage  and  the  short  circuit  current  were  measured  for  the  15  cm  x  15  cm  cells. 
Values  of  0.48  V  and  48  mA  were  obtained  for  measurements  outside  on  a  hazy  day  with  the  sun 
at  47°  from  zenith.  The  short  circuit  current  density  is  significantly  lower  than  for  smaller  area 
films  while  the  open  circuit  voltage  was  similar.  The  lower  short  circuit  current  density  can  be 
attributed  to  nonuniformities  in  the  cell  and  significant  series  resistance.  Small  (1  cm^ )  areas  of 
the  cell  were  irradiated  under  simulated  AM  1.5  conditions.  The  short  circuit  current  density 
varied  from  0.1  to  1.5  mA/cm^  over  the  cell  area. 

SUMMARY  AND  CONCLUSIONS 

Screen-printed  titanium  dioxide  films  and  photoelectrochemical  cells  fabricated  from  these  films 
were  characterized  by  physical,  optical,  and  electrical  methods.  Anthocyanin  and  ruthenium  dyes 
were  used  to  sensitize  the  films.  Small  (-  1  cm^)  and  large  (15  cm  x  15  cm)  cells  were  fabricated 
from  the  anthocyanin-dyed  films  whereas  only  small  cells  were  fabricated  from  the  ruthenium- 
dyed  films.  As  the  ruthenium  dye  is  very  sensitive  to  air  and  moisture,  it  is  difficult  to  do 
measurements  without  proper  sealing.  The  efficiency  of  small  cells  with  anthocyanin  dye  is  -  1.0 
to  1.5  %  whereas  with  ruthenium  dye  it  is  -  6.1%.  The  current  density  measured  for  the  large 
cell  was  less  than  for  the  small  cells  due  to  film  nonuniformities  and  series  resistance. 
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ABSTRACT 

Carboxylate-alumoxanes  are  organic  substituted  alumina  nano-particles 
synthesized  from  boehmite  in  aqueous  solution  which  are  an  inexpensive  and 
environmentally  benign  precursor  for  the  fabrication  of  nano-,  meso-,  and  macro-scale 
aluminum  based  ceramics.  The  use  of  carboxylate-alumoxanes  as  a  novel  high  surface 
area  alumina  support  for  heterogeneous  catalysis  will  be  discussed.  The  ability  to 
perform  further  chemistry  on  the  organic  ligands  of  the  carboxylate-alumoxanes  allows 
for  attachment  of  catalysts.  During  calcination,  the  organic  ligands  are  burned  out, 
leaving  behind  the  catalyst  in  a  well-dispersed  manner.  To  demonstrate  this  concept,  the 
metathesis  of  Ci6  olefins  using  a  molybdenum  oxide  catalyst  supported  on  alumina  will 
be  discussed  using  the  carboxylate-alumoxane  method. 


INTRODUCTION 

Since  the  introduction,  in  1875,  of  the  platinum  catalyzed  oxidation  of  SO2  to 
SO3,  heterogeneous  catalysis  has  become  arguably  the  most  important  component  of  the 
modem  chemical  industry.  ^  The  anatomy  of  a  generic  heterogeneous  catalyst  involves  an 
active  component,  such  as  a  metal  (e.g.,  Pt,  Pd,  Ni,  etc.)  or  metal  oxide  (e.g.,  Fe203, 
V2O5,  etc.),  dispersed  on  the  surface  of  a  support,  ordinarily  an  oxide  (e.g.,  AI2O3,  Si02, 
etc.).^  Traditional  routes  to  supported  catalysts  involve  five  different  methods:  (a)  dry 
mixing  of  individual  components,  (b)  co-precipitation  of  catalyst  and  support,  (c) 
impregnation  of  the  support  with  substances  that  decompose  at  high  temperature  to  leave 
the  catalyst  deposited  on  the  support,  (d)  sublimation  of  the  catalyst  onto  the  support,  and 
(e)  reaction  with  compounds  to  surface  hydroxyl  groups.  In  all  cases,  subsequent 
activation  of  the  catalyst  species  may  be  required,  e.g.,  reduction  of  a  Pd  compound  to  Pd 
metal.  While  a  uniform  distribution  of  the  catalyst  on  the  support  is  readily  obtained  by 
these  methods,  the  final  material  is  a  physical  mixture  at  the  p,m  level  rather  than  at  the 
atomic  level.  Alumina  is  the  most  widely  used  support  because  it  is  inexpensive, 
stmcturally  stable  and  can  be  prepared  with  a  wide  variety  of  pore  sizes  and  distributions. 
Furthermore,  alumina  has  several  crystallographic  phases  with  differing  surface  acidities, 
and  hence  catalytic  applications.^ 

Since  the  interaction  between  the  catalyst  and  the  support  are  significant  in 
determining  the  catalyst  activity,  it  would  be  desirable  to  achieve  controlled 
modifications  of  the  surface  chemistry  of  alumina  via  simple  chemical  modification. 
Similarly,  it  would  be  advantageous  to  prepare  a  uniformly  atomically  dispersed  catalyst 
within  the  support  structure.  This  may  allow  for  more  economic  use  of  expensive 
catalysts,  higher  activity,  or  greater  selectivity. 


*  To  whom  correspondence  should  be  addressed. 
(http://pchem  1  .rice.edu/~arb/Barron.html) 
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We  have  previously  reported  the  preparation  of  carboxylate-alumoxanes, 
[Al(0)x(0H)y(02CR)z]n,  from  the  reaction  of  boehmite,  [Al(0)(0H)]n,  with  carboxylic 
acids. These  carboxylate-alumoxanes  are  readily  converted  to  alumina  bodies  or 
films  upon  pyrolysis.  Importantly,  the  physical  properties  of  the  resulting  alumoxanes 
may  be  readily  controlled  by  the  organic  substituent  of  the  carboxylate  group  (i.e.,  R) 
making  them  adaptable  to  a  wide  range  of  processing  techniques. 

Reaction  of  the  carboxylate-alumoxane  with  either  a  metal  acetylacetonate 
complex,  M(acac)n,  or  a  salt,  results  in  transmetallation  and  the  formation  of  a  doped- 
alumoxane.^  Upon  thermolysis,  these  doped-alumoxanes  result  in  homogeneously 
doped-alumina.  Our  results  in  the  use  of  doped-alumoxanes  as  precursors  to  mixed  metal 
and  doped  aluminum  oxides  as  alumina  based  catalysts  and  catalyst  supports  led  us  to 
investigate  the  possibility  of  using  carboxlyate-alumoxanes  as  precursors  to 
heterogeneous  catalysts.^  We  proposed  that  by  reacting  a  catalytically  active  metal  with 
chemically  functionalized  carboxlyate-alumoxanes,  it  should  be  possible  to  covalently 
bond  these  metals  to  an  inorganic  support  with  great  dispersion.  The  initial  studies  of  this 
method  involve  metathesis  of  higher  olefins. 

Olefin  metathesis  is  an  interchange  of  carbon  atoms  between  a  pair  of  double 
bonds.  These  reactions  can  be  grouped  into  three  categories:  exchange,  ring-opening 
metathesis  polymerization  (ROMP),  and  ring-closing  metathesis.^  We  are  currently 
interested  in  investigating  the  exchange  reaction  for  higher  olefins,  i.  e..  Equation  1. 

rCH=CHR2  R,CH  CHR2 

+  - ►  'll  +  II  '  (1) 

R3CH=CHR4  R3CH  CHR4 

There  are  many  different  transition  metals  that  show  activity  for  metathesis 
reaction,  however  only  three  show  high  activities:  molybdenum,  tungsten,  and  rhenium, 
(see  Table  1).8 

Table  1.  Transition  metals  that  are  active  for  metathesis^ 


IV 

V 

VI 

VII 

VIIII 

X 

Ti 

Nb 

Mo 

Ru 

Ta 

W 

Re 

Os 

Ir 

*  Metals  having  highest  activity  are  in  boldface 


Traditional  methods  for  the  synthesis  of  M0O3  supported  catalysts  for  metathesis 
can  be  grouped  into  three  categories:  (a)  Impregnation  of  the  support,^  (b)  treatment  of 
the  support  with  Mo(CO)6,  and  (c)  treatment  of  the  support  with  organomolybdenum 
compounds  [e.  g.  (7i-C3H5)4Mo].  ^  ^  Supports  are  generally  metal  oxides  such  as  alumina, 
silica,  or  titania.  After  the  catalyst  is  attached  to  the  support,  heat  treatment  and  oxidation 
or  reduction  is  often  necessary  to  bring  the  catalyst  into  an  active  state,  ^2  Catalysis  is 
initiated  and  then  propagated  by  the  formation  of  metal  carbene  complexes.  It  is 
usually  important  to  pay  special  attention  to  how  the  catalyst  systems  are  prepared  due  to 
many  factors  that  affect  metathesis  activity.  These  factors  include  the  proportions  of 
components,  pre-treatment  procedures,  order  in  which  the  components  of  the  system  are 
mixed,  the  period  of  incubation,  and  the  nature  and  concentration  of  the  active  species.”^ 
Heterogeneous  M0O3  catalysts  are  widely  used  in  industrial  petrochemical 
processes.  We  are  interested  in  metathesis  of  higher  olefins  for  the  Shell  Higher  Olefin 
Process  (SHOP).l^’15  The  SHOP  process  converts  ethene  to  detergent-range  alkenes. 
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Unfortunately,  not  all  of  the  olefins  made  from  oligomerization  of  ethene  are  within  the 
valuable  C6-C18  range.  The  olefins  above  and  below  than  this  range  have  their  double 
bonds  fully  isomerized,  and  metathesis  is  performed  to  enhance  the  yield  of  detergent- 
range  olefins. 


RESULTS  AND  DISCUSSION 

Synthesis  of  the  Molybdenum  Catalyst 

Boehmite  was  refluxed  in  a  water  solution  containing  an  appropriate  amount  of 
gluconic  acid,  H02C[CH(0H)]5CH20H,  to  form  gluconate-alumoxane,  see 
Experimental.  Gluconate-alumoxane  is  reacted  with  either  8%  or  20%  wt  M0O3  in  an 
aqueous  solution  for  24  hours.  The  reaction  is  then  filtered  to  collect  the  molybdate 


Figure  1.  EDX  map  of  (a)  8%  wt  Mo-alumina  particle  showing  uniform  M0O3 
dispersion  and  (b)  corresponding  aluminum  map. 


Figure  2.  EDX  map  of  (a)  20%  wt  Mo-alumina  particle  showing  agglomeration  of  M0O3 
and  (b)  corresponding  aluminum  map. 


661 


substituted  alumoxane  nanoparticles.  Because  the  gluconate-alumoxane  has  hydroxyl 
sites  available  on  the  organic  ligand,  the  molybdenum  is  covalently  bonded  to  the 
inorganic  support.  The  catalyst  precursor  is  then  fired  to  500  to  form  alumina  with 
M0O3  uniformly  dispersed  on  the  surface.  As  can  be  seen  in  Figure  1 ,  the  8%  wt  Mo- 
AI2O3  catalyst  shows  molybdenum  uniformly  dispersed  with  no  agglomeration  of  M0O3. 
However,  as  the  wt  %  of  M0O3  is  increased  to  20%,  agglomeration  of  M0O3  occurs,  see 
Figure  2, 

After  the  organics  are  fired  out  of  the  catalyst  precursor,  the  heterogeneous 
catalyst  is  fired  again  to  500  °C  in  a  reducing  atmosphere.  The  catalyst  is  then  added  to 
fully  isomerized  Cie  olefin  under  an  argon  atmosphere.  The  metathesis  reaction  is 
performed  at  120  °C.  The  amount  of  C16  conversion  is  monitored  by  gas 
chromatography  (GC).  The  conversion  of  fully  isomerized  C16  olefins  by  our  8%  wt  Mo- 
AI2O3  and  our  20  %  wt  M0-AI2O3  catalysts  are  compared  to  an  AI2O3  impregnated  with 
8%  wt  M0O3  and  a  commercial  catalyst,  see  Figure  3.  As  may  be  expected,  the  highly 
optimized  catalyst  has  the  best  activity  of  all  the  catalysts  investigated.  The  8%  wt  Mo- 
AI2O3  shows  an  activity  about  two-thirds  that  of  the  commercial  catalyst.  A  traditional 
method  of  impregnation  of  alumina  and  our  20  %  wt  M0-AI2O3  catalyst  shows  no 
activity  for  C 15  olefin  metathesis  under  these  conditions.  It  has  been  shown  that  a  high 
molybdenum  concentration  decreases  the  activity,  probably  due  to  inactive  bulk  Mo03.^^ 
This  is  most  likely  why  the  20%  wt  M0-AI2O3  shows  no  activity  as  agglomeration  of 
M0O3  is  observed  by  EDX  analysis,  Figure  2.  It  is  unknown  why  the  impregnated 
alumina  shows  no  activity,  however  inactive  bulk  M0O3  may  also  be  an  explanation 
because  this  traditional  method  does  not  ensure  fully  dispersed  M0O3. 


0  5  10  15  20  25  30 

Time  (hours) 

Figure  3.  The  %  conversion  of  fully  isomerized  C16  olefin  by  the  commercial  catalyst 
(■ ),  the  8%  wt  M0-AI2O3  catalyst  (A  ),  the  20%  wt  M0-AI2O3  catalyst  ( • ),  and  the 
AI2O3  impregnated  with  8%  wt  M0O3  (□ ). 
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CONCLUSIONS 


The  carboxylate-alumoxane  derived  catalyst  (8%  wt  M0-AI2O3)  for  the 
metathesis  of  C16  olefins  showed  high  activity  when  compared  to  a  catalyst  made  by  the 
impregnation  method,  however  at  higher  loadings  (20%  wt  M0-AI2O3)  no  activity  is 
observed.  When  compared  to  the  highly  optimized  commercial  catalyst,  these  results 
appear  promising.  Studies  including  investigation  into  the  active  sites,  varying 
concentrations  of  M0O3,  and  different  catalytic  metals  are  currently  being  investigated. 


EXPERIMENTAL 

Capatal®  B  boehmite  was  kindly  provided  by  the  CONDEA  Vista  Company.  All 
solvents,  carboxylic  acids,  and  M0O3  were  obtained  commercially  (Strem  and  Aldrich) 
and  were  used  as  received.  Electron  probe  microanalysis  (EPMA)  was  performed  on  a 
Cameca  SX50  Electron  Microprobe  using  techniques  and  imaging  modes  including: 
energy  dispersive  X-ray  spectroscopy  (EDS),  Secondary  electron  emission  (topography, 
morphology),  back  scattered  electron  emission  (atomic  number  contrast).  X-ray  emission 
(quantitative  analysis  and  element  distribution  mapping),  and  cathodoluminescence  (trace 
element  distribution).  In  addition,  wavelength  dispersive  X-ray  distribution  maps  (i.e., 
elemental  maps)  were  used  to  determine  the  compositional  homogeneity  of  the  catalysts. 
The  following  microprobe  calibration  standards  were  used:  Mo  metal  (Mo),  corundum 
AI2O3  (Al),  and  quartz  Si02  (O).  Gas  Chromatography  was  performed  on  a  HP  6890 
using  a  DB-5  column.  The  samples  were  diluted  with  dichloromethane. 

Synthesis  of  Gluconate-Alumoxane 

A  50  %  wt  aqueous  solution  of  gluconic  acid  (421  g)  was  added  to  1200  mL  of 
water  and  stirred.  Capatal®  B  boehmite  (64  g)  was  then  slowly  added  and  refluxed  for 
24  hrs.  The  brown  solution  was  then  cooled  to  room  temperature  and  the  solvent  was 
removed  under  reduced  pressure  to  form  a  brown  gel.  The  tan-colored  gluconate- 
alumoxane  was  then  precipitated  by  the  addition  of  ethanol  and  collected  by  filtration. 

Synthesis  ofMoOs  Supported  on  Gluconate-Alumoxane 

Gluconate-alumoxane  (30.0  g)  was  dissolved  in  500  mL  of  water  and  refluxed. 
M0O3  (3.21  g  and  20.04  g  for  8  %  and  20  %  respectively)  was  added  and  allowed  to 
reflux  for  24  hours.  The  solution  was  then  cooled  and  the  solvent  was  removed  under 
reduced  pressure  to  leave  a  dark  brown  solid.  The  solid  was  then  refluxed  for  1.5  hours 
in  ethanol  resulting  in  a  light  brown  powder.  The  M0O3  supported  on  gluconate- 
alumoxane  was  collected  by  filtration  and  activated  as  below. 

Synthesis  of  Impregnated  Alumina  Catalyst 

Ammonium  molybdate  (Aldrich)  (8  %  wt)  was  dissolved  in  water  and  added  to  an 
extruded  alumina.  The  water  was  removed  under  reduced  pressure.  The  catalyst  was 
then  dried  at  100  °C  and  activated  as  below. 

Activation  of  MoO 3- AI2O 3  catalysts 

All  catalysts  were  activated  by  heating  to  500  °C  in  air  for  four  hours,  then  under 
nitrogen  for  12  hours. 


663 


Methathesis  of  Fully  Isomerized  Ci6  olefins 

The  M0O3-AI2O3  catalyst  (1.0  g)  was  added  to  20  mL  of  fully  isomerized  C16 
olefins  in  a  flask  under  argon  atmosphere,  along  with  2500  ppm  SnBu4  as  a  promoter. 
The  reaction  was  heated  to  120  °C  and  aliquots  were  taken  at  numerous  time  intervals 
and  analyzed  by  gas  chromatography  to  determine  the  amount  of  C16  conversion. 
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ABSTRACT 

A  new  interatomic  potential  has  been  developed  for  molecular-dynamics  simulations  of 
TiOj  based  on  the  formalism  of  Streitz  and  Mintmire  [J.  Adhesion  Sci.  Technol.  8,  853  (1994)], 
in  which  atomic  charges  vary  dynamically  according  to  the  generalized  electronegativity- 
equalization  principle.  The  present  potential  reproduces  various  quantities  of  rutile  crystal 
including  vibrational  density  of  states,  static  dielectric  constants,  melting  temperature,  elastic 
moduli,  and  surface  relaxation.  Calculated  cohesive-energy  and  dielectric  constants  for  anatase 
crystal  agree  well  with  experimental  data.  The  potential  is  applied  to  TiOj  nanoclusters  (size  60- 
80A)  for  both  anatase  and  rutile  phases  to  an^yze  their  equilibrium  configuration  and  space- 
charge  distribution.  Stable  double-charge  layer  is  found  in  the  surface  region  of  a  spherical 
nanocluster  for  both  rutile  and  anatase,  resulting  in  enhanced  Coulomb-repulsion  between  the 
nanoclusters  at  close  proximity. 


INTRODUCTION 

Nanophase  materials  synthesized  by  consolidating  nanometer-sized  clusters  have 
attracted  much  attention  in  the  last  decade  [1].  It  is  because  nanophase  materials  often  display 
novel  or  improved  properties  such  as  high  strength,  high  toughness,  and  high  catalytic-reactivity 
compared  to  conventional  materials,  due  to  the  small  size  of  individual  phases  [1].  Ti02  is  one 
of  the  fundamental  ceramics  with  wide  applications  as  photocatalysts,  high  dielectrics,  and 
pigments  [1,2].  Major  phases  of  TiOj  include  mtile  and  anatase;  rutile  corresponds  to  the  ground 
state,  and  anatase  is  a  metastable  state.  Despite  their  importance,  little  is  known  about  the 
properties  of  Ti02  nanoclusters  and  nanophase  TiOj. 

Recently  Streitz  and  Mintmire  [3]  proposed  a  variable-charge  interatomic  potential  for 
bulk  rutile.  This  potential  allows  atomic  charges  to  vary  dynamically  in  response  to  changes  in 
the  local  environment.  The  calculated  cohesive  energy  and  elastic  moduli  are  in  reasonable 
agreement  with  experimental  results.  In  this  p^r  we  describe  a  new  variable-charge 
interatomic  potential  [4]  based  on  the  formulation  of  Streitz  and  Mintmire  [3],  which  reproduces 
the  pressure-dependent  static  dielectric  constants,  vibrational  density  of  states,  melting 
temperature,  and  surface  relaxation  of  the  rutile  crystal,  as  well  as  the  cohesive  energy  and 
elastic  moduli.  The  potential  is  ^plicable  to  anatase;  its  experimental  cohesive  energy,  lattice 
constants,  and  dielectric  constants  are  reproduced  as  well.  We  ^ply  the  present  potential  to 
Ti02  nanoclusters  to  investigate  their  intercluster  interactions. 
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VARIBLE-CHARGE  INTERATOMIC  POTENTIAL  FOR  TiO^ 

We  consider  a  charge-neutral  system  composed  of  Nj-^  titanium  and  Nq  for  TiOj) 

oxygen  atoms  with  masses  {m,}  and  charges  [q^]  located  at  { /; }  (  /  =  +  Nq).  The  total 

potential-energy  is  modeled  as  composed  of  four  terms: 

i  i<J  i<J  iG{Ti).;e(0) 

The  first  term  in  the  right-hand  side  of  Eq.  (1)  represents  the  atomic  energy  [3-5] 

£•■“"(«,)  =  £‘<^{0)  +  qa,  + 1  Jd  (2) 


with  electronegativity  Xi  hardness  7,.  In  the  present  formulation  we  regard  them  as  free 
parameters  in  optimizing  the  potential  formulas.  The  second  term  in  Eq.  (1)  denotes  the 
electrostatic  interaction-energy: 


Pl2 


(3) 


where piipyqi)  =  Z^e5{p  -  ^)  -I-  {q^e  -  Z^e)f^{p  -  is  the  charge-density  distribution  around  the  i- 
th  atom  with  a  “core”  charge  Z.6  and  a  normalized  valence-electron  density  distribution  f^.  As  in 
the  original  parameterization  [3]  we  take  2.^=4,  Zo=0,  and  to  be  a  Is-like 
function:y;(r)  =  (^?/;r)exp(-2^,r).  The  third  term  in  Eq.  (1)  represents  the  covalent  bonding 
and  the  steric  repulsion  between  the  atomic  cores.  Following  Streitz  and  Mintmire  [3],  we  adopt 
a  modified  Rydberg  form  for  VJJ" : 

+  (4) 

We  follow  Streitz  and  Mintmire  [3]  and  omit  terms  proportional  to  Z.Z^.  in  Eq.  (3)  since  they  are 
independent  of  both  9,.  and  q^  and  hence  may  be  regarded  as  effectively  included  in  First- 
principles  calculations  have  shown  that  atoms  in  the  vicinity  of  surfaces  move  away  substantially 
from  the  crystalline  sites.  The  Rydberg-like  form,  Eq.  (4),  is  too  restrictive  to  take  account  of 
this  behavior.  The  last  term  in  Eq.  (1),  involving  only  neighboring  Ti  and  O  atoms,  is  introduced 
to  include  the  surface  relaxation  effects  when  a  low-index  surface  (e.g.,  (110))  is  created.  We 
adopt  the  form: 

AV'™(/;,;9„9j)  =  T[«o  +  9TiS('i)f*(''i()  •  (5) 

with 


Mr)  1  + 

l  +  exp[(r-y)/77] 


and 


g(r)  =  1.5- 


_ 1 _ 

l  +  exp[(A-r)/ w] 


(6) 


The  neighboring  Ti-0  pairs  with  distances  less  than  ~y  contribute  in  the  denominator  of  h{r). 
The  numerator  of  h(r),  on  the  other  hand,  controls  anharmonic  vibrations  between  Ti-0  pairs. 
We  determine  its  functional  parameters  to  adjust  melting  temperature  of  the  rutile  structure.  The 
effect  of  g(r)  in  on  charge  transfer  between  Ti  and  O  atoms  has  been  discussed  in  Ref.  4. 


The  parameters  { Xi^  -f,.  Cy,  r^,  a-.  A,  w,  7,  t,  r/,  cr}  in  the  potential  are 

determined  by  fitting  to  experimental  and  first-principles  electronic  structure  calculation  data  on 
the  lattice  constant,  cohesive  energy,  elastic  moduli,  static  dielectric  constants,  surface  energies 
of  low-index  planes  [(110)  and  (100)],  melting  temperature  at  ambient  pressures,  and  surface 
relaxation  properties  for  (110)  of  the  rutile  structure.  Atomic  charges,  q^,  are  determined 
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dynamicaUy  by  minimizing  with  respect  to  a  set  [q^]  under  the  constraint  of  charge 
conservation.  Table  I  lists  values  of  the  parameters  so  determined.  Table  n  compares  calculated 
values  for  several  physical  quantities  with  corresponding  experimental  values. 


TABLE  I.  Optimized  values  of  the  potential  parameters  in  the  present  model. 


2:,(eV) 

Atomic  parameters 
7,(eV)  c,  (A  ’) 

Z, 

Ti 

0 

10.3 

4.0 

O 

5.44 

8.25 

0.0 

Interatomic  parameters 

rl(k) 

hi.k) 

Q(eV) 

Ti-Ti 

2.85 

0.130 

0.281 

1.0 

Ti-O 

2.53 

0.504 

0.104 

1.0 

0-0 

3.47 

0.490 

0.0704 

1.27 

A  (A) 

w  (A)  T(eV) 

y  (A) 

n  (A) 

1(A) 

a  (A) 

Ti-0 

1.76 

0.018  16.33 

2.50 

0.30 

0.60 

0.20 

We  have  also  calculated  the  surface  energies  of  (110)  and  (100)  surfaces  of  the  mtile 
structure.  From  the  crystalline  rutile  system,  we  create  a  slab  (width  ~25.0A)  with  (110) 
surfaces.  The  slab  is  placed  in  asuperceU  (19.8Ax  19.8Ax33.lA),  as  was  done  in  Ref.  6.  The 
slab  contains  five  Ti-layers  paraUel  to  the  surface.  Subsequendy  the  lowest  total-energy 
configuration  is  obtained  with  the  conjugate -gradient  (CG)  method.  Displacements  of  each  atom 
from  the  crystalline  position  agree  well  with  the  results  in  a  first-principles  calculation.  Our 
results  for  the  deviation  of  the  atomic  charge  from  the  bulk  value  show  reasonable  agreement 
with  those  calculated  using  a  tight-binding  interatomic  potential  [7].  We  find  the  surface 
energies  to  be  39meV/A^  and  41meV/A^  for  (110)  and  (100)  surfaces,  which  agree  reasonably 
with  first-principles  calculation  data  [6]  55meV/A^  and  70meV/A^,  respectively. 


TABLE  II.  Comparison  of  the  theoretical  results  based  on  the  present  potential  model  with 
experimental  data  for  various  quantities  of  bulk  rutile. 


Present 

Experiment 

«(A) 

4.6781 

4.5936  [8] 

e(A) 

2.5818 

2.5987  [8] 

^?Ti 

2.43 

2.6  [9] 

Wi(eV) 

19.8 

19.8  [10] 

bulk  modulus  (GPa) 

228 

216[11] 

C„  (GPa) 

412 

271  [11] 

C33  (GPa) 

519 

484  [11] 

C44(GPa) 

136 

124  [11] 

C,3  (GPa) 

123 

150  [11] 

91.8 

86  [12] 

195.9 

170  [12] 

melting  temperature  (K) 

2,000-2,400 

2,100  [13] 

To  test  the  transferability  of  our  interaction  potential,  we  investigate  the  properties  of  the 
anatase  phase  of  TiOj.  We  have  calculated  the  ground-state  energy  of  anatase  and  find  it  to  be 
larger  than  that  of  rutile.  The  resulting  energy  difference,  0.09eV  per  Ti  atom,  compares 


favorably  with  the  heat  of  formation  [13],  0.068eV  Mr  Ti  atom.  The  lattice  constants  at  zero 
temperature  are  determined  to  be  a  =  =  3.85  (3.79)  A  and  c  -  8.78  (9.51)  A  where  the  numbers 

in  the  parentheses  are  the  corresponding  experimental  values  [2];  the  density  has  an  error  of  4  %. 
We  have  also  calculated  the  dielectric  constants  along  the  a-  and  c-axes  and  the  values 
are  e^=38.1  and  e^=61.6,  respectively.  The  experimental  value  [2]  of  e  for  a  powder  sample  of 
anatase  is  48,  which  is  much  lower  than  e  =  1 14  for  rutile.  Averaging  our  values  for  anatase  over 
the  principal  directions  yields  e  =  (2  x  38.1  +61.6)  /  3  «  46.  This  is  in  excellent  agreement  with 
the  experimental  value. 


INTERACTION  BETWEEN  TiO^ -NANOCLUSTERS 

Ti02  nanoclusters  may  be  synthesized  by  several  methods  [14-16].  In  the  sol -gel  method 
[16],  anatase  nanoclusters  of  smaller  sizes  (3-10  nm)  can  be  processed  with  various  degrees  of 
aggregation,  by  precisely  controlling  pH  of  the  alkoxide/water  solution  and  doping  surfactants 
[1].  'fiiose  anatase -nanoc lusters  sinter  at  relatively  low  temperatures  [17]  ~  900  K  than  that  for 
the  rutile  nanoclusters  (~  1,300  K).  During  the  sintering  of  anatase  nanoclusters,  anatase-to- 
mtile  phase  transformation  has  been  found  at  grain  boundaries  [17].  Such  low  sintering- 
temperatures  are  desirable  for  technical  applications  since  grain  growth  is  significantly 
suppressed  during  the  sintering.  Dispersed  nanoclusters  are  desirable  for  their  use  in  high- 
quality  nanophase  TiOj.  Theoretical  investigation  of  aggregation  mechanisms  of  TiOj 
nanoclusters  will  offer  viuable  information  for  improved  processing  of  nanoclusters. 

Anatase  nanoclusters  processed  in  the  sol-gel  method  [16]  are  spherical  with  diameter  d  = 
30  -  100  A.  This  observation  indicates  that  the  ground  state  of  an  anatase  nanocluster  in  this 
range  of  diameter  is  spherical.  For  comparison  we  study  the  ground  state  of  free  rutile- 
nanoclusters  in  the  same  size-range  by  calculating  the  total  potential-energies  of  spherical  and 
faceted  nanoclusters.  We  cut  out  rutile  spheres  with  d  =  60  A  and  80  A  from  a  rutile  crystal; 
total  number  of  atoms  N  =  10,446  for  d'  =  60  A  and  N  =  24,870  for  d-  80  A.  The  total  potential- 
energy  E  ^  of  each  nanosphere  is  minimized  by  moving  atomic  positions  and  changing  atomic 
charges  following  the  CG  method.  Faceted  rutile-nanoclusters  with  nearly  same  numbers  of 
atoms  {N  -  10,1§4  and  24,102)  are  also  prepared  following  the  Wulff  construction  using  surface 
energies  in  Ref.  4.  The  CG  minimization  of  with  respect  to  the  atomic  positions  and  charges 

are  thereon  performed.  We  find  E^JN  =  -6.609  eV  for  the  nanosphere  with  d=  60  A  (iV  = 
10,446),  -6.601  eV  for  the  faceted  nanocluster  with  A^=  10,164.  The  E^JN -  -6.6\5  eV 

for  the  nanosphere  with  d=  80  A  (A^=  24,870),  E^JN  =  —6.608  eV  for  the  faceted  nanocluster 
with  N  =  24,102.  Comparing  the  energies,  we  predict  that  the  ground  state  of  a  rutile  nanocluster 
with  size  60  -  80  A  is  spherical.  In  the  following  paragraphs  we  consider  TiOj  nanospheres  with 

d=60A. 

We  analyze  distribution  of  space  charges  in  the  nanospheres.  Figure  1(a)  shows  the  radial 
distribution  of  atomic  charges  in  the  rutile  nanosphere  at  the  ground  state,  in  which  deviations  of 
the  charges  from  the  bulk  values,  dq  =  [q)  -  q^yy.y  with  respect  to  Ti  and  O  averaged  in  each 

radial  shell  (Ar=  2  A)  are  plotted.  Figure  1(b)  shows  the  corresponding  data  for  the  anatase 
nanosphere  at  the  ground  state.  Both  for  rutile  and  anatase  nanospheres,  net  charge  of  the 
surface  region  (r  =  28  -  30  A)  is  positive  while  it  is  negative  for  the  adjacent  inner-region  (r  =  24 
-  28  A).  This  double-charge  layer  structure  is  maintained  at  elevated  temperature  T  =  1,400  K 
for  both  rutile  and  anatase  nanospheres. 

Similar  double-charge  layer  structure  is  found  also  for  low-index  surfaces  of  rutile  in  the 
calculations  by  Shelling  et  al  [7]  for  slab  geometry  using  a  tight-binding  interaction  potential. 
We  calculate  surface  charges  by  taking  two  or  three  atomic  layers  in  the  slab,  depending  on  the 
surface  index,  from  the  vacuum  boundary  so  that  the  number  ratio  becomes  Ti:0  =  1:2.  We  fmd 
that  the  surface-charge  per  TiOj  to  be  0.005e  for  the  (1 10)  surface,  0.0  le  for  the  (100),  and  0.0  le 
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for  the  (001).  Despite  differences  in  geometry,  both  sphere  and  slab  systems  form  similar 
double-charge  layer  structures. 


18  20  22  24  26  28  30  32  18  20  22  24  26  28  30  32 


Fig.  1:  Deviation  of  atomic  charges  from  the  bulk  values  in  a  nanosphere  with  d=  60  A. 


Interaction  potential  between  two  nanospheres  is  affected  by  the  double-charge  layer 
structure  in  each  nanosphere.  Let  us  denote  the  center-of-mass  (COM)  position  of  each 
nanosphere  {d=  60  A)  as  We  evaluate  intercluster  interaction-potential  of  two 

nanospheres  (T  =  1,400  K)  as  a  function  of  the  distance  between  two  COM’s 
Figure  2  shows  for  three  combinations  of  crystalline  orientations.  Both  <100>  direction  of 
one  nanosphere  and  <100>  of  the  other  are  parallel  to  the  line  connecting  two  COM’s  in  the  case 
<100>-<100>;  <100>  and  <001>  in  the  case  <100>-<001>,  <001>  and  <001>  in  the  case 
<001>-<001>.  Solid  curves  in  Fig.  2  represent  calculations  which  include  dynamic  charge- 
transfer  between  atoms;  while  for  dashed  curves,  atomic  charges  are  fixed  to  the  bulk  crystalline- 
values  at  the  ground  state.  Space  charges  are  homogeneous  in  the  cases  of  rigid-ions. 


Fig.  2:  Intercluster  interaction-potential,  AE^^,  as  a  function  of  intercluster 
separation,  R  =1  Ar^oM  ^^o  rutile-nanospheres  with  d  =  60  A, 

To  obtain  values  plotted  in  Fig.  2  we  first  set  two  thermalized  nanospheres  at  R=RQ=69k 
along  the  jc-axis.  We  then  increase  velocities  of  all  the  atoms  in  the  smaller-x  nanosphere  by 
Av^  =  lOOm/s,  and  similarly  those  in  the  larger-x  nanosphere  by  Av^^  =  -lOOm/s.  We  perform 
the  microcanonical  molecular-dynamics  (MD)  simulation  staring  from  that  configuration.  Value 
of  A£p„t  at  R  (<  Rq)  is  obtained  in  the  simulation  as  negative  of  the  change  with  respect  to  the 
total  kinetic  energies  of  COM’s.  Qualitatively  same  results  are  obtained  for  two  anatase- 
nanospheres.  For  R<62-  62.5  A,  Ti  and  O  atoms  on  the  contacting  surfaces  of  the  nanospheres 
slide  to  form  a  bridge  between  the  two  nanospheres  in  both  rutile  and  anatase  cases.  Possible 
uncertainty  of  AE^^^  in  Fig.  2  is  2  -  3  eV.  We  note  that  effects  of  dynamic  charge-transfer  lower 

the  total  potential-energy  of  the  two-nanosphere  system  with  /?  =  69  A  by  ~  8.0  x  10^  eV  for  both 
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rutile  and  anatase.  For  all  values,  the  total  potential-energy  in  the  variable-charge  case  is 
substantially  lower  than  that  in  the  corresponding  rigid-ions  case. 

We  observe  in  Fig.  2  that  effects  of  dynamic  charge -transfer  add  repulsive  intercluster 
interaction-potential  at  /?  =  62  -  65 A  for  both  rutile  and  anatase  nanospheres.  Since  the  surface 
region  (r  >  28  A)  in  each  nanosphere  has  a  net  positive-charge.  Coulomb  repulsion  between  the 
two  nanoclusters  results  at  close  proximity. 

CONCLUSIONS 

We  have  developed  a  new  variable -charge  interatomic  potential  for  TiOj  based  on  the 
formalism  of  Streitz  and  Mintmire.  We  have  applied  the  potential  to  rutile  and  anatase 
nanoclusters  =  60  -  80  A)  in  vacuum,  to  investigate  equilibrium  configuration  and  space- 
charge  distribution  of  the  nanoclusters.  We  have  found  that  the  nanosphere  self-organizes 
double-charge  layer  structure  in  the  surface  region.  The  double-charge  layer  structure  enhances 
the  barrier  potential  for  contact  of  two  nanospheres  (c/=  60  A  and  T  =  1,400  K).  Such  double- 
charge  layer  structure  may  have  significant  effects  on  aggregation  and  sintering  mechanisms  of 
TiOj  nanoclusters.  MD  simulations  of  aggregation  of  two  nanospheres  {d  =  60  A)  with  various 
combinations  of  crystalline  orientations  are  in  progress. 
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ABSTRACT 

Evolution  of  atomic  and  electronic  structures  of  silicon-carbide  (SiC)  nanocrystals 
during  sintering  is  investigated  by  a  tight -binding  molecular  dynamics  (TBMD)  method.  An 
0(N)  algorithm  (the  Fermi-operator  expansion  method)  is  employed  for  calculating  electronic 
contributions  in  the  energy  and  forces.  Simulations  are  performed  on  our  eight-node  parallel 
PC  cluster.  In  a  sintering  simulation  of  aligned  (no  tilt  or  twist)  SiC  nanocrystals  at 
r=1000K,  we  find  that  a  neck  is  formed  prompdy  without  formation  of  defects.  Analyses  of 
local  electronic  density-of-states  (DOS)  and  effective  charges  reveal  that  unsaturated  bonds 
exist  only  in  grain  surfaces  accompanying  the  gap  states.  In  the  case  of  tilted  (<122>) 
nanocrystals,  surface  structures  form^  before  sintering  affect  significantly  the  grain- 
boundary  formation. 


INTRODUCTION 

Silicon-carbide  (SiC)  ceramic  has  drawn  great  deal  of  interest  as  a  promising  material 
for  new  electronic  applications  including  high-power,  high-frequency,  and  high-temperature 
electronic  systems,  in  which  silicon  or  gallium-arsenic  devices  cannot  effectively  work. 
Applications  of  this  material  to  gas  sensors  and  irradiation  detectors  in  harsh  environment 
have  also  been  investigated  extensively  [I].  Such  wide  variety  of  industrial  applications  is 
made  possible  by  the  excellent  properties  of  this  material  such  as  high  barrier  for  electric 
breakdown,  chemical  stability,  and  high  thermal  conductivity.  However,  the  brittleness  of 
this  hard  ceramic  is  a  major  drawback  in  reliability  and  in  tailoring  the  materials  for  specific 
applications.  Nanocrystalline  SiC  (nc-SiC)  synthesized  by  consolidating  nano-particles  may 
improve  mechanical  stability  of  SiC-based  devices:  It  has  been  known  [2]  that  ceramics  with 
ultrafine  microstructure  tend  to  have  enhanced  ductility  against  the  coarse-grained 
counterpart.  In  order  to  optimize  the  material  properties  and  fabrication  processes  for 
electronic  applications,  it  is  essential  to  understand  the  relationship  between  microstructures 
and  electrical  properties  of  the  nanocrystalline  ceramic.  Semiempirical  tight-binding 
molecular  dynamics  method  [3]  is  powerful  tool  to  investigate  theoretically  boA  atomistic 
and  electronic  processes  in  synthesizing  nanocrystalline  materi^s. 

In  this  paper,  we  report  on  tight-binding  molecular-dynamics  simulations  for  sintering 
of  SiC  nanocrystals  (diameter  ~  24  A)  at  a  temperature  of  lOOOK.  The  Fermi-operator 
expansion  method  (FOEM)  [3,  4]  has  been  employed  to  calculate  efficiently  the  electronic 
part  of  the  energy  and  forces,  and  it  has  been  run  on  our  eight-node  parallel  PC  cluster. 
Using  the  parallel  TBMD,  we  investigate  the  processes  of  neck  formation  (a)  between 
aligned  nanocrystals,  and  (b)  between  tilted  nanocrystals.  In  the  case  (a),  we  find  that  effect 
of  surface  relaxation  prior  to  the  neck  formation  is  small,  and  the  neck  is  formed  quickly  with 
no  defect  trapped  in  the  grain  boundary.  In  the  case  (b),  on  the  other  hand,  the  surface 
structures  relaxed  at  7=  lOOOK  before  sintering  affect  significantly  processes  in  the  grain¬ 
boundary  formation.  Disordered  structures  are  formed  transiently  in  the  grain  boundaries. 


TIGHT-BINDING  MODEL  FOR  SILICON  CARBIDE 

In  the  tight-binding  (TB)  model,  the  total  energy  of  a  system  consisting  of  N  atoms  is 
defined  as 

^toi  ”  ^bs  ^lep 
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where  stands  for  the  kinetic  energy,  is  the  band-structure  energy,  and  E  represents 
the  repulsive  term  that  takes  into  account  the  core-core  interactions  and  neglected 
contributions  in  E^^^  to  the  true  electronic  energy  such  as  a  correction  for  double  counting  of 
electron-electron  interactions.  In  many  of  the  semiempirical  TB  method,  the  repulsive  energy 
is  modeled  by  the  sum  of  short-range  2-body  interaction.  The  band-structure  energy  is 
calculated  by  diagonalizing  the  effective  one-electron  Hamiltonian  matrix,  H.  Each  off- 
diagonal  element  of  the  Hamiltonian  involves  interactions  between  valence  electrons  within 
the  two-center  hopping  approximation.  The  TB-Hamiltonian  plays  an  essential  role  in  the 
TBMD  simulations  of  covalent  systems. 

Several  parametrizations  of  the  TB  Hamiltonian  matrix  for  covalent  systems  have 
been  proposed  [5].  Among  them,  we  have  chosen  Mercer’s  parametrization  of  the  TB 
Hamiltonian  for  SiC  [6],  which  is  based  on  the  sp^  orthogonal  basis.  In  Edition,  it  includes 
the  effects  of  environment  around  each  atom  on  its  onsite  energies  by  introducing  intra- 
atomic  terms.  These  terms  give  important  contributions  to  variation  of  the  charge  transfer 
between  Si  and  C  atoms,  especially  for  inhomogeneous  systems.  In  the  original  work  by 
Mercer,  there  are  some  discrepancies  with  experimental  data  such  as  the  lattice  constant  and 
the  interfacial  energies.  We  have  therefore  made  minor  modifications  of  the  parameters  so 
that  magnitudes  of  these  discrepancies  are  reduced.  Table  I  summarizes  comparisons  of  the 
present  model  with  other  works. 


Table  I:  Comparison  of  the 

physical  quantities  in  the  present  TB  model  with  other  works 

Physical  quantities 

Present 

Other  work 

lattice  constant  [A] 

4.36 

4.36 

cohesive  energy  [eV] 

6.53 

6.34 

bulk  modulus  [GPa] 

234 

224 

grain-boundary  energy^'  [J/m^] 

1.75 

1.27 

1)  Experimental  values  referred  to  in  Ref.  [7] 

2)  { 122}Z=9  non-polar  grain  boundary  energy  in  Ref.  [5] 


0(N)  PARALLEL  TIGHT-BINDING  ALGORITHM 

In  conventional  TB  method,  the  calculation  of  Ej,,  involves  matrix  diagonalization 
with  which  the  computational  cost  increases  as  ~  where  N  is  the  number  of  atoms  in  the 
simulation  cell.  This  has  limited  the  system  size  of  the  TBMD  simulations  to  a  few  hundred 
atoms,  which  is  too  small  for  realistic  simulations  of  nanostructure d  materials.  Recently, 
several  efficient  algorithms  for  TB  calculations  are  proposed.  We  adopt  the  Fermi-operator 
expansion  method,  proposed  originally  by  Goedecker  and  Colombo  [4],  for  calculating  £^,. 
This  algorithm  is  based  on  moment  expansions  of  a  pseudo-density  matrix  (the  Fermi 
operator)  of  the  TB  Hamiltonian  by  Chebyshev  polynomials.  Combining  an  appropriate 
truncation  at  a  finite  order  of  the  expansion  and  a  truncation  in  the  multiplication  between 
each  element  of  the  matrix  by  introducing  a  physical  cutoff  distance,  the  number  of  floating¬ 
point  operations  in  the  expansion  is  reduced  to  that  proportional  to  the  number  of  atom,  N. 

Figure  1  shows  a  comparison  of  the  cpu  time  for  calculating  of  bulk  Si  crystal  by 
the  present  algorithm  with  that  by  the  conventional  method  based  on  the  matrix 
diagonalization.  Clearly,  the  calculation  of  by  the  conventional  method  [0(N^)]  becomes 
overwhelming  for  systems  with  more  than  ICO  atoms,  whereas  the  present  meth(^  stays  in 
reasonable  time  scale  for  the  calculation. 

This  algorithm  is  suitable  for  parallel  computing,  since  the  truncation  at  the  physical 
distance  between  atomic  sites  can  make  the  data  structures  localized.  We  employ  the 
domain-decomposition  technique  for  distributing  the  matrix  elements  on  each  computing 
node.  Data  transmission  between  neighboring  nodes  is  performed  only  for  near-boundary 
atoms  and  matrix  elements  because  of  the  localized  nature  of  the  density  matrix. 
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In  the  present  study,  we  have  performed  the  parallel  TBMD  simulations  on  our  eight- 
node  parallel  cluster:  It  consists  of  Pentiumll-based  personal  computers.  Data 
communications  are  done  through  network  connected  by  Fast  Ethernet  switching  hub.  Figure 
2  depicts  the  parallel  PC  cluster  in  our  laboratory. 


Fig  1:  Comparison  of  cpu  time  for  calculating  band-structure  energy  of 
bulk  silicon  crystal  by  O(A0  algorithm  with  that  by  diagonalization,  0{N^). 
The  TB  parameters  for  Si  crystal  were  taken  from  Ref.  [8]. 


Fig  2:  Parallel  PC  cluster  connected  via  Fast  Ethernet  switch. 


NECK  FORMATION  BETWEEN  SILICON-CARBIDE  NANOCRYSTALS 

Dynamics  of  neck  formation  at  high  temperatures  is  an  important  issue  because  it  may 
determine  not  only  mechanical  stability  of  the  grain  boundaries  but  also  carrier  transport 
properties.  We  investigate  effects  of  surface  relaxation,  or  surface  reconstruction,  and  of 
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grain-boundary  orientation  on  the  neck  formation  processes  between  p-SiC  nanocrystals  by 
the  TBMD  simulation. 

Figure  3(a)  shows  xy  projection  of  the  initial  configuration  of  ‘aligned’  (no  tilt  or 
twist)  nanocrystals:  The  nanocrystals  are  prepared  by  removing  a  cylindrical  system  with 

radius  14A  from  P-crystalline  bulk  SiC.  The  total  number  of  atoms  in  the  simulation  box  is 
460  (230  Si  atoms  and  230  C  atoms)  and  the  initial  size  of  the  simulation  box  is  32.05A  x 
30.82 A  X  7.55 A.  The  periodic  boundary  condition  is  used  to  reduce  the  number  of  atoms  in 
the  simulation  while  keeping  the  particulate  size  reasonably  large.  The  time  step  for 
molecular  dynamics  is  Ifs  and  the  Chebyshev  order  in  the  moment  calculation  is  30,  which 

keeps  energy  conservation  at  lOOOK  to  be  about  10“^  eV/atom. 

First,  the  system  is  heated  gradually  to  300K,  and  thermalized  for  200fs.  Temperature 
is  then  increased  to  lOOOK  gradually,  and  thermalized  for  Ips.  After  this  therm alizati on,  the 
system  is  compressed  gradually  along  y  direction  ([11-2]  by  reducing  the  box  length  in  the 
direction.  Again  it  is  thermalized  for  Ips.  Figure  3(b)  is  snapshot  of  the  final  configuration. 
The  figure  shows  that  even  after  compression  at  r=  lOOOK  the  structure  at  the  neck  is  crystal¬ 
like  while  surface  reconstruction  occurs  on  cluster  surfaces.  Through  analyses  of  effective 
charges  (Mul liken  charges)  and  local  density  of  states  we  find  that  unsaturated  bonds  or 
effect  of  bond  distortions  exist  only  on  the  free  surfaces.  The  grain  boundary  is  therefore 
regular  structure  (defect  free). 


Fig  3:  Neck  formation  of  SiC  nanocrystals:  (a)  initial  configuration,  (b)  configuration  after 
compression  at  7’=  lOOOK  Large  and  small  spheres  represent  Si  atom  and  C  atom, 
respectively. 


In  addition  to  the  regular  grain  boundary,  we  have  performed  TBMD  simulation  of 
nanocrystals  with  a  tilt  angle.  Figure  4(a)  shows  the  initial  configuration  of  816-atom  system 
(408  atoms  per  grain).  Initially,  the  grain  at  the  center  of  the  MD  cell  and  the  suirounding 
grains  are  tilted  to  each  other,  so  that  it  corresponds  to  a  coincidence  grain  boundary 
({ 122)2^9)  found  typically  in  experiments  [1,  5].  After  the  same  thermal  process  as  in  the 
previous  case,  the  system  was  compressed  along  x  and  y  direction  at  r=  lOOOK  Figure  4(b) 
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depicts  the  configuration  after  compression.  Contrary  to  the  previous  case,  the  figure 
indicates  that  disordered  structure  is  formed  in  the  grain  boundaries. 


(a)  (b) 


Fig  4:  Neck  formation  of  SiC  nanocrystals:  (a)  initial  configuration,  (b)  configuration  after 
compression  at  T^IGOOIC  Large  and  small  spheres  represent  Si  atom  and  C  atom, 
respectively. 


CONCLUSIONS 

We  have  performed  large;scale  TBMD  simulations  for  the  neck  formations  between 
nanocrystals  of  diameters  24~28A.  The  0(N)  algorithm  has  been  implemented  for  efficient 
computation  of  the  band-structure  energy.  The  code  has  been  fiilly  parallelized  on  PC-based 
parallel  machines.  We  have  found  that  the  neck  formation  at  lOOOK  occurs  very  quickly  in 
regular  grain  boundary,  whereas  the  surface  structure  or  reconstruction  before  compression 
affects  significantly  the  tilt  grain-boundary  formation.  The  results  indicate  that  a  transient 
disordered  phase  in  grain  boundaries  before  the  formation  of  ideal  low-energy  grain 
boundaries  may  exist  in  actual  sintering  processes. 
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